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1 Introduction 

The first observation of current-induced light emission from SiC by H. J. Round in 
1907 and the explanation of this effect more than fifty years later have been the basis 
for a steadily increasing and still ongoing research effort on light emitting diodes 
(LED) [1]. The main drive for the development of these novel light sources is the 
prospect of replacing established light bulbs by emitters with higher efficiency. In 
addition to that, their unique compactness and good colour control has also inspired 
people to use LED as tailor-made light source for applications in for instance traffic, 
entertainment, biological sensing and medicine. Due to their mostly direct bandgaps, 
compound semiconductors are the materials of choice for efficient light emitters. The 
early work on gallium arsenide (GaAs), silicon carbide (SiC), the group II-VI 
semiconductors, and gallium phosphide (GaP) was followed by the advent of the 
nitrides, first established by the pioneering research of Akasaki and Nakamura in 
1989 and 1991, respectively [2, 3]. Gallium nitride (GaN) as a wide-bandgap 
semiconductor and its ternary alloys with indium (InGaN) and aluminium (AlGaN) 
opened up the way for the design of efficient light sources in the green, blue and 
ultraviolet (UV) spectral range. Figure 1.1 illustrates the bandgap of group III nitrides 
and their ternary alloys and gives a correlation to the wavelength spectrum in the 
visible range. It is interesting to note that GaN films, which are typically grown on 
foreign substrates as sapphire (Al2O3), silicon (Si) or SiC, exhibit giant densities of 
threading dislocations (TD) ranging from 108 cm-2 to 1012 cm-2 [4]. Although 
dislocations have a negative impact on GaN-based light-emitting devices, their 
sensitivity to such high levels of defect densities is, unlike for other III-V compounds, 
much lower [5, 6]. This reason is the crucial benefit of group III nitrides in optoelec-
tronic devices compared to other semiconductor families. After years of intense 
worldwide research, InGaN-based LED and also LASER diodes (LD) nowadays have 
reached a considerable level of maturity. As one example, phosphor-aided white LED 
with luminous efficacy values of up to 230 lm/W at 350 mA driving current have 
recently been reported [7]. Another tremendous achievement is the demonstration of 
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continuous-wave green LD with 50 mW maximum output power operating at a 
wavelength of 524 nm [8].  

However, there are many challenges remaining, especially when it comes to applica-
tions requiring high brightness or perfect colour stability. Both issues are related to 
intrinsic crystal properties of the nitrides itself, namely the built-in spontaneous and 
piezoelectric polarization fields [9, 10]. These fields are active in the c-axis direction 
of the GaN crystal, which is also the common growth orientation. As a consequence, 
embedded quantum wells (QW) are also subject to this electric field, which hampers 
both recombination efficiency and wavelength stability with driving current [11]. 
Moreover, a reduction of quantum efficiency at high output powers is always 
observed for InGaN-based LED [12]. The origin of this so-called “droop”-
phenomenon is yet under discussion, but credible reports state that polarization fields 
within the multiple quantum well (MQW) stack are at least partly responsible for the 
effect [13]. 

 

Figure 1.1: Bandgap energy versus in-plane lattice constant for AlN, GaN and InN 
and their ternary alloys (no bowing assumed). The energy range of the visible 

spectrum is schematically depicted. 

Thus, it is obvious that by eliminating the negative effects of polarization, a great 
improvement or even the development of new device concepts of nitride-based light 
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emitters can be expected. A very promising way to reach this is to change the growth 
orientation of the GaN crystal from the polar (0001) c-plane to a nonpolar plane as 
the (11̄ 00) m-plane or (11  2̄ 0) a-plane. In this way, the electric fields are oriented 
perpendicular to the growth direction and thus cannot affect vertical carrier transport 
and recombination in QW and barriers of LED devices. Waltereit et al. were the first 
to demonstrate the successful growth of GaN in the nonpolar m-plane orientation 
[14]. As a prerequisite for achieving nonpolar growth, one has to provide a suitable 
substrate with good lattice matching to the nonpolar crystal plane. Among the various 
alternatives for m-plane GaN deposition, a very interesting one is LiAlO2 since it 
features a low substrate-lattice mismatch and can be produced with large size at 
reasonable effort and cost [15, 16]. Both molecular beam epitaxy (MBE) [17] and 
metal organic vapour phase epitaxy (MOVPE) [18] have been used to demonstrate 
the growth of m-plane GaN films on this substrate. The subsequent deposition of 
InGaN-based QW heterostructures showed clear evidence for the absence of out-of-
plane polarization fields [19, 20]. However, a systematic study on the growth of GaN-
based heterostructures on LiAlO2 taking into account the formation of strain and 
defects and their impact on morphology, optical and electrical properties was not 
presented so far and is the topic of this work. 

As mentioned before, the elimination of polarization-induced effects is the goal for 
improving the quantum efficiency of devices. Chapter 2 will therefore give a basic 
introduction into the origin and effects of polarization in group III nitrides. To this 
end, some information about the wurtzite crystal structure is also provided. Because 
of the reduced symmetry of the m-plane GaN crystal structure, new anisotropic 
effects can be observed. Chapter 3 will briefly explain the underlying physics related 
to the anisotropy. For the heteroepitaxy of thin films, the substrate material affects 
virtually all physical properties of the deposited layer. Thus, a good knowledge of its 
crystal properties is required. In this study, LiAlO2 is used for the deposition of m-
plane GaN films by MOVPE. The most important characteristics of this substrate as 
well as its advantages and disadvantages for the growth of m-plane GaN are presented 
in chapter 4. For comparison, other possible substrate materials for nonpolar GaN 
epitaxy like m-plane SiC, r-plane sapphire or nowadays available m-plane GaN bulk 
crystals are also described. After reviewing experimental details on the epitaxy and 
characterization techniques used in this work in section 5, some experimental results 
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on the thermal and chemical stability of the LiAlO2 substrates are discussed in 
chapter 6. It is presented how a substrate pretreatment can reduce the substrate 
sensitivity and improve the growth of GaN. A detailed investigation of the anisotropic 
morphology, defect structure, strain, electrical and optical properties of m-plane GaN 
layers is described in chapter 7. This is followed by section 8, which deals with the 
problem of undesired background doping in m-plane GaN. In chapter 9, the growth 
and characterization of InGaN/GaN MQW is addressed, including the demonstration 
of an m-plane InGaN/GaN-based LED on LiAlO2. The final chapter 10 summarizes 
this work. 
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2 Basic properties of group III nitride semiconductors 

This chapter provides some basic information on crystallographic structure and 
material parameters of the group III nitrides, followed by a description of the 
spontaneous and piezoelectric polarization fields and their effects on QW heterostruc-
tures. 

2.1 Material properties and crystal structure 

Group III nitride semiconductors exhibit unique properties which distinguish them 
from other classical semiconductor types as Si and GaAs. Their characteristics 
include good thermal, mechanical, and chemical stability, which are mostly related to 
the strong bonding between the metal and nitrogen (N) atom. Some selected material 
parameters at room temperature (RT) are given in Table 2.1. 

Table 2.1: Selected group III nitride material parameters at T = 300 K. 

 Unit Ref. GaN AlN InN 

Lattice parameter a / c nm [21] 0.3189 / 
0.5185 

 

0.3112 / 
0.4982 

 

0.3545 / 
0.5703 

 

Density ρ g/cm3 [22] 6.07 3.29 6.81 

Melting point K [22] 2791 3487 2146 

Bandgap energy Eg eV [21] 3.44 6.14 0.7 

Thermal expansion  
coefficient α ( a / c ) 

K-1 [23, 
24] 

3.43 ⋅ 10-6 / 
3.34 ⋅ 10-6 

4.35 ⋅ 10-6 / 
3.48 ⋅ 10-6 

3.83 ⋅ 10-6 / 
2.75 ⋅ 10-6 

Spontaneous polarization 
Psp 

C/m2 [25] -0.034 -0.090 -0.042 
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The values are valid for the thermodynamically stable crystal structure of group III 
nitrides, which is the wurtzite phase. Two lattice parameters, namely the in-plane 
lattice parameter a and the out-of-plane parameter c are used to describe this hexago-
nal crystal. The group III nitrides are compound semiconductors and can be described 
by two hexagonal close-packed sub-lattices for both metal and N atoms, which are 
shifted by each other in c-direction by 5/8 unit cell lengths c. In Figure 2.1 a), a 
schematic drawing of the crystal structure of GaN is exemplarily given.  

 

Figure 2.1: Crystal structure of GaN in a ball-and-stick model. Ga and N atoms are 
displayed as big green and small blue spheres, respectively. 

One can easily see that the crystal structure does not exhibit any inversion symmetry. 
Thus, two essentially different orientations can be assigned. The [0001] direction is 
commonly defined as the orientation in which the unit cell is terminated by gallium 
(Ga) atoms. This direction (exhibiting the Ga-face) is also the typically used orienta-
tion for group III nitride epitaxy since it is readily achieved for the nucleation of GaN 
and AlN on sapphire and Si substrates using standard MOVPE growth conditions. In 
the hexagonal system, three different important planes are distinguished and visual-
ized in Figure 2.1 b). The family of basal planes are known as {0001} c-plane, while 
the prismatic planes are denoted as {11̄ 00} m-plane. Another kind of plane, which is 
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perpendicular to both the m-plane and the c-plane, is sometimes described as 2nd order 
prismatic plane and labelled as {112̄ 0} a-plane. This work focuses on the epitaxy of 
m-plane-oriented films. Both the m-plane and the a-plane take a special role because 
each of them contains an equal number of Ga and N atoms. As a result, layers and 
heterostructures grown with this orientation do not suffer from the effects of the 
inbuilt polarization fields. The next section gives a short introduction into the issue of 
polarization fields and shows their effect on the properties of heterostructures. 

2.2 Polarization effects in group III nitrides 

The different electronegativities of the metal and N atoms in the group III nitrides and 
a lack of inversion symmetry in the crystal structure causes a displacement of charges 
along the c-axis, which is the principal origin of spontaneous and piezoelectric 
polarization for group III nitrides. While spontaneous polarization is an inherent 
property of the material itself and only depends on the polarity and composition of the 
crystal, the piezoelectric polarization is related to both polarity, composition, and 
applied stress. Since during heteroepitaxy of mismatched material systems, stress is 
naturally present, the total polarization in group III nitrides is the sum of the sponta-
neous and piezoelectric component. To estimate the quantity of the polarization 
fields, one has to consider the stress and strain in the layers first.  

2.2.1 Strain and stress in the group III nitride system 

In solid state physics, the term strain denotes the dilation or shrinking of a crystal 
lattice. This deformation is caused by an applied directional pressure named as stress. 
Group III nitride layers are mostly grown on lattice-mismatched foreign substrates or 
are stacked as multi-layer heterojunctions. Stress and strain is therefore virtually 
always present and has to be taken into account. In a general but linear case, stress σ 
and strain ε are described by tensors, which comprise normal parts (e.g. σxx, σyy, σzz) 
and shear parts (e.g. σyz, σxz, σxy). The stress tensor elements σij are connected with the 
strain tensor elements εij via the elastic constants Cij and Hooke´s law. In the wurtzite 
crystal structure, this law is expressed by equation (2.1) [26]. 
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 (2.1) 

A single element of the strain tensor εij is calculated by the change of the respective 
lattice parameter ai from its equilibrium value as a result of stress applied in j-
direction. If one assumes fully pseudomorphic growth of a thin film on a substrate (or 
a different layer acting as a virtual substrate), equation (2.2) is used for the calculation 
of the in-plane strain components ε||. Herein, alayer and asub denote the in-plane lattice 
constants of the deposited film and the underlying substrate, respectively. In an 
general case, the in-plane lattice constants may be different for the two perpendicular 
crystal axes. Thus, the calculated in-plane strain may become anisotropic. 

layer

layersub

a
aa −

=||ε  
(2.2) 

If one only considers growth on the family of {0001}, {11̄ 00}, and {11  2̄ 0} planes, 
equation (2.1) can be further simplified because shear components become zero in 
this case. Moreover, for growth along the [0001] or z-axis direction (c-plane), the in-
plane strain is expected to be isotropic. These components can therefore be replaced 
by σ|| = σxx = σyy and σ⊥ = σzz, which denote the in-plane and out-of-plane stress, 
respectively. Thus, equation (2.1) may be rewritten as follows:  
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The out-of-plane stress component σ⊥  is zero because any thin film is free to deform 
in growth direction. As a consequence, equation (2.3) yields a condition for the strain 
components, which is given in equation (2.4). 

33

13

||

2
C
C
⋅−=⊥

ε
ε  

(2.4) 

If the deposition is performed on a nonpolar plane, such as the (11̄ 00) m-plane, 
which is perpendicular to the y-axis in our case, the in-plane strain becomes aniso-
tropic. One can still derive a relation between both in-plane strain values εxx, εzz and 
the out-of-plane strain εyy: 

11

1312

C
CC zzxx

yy
εε

ε
⋅+⋅

−=  
(2.5) 

 The values for the elastic constants, which are required for the calculation of the 
strain quantities, are given in Table 2.2. 

Table 2.2: Elastic constants for GaN, AlN and InN. 

 Unit GaN AlN InN 

Elastic constants 

[21] 

C11 

C12 

C13 

C33 

GPa 

GPa 

GPa 

GPa 

390 

145 

106 

398 

396 

137 

108 

373 

223 

115 

92 

224 

 

2.2.2 Polarization in nitride-based heterostructures 

With knowledge of the strain state in the crystal, one can determine both polarization 
quantities for group III nitride binary semiconductors. Considering the nonlinear 
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dependency of polarization on strain, equations (2.6- 2.9) were found to give good 
results for the piezoelectric component Ppz for c-plane-oriented films [27].  
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(2.6- 
2.9) 

One should keep in mind that both piezoelectric and spontaneous polarization in 
[0001] direction is also present for layers with different orientations like [112̄ 0] or 
[1  1̄ 00]. However, the polarization field only has an in-plane component here. In this 
case, no effects on the vertically stacked device can occur. For that reason, the 
detailed calculation is omitted here. 

To obtain the total polarization value for a binary compound, one has to add the 
spontaneous polarization Psp, which is a material constant for the group III nitrides 
and found in Table 2.1. For many practical applications, the polarization of ternary 
alloys is also of interest. A Vegard-like rule can be applied here. In case of spontane-
ous polarization, an additional bowing parameter is required [27]. Equations (2.10-
2.14) provide all necessary formulas for the calculation of polarization values in 
ternary nitride alloys. 
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(2.10-

2.14) 

In the following, the effect of polarization on c-plane-oriented heterostructures is 
exemplarily demonstrated for a QW consisting of a GaN/InxGa1-xN/GaN layer stack. 
QW are typically grown with very low thickness, so a fully strained well can be 
assumed. Depending on the composition and using the equations above, one can 
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obtain values for both the total polarization fields and the resulting fixed interface 
charge density σint. The latter is determined from the difference between the single 
total polarization quantities of adjacent layers. The results are displayed in Figure 2.2. 
In this configuration, the GaN film is strain-free, so only spontaneous polarization is 
present in the barrier. The values in Table 2.1 already indicate that the difference 
between spontaneous polarization in GaN and InxGa1-xN is rather small. Thus, 
predominantly the piezoelectric polarization contributes to the total fixed interface 
charge. Depending on indium (In) concentration, values between ~ 1012 cm-2 and 
~ 1014 cm-2 are obtained. It is easy to imagine that such high sheet charge density has 
a great impact on the physical properties of the QW.  

 

Figure 2.2: Calculated spontaneous and piezoelectric polarization and interface 
charge density in an InxGa1-xN/GaN QW for different In contents (a) and schematic 

representation of polarization-induced interface charges in the layer stack (b) 

The fixed interface charges can physically be described by an electric displacement 
field D. This vector is related to the total polarization P, the electric field E, and the 
vacuum permittivity ε0 via equation (2.15), which allows the calculation of E within 
the QW. The impact of E is easily visualized using the band diagram. 

PED +⋅= 0ε  (2.15) 
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In Figure 2.3 a), a simulated band diagram for an InGaN/GaN QW is shown. The 
simulation was performed with a freeware software called ‘bandeng’ [28]. A 
GaN/In0.2Ga0.8N/GaN layer stack with well/barrier thicknesses of 3 nm and 15 nm 
and a background donor concentration of 1014 cm-3 was exemplarily assumed. The 
results illustrate the tilting of both the conduction (EC) and valence (EV) band energy 
due to the polarization fields. Together with the valence band offset between 
In0.2Ga0.8N and GaN, this tilt leads to the generation of a minimum in EC near the 
upper In0.2Ga0.8N/GaN interface. According to Fermi statistics, this translates to an 
electron accumulation at the boundary. In a same way, EV exhibits a maximum near 
the lower well/barrier interface, leading to a confinement of holes at this position. For 
optoelectronic devices, two effects arise from this: On the one hand, the different 
positions of electron and hole wave functions impede the recombination of carriers. 
Since a spatially direct transition is no longer possible, the probability of radiative 
recombination decreases, lowering the quantum efficiency of a device.  

 

Figure 2.3: Simulated band diagram of a single In0.2Ga0.8N /GaN QW with (a) and 
without (b) polarization in growth direction. A low (1014 cm-3) mobile electron density 

was assumed. Band offsets are caused by the fixed polarization charge σ. 

On the other hand, one can see that the transition from the minimum of EC to the 
maximum of EV exhibits a lower energy compared to the In0.2Ga0.8N bandgap. 
Moreover, this energetic position may be changed during operation if the density of 
mobile charge carriers in the well is varied. Additional carriers screen the fixed 
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polarization charges and thereby lower D. The altered electric field corresponds to a 
different tilting of EC and EV and consequently to a changed effective bandgap. As a 
result, the emission wavelength of an LED is varied when different currents are 
applied. This phenomenon of decreased recombination efficiency and current-induced 
wavelength shift is named as quantum-confined Stark effect (QCSE) [11]. It can be 
avoided if a QW is grown along nonpolar directions like the [11̄ 00] m-direction. In 
this case, the fields are not oriented along the heterostructure interface, so the 
polarization difference does not affect the band diagram [29]. The simulated result of 
an equally stacked In0.2Ga0.8N/GaN QW without polarization along growth direction 
is shown in Figure 2.3 b). Flat band conditions are established in the QW here, so a 
good overlap of electron and hole wave functions is obtained. Thus, neither decreas-
ing of quantum efficiency nor wavelength shift will appear in such a structure. More 
sophisticated simulations also indicate distinctly higher internal quantum efficiencies 
(IQE) for QW heterostructures grown along nonpolar directions compared to their c-
plane counterparts [30]. However, this study also pointed out a strong influence of the 
defect density. This highlights the requirement of intense experimental research on 
nonpolar material fabrication and optimization. 

The absence of the QCSE has also been proven experimentally for both a-plane and 
m-plane QW heterostructures [14, 31]. Moreover, recent demonstrations of devices 
based on m-plane films indicate the high potential of this approach. Amongst them, 
an LED emitting in the blue-violet region with an external quantum efficiency (EQE) 
of up to 45% has been presented [32]. Another promising result is the successful 
fabrication of an m-plane LD operating at 500 nm wavelength with a maximum 
optical output power of 15 mW at a threshold current density of only 3.1 kA/cm2 
[33]. However, these devices are produced on bulk GaN substrates, which are costly 
and limited in size and availability. If the deposition is performed on cheaper and 
widely available foreign substrates, extensive defect formation has been observed, 
which obviously causes a dramatic decrease of radiative recombination [34, 35]. 
Consequently, only limited device performance with LED EQE of 2.4% has up to 
now been achieved on such platforms [36]. Thus, further optimization of the het-
eroepitaxial growth process with nonpolar surface orientations has to be done. A 
basic understanding of the new effects arising in nonpolar GaN epitaxy is one 
prerequisite to achieve this goal. 
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3 Theoretical aspects in nonpolar GaN epitaxy 

The unique feature of group III nitride crystals deposited on a nonpolar plane 
compared to the polar c-plane is the new orientation of the c-axis within the growth 
plane. This gives rise to an intrinsic anisotropy of nonpolar GaN films. One can 
categorize the semiconductor properties, which are affected by this anisotropy, as 
follows:  

• Crystal and defect structure 
• Electronic band structure 
• Thermal characteristics 
• Mechanical properties 

For thin film deposition and the typical applications in electronic and optoelectronic 
devices, the first two properties are most important and discussed hereafter. 

3.1 Anisotropy of crystal and defect structure 

3.1.1 Anisotropic strain and defects 

An obvious anisotropic quantity for any nonpolar layer is the lattice mismatch to the 
underlying substrate or thin film. The widely accepted formula for the mismatch m 
given in equation (3.1) can be calculated for the two orthogonal in-plane axes along 
[0001] and [112̄ 0]. 

lay

laysub

a
aa

m
−

=  (3.1) 

Herein, asub and alay refer to the in-plane lattice constants for the substrate and layer, 
respectively. Lattice mismatch is the origin of strain in the epitaxial film. If no 
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relaxation occurs, this mismatch directly translates into the respective in-plane strain 
values εxx, εzz, which are correlated with the out-of-plane strain εyy via equation (2.5). 

Anisotropic strain itself can have an impact on optical and electrical properties since 
it changes the band structure, which will be discussed in section 3.2. From a crystal-
lographic point of view, a rather important matter is the strain relaxation and defect 
formation. In analogy to c-plane GaN growth, strain is partly relieved by the introduc-
tion of misfit dislocations at the substrate-layer interface and the formation of line 
defects with screw- and edge-type components [37]. Line defects are characterized by 
their Burgers vector b and dislocation line vector l. The alignment of these vectors 
determines whether a screw-type (b || l) or an edge-type (b ⊥  l) character is present. 
A detailed description of defect types in general can be found elsewhere [38]. For the 
identification of different defect types using diffraction techniques, the diffraction g 
vector is an important quantity. It is defined according to  equation (3.2), wherein ks 
and ki are the wave vectors for the scattered and incident (electron or X-ray) beam. 
Defects are visible or in contrast if the scalar product of g · b yields an integer value. 

is kkg −=  (3.2) 

These general aspects of defect types and visibility apply equally to both polar and 
nonpolar orientations. However, defect types with an anisotropic character are 
additionally present in nonpolar GaN layers. It is important to note that this defect 
anisotropy is not directly correlated to the anisotropy of strain caused by the different 
lattice mismatch values along both in-plane directions. Instead, the anisotropy is 
connected to the relaxation process, which occurs via a preferential slip plane. Slip 
generally occurs to minimize the energy of a dislocated crystal. Prominent slip 
systems in the wurtzite lattice are the families of c-planes, m-planes, and a-planes 
(compare Figure 2.1 b). Slip planes with larger Miller indices are observed more 
rarely due to energetic reasons, which are related to the packing density of crystal 
planes [38].  The {0001} c-planes are the closest-packed planes and are thus preferred 
for slip motion. A well known slip motion process is connected with the generation of 
basal plane stacking faults (BSF), which is the most common planar anisotropic 
defect in nonpolar GaN films. Considering an (11̄ 00) m-plane GaN layer, a perfect 
edge TD located in the (0001) basal plane with a Burgers vector b may split up into 
two Frank-Shockley-type partial dislocations with b1 and b2 and an angle of 60° in 
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between. The dissociation reaction is given in equation (3.3), which is taken from 
[39].  
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21 ⋅+⋅=+=⋅= bbb  (3.3) 

A stable situation is achieved by spatial separation of the two partial dislocations 
balancing the repulsive and attractive forces between them. The area in between these 
line defects withstands a planar defect, which is called I2-type BSF. Stacking faults in 
general are characterized by an interrupted sequence in the stacking of closely-packed 
planes in the crystal. A BSF is described by the plane, which the stacking fault is 
located in and a displacement vector R indicating the relative shift of atoms in the 
faulted crystal domain with respect to the regular lattice position. Figure 3.1 a) gives a 
schematic overview of this exemplary defect dissociation and slip process. 

 

Figure 3.1: a) Schematic view of dissociation process of an edge-type dislocation into 
two partial dislocations leaving an I2-BSF in between, which shifts one basal plane 
by R = 1/3[11̄ 00]. b) Comparison of the unfaulted wurtzite lattice and the crystal 

structure with I1-,  I2-, and E-type BSF (after [40]).  

The stacking sequence of the (0001) basal plane in perfect wurtzite crystals is: 
“ABABABABA...”. The letters A and B denote sub-lattice structures consisting of 
atomic III-N bilayers. Four distortions of this sequence are known and named as BSF 
of type I1, I2, I3, and E [41]. The I1-type BSF is formed by the removal of one basal 
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plane (displacement of 1/2[0001]) and an additional slip along 1/3[11̄ 00]. For the I2-
type BSF, only a slip along 1/3[1  1̄ 00] occurs. I1 and I2 stacking faults are usually 
surrounded by Frank (b = 1/6[22̄ 03]) and Frank-Shockley type (b = 1/3[1  1̄ 00]) 
partial dislocations, respectively. I3-BSF consist of two neighbouring BSF of I2-type. 
All intrinsic BSF are accompanied by different atomic positions of the crystal 
domains on both sides of the BSF. This is not the case for the extrinsic (E-type) BSF, 
which involves the insertion of an extra plane only without changing the further 
atomic stacking sequence. The E-type BSF is bound by a Frank partial dislocation. 
Table 3.1 summarizes all four BSF types with their stacking sequence and displace-
ment vector R. The distortion of the wurtzite crystal structure for the I1-, I2-, and E-
type BSF in comparison to the unfaulted lattice is additionally visualized in Figure 
3.1 b). 

The formation of stacking faults may also lead to strain relaxation. In this case, the 
displacement vector of the respective defect must have an out-of-plane component 
(with respect to the basal plane). This is for example not the case for the I2-BSF. Its 
generation has been proposed to be due to some growth error or substrate imperfec-
tion [42]. 

Table 3.1: Stacking and displacement vector of BSF types [41]. 

BSF type Stacking sequence Displacement vector R 

Intrinsic I1 

Intrinsic I2 

Intrinsic I3 

Extrinsic E 

ABABCBCBC 

ABABCACAC 

ABABCBABA 

ABABCABAB 

1/6[22̄ 03] 

1/3[11̄ 00] 

none 

1/2[0001] 

 

A common feature of all BSF is the special stacking sequence “ABC” which corre-
sponds to the stacking of a face-centred cubic lattice. This thin cubic film is under 
high uniaxial compressive strain, which shifts the conduction band to form a potential 
well in the band diagram [43]. The conduction and valence band offsets of this type-II 
QW have been calculated to be 122 meV and -62 meV, respectively [44]. Although 
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only electrons are confined within the QW, holes are still attracted by the Coloumb 
fource and form excitons, which may recombine at an energy of ~ 0.1 eV below the 
bandgap of GaN [44]. Such additional photoluminescence (PL) emission peak at 
3.41 - 3.42 eV at 10 K was experimentally found for I1-type BSF in m-plane and a-
plane GaN [45-48]. It is important to note that this emission quenches at RT indicat-
ing that nonradiative recombination paths may become dominant. Furthermore, the 
appearance of this emission peak is always accompanied by a lowered direct or 
excitonic interband transition. A direct correlation of decreased luminescence and 
BSF density using cathodoluminescence imaging highlights the negative impact of 
BSF [49, 50]. Although it is not clear whether the BSF itself or their delineating 
partial dislocations are acting as nonradiative recombination channels, the reduction 
of their density is a prerequisite for the fabrication of efficient nonpolar GaN-based 
optoelectronic devices. 

Beside of stacking faults in the basal plane, all prismatic planes, which are either the 
{11̄ 00} m-planes or {11  2̄ 0} a-planes, may also exhibit a faulted stacking sequence. 
Prismatic stacking faults (PSF) in one of the six m-planes can be separated into two 
groups: Inversion domain boundaries (IDB) and stacking mismatch boundaries 
(SMB). The former denotes an inversion of the polarity across the boundary while the 
latter indicates a changed stacking sequence. The displacement vector for both defects 
is 1/2[0001]. A detailed description can be found in the work of Northrup et al. [51]. 
The displacement vector for PSF on a 2nd order prismatic (1̄ 2  1̄ 0) a-plane has been 
identified by Drum et al. to be 1/2[101̄ 1] [52]. In nonpolar GaN films, PSF are 
typically observed in conjunction with I1-type BSF, terminating these basal defects on 
the prismatic plane [53, 54]. In this case, a stair-rod dislocation is present at the 
intersection of the I1-BSF and the PSF. All types of PSF are only rarely observed in c-
plane GaN films. This is consistent with their large formation energy, which amounts 
to of 2.5 eV/nm², 10.5 eV/nm², and 7.2 eV/nm² for the 1st order IDB-type and SMB-
type PSF and the 2nd order PSF, respectively [51, 55]. In contrast, BSF of type I1, I2, 
I3, and E are formed in GaN at much lower energies of 0.11 eV/nm², 0.27 eV/nm², 
0.21 eV/nm², and 0.42 meV/nm², respectively [41]. Still, neither BSF are typically 
present in high-quality c-axis oriented films. As one reason, c-plane layers usually do 
not exhibit perfect TD lying in the basal plane. Thus, defect dissociation via slip 
motion is impossible.  
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3.1.2 Crystal growth anisotropy 

Another impact of crystal anisotropy is connected to the epitaxial deposition process 
itself. To understand this, one needs to consider the surface diffusion of impinging 
species before final incorporation into the lattice takes place. In a simplified model, 
this process is temperature-controlled and can be described by an Arrhenius equation: 









⋅

−⋅==
Tk

EKTDTD
B

A
adatomadatom exp)0()(  (3.4) 

In equation (3.4), Dadatom denotes the lateral adatom diffusion coefficient on the 
crystal surface, kB is known as Boltzmann constant, T is the temperature of the 
crystal, and EA represents the energy barrier for species transport on the crystal 
surface. The latter value is very important since it is not only influenced by monoa-
tomic steps and kinks on the surface but also affected by the arrangement of atoms in 
the lattice itself. A generally anisotropic lateral potential distribution of the underly-
ing substrate or film lattice will therefore have an effect on the adatom mobility. 
Calculations based on density-functional theory have shown that in case of m-plane 
GaN surfaces, one has to consider different activation energies EA of 0.93 eV and 
0.21 eV for the [0001] and [112̄ 0] direction, respectively [56]. This large difference 
may potentially impact the morphology and defect characteristics of the deposited 
film. On the other hand, one should keep in mind that other influences like surface 
preparation, substrate offcut, and defects like stacking faults can also alter the 
diffusion barriers. 

3.2 Effect of crystal anisotropy on electronic band structure 

With the unique c-axis of GaN lying in the growth plane of nonpolar films, basic 
electronic and optical properties become anisotropic as well. The underlying physics 
can be visualized in the electronic band structure, which is partially displayed for 
unstrained wurtzite GaN at 300 K in Figure 3.2 a). It shows three top valence bands 
(VB) at the centre point Γ of the Brillouin zone (k = 0): The heavy hole (HH), light 
hole (LH) and crystal field split-off hole (CH) band [57].  
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Figure 3.2: a) Illustration of the electronic band structure near the Brillouin zone 
centre point Γ for unstrained wurtzite GaN at 300 K (after [58]). Comparison of the 

energy levels at Γ for c-plane GaN (b) and m-plane GaN (c) under compressive 
strain. 

Excitons with holes in one of the three VB are named as A, B, and C excitons and the 
transition energies from the three VB to the conduction band (CB) are called E1, E2 
and E3, respectively. If one defines X, Y, Z as directions for the [112̄ 0] a-axis, the 
[1  1̄ 00] m-axis and [0001] c-axis (compare Figure 2.1), respectively, the hole wave 
functions in c-plane GaN are of type |X±iY> in case of the E1 and E2 transitions and of 
type |Z> for transition E3 [57]. Due to the symmetry in the basal plane, this is valid 
for both unstrained and biaxially strained c-plane GaN. This means that no preferen-
tial polarization of emission (along X or Y) occurs.  
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When going to a nonpolar orientation of the layer like the (11̄ 00) m-plane, two 
effects arise: On the one hand, the new alignment of the c-axis in the growth plane 
changes the hole wave functions, removing the equivalence of the HH and LH band 
so that in-plane polarization anisotropy is present even without external strain [59, 
60]. On the other hand, the in-plane symmetry is broken. As a result, strain will 
change the energy levels of the valence subbands. Calculations show that for 
compressive strains εXX ≤ -0.2%, the LH band decreases in energy and is now located 
below the CH band, while the HH band is pushed to higher energy [61]. The situation 
at the Γ point for compressively strained m-plane GaN in comparison to strained or 
unstrained c-plane GaN is depicted in Figure 3.2 b) and c). It is common to introduce 
the new notations T1, T2, T3 for the transition energies from the HH, CH, and LH band 
to the CB band, respectively. With the changed orientation and applied strain, the 
HH, CH and LH states now have a predominantly |X>-, |Z>- and |Y>-like character. 
One can thus expect polarization of emission for the T1 and T2 transitions along X 
(⊥ c) and Z (|| c), which has also been proven experimentally [61-63]. The T3 
emission is polarized in growth direction and thus not detectable. The degree of 
polarization (DoP) of emitted light is defined by equation (3.5), which uses the 
maximum emission intensity components parallel and perpendicular to the c-axis I⊥ c 
and I||c, respectively: 
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Since the bending of the conduction and valence bands determines the mobility of 
carriers µ, an altered band structure can also give rise to an anisotropy of the electron-
ic properties. Considering a simple scattering model, one finds that carrier mobility is 
inverse proportional to the effective mass according to equation (3.6) [64]. 

scatt
m
q
⋅= ∗µ  (3.6) 

Herein, q denotes the elementary charge, m* is the effective carrier mass, and tscat is 
defined as the mean time between two scattering events. For the determination of the 
effective mass parameters, both the altered orientation with respect to the surface as 
well as the strain state have to be considered. Theoretical studies have been carried 
out to determine the electron and hole masses along the three crystal directions 
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without consideration of strain. It was found that the conduction band exhibits almost 
no anisotropy [57, 65]. Thus, a fixed effective electron mass of 0.20 · m0 can be 
assumed (m0 being the free electron mass) [21]. In contrast, each of the three effective 
hole masses are direction-dependent [57]. This anisotropy can also be qualitatively 
recognized from the different curvatures of the valence subbands in kx and kz direction 
displayed in Figure 3.2 a). A lower curvature corresponds to a larger effective mass. 
The calculated values for unstrained conditions are given in Table 3.2.  

Table 3.2: Hole effective masses for heavy-, light-, and crystal field split-off band along the 
directions parallel and perpendicular to the c-axis [57]. 

  HH LH CH 

|| c-axis 1.10 · m0 1.10 · m0 0.15 · m0 

⊥  c-axis 1.65 · m0 0.15 · m0 1.10 · m0 

 

As a consequence of these considerations, a slightly higher hole mobility parallel to 
the GaN c-axis direction can be expected for unstrained m-plane GaN films. If strain 
cannot be neglected any more, one has to recalculate these numbers. Again, addition-
al anisotropy is only introduced for the hole masses, since the conduction band is 
insensitive to strain. The influence of strain on the valence bands was studied by Fu et 
al. [66], who found that in case of GaN with nonpolar surfaces, the hole masses are 
altered with a generally anisotropic character for both isotropic and anisotropic strain. 
A practical aspect of this situation is related to the design of electronic devices with a 
preferred hole or bipolar transport direction like photodetectors or transistors. If 
carrier transport occurs on a nonpolar surface, the current path should usually be 
adapted to the direction of higher hole mobility. 
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4 Substrates for nonpolar GaN epitaxy 

The present study deals with the deposition of m-plane GaN films, focussing on new 
physical effects arising in nonpolar heterostructures. As discussed in the previous 
section, the substrate has a major impact on the m-plane or a-plane layer properties. 
In analogy to c-plane heteroepitaxy, large mismatch values should be avoided since 
the generated TD are most probably the origin of hampered device performance, 
although the exact role of the different defect types is still under discussion  
[4, 6, 67, 68]. This chapter reviews some substrate materials suitable as platform for 
nonpolar GaN epitaxy. With the recent development of bulk GaN growth techniques, 
nonpolar GaN has also become available as potential substrate and is described at 
first. This is followed by a comparison of other common substrate materials. The 
properties, advantages and drawbacks of the substrate used in this work, γ-LiAlO2, 
will be discussed in detail in the third subsection. 

4.1 Free-standing nonpolar GaN substrates 

Since the (anisotropic) lattice mismatch is the driving force for defect generation in 
the deposited layer, the best, i.e. strain-free, solution would be to use the same 
material for both substrate and deposited film. However, standard crystal production 
techniques as the Czochralski or Bridgman method are not suitable for GaN boule 
fabrication because of the high melting temperature and vapour pressure of GaN [69].  

Other technologies have been developed to fabricate free-standing GaN boules. 
Among these vapour-phase-based techniques are Hydride Vapour Phase Epitaxy 
(HVPE) [70], Ammonothermal growth [71], and the Na-flux method [72]. Bulk 
crystals, which are produced with (0001) orientation, can be diced in the (112̄ 0) or 
(1  1̄ 00) plane and used as a platform for a-plane or m-plane GaN homoepitaxy, 
respectively. Since both length and diameter of the fabricated c-axis-oriented GaN 
boules are yet very limited, the approach is hampered by the small size of the 
resulting free-standing substrates. Currently, the largest reported wafer dimension for 
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m-plane GaN substrates produced by the Ammonothermal method is 22 · 11 mm2 
[73]. Although impurity incorporation remains a serious problem for all three 
techniques [74-76], the crystal properties of the GaN substrates are excellent and have 
opened up the way for performance records in nonpolar LED and LD fabrication [32, 
33]. 

Another way to achieve free-standing nonpolar GaN wafers is to separate a thick 
nonpolar GaN film from the foreign substrate on which it was grown. HVPE has been 
used for the growth of m-plane GaN on LiAlO2, which may spontaneously delaminate 
after cool-down [77]. By this way, bulk m-plane GaN wafers with 50 mm diameter 
can be produced. Yet, these wafers exhibit large defect densities and a low surface 
quality. Recently, the basic idea has been transferred to the epitaxy of thick m-plane 
GaN films on the chemically more stable m-plane sapphire substrate [78]. The 
spontaneous separation was achieved by the deposition of an aluminium carbide 
buffer layer and led to substrate diameters of up to 45 mm. However, the film quality 
is still inferior to material diced from c-axis-oriented boules. 

A common drawback for all free-standing m-plane GaN substrates is their relatively 
high cost. Although it is very likely that one of these technologies will be available at 
larger size and slightly reduced price, cost issues will probably still prevent the 
introduction in standard LED fabrication processes. 

4.2 Foreign substrate materials for nonpolar GaN epitaxy 

By far the largest amount of GaN deposition processes is carried out via heteroepi-
taxy on foreign substrates. Reasons for this are the better availability and lower cost 
compared to free-standing GaN wafers because virtually all materials in use for GaN 
heteroepitaxy are produced by the Czochralski pulling method or some related 
technique suitable for mass production. Beside of these economical aspects, two other 
advantages favour epitaxy on foreign substrates. One of them is the difference in 
refractive index between deposited film and substrate, which allows for optical in situ 
monitoring of growth rate and morphology. Another feature is the possibility of 
applying substrate lift-off techniques or using materials with lower thermal resistivity 
compared to GaN in order to improve the heat transfer in optoelectronic devices. On 
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the other hand, the most serious drawback for both polar and nonpolar heteroepitaxy 
is the substrate-lattice mismatch. Any misfit between substrate and deposited film is 
known to result in TD in c-plane GaN layers [37, 79]. Although no direct correlation 
of misfit and TD density has been demonstrated for nonpolar epitaxy, the general 
trend of higher defect density with larger substrate-lattice mismatch probably holds 
also for nonpolar films. As described in chapter 3, BSF are likely to form in nonpolar 
group III nitride films and are therefore the most dominant defects [54]. A complete 
physical model regarding their generation and impact on the electronic and optical 
semiconductor properties is not available at present. It is still obvious that their 
density should be minimized. Reduced substrate-lattice mismatch is assumed to be 
helpful for achieving this goal. Beside of the in-plane lattice constant, thermal 
properties are also of interest when choosing a substrate. Thermal expansion coeffi-
cients have to be considered since MOVPE is a high-temperature process, so the in-
plane mismatch at elevated temperatures will be altered. Large differences can also 
cause wafer bowing or even cracking during the cooling down of the specimen. Table 
4.1 summarizes some important properties of some common substrate materials for 
nonpolar GaN epitaxy. For the sake of completeness, freestanding m-plane GaN is 
also listed here. Since the epitaxy of GaN with a nonpolar surface comes with a two-
fold in-plane symmetry only, both lattice mismatch and thermal expansion coefficient 
are anisotropic. The values in Table 4.1 are given for both in-plane directions of the 
deposited m-plane or a-plane GaN film. A further characteristic of foreign substrates 
is that no 1:1 coincidence of the m-plane GaN unit cell with the substrate unit cell 
may occur. In this case, the altered coincidence in the respective direction is indicated 
in Table 4.1. For instance, a serial arrangement of three GaN unit cells along the c-
axis direction matches the c lattice constant of the r-plane sapphire and m-plane 6H-
SiC substrate. γ-LiAlO2 exhibits a tetragonal structure with its c lattice constant 
accommodating twice the a lattice constant of m-plane GaN. The calculated mismatch 
values represent the residual mismatch taking into account this special atomic 
arrangement.  
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Table 4.1: Properties of substrates for nonpolar GaN epitaxy at T = 300 K. All values refer 
to the orientation with respect to the GaN c-axis. 

 structure in-plane lattice 
constants  

[nm] 

mismatch to  
a-/m-plane GaN  

[%] 

thermal expansion 
coefficient  
[10-6 K-1] 

  ⊥  c ||  c ⊥  c ||  c ⊥  c ||  c 

m-plane GaN 
[23] 

wurtzite 0.3189 0.5185 - - 3.43 3.34 

r-plane Al2O3  

[22, 80] 

hexagonal 0.4759 1.5384 

(1 : 3) 

-13.8 -1.1 7.3 10.6 

m-plane Al2O3 
[22] 

hexagonal 1.2991 

(1 : 4) 

0.476 1.8 -8.2 7.3 8.5 

m-plane 6H-SiC 
[81] 

wurtzite 0.3073 1.512 

(1 : 3) 

-3.6 -2.8 3.4 3.3 

(100) γ-LiAlO2 
[15, 82] 

tetragonal 0.6268 

(1 : 2) 

0.5169 -0.3 -1.7 14.9 6.5 

 

Considering the lattice mismatch of the listed materials, r-plane and m-plane Al2O3 
appear to be less suitable for high-quality film epitaxy. However, since the growth of 
Al2O3 ingots is already a mature technology, both substrates can be fabricated at 
relatively low cost and are readily available. For GaN growth on m-plane Al2O3, both 
(11̄ 00) m-plane as well as (11  2̄ 2) semipolar oriented GaN nucleation may occur, 
which puts some constraints on the optimization of deposition processes on this 
sapphire orientation [83]. Thus, many studies focussed on the growth of a-plane GaN 
on r-plane Al2O3. To overcome the disadvantage of large lattice mismatch, a multi-
step deposition process with fine adjustment of growth temperature, pressure and 
V/III ratios is typically applied [84-86]. Although elaborated deposition schemes can 
lead to clearly reduced defect densities [87], the typical BSF densities still range in 
the order of 105 cm-1 and hinder improved device performance. For achieving higher 
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film quality, more sophisticated epitaxial lateral overgrowth (ELOG) techniques have 
to be applied [88, 89].  

Similar statements can generally be made for the deposition of m-plane GaN thin 
films on the much more expensive m-plane 6H-SiC or 4H-SiC substrate. In this case, 
the lower substrate-lattice and thermal mismatch facilitates the production of high-
quality films, and impressive results regarding p- and n-type doped films have been 
achieved. Among those are very high hole concentrations of up to 7 · 1018 cm-3 and 
electron mobilities peaking at 500 cm2/Vs [90]. Still, even sophisticated buffer layer 
designs are not able to reduce the BSF densities below a level of 105 cm-1 [91]. The 
large number of BSF is also a likely reason for the typical surface morphology of 
heteroepitaxially grown m-plane GaN films with formation of “slate-like” features 
elongated along the [112̄ 0] direction [45, 92, 93]. The usage of ELOG or sidewall 
ELOG can help to reduce the BSF density and has also been found to be a prerequi-
site to achieve smooth surfaces with monoatomic steps in the wing region of the 
overgrown films [45, 92, 93]. However, the increased processing effort will obviously 
put a constraint on the cost advantage of both the m-plane SiC and r-plane sapphire 
substrates.  

This work is focused on the epitaxy of LiAlO2 substrates, which possess the lowest 
mismatch to m-plane GaN. To understand the motivation and results of the described 
experiments, the properties of a LiAlO2 wafer will be discussed in advance.  

4.3 Properties of (100) γ-lithium aluminium oxide (LiAlO2) 

LiAlO2 can crystallize in three structures, which differ by the coordination of the 
metal ions and are known as the α-, β-, and γ-phase [94]. The substrates used in this 
study are made of the thermodynamically stable γ-phase. This tetragonal crystal 
structure is characterized by a tetrahedral arrangement of the lithium (Li) and 
aluminium (Al) atoms [95]. Having one 4-fold and two 2-fold symmetry axes, it can 
be classified as space group P41212  [15]. The lattice constants and thermal expansion 
coefficients of γ-LiAlO2 are given in Table 4.1. It becomes apparent that the low 
mismatch to m-plane GaN of -1.7% and -0.3% along [0001]GaN/[010]LiAlO2 and  
[112̄ 0]GaN /[001]LiAlO2, respectively, is a unique advantage of this material. The (100) 
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LiAlO2 surface exhibits also an almost hexagonal symmetry, so good lattice matching 
is even possible for GaN crystals oriented towards the c-axis. The situation is 
illustrated in Figure 4.1. The substrate-lattice mismatch for c-plane GaN amounts to  
-1.7% and -6.4% for the [001] and [010] direction of LiAlO2, respectively. Indeed, 
several early reports on the growth of GaN on LiAlO2 resulted in c-axis oriented 
material [96-98]. It has been speculated that the crystal orientation may depend on the 
deposition technique, i.e. growth by MBE resulting in m-plane films and growth by 
MOVPE leading to c-plane orientation [97]. However, in a majority of later reports 
using MOVPE, only the nucleation of m-plane crystals was observed [18, 99]. 
Moreover, phase mixture was also observed in MBE-grown specimens [100, 101]. It 
appears plausible that obtaining the energetically favourable nonpolar orientation is 
only a matter of process optimization. One should also be aware that the special 
atomic arrangement of the LiAlO2 crystal enables the nucleation of m-plane GaN not 
only to take place on the rectangular (Li, Al)-sub-lattice (m-plane 1) but also on the 
very similar sub-lattice formed by the four oxygen (O) atoms (m-plane 2) (compare 
Figure 4.1).  

 

Figure 4.1: Arrangement of the GaN unit cells on the LiAlO2 substrate visualized 
using a ball-and-stick model. The red, violet and blue shaded areas indicate possible 

nucleation sites for (11̄ 00) m-plane and (0001) c-plane GaN. 

The latter arrangement is not fully rectangular and differs in the atomic spacing along 
[001], which is 0.343 nm compared to of 0.313 nm for the (Li, Al) sub-lattice. The 
nucleation of neighbouring GaN islands on different sites has been blamed to be 
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responsible for coalescence problems [102]. However, from an energetic point of 
view, this situation is not very likely to occur on an ideal LiAlO2 substrate surface 
because the mismatch along [001] for island nucleation on the O sub-lattice is as large 
as 7.6%.  

Another special property of LiAlO2 is its hygroscopic character [103]. Several groups 
found that prolonged immersion in water greatly increases the roughness of LiAlO2 
substrates [100, 104]. In these experiments, a different etchability of the (100) and  
(1̄ 00) oriented wafers was also found. Lin et al. studied the reaction of ceramic 
LiAlO2 with water in detail [105]. They stated that the reaction product with water is 
a loose layer of AlO(OH) on the LiAlO2 surface with Li+ and OH- ions being solved 
in water. In addition, a coating with LiAlO5 was found to enhance the stability of the 
LiAlO2 ceramic [105]. One can assume that similar mechanisms are valid for single-
crystalline LiAlO2. The sensitivity to water requires special water-free wafer fabrica-
tion techniques making polishing a delicate task [106]. Another practical aspect is the 
need for storage of the polished wafers in a water-free atmosphere since air moisture 
has been found sufficient to degrade the substrate surface quality [100]. Beside of 
issues in substrate cleaning and storage, the etchability facilitates substrate removal 
after device processing or substrate patterning before epitaxy.  

Since thin-film deposition is a high-temperature process, thermal stability is an 
important issue. The melting point of γ-LiAlO2 is known to be ~ 1700 °C, which is 
high enough for MOVPE growth [107]. Thermodynamic calculations show that 
outgassing of LiO2 may occur at ~ 1400 °C and above [108]. At lower temperatures, 
no experimental evidence for significant releasing of species has been found [100]. 
However, Xu et al. demonstrated that etching of the substrate takes place in an 
atmosphere made up of hydrogen (H2) and ammonia (NH3) at temperatures above 
1070 °C [109]. It has further been reported that H2 can easily diffuse inside the 
LiAlO2 wafer [110]. One may therefore suspect that the presence of H2 at high 
temperatures is causing substrate damaging. This probably explains why most groups 
tried to avoid the exposure to H2 in the initial growth stage. [18, 97, 99]. Since H2 is 
also available through the cracking of NH3, the temperature was usually restricted to 
900 °C to minimize potential damage by the released H2 gas. However, a good 
understanding of the physical and chemical fundamentals regarding substrate stability 
during MOVPE growth is still lacking. 
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An important benefit of using γ-LiAlO2 as a substrate is the potential for its mass 
production by the standard Czochralski growth method. This was first achieved by 
Cockayne and Lent in 1981 [107]. For wafers cut in the (100) direction as required 
for m-plane GaN epitaxy, the total dislocation density is typically in the order of 
104 cm-2, which is a sufficiently low number for group III nitride deposition [109]. 
One problem described is the appearance of a large number of inclusions within the 
crystal ingot [107]. These voids have recently been identified as small grains 
consisting of LiAl5O8, which is the Li-poor phase of LiAlO2 [111]. Further defects 
like grain boundaries due to polarity inversion or thermal stress during boule growth 
have also been reported [16, 111]. While it is obvious that the LiAlO2 fabrication 
technology is far from being mature and further improvements are required, a direct 
correlation of these defects to their impact on the epitaxy of GaN thin films was not 
performed up to now. The only studied connection is the one regarding substrate 
surface morphology and defects [42, 102]. It has been shown that surface steps on the 
LiAlO2 substrate result in a stacking disorder of the deposited GaN film, which is 
released by slip accompanied by the generation of an I2-type BSF [102]. Thus, any 
kind of surface distortion of the substrate is likely to increase the overall defect 
density. As a consequence, one can conclude that polishing, substrate pretreatment as 
well as the initial nucleation phase are key parameters for successful m-plane GaN 
epitaxy on LiAlO2.  
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5 Tools and methods for epitaxy and characterization 

This chapter shortly describes the methods used for sample fabrication and character-
ization in this work. Since a large number of measurement tools was used,  detailed 
descriptions are limited to non-standard techniques. 

The layer growth was performed in an AIXTRON 200/4 RF-S MOVPE reactor 
equipped with a susceptor for deposition on 2” substrates. Due to the limited number 
of available 2” LiAlO2 substrates, the wafers have been cut to smaller pieces (either 
squares with 12 mm edge length or quarter pieces of 2”). To keep them fixed during 
epitaxy, a specially prepared sapphire dummy wafer has been used as positioning 
device. The standard sources for GaN deposition were trimethylgallium (TMGa) and 
NH3. The MQW stack was deposited using triethylgallium (TEGa) and trimethylindi-
um (TMIn). The carrier gas could be switched between H2 and N2. Both NH3 and H2 
were introduced through additional purifier systems. The doping sources for n-type 
and p-type conductive layers were silane (SiH4) and biscyclopentadienylmagnesium 
(Cp2Mg), respectively. The deposition temperature was measured optically via light 
pipe on the bottom side of the heated susceptor disc and on the wafer surface through 
a top window (in the following named as surface temperature). The latter was 
performed using an Laytec EpiR DA TT in situ monitoring system, which also allows 
simultaneous recording of the reflected light at various wavelengths from 280 nm to 
770 nm. Reflectivity oscillations at 605 nm wavelength have been used to estimate 
layer thicknesses and growth rates. The combination of temperature and reflectivity 
measurement enabled reflectivity correction of the pyrometer signal thus enhancing 
the accuracy of the surface temperature measurement.  

X-ray reflectivity (XRR) scans were performed to determine the thickness and 
density of very thin films. An X-ray mirror and 2 mm beam mask narrowed the 
primary beam down to a size of 0.1 · 2 mm2, while a parallel plate collimator and a 
0.1 mm detector slit were employed to reduce the divergence of the reflected beam. 

Structural data were collected by X-ray diffraction (XRD) performed on a PANalyti-
cal X’Pert Materials Research Diffractometer. The system comprises a 2-crystal 
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Ge(220) monochromator and an X-ray mirror in the incident beam path. Depending 
on desired resolution, the diffracted beam is either directly collected in an open 
detector configuration, which can be narrowed with a 1 mm receiving slit, or 
measured via the usage of a Ge(220) 2-bounce channel-cut analyzer crystal, for which 
the measurement is named as high resolution XRD (HRXRD). To gain some 
information about the anisotropy the crystalline microstructure, two X-ray incident 
beam directions have been employed for symmetrical scans. This was done in a way 
that their projection on the surface plane matches the GaN c-axis or a-axis direction, 
respectively. Omega scans with open detector geometry on the symmetrical reflec-
tions (11̄ 00), (2  2̄ 00), and (33̄ 00) allowed the extraction of the lateral coherence 
length (LCL) and the mosaic tilt Δωmos in the two respective crystal directions 
employing a method described in [112, 113]. The LCL expresses the average lateral 
extension of an undistorted crystal domain, while the mosaic tilt is a measure for the 
mean inclination of a crystallite with respect to the growth axis. The measured Omega 
scan full width at half maximum (FWHM) values for each Bragg angle Θhkl of the 
reflection is connected to both quantities according to equation (5.1).  

( ) ( )hkl

XRD
moshkl LCL

FWHM
Θ⋅⋅

+∆=Θ
sin2

λω  (5.1) 

Herein, λXRD denotes the X-ray wavelength of the XRD system (= 0.15406 nm). The 
extraction of mosaic tilt and LCL is done by plotting FWHM(Θhkl) · sin(Θhkl) / λXRD 
versus sin(Θhkl)/λXRD. A fit of this x-y curve using linear regression with minimum 
squares yields both the slope, which is proportional to Δωmos, and the intersection 
with the y-axis, which is inverse proportional to the LCL. 

An advanced characterization of the crystal structure was possible by means of cross-
sectional transmission electron microscopy (TEM) and high-resolution TEM 
(HRTEM). This technique enables the visualization and identification of defects in 
diffraction mode. The diffraction g vector was changed by tilting the specimen with 
respect to the electron beam. A detailed description of the theory and application of 
TEM/HRTEM is described in [114]. All observations were carried out on a JEOL 
JEM-3010 transmission electron microscope with a LaB6 electron source at a voltage 
of 300 kV.  
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In addition, electron channelling contrast imaging (ECCI) was applied to estimate 
defect densities in the m-plane GaN films [115]. This was performed with a tilting 
angle of 45° and an acceleration voltage of 30 kV. 

Optical investigation was conducted by photoluminescence (PL) spectroscopy. This 
setup includes a HeCd laser (λ = 325.0 nm) and a pulsed N2 laser (λ = 337.1 nm) for 
low and high power excitation levels, respectively. To account for the in-plane 
polarization of the emitted light, a rotatable polarization filter is put in front of the 
optical fibre which guides the light to the polychromator and CCD detector. PL 
studies were also performed using the fourth harmonic (λ = 266.3 nm) of an yttrium 
aluminium garnet YAG:Nd3+ laser, which delivers very high excitation powers. These 
experiments were carried out with the help of a cylindric lens to excite a 1 mm2-sized 
spot. The signal is taken from the edges of the sample as illustrated in Figure 5.1 a).  

 

Figure 5.1: Measurement configuration for high excitation PL (a) and for transient 
carrier grating experiments (b). 

Another optical technique employed in this thesis is named four wave mixing (FWM) 
[116]. The method is based on the generation of a free-carrier transient grating with a 
grating period Λ by optical pumping of a semiconductor with two interfering “pump” 
laser beams. A third probe beam is directed on the excited semiconductor area, and its 
diffracted signal can be used to characterize the quality of the grating and its decay. 
The beam geometry is shown in Figure 5.1 b). The dependency of the diffraction 
quality on excitation level can reveal carrier density-dependent recombination 
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mechanisms. A determination of the transient behaviour of the diffracted signal yields 
information on minority carrier lifetimes and diffusion lengths in the semiconductor. 
The measured decay time τG of the transient grating is linked to the carrier lifetime τ 
according to equation (5.2).  
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
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

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Λ

+= −−
2

11 2πττ  (5.2) 

This equation involves a contribution of diffusive decay time characterized by a 
bipolar diffusion coefficient Dbipolar. A variation of the carrier grating period Λ allows 
the separation of diffusive decay and intrinsic carrier lifetime. 

Electron and hole mobility and concentration values of nominally undoped m-plane 
GaN films were extracted by Hall measurements on a Bio Rad HL5500 using 
processed Hall bridge structures for six-point measurements. The latter was done with 
the help of an inductively coupled plasma reactive ion etching (ICP-RIE) etching step 
to define a mesa for the Hall bridge structure with 1 mm length and 0.25 mm width. 
For the etching process a gas mixture consisting of 10 sccm BCl3, 32 sccm Cl2, and 
5 sccm N2 were introduced into a low-pressure (~ 10-2 mbar) reaction chamber at a 
radio frequency power of 550 W. Metal contacts consist of an evaporated stack of 
Ti/Al/Ti/Au (10/40/150/100 nm). The alignment of the Hall bridges was chosen 
parallel and perpendicular to the GaN c-axis to test for in-plane anisotropy. For Hall 
test measurements on Mg-doped m-plane GaN films, the material was annealed for 
15 min at 700 °C in an open tube furnace under flowing N2. After this step, a 
conductive silver contact was applied on the sample edges in a van der Pauw 
geometry and annealed on a hotplate for 5 min at 300 °C. This was followed by 
standard four-point van der Pauw Hall measurements. 
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6 Study on pretreatment of the LiAlO2 surface and its 
effect on GaN epitaxy 

As discussed in section 4.3, the stability of the LiAlO2 substrate in aggressive 
environment is limited. To enable successful group III nitride epitaxy, it is essential to 
be aware of these limitations and to ensure a sufficiently stable surface during 
nucleation. This chapter begins with basic experiments to elucidate the stability of 
LiAlO2 under MOVPE growth conditions, followed by a description of the surface 
modification taking place during a nitridation step before growth. In a further section, 
the effect of the nitridation on the subsequent growth of GaN thin films is demon-
strated. 

6.1 Stability of LiAlO2 in MOVPE growth environment 

In MOVPE growth, two potentially harmful factors for the substrate have to be 
considered. These are the growth temperature and the presence of reactive substances, 
such as NH3 and H2. As found by Sun et al., high temperatures up to 1300 °C are not 
causing any severe decomposition of the substrate in an N2 ambient [100]. However, 
growth studies using HVPE have shown that the substrate may locally transform into 
LiAl5O8 through a release of Li2O in an NH3/H2 growth ambient at ~ 900 °C [117]. 
Also, distinct substrate damage was observed when LiAlO2 is exposed to H2 and NH3 
at temperatures above 1070 °C [109].  

In the present work, two basic experiments have been performed to elucidate the 
etching mechanism at high temperature. In a first one, LiAlO2 substrates were put 
into the MOVPE chamber and heated up to a surface temperature of either 950 °C, 
1080 °C, or 1150 °C under H2 ambient using a temperature ramp of 50 K/min. The 
monitored reflectivity of the substrate surface slightly dropped after exceeding 
1060 °C, indicating a degraded surface quality by an etching mechanism which is 
consistent to the reports by Xu et al. [109]. Furthermore, the substrates heated to 
1080 °C and 1150 °C exhibit a distinctly changed, opaque surface appearance which 
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is visible both by bare eye and optical microscopy. The wafer heated to 950 °C does 
not show any change in morphology and still has a mirror-like surface. One can 
conclude that an exposure of the LiAlO2 wafer to H2 at high temperature has a 
negative impact on the surface quality. Although no direct degradation by H2 at 
950 °C can be observed, most groups perform the GaN nucleation step on LiAlO2 in a 
H2-free environment [18, 99, 109].  

To study the effect of the H2 ambient at an intermediate deposition temperature of 
900 °C, a second experiment was carried out to compare the growth of GaN in N2 and 
H2 ambient. For the deposition of this 300 nm thick GaN film, the reactor pressure 
was kept at 300 mbar, the V/III ratio was set to 1010, and a growth rate of 
~ 20 nm/min was chosen. No pre-deposition was employed, i.e. NH3 and TMGa were 
opened at the same time. A photograph of the resulting layer surfaces is displayed in 
Figure 6.1. While in case of growth under N2 ambient, a mirror-like surface is 
achieved, the sample grown directly in an H2 environment suffers from strong surface 
degradation visible by bare eye. 

 

Figure 6.1: Photograph of surface of 300 nm thick GaN films on LiAlO2 substrate 
after direct deposition using N2 and H2 carrier gas. 

The severe surface degradation after the deposition in H2 ambient may be related to a 
weakened LiAlO2 surface stability, which prevents a firm linking of the GaN lattice. 
A diffusion of H2 into the LiAlO2 crystal could be a possible explanation for the 
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limited mechanical stability during the nucleation of GaN. Further studies would be 
required to identify the exact origin of this phenomenon. Anyway, the direct exposure 
of the LiAlO2 surface to H2 should be avoided to ensure a proper deposition process.  

6.2 Study of nitridation-induced surface modification 

Further investigations on the GaN film directly grown in N2 environment show a low-
quality, mixed-phase GaN crystal with both c-plane and m-plane orientation. This 
situation can be improved by employing a 2 min nitridation step, as proposed by 
Dikme et al. [18]. Nitridation, i.e. in-situ exposure to NH3 at ~ 900 °C, is thought to 
induce a chemical change of the topmost surface atoms of the substrate stabilizing the 
surface for subsequent growth. Reed et al. found that during nitridation of LiAlO2, an 
Al-N bond forms on the surface, and they suggested that a thin material consisting of 
a mixed oxide-nitride character with c-plane orientation is generated [97]. Thus, the 
following deposition of GaN by MOVPE also yielded c-plane oriented GaN films in 
their studies. This is supported by the experiments of Richter et al., who reported that 
the nitridation of LiAlO2 is accompanied by the releasing of Li and O, which is 
beneficial for the subsequent growth of thick c-plane GaN films by HVPE [98]. Other 
results for growth of GaN by MOVPE and MBE show that a nitridation step always 
induces a phase mixture of the GaN layer and should therefore be avoided [99, 100]. 
In contrast, reports by other groups show phase-pure m-plane GaN films after such 
nitridation step [18, 118].  

To shed light on the mechanisms taking place during nitridation, a thorough investi-
gation of the LiAlO2 surface after nitridation has been conducted. The nitridation step 
was performed at 900 °C in N2 ambient using an NH3 molar flux of 89 mmol/min at a 
reactor pressure of 300 mbar. A first experiment was aimed at the chemical stability 
of the modified LiAlO2 surface. Substrates with and without a 2 min nitridation step 
were immersed for 5 min in de-ionized water. To check for possible surface etching, 
AFM scans were performed before and after this procedure. The corresponding 
surface morphologies are displayed in Figure 6.2. While the surfaces of the layers 
with and without nitridation are virtually identical before the water dip, distinct 
changes are revealed thereafter. Only the untreated LiAlO2 surface exhibits signifi-
cant morphological changes caused by the etching in water. Elongated stripes without 
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preferential orientation are uncovered, which increases the root mean square (RMS) 
roughness from 0.4 nm to 6.4 nm. The stripes are most likely due to sub-surface 
polishing damage, since a locally damaged crystal will be easier to etch or may have 
altered hygroscopic properties. Even in undistorted areas of the AFM scan, the 
substrate surface is significantly rougher after water dipping when no nitridation is 
performed. The RMS value in an 1 · 1 µm2 area increases from 0.2 nm to 1.6 nm after 
etching. In contrast, only a slight enhancement of the RMS roughness from 0.2 nm to 
0.4 nm is present for the sample exposed to NH3. 

 

Figure 6.2: AFM surface scans of LiAlO2 substrates with and without exposure to 
NH3 before and after a 5 min water dip. 

The clearly reduced etchability by water is an indication for the suspected formation 
of a nitride-based surface layer with higher stability. To prove this theory, XRR has 
been carried out on a LiAlO2 substrate, which was exposed to NH3 for 5 min. Figure 
6.3 shows the XRR spectra of this treated sample and a LiAlO2 reference together 
with the fitted simulation curve of a heterostructure consisting of a thin layer. A 
clearly visible difference of the reflectivity curves of the substrate with and without 
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exposure to NH3 reveals the change of the LiAlO2 crystal surface. The fitting 
procedure leads to a very good agreement of the measured curve and yields a specific 
density ρ of 3.07 g/cm3 and a surface roughness of 0.5 nm. Considering the density 
value in the simulation, the formation of AlN (ρ = 3.23 g/cm3 [119]) is the most 
plausible explanation. The possibility of phase transformation of the topmost γ-
LiAlO2 (ρ = 2.615 g/cm3 [95]) surface into α-LiAlO2 (ρ = 3.401 g/cm3 [95]), β-LiAlO2 

(ρ = 2.600 g/cm3 [95]) or LiAl5O8 (ρ = 3.6 g/cm3 [120]) is rather unlikely because of 
the relatively large deviation of their densities to the refined value and the presence of 
a well-defined layer with low roughness.  

 

Figure 6.3: XRR spectra of both blank (open circles) and 5 min nitridated (open 
triangles) LiAlO2 substrate. A simulation fit for a LiAlO2/surface layer  

heterostructure (red curve) is also displayed. 

The discrepancy between the simulated density and the one of AlN bulk material is 
not fully understood yet but a plausible explanation includes the incorporation of light 
impurity atoms into the AlN lattice. Indications for a lowered density in thin AlN 
films have also been found by Jokinen et al. and Zollner et al. [121, 122]. The latter 
group performed Rutherford backscattering experiments on MBE-grown AlN on 
Si(111) and found a density value of 3.0 g/cm3 for AlN. H and O atoms localized on 
defects were assumed as possible origin [122]. This was recently confirmed by 
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another report, which describes a significant lowering of the AlN density between 
2.8 g/cm3 and 2.4 g/cm3 when the atomic H concentration is increased from 13% to 
27% [123]. 

HRTEM was employed to support the XRR data and to address the important 
question of crystal orientation of the thin interlayer. In order to avoid electron beam-
induced damaging of the LiAlO2 substrate, the inspection was executed at low power 
excitation regime with an electron beam current density of around 3 pA/cm2. The 
cross-section HRTEM image of a substrate exposed to NH3 for 2 min is given in 
Figure 6.4. The zone axis vector denotes the direction perpendicular to the cross-
section plane and is oriented along [010] of LiAlO2 in this measurement.  

 

Figure 6.4:  HRTEM image of the LiAlO2 surface after 2 min exposure to NH3 along 
the [010] zone axis. Material interfaces are marked by dashed lines. The insets show 
the FFT patterns with and without indication of the crystal unit cells and directions. 

The fast Fourier-transformed (FFT) image in the inset clearly proves the presence of a 
hexagonal crystalline interlayer. An analysis of the diffraction pattern reveals an out-
of-plane lattice constant of 0.259 nm. Considering this value and the orientation of 
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the FFT pattern, one can conclude that this crystal is (11̄ 00) m-plane AlN. The in-
plane epitaxial relationship is found to be [0001]AlN || [010]LiAlO2 and [11  2̄ 0]AlN || 
[001]LiAlO2. One should note that the nominal out-of plane lattice constant for m-plane 
AlN is 0.2695 nm. This corresponds to tensile strain in the investigated film, which 
can be very well expected due to the relatively large substrate-lattice mismatch for m-
plane AlN on γ-LiAlO2 of 3.7% and 0.9% in [0001]AlN || [010]LiAlO2 and [112̄ 0]AlN || 
[001]LiAlO2 direction, respectively. It is worth to mention that all prepared TEM 
specimens did not show any indication for a phase transformation of γ-LiAlO2 into 
LiAl5O8. From Figure 6.4, it is hard to find an exact thickness value for the AlN layer 
due to a strong corrugation of the AlN-LiAlO2 interface. This roughening is yet not 
fully understood but probably also a result of the damaging of the LiAlO2 lattice 
during the TEM observation. However, one can take advantage of this poor stability 
and produce a hole in the substrate by persistent electron beam penetration. The result 
of such a process is shown in Figure 6.5 a).  

 

Figure 6.5: a) Cross-section HRTEM image of a 5 min nitridated LiAlO2 surface 
after prolonged exposure to the electron beam shown along the [001] zone axis;  

b) and c) show the AlN/LiAlO2 interface along the [001] and [010] zone, respectively. 
Material boundaries are schematically visualized. 

One can see that during the prolonged observation time, a hole within the LiAlO2 
substrate has been burned in the thin specimen. As one may expect, the nitridation-
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induced thin AlN film is stable enough to withstand this treatment. From such an 
image, a better determination of the thickness is possible. The extracted value of 
2.6 nm is in relatively good agreement to the XRR results. Furthermore, a different 
surface quality along the two crystal directions is found. This phenomenon is 
illustrated in Figure 6.5 b) and c), which show cross-section TEM images for the 
[001]LiAlO2 || [112̄ 0]AlN (a) and [010]LiAlO2 || [0001]AlN (b) zone axis, respectively. The 
surface in the [001] zone axis displayed in Figure 6.5 b)  is dominated by a small-
scale waviness, while for the other observation direction, it appears very smooth with 
small step-like features of ~ 0.2 nm height. Since the out-of-plane lattice constant of 
m-plane AlN was measured to be ~ 0.26 nm, it seems plausible that such steps 
correspond to one monolayer of m-plane AlN. The difference in surface roughness 
might be correlated to the anisotropic strain being present when the nitridation layer 
is formed. The process might be driven by lattice mismatch since the theoretical value 
of the anisotropic lattice mismatch along [010]LiAlO2 || [0001]AlN is much larger 
compared to the perpendicular direction. Such relaxation mechanism has also been 
reported for the nitridation of Al2O3 substrates, for which the formation of protrusions 
was observed [124]. A similar but anisotropic relaxation process might be responsible 
for the different surface characteristics observed for both directions. The physical 
origin of the different interface and surface qualities along the [010] zone axis in 
Figure 6.4 and Figure 6.5 c) is yet unclear. It can be suspected that small variations in 
the TEM preparation process or the LiAlO2 crystal quality itself are responsible. 
More experiments are required to answer this question with certainty. 

As the main conclusion of this study, nitridation of LiAlO2 leads to the formation of a 
few nm thin m-plane AlN interlayer, which is more stable against wet etching and 
electron beam irradiation.  

6.3 Impact of nitridation on subsequent GaN epitaxy 

With the knowledge of the processes on the substrate surface during nitridation, this 
section will now aim towards the question on the impact on GaN epitaxy. 300 nm 
thick GaN films were deposited in N2 ambient after the NH3 exposure, which was 
varied in duration from 0 s (no nitridation) to 300 s. The reactor pressure was kept at 
300 mbar, and a V/III ratio of 1010 was chosen. 
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The effect of the nitridation step on the phase purity of the deposited m-plane GaN 
films is depicted in the HRXRD 2Theta/Omega scans in Figure 6.6 a). A shoulder on 
the left side of the LiAlO2 peak indicates a small amount of c-plane GaN for the 
untreated sample (0 s NH3). In the case of NH3 exposure, no such shoulder but an 
increasing intensity for the m-plane GaN peak is observed.  

 

Figure 6.6: a) HRXRD 2Theta/Omega scans and b) XRC FWHM values for m-plane 
GaN films with different nitridation times. The dashed line in a) shows the nominal 
position of strain-free m-plane GaN. The illustration in the upper right corner of b) 
indicates the alignment of the probe beam with respect to the m-plane GaN crystal. 

It is interesting to note that the GaN 2Theta peak position shifts from 32.34° (which is 
very close to its expected position at 32.39°) for the film without nitridation to 32.19° 
for all layers above 30 s NH3 exposure. This is associated to a high out-of-plane 
tensile strain (and thus in-plane compressive strain), which has been reported for the 
growth of thin m-plane GaN films on LiAlO2 by other groups before [17, 125]. The 
rising intensity of the GaN peak is also reflected in more narrow peak shapes in X-ray 
rocking curve (XRC) scans. The FWHM values of the peaks are shown in Figure 
6.6 b) for incident beam directions parallel and perpendicular to the GaN c-axis. From 
this plot, a dramatic reduction of the peak widths after nitridation for both directions 
becomes visible. One finds smallest peak widths of 291 and 450 arcsec (for scans 
along the [0001] and [112̄ 0] direction, respectively) for a nitridation time of 120 s, 
while above this value, the situation is getting slightly worse again. This implies an 
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improvement in crystal perfection with an optimized nitridation process. Considering 
the anisotropy of the measured FWHM values, an inversion can be observed. The 
film without nitridation process shows higher FWHM when measured parallel to the 
GaN c-axis, while for nitridation times above 30 s, the situation is reversed. Altered 
in-plane growth rates, which affect the lateral extension of crystal domains and lead 
to an anisotropy of Omega peak widths may be responsible.  

An identical trend of improved quality with longer nitridation times can also be seen 
by RT PL spectroscopy. The spectra of the layers with 0 and 300 s of NH3 exposure 
are exemplarily given in Figure 6.7 a). It becomes apparent that for the sample 
without substrate pretreatment, almost no near band-edge emission is visible while 
the layer grown with nitridation shows some clear emission at 3.47 eV.  

 

Figure 6.7: a) RT PL spectra and b-c) AFM scans for m-plane GaN layers with 0 s 
and 300 s nitridation step before growth. 

The large energy value for a RT scan can be explained by considerable in-plane 
compressive strain in the phase-pure m-plane GaN films as already indicated in 
Figure 6.6. Beside of the GaN main peak, a probably defect-related signal at 2.5 eV is 
detected for all GaN films with nitridation step in Figure 6.7 a), which is similar to 
the commonly known yellow luminescence (YL) in c-plane GaN [126]. More 
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comments on this peak will be given in section 8. For the layer without nitridation 
step, the broad defect band is shifted to 2 eV. Furthermore, a significant improvement 
in layer quality with the nitridation process can be demonstrated regarding the surface 
morphology. This is visualized in Figure 6.7 b) and c). The average RMS roughness 
values decrease from about 20 nm to 6 nm after only 30 s of nitridation and remain 
almost constant for prolonged exposure to NH3. Moreover, a transformation from a 
grainy, rough surface into a smoother one occurs. If no nitridation step is applied, 
lateral growth seems to be strongly suppressed. One may explain this behaviour by a 
damaging of the substrate during growth start, preventing the crystal nuclei from 
expanding horizontally. The lack of coalescence of the small grains allows an almost 
strain-free epitaxy of this mixed-phase GaN islands as found in Figure 6.6, whereas 
coalesced m-plane GaN films suffer from larger strain. 

It is also interesting to note that the usage of a nitridation step even allows for the 
direct growth of m-plane GaN in H2 ambient. Even though the quality of such layers 
is slightly inferior to layers deposited in N2, which can be explained by partial 
substrate damaging, it clearly underlines the enhanced stability of the nitridated 
substrate. 

As a main conclusion of this study, sufficient nitridation is surely necessary to protect 
the substrate surface and obtain smooth, phase-pure m-plane GaN films with high 
crystal quality. So far only thin GaN films have been deposited to investigate the 
effect of substrate pretreatment. In the following, thicker m-plane GaN films will be 
grown to study the crystal structure and layer properties in detail. 
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7 Anisotropic crystal properties of m-plane GaN films on 
LiAlO2 

This chapter comprises a structural, morphological, electrical and optical investiga-
tion of thicker m-plane GaN films on LiAlO2 substrates. Special attention is dedicated 
to the film anisotropy. First, the epitaxial process for the deposition of thicker GaN 
films is described. After that, layer properties like surface morphology, crystalline 
structure as well as optical and electrical characteristics are discussed. 

7.1 Three-step growth technique for thick GaN film deposition 

Based on a previously developed growth process, a three-step growth procedure was 
chosen to deposit GaN films with thicknesses between ~ 70 nm and ~ 1.7 µm [127]. 
The standard growth process and layer structure are schematically depicted in Figure 
7.1 a) and b), respectively. It comprises a nitridation step with duration of 2, 5, or 
8 min. In case of 2 and 5 min nitridation (“N” in Figure 7.1), the NH3 flow is 
switched on after reaching the growth temperature of 890 °C. For 8 min nitridation 
time, NH3 is already introduced during the 3 min temperature ramp-up starting at 
500 °C. After the growth temperature is reached, another 5 min of nitridation is 
performed. The nitridation is followed by the deposition of an initial sealing layer in 
N2 ambient (“S”), and the subsequent growth in H2 atmosphere (“G”). H2 as carrier 
gas is known to be beneficial for GaN deposition because it helps to reduce the 
number of newly formed GaN nuclei, which can lower the total edge-type dislocation 
density [128]. However, a direct nucleation of GaN in H2 ambient after nitridation 
yields lower quality, which is probably because of partial substrate degradation as 
already mentioned in chapter 6. A ~70 nm thick GaN film grown in N2 was found 
suitable to achieve good surface morphology and low XRC peak widths. The 
deposition in H2 ambient was carried out at a slightly higher reactor temperature of 
900 °C. The TMGa flux was set to 86 µmol/min and the reactor pressure was kept at 
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300 mbar during all steps. If not further specified, an NH3 flow rate of 89 mmol/min 
was chosen. These values correspond to a V/III ratio of 1010.  

 

Figure 7.1: a) Standard deposition process for m-plane GaN films using the 3-step 
technique including nitridation (N), sealing layer (S), and main layer growth (G). 

 b) Resulting layer stack. 

The in situ measured surface temperature and reflectivity for a 1.7 µm thick m-plane 
GaN film on LiAlO2 with 2 min nitridation time is exemplarily displayed in Figure 
7.2 a). The surface temperature is only accessible above ~ 600 °C. The small 
temperature drop after the deposition of the N2-GaN layer is due to the switching of 
carrier gas. Two wavelengths are displayed to monitor growth rate and surface 
roughness. The signal taken at 605 nm shows distinctly damped oscillations, which 
may be caused by sub-bandgap absorption in the GaN film. The probable origin is an 
incorporation of impurities, a topic which will be discussed in detail in chapter 8. The 
reflectivity at 349 nm shows a decline during deposition. This can be explained by an 
increased surface roughness. If NH3 is already introduced during the temperature 
ramping step at 500 °C, distinct changes become visible in the in situ reflectivity data. 
This is demonstrated in Figure 7.2 b) for the case of a 0.9 µm thick m-plane GaN 
film, which was deposited after 8 min nitridation time. The initial amplitude for the 
reflectivity values is reaching lower values compared to Figure 7.2 a), but in contrast, 
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less contraction with growth time occurs for the signal at 605 nm. Also, the reflectivi-
ty at 349 nm is almost constant. 

 

Figure 7.2: Surface temperature and reflectivity of m-plane GaN films grown with  
a) 2 min nitridation step at 890 °C and b) 8 min nitridation step starting at 500 °C. 

Reflectivity datasets are vertically shifted for clarity. 

These effects may be explained by less absorption and surface roughening during 
growth and indicate superior quality of the deposited m-plane GaN film starting 
nitridation already at low temperature (LT). One may explain this effect by less 
damage being introduced into the substrate when the AlN nitridation layer is formed 
at decreased temperature.  

7.2 Surface features of m-plane GaN films on LiAlO2 

7.2.1 Morphology of optimized GaN films 

This chapter will discuss properties related to the surface quality of m-plane GaN 
films. If not further specified, all data stem from the 900 nm thick layer grown by an 
optimized deposition process using NH3 exposure during temperature ramping with a 
total nitridation time of 8 min. 

Two AFM images for large (50 · 50 µm2) and small (2 · 2 µm2) area scans are given 
in Figure 7.3 a) and b), respectively. The in-plane crystal directions have been 
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determined by XRD and are depicted as well. The larger-area scan in Figure 7.3 a) is 
dominated by huge rhombically shaped hillocks, elongated along the [112̄ 0] direc-
tion. A similar pyramidal macroscopic undulation with comparable inclination angles 
along both in-plane axes was also reported for the homoepitaxy of m-plane GaN films 
on bulk substrates [129]. In this report, it has also been demonstrated that the usage of 
slightly off-oriented substrates can eliminate this roughening. The effect was 
explained by Farell et al., who showed that a dislocation with a screw-component at 
the apex of the pyramid leads to spiral growth and is thus responsible for the special 
morphology [130]. 

 

Figure 7.3: AFM images of m-plane GaN surface using a scan area of a) 50 ∙ 50 µm2 
and b) 2 ∙ 2 µm2. The crystal directions are schematically visualized. 

A similar mechanism is assumed to cause the macroscopic features in the m-plane 
GaN films on LiAlO2. As a second apparent surface characteristic, parallel lines 
running along the [0001] direction can be observed. The AFM scan performed on a 
smaller area shown in Figure 7.3 b) highlights this finding. The lines are basically 
stripes of material with the same surface level running parallel to the GaN c-axis 
direction. They are separated by steps of typically 1-2 nm height and an average line 
density of 6 · 104 cm-1. Usually, stripe-like surface undulations in m-plane GaN films 
are aligned in the [112̄ 0] direction [17, 35, 92, 131-133]. However, Raman spectros-
copy confirms that in the case of MOVPE-grown films on LiAlO2, the stripe orienta-
tion is along [0001], details of this study are described elsewhere [134]. The striated 
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surface pattern is present also for slightly changed nitridation conditions, growth 
temperature, and V/III ratio. Yet, if the thickness of the deposited film is 200 nm or 
below, only a hillock-dominated surface without stripes can be seen. An unfinished 
coalescence process or altered strain state may be seen as possible reason for this 
change. The strain state of the films will be discussed in section 7.3.1. 

A likely explanation for the special morphology with stripes along [0001] is a 
strongly anisotropic diffusion of species on the growing surface. Anisotropic adatom 
diffusion barriers have been theoretically predicted both for a-plane and m-plane GaN 
surfaces [56, 135]. These calculation are in agreement with the experimentally 
observed striated surface along the GaN c-axis for a-plane films on r-plane sapphire 
[86]. In contrast, for m-plane surfaces, lower diffusion barriers and thus higher lateral 
growth rate along the [112̄ 0] direction corresponding to a stripe formation along 
[11  2̄ 0] are expected [56, 135]. However, if anisotropic strain is involved, the 
situation may be reversed due to the strong impact of lattice compression on the 
lateral growth mode [136, 137]. The lattice mismatch values for both AlN and GaN 
on LiAlO2 are highly anisotropic. Since the AlN interlayer was found to be tensile 
strained (compare section 6.2) and the GaN films exhibit compressive strain (compare 
section 6.3), some contribution to the in-plane diffusion barrier heights may well be 
expected. It should be mentioned that Hoshi et al. also reported on a striated surface 
pattern along [0001] direction for their m-plane GaN films homoepitaxially deposited 
by NH3-source MBE but blamed inappropriate surface preparation to be responsible 
[138]. The surface stripe orientation of m-plane GaN layers is thus presumably 
influenced by many factors and may be modified by slight changes in strain and 
surface condition caused by an altered deposition process or substrate pretreatment. 

Taking a closer look at the morphology between the steps in Figure 7.3 b), one can 
recognize a much smoother surface with a local RMS roughness of ~ 0.2 nm in an 
area with dimensions of 0.4 · 0.4 µm2. The only visible feature here is a step-flow 
surface pattern with average step height of around 0.27 nm. This is in good agreement 
to the out-of-plane lattice constant of m-plane GaN, which amounts to 0.276 nm, and 
thus corresponds to one monolayer. While step-terrace surfaces are common for high-
quality c-plane GaN films, they are rarely observed for the typically highly dislocated 
nonpolar layers. Monolayer atomic steps have been reported for m-plane GaN 
homoepitaxy [139]. The few reports on the achievement of step-flow growth mode in 
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nonpolar heteroepitaxy are restricted to the nearly defect-free wing regions of films 
grown by sidewall ELOG technique [45, 92, 93]. The observation of step-flow 
surface morphology was reproducibly found even for slightly modified deposition 
parameters and thus provides evidence for a relatively low defect density of m-plane 
GaN films grown on LiAlO2 substrates using the 3-step MOVPE technique. 

7.2.2 Effect of V/III ratio on surface morphology 

The described anisotropic surface features (hillocks, striation) are generally observed 
for a wide range of deposition and substrate pretreatment conditions. However, a 
noticeable change in surface morphology was found for altered V/III molar flux ratios 
during H2-GaN deposition. The investigated films have a thickness of 1.4 µm and 
have been grown after a 2 min nitridation step at 890 °C. V/III molar flux ratio was 
varied between 505 and 2020 by changing the NH3 flux from 44 mmol/min to 
178 mmol/min. Figure 7.4 a) and b) exemplarily depict two AFM images for m-plane 
GaN films grown with V/III ratios of 1010 and 2020, respectively.  

 

Figure 7.4: AFM images of m-plane GaN films grown with a V/III ratio of a) 1010 
and b) 2020. The crystal directions are schematically visualized. 

Similar to the previously described optimized film, the surface in Figure 7.4 a) 
exhibits a tiled appearance but with larger hillocks. In contrast, smaller triangular 
features show up in Figure 7.4 b). This results in a decrease of the RMS roughness 
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from 37 nm to 17 nm when the V/III ratio is increased from 505 to 2020. The striated 
pattern is visible in both cases without significant changes of the stripe density. 
Unlike in Figure 7.3, a few small holes are additionally observed in Figure 7.4 a) and, 
to a higher extend, in Figure 7.4 b). For layers with 2 min nitridation step, their 
density is typically in the order of 106 cm-2 for a V/III ratio of 1010 and increases up 
to 107 cm-2 at the largest V/III ratio of 2020. These holes can be enlarged by a short 
wet etching step in H3PO4 at 160 °C for 1 - 2 min. As a result, the holes take a 
rectangular shape indicating a higher etch rate along the GaN c-axis. Since V/III ratio 
is known to influence the growth rate of different facets of the GaN crystal [88], a 
reduced lateral growth rate is thought to be responsible for the generation of these 
holes. The change in lateral growth rate probably causes also the altered hillock 
pattern. However, an optimized growth procedure using 8 min nitridation starting at 
500 °C yields only negligible hole densities on the surface, so the holes are obviously 
also related to the substrate pretreatment and may very well be initiated by defects, 
which are generated at an initial growth stage. One may even speculate that a 
damaged substrate surface causes single crystallites of m-plane GaN to nucleate on 
the O-sub-lattice of LiAlO2 (compare Figure 4.1), which thus inhibits the local 
coalescence to the neighbouring crystal. 

The demonstrated results show that m-plane GaN films on LiAlO2 suffer from a large 
roughness on a macroscopic scale, which can probably be overcome by the usage of 
miscut or less defected LiAlO2 substrates. Looking on a microscopic scale, the 
optimized m-plane GaN films exhibit a striated pattern due to the in-plane anisotropy 
during epitaxy. Between these stripes, the surface is perfectly smooth, which may be 
seen as an indication for high crystal quality. The following chapter will further 
elucidate the structural quality of the crystal.  

7.3 Structural properties of m-plane GaN films on LiAlO2 

7.3.1 Defect and strain characterization by XRD 

Results regarding defect structure and strain of the m-plane GaN films will be 
presented in the following. XRC Omega scans using a 1 mm detector slit were taken 
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with the incident X-ray beam along the two in-plane crystallographic axes to detect 
the structural layer anisotropy, which may be caused by planar defects like BSF [140, 
141]. The scans performed on the symmetric (11̄ 00) GaN reflection are displayed for 
the optimized 0.9 µm thick m-plane GaN film in Figure 7.5. Beside the main peak, 
both curves also exhibit a shoulder or a small peak at 17.7°, which are caused by the 
(200) reflection of the LiAlO2 substrate. The logarithmic scale plot shows a very low 
FWHM peak width of 224” along the GaN c-axis and a much broader curve with an 
FWHM of 1832” in perpendicular direction. The strongly anisotropic peak broaden-
ing is likely related to the special anisotropic growth mode, which results in the above 
described striated morphology. 

 

Figure 7.5: Symmetric (11̄ 00) XRC spectra of a 0.9 µm thick  m-plane GaN film for 
two incident X-ray beam directions. The illustration in the upper right corner 

indicates the alignment of the probe beam with respect to the m-plane GaN crystal. 

The coherent growth of elongated stripes along [0001] is expected to result in a 
narrow peak shape. In contrast, the large number of boundaries along the perpendicu-
lar [112̄ 0] axis causes strong XRC peak broadening. To quantify this effect, both 
LCL and mosaic tilt Δωmos have been determined. This analysis excludes the Omega 
peak width for the GaN (3  3̄ 00) reflection taken parallel to the [0001] direction of 
GaN because of non-negligible superposition with an unidentified other peak. The 
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data are summarized in Table 7.1. Low and high tilt angles in [0001] and [112̄ 0] 
direction are extracted, respectively. Furthermore, an extremely large LCL is found 
parallel to the GaN c-axis while the perpendicular direction exhibits a much lower 
value. It is important to note that a reliable determination of LCL values above 1 µm 
is not possible due to the limited accuracy of this method. Thus, one can only state 
that the dominating broadening effect for the measurement along [0001] is not caused 
by a limited lateral microcrystalline coherence but by crystalline tilt. The LCL for the 
scanning direction along [11  2̄ 0] is quite reasonable and reflects the mean spacing of 
the stripe features on the surface (compare Figure 7.3). 

Table 7.1: XRC FWHM, Δωmos, and LCL for a 0.9 µm thick m-plane GaN film on LiAlO2 with 
8 min nitridation time measured along both in-plane crystal directions. 

  XRC FWHM GaN calculated  
Δωmos 

calculated  
LCL (11̄ 00) (22̄ 00) (33̄ 00) 

|| c-axis 306” 305” (416”) 305” 50 µm 

⊥  c-axis 2526” 2446” 2387” 2318” 254 nm 

 

McLaurin et al. proposed to use the LCL in c-axis direction for the calculation of the 
BSF density [141]. If BSF are the dominating defect types in the film, this assump-
tion is valid since the LCL expresses the average extension of an undistorted crystal 
region. Due to a lack of sensitivity of the (33̄ 00) reflection to BSF [142], the LCL 
should be calculated without using this peak width, which was not evaluated in our 
study anyway. The LCL of 50 µm can be translated into a BSF density of 2 · 102 cm-1. 
The lower detection limit of the method is around 1 · 104 cm-1, which can thus be 
regarded as an upper limit for the BSF density of the optimized m-plane GaN films.  

Moram et al. pointed out that the quantification of BSF densities using XRD cannot 
be used for accurate determination because the surface morphology may have an 
impact on the peak widths as well [142]. Instead, they suggested to use a rough 
estimation for the BSF number by comparing the (22̄ 00) and (3  3̄ 00) reciprocal 
lattice points (RLP) [143]. The enhancement of intensity on the far-angle wing along 
the QX coordinate in the (22̄ 00) RLP is caused by diffuse scattering on BSF and may 
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thus be analyzed for an approximate BSF quantification. Since the (33̄ 00) reflection 
is not affected by BSF, one can use this peak shape as a reference. Moram et al. 
ascribed clearly visible streaking to BSF densities ob above 3 · 105 cm-1 in a-plane 
GaN. Reciprocal space maps for both reflections are shown in Figure 7.6 a) for the 
optimized m-plane GaN film on LiAlO2. Both RLP appear very sharp with very little 
broadening along QX. A pronounced diffuse streaking of the (22̄ 00) RLP compared 
to the (3  3̄ 00) RLP in the QX range of ±0.05 as seen by Moram et al. cannot be 
observed. The absence of an enhanced intensity by diffuse scattering in this range is 
also illustrated in Figure 7.6 b), which shows the extracted QX scans at the peaks of 
the RLP. In view of this situation and of the previously described XRD results, one 
can estimate that the m-plane GaN films investigated in this study exhibit BSF 
densities, which are clearly lower than 105 cm-1.  

 

Figure 7.6: a) XRD reciprocal space maps of a 0.9 μm thick m-plane GaN film for the 
(22̄ 00) and (3  3̄ 00) reflection measured with incident beam direction coplanar to 

[0001]. b) Extracted QX scans at the peak maximum.  

To obtain more information on the development of the special crystalline microstruc-
ture during epitaxy, several samples with different thicknesses between 70 nm and 
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1.7 µm were grown and characterized using HRXRD. All films comprise a 2 min 
nitridation step. The XRC peak widths for various layer thicknesses and two incident 
beam directions are depicted in Figure 7.7 a). For very thin layers, only little or no 
peak width anisotropy is present with FWHM as low as ~ 200”. In contrast, when the 
film thickness reaches ~ 0.9 μm, much broader peak widths are found for the [112̄ 0] 
measurement direction. For even thicker films, the FWHM in this direction is slightly 
reduced again while a weak increase is found for the FWHM values measured along 
[0001]. 

 

Figure 7.7: a) Symmetric (11̄ 00) GaN XRC FWHM along two incident beam 
directions and b) measured strain in m-plane GaN films for different film thicknesses. 

To gain a better understanding of the underlying physical mechanisms, the strain in 
the m-plane GaN films was also investigated. To allow for a calculation of the in-
plane strain values, asymmetric HRXRD scans on lattice planes, which are tilted 
either towards the (0001) or (112̄ 0) plane, were performed. For the nomenclature of 
strain values, the a-axis, m-axis, and c-axis direction are represented by x, y, and z, 
respectively, as already introduced in Figure 2.1. The dependency of the in-plane (εxx, 
εzz) and out-of plane (εyy) strain against thickness is plotted in Figure 7.7 b).  

These data contain some deviations since asymmetric plane reflections typically 
exhibit low intensity due to weak scattering efficiency. However, one still can extract 
valuable information. In [0001] direction, a comparably small compressive strain 
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component is present, which is obviously mainly defined by the initial substrate-
lattice mismatch and appears to be nearly unchanged with film thickness. In contrast 
to that, the lattice deviation in [112̄ 0] is much larger for thin films and exhibits a 
gradual decrease for thicker layers. It is interesting to note that even the 1.7 µm thick 
film does not show full relaxation. Quite surprising is the fact that the measured value 
of -1.7% for the 70 nm film is in such a good agreement to the substrate-lattice 
mismatch. One should also keep in mind that this is a huge value for any epitaxial 
system. It may be argued that the large strain can only be maintained because of the 
lack of a suitable glide plane. The absence of such glide plane prevents effective 
relaxation by defect introduction. The out-of-plane tensile strain in [1  1̄ 00] direction 
is a result of the two in-plane compressive strain components and decreases for 
thicker layers.  

A final note should be made on thermal expansion. The mismatch of the thermal 
expansion coefficients for m-plane GaN and LiAlO2 is highest along the  
[112̄ 0]GaN || [001]LiAlO2 direction, where the thermal expansion of LiAlO2 is roughly 
three times larger than the value for GaN. This decreases the nominal substrate-lattice 
mismatch along this direction from -1.7% to -0.8%. Assuming coherent growth 
without any formation of misfit dislocations, the layers would be strongly compressed 
along the GaN a-axis during cool-down. This indicates that a large fraction of the 
strain is induced after growth. Since compressively strained films are less inclined to 
cracking, all layers up to 1.7 µm thickness are still intact. However, cracking and 
delamination of the GaN thin film was observed for layer thicknesses above 1.9 µm. 

Combining the results on strain state and the XRC peak widths, one can state that a 
relaxation process takes place for film thicknesses above 200 nm, which decreases the 
high in-plane strain along the GaN a-axis. This is accompanied by larger XRC peak 
widths especially in a-direction, obviously caused by mosaic tilt. In view of the 
appearance of the striated morphology for films thicker than 200 nm, one may 
conclude that the special anisotropic growth mode is probably also helpful to relax 
the huge initial strain caused by substrate-lattice mismatch along the GaN [112̄ 0] 
direction. Besides, it is worth to note that the strain within the GaN layers can be 
slightly altered by changing the V/III ratio. Increasing this ratio in the H2-GaN layer 
from 505 to 2020 lowers the out-of-plane strain component in a 1.4 µm thick film 
from 0.26% to 0.19%. The different growth mode, which is accompanied by a higher 
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generated pit density and smaller hillocks as displayed in Figure 7.4, can possibly be 
blamed for this effect. 

7.3.2 TEM investigation of crystal microstructure 

TEM provides a good insight into the present defect types and densities within the 
GaN film. Due to the brittle nature of the LiAlO2 material and the large strain 
between substrate and deposited film, only a small number of high-quality cross-
section images could be obtained. All data discussed in this section were collected 
from a ~ 1.4 µm thick m-plane GaN film grown after 2 min nitridation. Figure 7.8 
shows two dark-field TEM images taken along a cross-section of the [112̄ 0] zone 
axis with different diffraction g vectors. In Figure 7.8 a), a very distorted region close 
to the LiAlO2 substrate can be seen, which does not allow any defect identification.  

 

Figure 7.8: TEM cross-section images of a 1.4 µm GaN film on LiAlO2 taken along 
the [112̄ 0] zone using dark-field conditions. The diffraction vector g was chosen as 

a) [0002] and b) [1  1̄ 00]. Distinguished defect types are marked. 

After 400 - 500 nm, the structural quality is found strongly improved. Here, several 
lines aligned parallel to [11̄ 00] and only a few inclined lines are in contrast. When 
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aligning the g vector parallel to the growth direction as displayed in Figure 7.8 b), 
less distortion within the GaN film close to the substrate but overall more dislocation 
lines intersecting the whole GaN layer become apparent. According to the g · b 
visibility criterion, one can distinguish four defect types labelled as ‘A’, ‘B’, ‘C’, and 
‘D’. Defects marked as ‘A’ are visible in both images and can therefore be identified 
as Frank partial dislocation. One can find in total four of these defects in the given 
images. ‘B’ and ‘C’ are only observed for g = [0002] and are probably of edge-type 
and mixed-type character, respectively. Defect ‘D’ is in contrast for g = [11̄ 00] only 
and also seen four times here. The viewing conditions allow an identification as either 
Frank-Shockley partial or stair-rod dislocation. An interesting remark can be made 
about the observed density of Frank partial dislocations. As discussed in chapter 
3.1.1, these defects are bound to I1- or E-type BSF. The latter type is rarely observed 
in nonpolar films and can probably be neglected here. As a consequence, one can 
estimate the local I1-BSF density via the mean separation of Frank partials to 
4.7 · 104 cm-1. This value is somewhat higher compared to the upper limit of 104 cm-1 
found by XRD, which can be understood by taking into account the greatly different 
volumes of characterization for both techniques. 

TEM images with cross-section along the [0001] zone are displayed in Figure 7.9 
showing quite a different defect distribution. Figure 7.9 a) is taken under dark-field 
conditions with g parallel to [11̄ 00] while for Figure 7.9 b), a g vector of [112̄ 0] was 
chosen. Again, some lines running parallel to the growth direction are found and 
named as ‘E’ and ‘F’, respectively. Since both images do not show exactly the same 
sample area, it is not possible to unambiguously define the character of these defects. 
It is only possible to state that ‘E’ is either a screw-type TD, a Frank partial TD, or a 
stair-rod dislocation. For defect ‘F’, the screw-type character can be excluded. In 
addition, dislocation lines being 60° inclined with respect to the surface are in 
contrast for both g vectors. These lines marked as ‘G’ with propagation direction l of 
[1  2̄ 10] or [21̄  1̄ 0] originate at the substrate-film interface and penetrate the whole 
layer. Their character can be interpreted as either pure screw-type or mixed-type. Lo 
et al. also identified defects running at a 60° angle using TEM cross-section images in 
the [0001] zone axis of MBE-grown m-plane GaN films on LiAlO2 [144]. They 
connected these lines to PSF, which are associated with mixed-type TD. The PSF 
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were thought to be generated during the coalescence of islands leaving a 60° grain 
boundary angle in between. 

 

Figure 7.9: TEM cross-section images of a 1.4 µm GaN film on LiAlO2 taken along 
the [0001] zone using dark-field conditions. The diffraction vector g was chosen as a) 

[11̄ 00] and b) [11  2̄ 0]. Distinguished defect types are marked. 

In this context, it is also interesting to mention a study on MOVPE-grown m-plane 
GaN on LiAlO2 revealing similar 60° tilted defects in cross-section TEM [40]. This 
group also showed a network of planar defects in plan-view TEM images. Some of 
these defects appear to be located on the 60° inclined (101̄ 0) prismatic plane while 
others are located on differently tilted planes [40]. A probable connection to coales-
cence boundaries was speculated on. In addition to that, zigzag-shaped structures 
composed of such planar defects were identified in cross-section images and were 
seen as one origin for the generation of BSF during film growth [40]. XRC FWHM 
values with the incident beam parallel to [0001] increasing with sample thickness 
were seen as confirmation for this theory. However, an erroneous determination of 
the X-ray incident beam direction with respect to the sample orientation makes their 
interpretation of BSF generation at the defects on the prismatic planes questionable 
[40].   
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The overall structural quality found in this TEM study appears to be reasonable given 
the fact that large defect-free areas between single dislocations are observed in the 
cross-section. Still, exact BSF and TD area densities cannot be specified since the 
preparation of plan-view TEM specimens was impossible within this study, which is 
due to the brittle substrate and the large strain within the GaN layers. 

7.3.3 Defects revealed by Electron Channelling Contrast Imaging (ECCI) 

The ECCI technique is an alternative route to assess TD area densities. Crystalline 
defects produce a lattice distortion, which gives rise to contrast in plan-view surface 
images produced by scattered channelling electrons, therefore also allowing a 
quantitative determination [115]. Figure 7.10 depicts such an image taken from a 
0.9 µm thick GaN film with 5 min nitridation step. Beside of the typical stripe 
features, black dots are in contrast representing TD with a density of ~ 1 · 109 cm-2.  

 

Figure 7.10: ECCI from a 0.9 µm thick m-plane GaN film using 5 min nitridation. 
Yellow circles mark the position of BSF. The magnification in the lower left corner 

highlights the surrounding partial dislocations. 

One can find that these defects are not homogeneously distributed and leave large 
areas of quasi-dislocation-free material in between. The dislocation type cannot be 
determined at present. Beside of line defects, BSF are also in contrast under these 
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viewing conditions. This is the first report about the visibility of BSF in nonpolar 
GaN films using ECCI. The contrast mechanism is not fully understood but it can be 
assumed that altered surface strain is responsible for the contrast. The BSF appear as 
lines along [112̄ 0] with a length of roughly 300 nm. Taking a closer look, one can 
also recognize line defects at the edge of each BSF. They can clearly be interpreted as 
surrounding partial dislocations of either Frank- or Frank-Shockley-type. Counting 
the visible BSF in several images yields an area density of 7 · 107 cm-2. Although the 
specification of BSF densities per unit area is straightforward and exact, it is not a 
common way to notify these densities in literature. There are several ways to 
recalculate BSF area densities into line density values. Assuming a random distribu-
tion of BSF in both crystal directions, one can extract the root of the area density, 
which yields a line density of 8.4 · 103 cm-1. In view of the hitherto given numbers, 
this number appears plausible. However, as mentioned before, the exact physical 
mechanism leading to the BSF contrast in the ECCI is yet not fully understood. Thus, 
one cannot unambiguously state the type of the BSF, which are visible in ECCI. 
Therefore, it is very difficult to compare these numbers and draw good conclusions 
out of it. But one can already state that this method is highly promising for the further 
development of nonpolar GaN films on any kind of substrate. 

The most important consequences from the structural study of m-plane GaN films on 
LiAlO2 can be summarized as follows: The layers are made up of stripes aligned 
parallel to the GaN c-axis, which consist of very coherent and high-quality crystal 
domains. The total defect density is relatively low for heteroepitaxially deposited 
nonpolar GaN films. The BSF and TD density is in the order of 1 · 104 cm-1 and 
1 · 109 cm-1, respectively. The defect structure is quite complex with Frank partial 
dislocations and defects running at a 60° angle being the most prominent ones. The 
latter type obviously lies on the (101̄ 0) prismatic plane and may be related to a 
prismatic stacking fault, but no clear indication for this theory could be found so far. 

7.4 Optical properties of m-plane GaN films on LiAlO2 

Studying optical characteristics of m-plane GaN films is essential because an 
emission spectrum can give insights into defects and impurities in the crystal. Also, 
the special anisotropic nature of the m-plane GaN layer gives rise to polarized 
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emission as described in chapter 3.2, which is interesting from a scientific point of 
view but may also be of use in several applications. This section is divided into two 
parts. First, the emission properties of m-plane GaN films are studied by PL taking 
the polarization of emission into special consideration. After that, the luminescence 
characteristics at high excitation levels are determined to study the optical perfor-
mance in conditions similar to LD or high-brightness LED operation. 

7.4.1 Polarization-resolved luminescence characteristics 

PL was performed at 14 K and 300 K on a 0.9 µm thick m-plane GaN film on LiAlO2 
with 8 min nitridation step. The spectra are displayed in Figure 7.11 a).  

 

Figure 7.11: a) LT and RT PL spectra for 0.9 µm thick m-plane GaN film grown on 
8 min nitridated LiAlO2. The LT spectrum is shifted vertically for clarity. b) LT PL 

spectrum of 1.7 µm thick m-plane GaN with 5 min nitridation  for emission polariza-
tion parallel and perpendicular to the GaN c-axis. 

Several characteristic emission features can be identified. The RT scan shows a near-
band-edge (NBE) emission peak at 3.44 eV and a broad band at around 2.3 eV, the 
position and shape of which are similar to the YL in c-plane GaN films [145-147]. 
The origin of this feature is most likely related to impurities, a topic which will be 
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discussed in detail in section 8.2. The YL is basically unchanged for the spectrum at 
LT. Additionally, an increased PL signal between 3.0 eV and 3.4 eV with small peaks 
at 3.34 eV and 3.25 eV is observed. The relative separation of these peaks is close to 
the GaN longitudinal optical phonon energy (~ 91.8 meV), which hints on the 
connection to donor-acceptor pair (DAP) transitions [148, 149]. A further contribu-
tion to the high PL intensity in this range may be caused by luminescence from PSF 
or BSF and their connected partial dislocations [46, 150]. Besides, a strong and sharp 
donor-bound exciton (D0X) emission becomes the dominant emission peak appearing 
at an energy of 3.51 eV with a peak FWHM of 4.4 meV. Compared to typical peak 
positions of GaN films, the positions of both the LT D0X and the RT NBE emission 
are strongly blue-shifted, which is easily explained by the large in-plane compressive 
strain. A closer look on the D0X peak reveals a slightly asymmetric shape. It is 
difficult to separate the contributing emission peaks in this non-polarization-resolved 
PL spectrum because of an overlapping of peaks, which are caused by transitions to 
different valence subbands. A polarization-resolved spectrum of a similar sample but 
with 1.8 µm thickness and 5 min nitridation time before growth is shown in Figure 
7.11 b). In these graphs, a distinct shoulder on the lower-energy side is clearly visible 
at around ~ 3.47 eV for both polarization states. The most plausible interpretation of 
this line is a BSF-related luminescence, since a correlation of I1-type BSF and PL 
emission at 3.42 eV has been reported for a-plane GaN films [46-48]. To explain the 
different energetic position, the consideration of BSF as QW-like crystal distortions 
(compare section 3.1.1) is helpful. In this model, the band offsets are fixed and the 
emission from the QW will thus be shifted as the band gap changes due to strain. The 
energetic separation between the D0X peak and BSF shoulder of ~ 40 meV is in 
reasonable agreement to values for a-plane GaN given in literature, which range from 
48 meV to 61 meV [44, 48]. The much weaker intensity of this defect-related 
emission compared to the D0X peak is in contrast to most literature reports about 
nonpolar heteroepitaxy of GaN and another clear sign of relatively low BSF density 
in the m-plane GaN films on LiAlO2.  

Comparing the emission intensities for both polarization directions displayed in 
Figure 7.11 b), one can find higher peaks for the polarization parallel to [112̄ 0], 
which is due to the predominant <X|-like character of the HH band (compare section 
3.2). This corresponds to a polarization of the T1 transition along [112̄ 0] as also 
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found by other groups [61-63]. The calculated DoP for different temperatures is 
plotted together with the NBE peak position in Figure 7.12 a). The dependency of the 
NBE energy on temperature is readily explained by the bandgap shrinkage. High DoP 
values up to 0.8 are detected for LT, which decline to ~ 0.4 for RT. This effect can be 
understood by taking into account the thermal escape of holes to lower-energy 
valence bands. As a consequence, the intensity of the T1 transition is reduced for the 
benefit of T2. 

 

Figure 7.12: a) Development of the PL NBE peak position and its DoP with tempera-
ture. b) Valence subband energy separation and T1 absorption edge at RT for various 
film thicknesses. The dashed line represents the respective values for unstrained GaN 

[21, 61]. The solid line is a guide for the eye. 

Such a mechanism implies an energy difference (T2 - T1) of the two valence subbands 
below or close to thermal energy kB·T. Transmittance tests were performed to 
determine the exact valence subband separation for m-plane GaN films with different 
thicknesses. Figure 7.12 b) visualizes this dependency of RT subband energy 
separation (T2 - T1) and the RT absorption edge for the T1 transition on the GaN film 
thickness. Larger film thickness is correlated to less in-plane compressive strain, 
which results in a lower bandgap. Although the values for the energy separation  
(T2 - T1) are quite scattered, an overall decreasing is obvious. The weaker energy 
separation is accompanied by a decrease of the RT DoP of the PL emission from 
~ 0.6 to ~ 0.3.  
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A lower energy separation and a smaller difference in oscillator strength for the T1 
and T2 transitions (resulting in a lower DoP) with reduced in-plane strain of m-plane 
GaN films have been theoretically predicted and even quantified by Ghosh et al. [61]. 
The general trend of decreasing energy separation with thicker and therefore less 
strained films observed here is consistent with this theory. However, a good matching 
of the optically measured (T2 - T1) values with the energy separation calculated using 
the strain data obtained by HRXRD was not found. In fact, this calculation yields a 
typically by a factor of two larger separation compared to the result yielded by optical 
transmission. Two systematic errors are proposed: One is related to the limited 
accuracy of the in-plane strain measurement by HRXRD due to crystal imperfections 
and low reflected intensity at asymmetric planes. Further, the layer information in 
optical transmission stems from the whole depth range of a sample, while HRXRD 
takes mostly the strain state of the uppermost regions into account. The usage of 
transmission data for bandgap estimation is also the main reason why the values 
presented here are quite different to a similar experimental study by Misra et al., who 
used photoreflectance data to extract a subband energy separation of 46 meV for a 
1.2 µm thick m-plane GaN film on LiAlO2 [63]. Nevertheless, the optical study 
presents a further evidence for a strain relaxation process of m-plane GaN films on 
LiAlO2 substrates. 

7.4.2 Study of high-excitation luminescence and free carrier dynamics 

To study the optical properties of m-plane GaN films at high excitation conditions, 
PL experiments were carried out at RT using the fourth harmonic of a YAG:Nd3+ 
laser as a light source [151]. The sample under investigation was a 1.6 µm thick GaN 
film grown after 2 min nitridation of LiAlO2. To allow for a reference, a c-plane GaN 
film grown on sapphire was also characterized. This layer consisted of ~ 2 µm GaN 
deposited onto a 300 nm AlN nucleation layer. Its threading dislocation density was 
estimated to be ~ 5 · 109 cm-2 via etch pit density and XRD measurements [152]. 
Figure 7.13 a) displays the PL spectra of the m-plane GaN layer at various excitation 
levels. At the lowest excitation level of 0.62 mJ/cm2 (which equals to a photogenerat-
ed carrier density of ~ 2 · 1018 cm-3), a broad spontaneous emission band at 3.41 eV is 
observed, which is identical to the RT NBE peak from Figure 7.11 a). When increas-
ing the excitation density Iexc to ~ 0.87 mJ/cm2, laterally amplified stimulated 
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emission (SE) emerges at 3.33 eV. The amplification without application of external 
mirrors has been observed for c-plane GaN in literature before and can be assumed to 
occur because of propagation of emission in lateral direction and its partial backscat-
tering via layer imperfections like grain boundaries [153]. The redshift of the SE peak 
is caused by both re-absorption of luminescence with higher energy as well as band 
gap renormalization [153].  

Excitation-dependent PL spectra were taken for the c-plane GaN reference layer as 
well. A similar appearance can be assessed with the SE emerging at a higher excita-
tion level of 1.4 mJ/cm2. The integrated intensity of the PL emission for both films as 
a function of excitation level is plotted in Figure 7.13 b). The threshold value is 
marked by vertical arrows.  

 

Figure 7.13: a) Excitation-dependent RT PL spectra of an m-plane GaN film.  
b) Integrated PL intensity plotted against excitation level for m-plane and c-plane 

GaN. The solid lines and vertical arrows indicate the proportionality of the PL 
intensity and the SE threshold, respectively. 

At low excitation, a linear growth of the NBE emission is found for both samples. 
When the excitation level reaches the threshold value, a gradual saturation of the 
NBE intensity occurs (which can be described by a ~Iexc

0.5 power law), while the SE 
shows a square increase. Since imperfections play a major role in the self-
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amplification effect, the different defect structure could be responsible for the larger 
value of the SE threshold in the c-plane GaN film. It is also known, that some defects 
may act as radiative recombination centers emitting slightly below the bandgap, 
which would lower the SE threshold in the more defective layer [154]. Further, an 
influence of in-plane stress enhancing the band-edge emission in defective regions 
should also be considered [155]. The SE threshold value can also be determined via 
the monitoring of the intensity-dependent diffraction efficiency in a free-carrier 
transient grating, which is created by the interference of two pump beams in the 
FWM technique (compare Figure 5.1). This efficiency of diffraction for both the m-
plane GaN and c-plane GaN film is plotted in Figure 7.14 a). A squared proportionali-
ty versus excitation intensity is found. The onset of SE leads to a lower diffraction 
efficiency due to a sudden decrease of the free carrier concentration by the SE 
process. One can extract SE threshold values of 0.8 and 1.3 mJ/cm2 for the m-plane 
GaN and c-plane GaN layer, respectively, thus yielding a good confirmation of the 
values obtained by PL. 

 

Figure 7.14: Diffraction efficiency of transient grating in m-plane and c-plane GaN 
films for a) excitation-dependent and b) time-resolved measurements. Vertical arrows 

mark the onset of SE. 

The FWM technique can also be applied in a time-resolved measurement scheme, 
which allows for a monitoring of the carrier dynamics. Figure 7.14 b) displays the 
transient diffraction efficiency for both GaN films. The value exponentially decreases 
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after the pump beams are blanked. A grating decay time τG of 40 ps and 380 ps can 
be extracted for the m-plane and c-plane GaN layer, respectively, and was validated 
for a wide range of excitation levels. No dependency of the grating decay on grating 
period was detected for the m-plane GaN film, thus indicating negligible impact of a 
diffusive decay of the grating (as described in equation (5.2)) caused by minority 
(hole) carrier diffusion. Consequently, the determined grating decay time of 40 ps is 
equal to the carrier lifetime τ. It is notable to mention that PL decay times of 75 ps 
and 268 ps were found for free-standing m-plane GaN films grown on GaN/LiAlO2 
templates and sliced GaN boules, respectively [139, 156]. The much larger film 
thicknesses will of course result in a lower density of defects and impurities, so the 
difference can well be understood. In case of the c-plane GaN reference layer on 
sapphire, a grating decay time of 380 ps is measured. The slower recombination 
dynamics in polar MQW can partly be ascribed to the QCSE. Based on bipolar 
diffusion coefficient for c-plane GaN and a semi-empirical equation, both of which 
can be found in the literature, one can make an estimation for the total TD density 
[157, 158]. The calculated number for NTD ≈ 4.6 · 109 cm-2 in the reference c-plane 
GaN layer is found consistent with the expectations. Nevertheless, a similar proce-
dure cannot be applied for the m-plane GaN layer because for nonpolar GaN layers, 
the relationship between NTD and lifetime was found to be extremely weak. Chichibu 
et al. found that if NTD increases by three orders of magnitude, the PL lifetime 
decreases only twice, which is assumed to be caused by a dominant contribution of 
other electrically active defects [156].  

All optical results appear to be consistent with the gathered structural data by yielding 
further evidence for the high quality of the m-plane GaN layers on LiAlO2. The main 
features are a strong D0X emission peak and only weak contributions of defects, 
which are mainly caused by impurities. Large in-plane compressive strain is identi-
fied and relaxes as films grow thicker. This reflects in a change of the absorption edge 
energy, the DoP, and the subband energy separation. The lower lasing threshold for 
m-plane GaN compared to c-plane GaN films is ascribed to a very different defect 
structure for the two orientations. The measured carrier lifetime for m-plane GaN on 
LiAlO2 is consistent with other reports for high-quality nonpolar GaN films. 
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7.5 Doping and electrical characterization of m-plane GaN on 
LiAlO2 

Irrespective of growth technique, GaN films deposited on LiAlO2 substrates are 
known to have a large unintentional n-type doping concentration [18, 77, 159]. The 
origin of this issue will be discussed in detail in chapter 8. One can make use of this 
unintentional doping level to study the in-plane anisotropic electron mobility µ. RT 
Hall measurements employing a Hall bridge geometry were carried out for that 
purpose. GaN layers with 2 min nitridation step and various thicknesses ranging from 
260 nm to 1.7 µm were investigated. Ohmic behaviour was readily observed without 
further annealing step, which is obviously related to the high doping level. The space 
charge region of the Schottky barrier of the metal-semiconductor contact becomes 
extremely thin in that case and can thus be neglected. The development of electron 
concentration and in-plane mobility for directions parallel and perpendicular to the c-
axis is plotted in Figure 7.15. With increasing layer thickness, the background 
electron concentration is reduced from ~ 1020 cm-3 to ~ 1019 cm-3. In view of the large 
horizontal separation of the contacts compared to the film thickness, one can assume 
that even the lower-lying areas of the layer contribute to the Hall result. The meas-
urement of thicker films is therefore hampered by a superposition of the higher 
electron concentration on the bottom and the lower carrier density on the top. The 
decline of electron density is most likely linked to the lower impurity incorporation, 
which also leads to less scattering of carriers, thereby increasing the mobility from 
20 cm2/Vs to more than 120 cm2/Vs. The decrease of mobility after 1 µm film 
thickness is ascribed to a lower GaN crystal quality probably due to strain-induced 
defect generation. The samples compared here have been grown on distinguished sets 
of LiAlO2 substrates. Thus, different substrate qualities may also play a role.  

While the electron densities show no or only negligible deviations for the two 
measurement directions, a clear anisotropy of the in-plane mobility was found, 
especially for larger mobility values. The effective electron mass of GaN does not 
exhibit any anisotropy, which could give rise to larger mobility in the c-axis direction 
[57, 65]. Thus, only the special anisotropic crystalline structure with the stripes being 
oriented along [0001] can be blamed for the observed larger values along this 
direction.  
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Figure 7.15: RT electron concentration and in-plane electron Hall mobility measured 
along the two in-plane crystal axes of m-plane GaN films with different thicknesses. 

Both in-plane mobility values are superior to data for MBE-grown films on LiAlO2 
and comparable to reports for 300 - 400 µm thick HVPE-grown m-plane GaN films 
on LiAlO2, which is ascribed to the well-engineered MOVPE deposition process [77, 
159, 160]. However, higher electron mobilities were achieved for Si-doped m-plane 
GaN layers on m-plane 6H-SiC [90]. In this case, values of up to 500 cm2/Vs and 
300 cm2/Vs at an electron density of 4 · 1019 cm-3 have been reported for the [112̄ 0] 
and [0001] direction, respectively. The difference was ascribed to scattering near 
structural defects like BSF.  

In spite of the large unintentional n-type background doping level, p-type conductivi-
ty was also achieved. However, a large amount of Mg is necessary to overcompensate 
the free electron concentration in m-plane GaN on LiAlO2. Films grown at 900 °C 
with Mg/Ga ratios of 0.8% and 1.3%, which are standard doping ratios for reference 
c-plane GaN layers, did not result in p-type conductivity in RT Hall measurements. 
Increasing the Mg/Ga ratio to 2.6% led to p-type doped films. The Hall results 
showed a linear behaviour of the I-V curves and a free hole concentration of 8 · 1017 
cm-3 at a hole mobility of 1.3 cm2/Vs after the same annealing procedure. The very 
low hole mobility is likely caused by the large defect and impurity concentration in 
these highly doped films. On the other hand, one can partly ascribe it to the fact that 
both the growth and annealing conditions have not been optimized for Mg-doped m-
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plane GaN layers and all parameters were taken from the procedure developed for c-
plane GaN films. 

The electrical data of m-plane GaN films on LiAlO2 underline the high structural 
material quality. The observed anisotropy of the electron mobility can be explained 
by the anisotropic growth mode, which results in improved crystalline coherence 
along the c-axis of GaN. A large background electron concentration presents a 
challenge to achieve high-quality p-type doped films. Thus, any improvements on this 
issue heavily rely on a reduction of the unintentional doping level. In order to achieve 
this goal, its origin needs to be understood in detail, which is the aim of the following 
chapter. 
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8 Impurities in m-plane GaN films on LiAlO2 

This chapter deals with the issue of impurity incorporation in m-plane GaN films on 
LiAlO2. Beside of the detection of impurities, possible mechanisms of incorporation 
into the GaN lattice are discussed.  

8.1 Identification and quantification of impurity atoms 

When looking for foreign atoms in a crystal, one needs to be aware about potential 
sources for contamination. The source and carrier gas molecules in the MOVPE 
process contain H and carbon (C), both of which are foreign atoms for GaN epitaxy. 
Furthermore, water is a common impurity in NH3. Even though an additional purifier 
has been used for epitaxy in all experiments, the supply of small amounts of O cannot 
be excluded. Another source of impurities is given by the LiAlO2 substrate. As 
already discussed in section 6.1, the stability of LiAlO2 in the MOVPE environment 
is questionable, especially considering a possible release of Li2O [117]. Thus, O and 
Li are potential impurity atoms for GaN epitaxy. Time-of-flight secondary ion mass 
spectroscopy (SIMS) experiments were carried out on two m-plane GaN films on 
LiAlO2. One of them was grown with a total thickness of 1.6 µm after a 2 min 
nitridation step. Another layer comprises an 8 min nitridation process and a thickness 
of 0.9 µm. The SIMS analysis was performed using argon (Ar) and O sputter gas to 
be sensitive for O and Li foreign atoms in the GaN lattice, respectively. Calibration 
measurements on O- and Li-implanted c-plane GaN films were performed to enable a 
quantitative analysis of these elements.  

Figure 8.1 a) shows the SIMS depth profile for the 1.6 µm m-plane GaN layer using 
Ar sputter gas. Besides of the signal arising from Ga bound to N, only O and C bound 
to N atoms are detected in this spectrum. C is located on a N site and is thought to act 
as a deep acceptor in GaN with activation energy of 0.9 eV [147]. It is therefore 
typically located below the Fermi level of GaN and can only have a limited impact on 
electrical properties. A strong contribution to the n-type conductivity can be expected 
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from O, as it is known to form a shallow donor in GaN [161]. And indeed, the 
detected O level of  1 · 1019 cm-3 is in very good agreement to the electron concentra-
tion extracted from RT Hall measurements. One can also note a distinct decline of the 
O signal towards the layer surface. This hints on a slightly lower incorporation of O 
in the upper region of the film. The sharp increase for C-N and O beyond a depth of 
1.5 µm can be ascribed to a partial sputtering of the substrate.  

 

Figure 8.1: SIMS depth profiles of m-plane GaN on LiAlO2. a) Qualitative profiling 
of Ga-N and C-N and quantitative analysis of O concentration in a 1.6 µm GaN film 

using Ar sputter gas; b) Quantitative Li detection in a 0.9 µm GaN film using O 
sputter gas. The inset shows the Li-implanted calibration sample. 

The increase of the C-N concentration close to the surface is not fully understood at 
present. Yet, it is worth to mention that also the O signal exhibits a similar but much 
sharper surface peak. Figure 8.1 b) displays the Li depth profile for the 0.9 µm thick 
GaN film measured using O as sputter gas. Again, a decline of the Li concentration 
from the substrate-layer interface towards the surface is found. The lowest measured 
concentration of Li in the GaN layer of ~ 1.4 · 1016 cm-3 is hardly exceeding the 
detection limit of the analysis. Similar to the C-N and O signal, the Li concentration 
is slightly increased close to the surface. It is interesting to note that all implanted c-
plane GaN calibration samples do not exhibit such a surface effect. The spectrum for 
the Li-implanted layer is exemplarily given in the inset of Figure 8.1 b). A further 
discussion of these surface features is postponed to the next section.  
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Dikme et al. reported on the presence of even higher levels of O in the order of 
5 · 1019 cm-3 for their MOVPE-grown m-plane GaN films on LiAlO2 using  
InGaN:Mg buffer layers [18]. They further mentioned the presence of Li with its 
density being roughly one order of magnitude lower than the one for O. One can thus 
assess that either the stability of the LiAlO2 substrate or the deposition process itself 
has strongly improved compared to these earlier experiments. However, an even 
lower O level of around 1018 cm-3 was specified in case of MBE-grown m-plane GaN 
on LiAlO2, which may be related to the completely different growth conditions 
including lower deposition temperature as well as ultra-high vacuum and high-purity 
environment [159]. Of course, the overall very high O background levels in both this 
study and literature reports still need a physical explanation. 

A naturally increased incorporation of O impurities on m-plane GaN surfaces 
compared to other orientations like the Ga-faced c-plane or the a-plane surface was 
recently reported by Cruz et al. [162]. Even though these studies were carried out on 
bulk GaN substrates, O background levels up to 3 · 1018 cm-3 have been detected 
when the growth temperature was 890 °C. Residual impurities in the used source 
gases have been blamed as the probable origin. In contrast, the density of O atoms 
drops below 5 · 1016 cm-3 for deposition processes performed at temperatures above 
1100 °C. This was explained by the limited stability of Ga oxides on the GaN surface 
at elevated temperatures [163]. In case of deposition of m-plane GaN on LiAlO2, both 
the decreased temperature on the GaN surface as well as the substrate as potential O 
source may have an impact, so an unambiguous conclusion on the impurity source 
and the doping mechanisms is not possible. Additional experimental efforts have 
been made to elucidate the problem. 

8.2 Mechanisms of impurity incorporation during MOVPE of m-
plane GaN on LiAlO2 

Beside of an increased affinity of the m-plane GaN surface for O atoms at low growth 
temperatures, several other potential mechanisms for higher O incorporation are 
conceivable. One may be related to the surface morphology, which exhibits hillocks 
and steps with more or less inclined facets. Although the m-plane surface already 
exhibits increased O incorporation, even larger affinities for O have been found for 
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some semipolar planes like the (11̄ 01) or (11  2̄ 2) surface [162]. Thus, some tilted 
facets of the m-plane GaN layer may attract considerable amounts of O, which are 
subsequently incorporated into the bulk film. Even if one assumes an unchanged 
affinity for O, the mere increase of the total free surface area caused by roughness 
during epitaxy might already have an significant impact on the impurity incorpora-
tion. However, an experimental confirmation of this theory is not an easy task 
because a complete suppression of the surface features of m-plane GaN films on 
LiAlO2 has not been achieved so far. As a second factor, O out-diffusion from the 
LiAlO2 substrate has to be considered. There are basically two ways for diffusion of 
species into the GaN layer: One is related to solid-state diffusion, which may be 
enhanced by defects [164]. However, the upper limit for the diffusivity of O in GaN 
at a much higher temperature of 1125 °C has been specified to 2.7 · 1013 cm2/s, which 
would not be able to describe the observed tendency [165].  

Another mechanism could involve diffusion of the foreign species into the reactor 
atmosphere and subsequent re-incorporation into the GaN film. Special experiments 
have been carried out to test for potential autodoping via the gas phase [166]. A 
sapphire substrate was put next to a LiAlO2 substrate piece into the MOVPE reactor 
for the deposition of a ~ 1.2 µm thick c-plane GaN film grown on top of a thin GaN 
nucleation layer. The surface temperature during the nucleation step and main layer 
growth was set to ~ 500 °C and 1070 °C, respectively. XRC Omega scans and RT 
Hall measurements have been performed on both this layer and a reference c-plane 
GaN film grown under equal conditions but without the co-loaded LiAlO2 substrate. 
The results are listed in Table 8.1.  

Table 8.1: XRC FWHM and RT Hall results for c-plane GaN films with and without a co-
loaded piece of LiAlO2. 

 XRC FWHM GaN 

(0002)     /     (101̄ 2) 

Electron 
mobility 

Electron  
density 

 GaN/Al2O3 307” 462” 178 cm2/Vs 0.77 · 1017 cm-3 

GaN/Al2O3 : LiAlO2 360” 666” 182 cm2/Vs 2.17 · 1017 cm-3 

 



8 Impurities in m-plane GaN films on LiAlO2 80 

Beside of a slightly degraded sample quality, the LiAlO2 inside the reactor obviously 
increases the background electron concentration of this c-plane GaN film. Yet, the 
doping concentration is still almost two orders of magnitude lower compared to the 
one typically achieved for m-plane GaN films on LiAlO2, which is readily explained 
by the different surface orientation and higher growth temperature. The possible 
impact of impurity incorporation on the optical properties has been studied by 
comparative PL measurements. The LT spectra of both GaN films are depicted in 
Figure 8.2 and show almost equally intense NBE emission peaks. 

 

Figure 8.2: LT PL spectra of c-plane GaN films grown with and without co-loaded 
LiAlO2. The inset shows a magnification of the GaN exciton emission peaks. 

Two main differences are distinct. One is related to the GaN peak at ~ 3.5 eV, which 
is separated into a free exciton (FE) and a bound exciton (BE) peak as highlighted in 
the inset of Figure 8.2. The FE emission is less intense for the film with the co-loaded 
LiAlO2 substrate. As a second effect, a broad band at ~ 2.5 eV emerges in this 
potentially contaminated film, while the reference GaN layer shows a weaker 
emission at ~ 3 eV. The origin of the latter peak is unclear yet, but the broad emission 
at ~ 2.5 eV resembles the YL band of GaN. This band involves a transition from a 
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shallow donor to a deep acceptor [145]. While the acceptor may either involve Ga 
vacancies or C impurities on a N site [126, 147, 167], the shallow donor is most likely 
linked to the presence of O [146]. Thus, these results provide strong evidence for an 
out-diffusion of O-containing species from the LiAlO2 substrate.  

In a second experiment, the substrate backside of a 0.9 µm thick m-plane GaN 
specimen was sealed by evaporation of a 0.8 µm thick Ti coating to prevent any 
direct out-diffusion of impurities from the substrate. After cleaning of this template in 
boiling solvents, 0.45 µm GaN was deposited on top. Since the Ti surface is trans-
formed into titanium nitride, the backside appears golden without any stains or holes. 
The XRC FWHM data of the film is equal to the one of a reference layer. However, 
in contrast to our expectations, the measured electron concentration of the backside-
coated template even slightly increases to 2.8 · 1019 cm-3 compared to 2.3 · 1019 cm-3 
for the reference film. SIMS O and Li depth profiles for this re-grown m-plane GaN 
film are shown in Figure 8.3. The position of the growth interruption is marked by a 
sudden increase of both the O an Li impurity levels. 

 

Figure 8.3: SIMS depth profiles of m-plane GaN film for O measured using Ar sputter 
gas and Li measured using O sputter gas. The position of growth interruption and 

metal deposition on the substrate backside is marked by dashed lines. 
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Since the LiAlO2 surface was not exposed to the reactor ambient in this case, a direct 
out-diffusion from the substrate cannot be blamed as the single origin. Instead, 
residual impurity atoms on the surface of the template may play a more important 
role. Similar to Figure 8.1, an increased concentration of foreign atoms very close to 
the surface can again be observed in both graphs in Figure 8.3. As mentioned before, 
this surface peak is not seen in the Li-implanted sample. Thus, the effect is obviously 
not caused by residual dirt on the sample surface but should rather be related to the 
presence of impurities in the reactor chamber after the deposition process. Residual 
impurities in the gas phase may attach to the GaN surface during cool-down and form 
this thin accumulation layer. Another mechanism likely to be involved is the higher 
incorporation of impurities at the more defective re-growth interface region. Accumu-
lation of impurities near highly dislocated areas has been reported for GaN films 
before [168]. 

To conclude these results, one can state that although out-diffusion of O and Li from 
the substrate into the gas phase is evident, it is not the single effect contributing to the 
autodoping process of the GaN film. Another important factor is the high stability of 
impurity atoms on the rough m-plane GaN surface at low growth temperature. These 
residual foreign atoms are likely to form a thin contamination layer on the surface 
after growth. To avoid high background impurity levels, an optimization of the 
deposition process towards higher growth temperatures and smoother surfaces 
appears to be the most promising way. 
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9 Growth and characterization of m-plane InGaN/GaN 
multiple quantum well heterostructures 

This chapter provides some experimental data on m-plane InGaN/GaN-based MQW 
grown on LiAlO2 regarding structural and optical properties and focussing on basic 
differences to c-plane-oriented heterostructures. The first part is focussed on structur-
al and morphological layer properties. Optical characterization is described in the 
second section, followed by the demonstration of m-plane InGaN-based LED 
characteristics. 

9.1 Morphological and structural properties of m-plane 
InGaN/GaN quantum well structures 

Epitaxial growth of the InGaN/GaN multiple quantum wells was performed on top of 
~ 1 µm thick m-plane GaN buffer layers on LiAlO2, which were fabricated under 
optimized conditions (employing an 8 min nitridation step) as described in section 
7.1. However, due to substrate reproducibility issues, which manifest in larger 
roughness and increased XRC FWHM values, a slightly degraded crystalline quality 
of the GaN buffer was found for the MQW samples. This is reflected by a broadened 
XRC FWHM value for GaN of ~ 420” for the (11̄ 00) reflection taken along [0001] 
beam direction (compared to 305” for GaN films on high-quality LiAlO2 substrates). 
Following the GaN deposition, the temperature Tg was ramped down to the surface 
temperature for well and barrier growth. Tg was varied between 690 °C and 780 °C to 
adjust the In content in the different samples [166]. Carrier gas was switched to N2, 
and a V/III ratio of 270 was chosen. Five QW structures were deposited with well and 
barrier thicknesses being set to 4 and 16 nm, respectively. As a reference, the same 
MQW growth conditions have been applied to deposit a c-plane InGaN/GaN MQW 
on a GaN/AlN/sapphire buffer layer at a temperature of 750 °C. Since the growth 
rates for m-plane and c-plane MQW deposition were found to be slightly different, 
the growth times have been slightly adjusted resulting in a well and barrier thickness 
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of 5 and 16 nm, respectively. Figure 9.1 shows the symmetric HRXRD 
2Theta/Omega scans for the c-plane (a) and m-plane (b) InGaN MQW structures at 
750 °C deposition temperature. Both scans show the GaN main peak and distinct 
superlattice (SL) oscillations up to the 4th order. This indicates high interface quality 
and allows for a simulation to determine both the composition and the exact 
well/barrier thicknesses. 

 

Figure 9.1: Measured and simulated HRXRD symmetrical 2Theta/Omega scans for 
a) c-plane and b) m-plane InGaN/GaN MQW grown at equal conditions. The inset of 
b) shows the dependency of In content on the surface temperature for m-plane MQW. 

In case of the c-plane MQW in Figure 9.1 a), an excellent fit can be achieved yielding 
an In fraction of 14%. Since the SL oscillations of the m-plane MQW structure in 
Figure 9.1 b) are slightly less pronounced, the assumption of some diffuse scattering 
was necessary to attain a good simulation fit. An In content of only 10% is extracted, 
which is in agreement to literature reports about lower In incorporation efficiency on 
m-plane surfaces [19, 32, 169]. The inset of Figure 9.1 b) also displays the dependen-
cy of In concentration on surface temperature during MQW deposition. In spite of the 
lower incorporation efficiency, In fractions between 5% and 30% could be achieved. 
The virtually linear decrease with temperature is a typical behaviour for MOVPE 
deposition of InGaN alloys [170].  

All compositional data extracted by simulation fits of symmetrical 2Theta/Omega 
scans are based on the assumption of pseudomorphic QW growth. This is confirmed 
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by HRXRD reciprocal space maps (RSM) of the m-plane MQW structure, which 
were taken for two asymmetric reflections as shown in Figure 9.2. RSM are plotted 
for the (22̄ 03) and (3  2̄ 1̄ 0) reflections, which refer to planes tilted in the c- and a-
axis direction, respectively. In both cases, the GaN peak and SL oscillations caused 
by the InGaN MQW are visible. The (3  2̄ 1̄ 0) map exhibits stronger broadening along 
QX with only one visible SL peak representing a higher structural disorder. This 
phenomenon is obviously a reproduction of the anisotropic crystal coherence of the 
underlying GaN buffer. Although the QX positions for GaN and the SL fringes are 
difficult to determine from this plot, no clear indication for relaxation can be detected. 
A more informative scan could be achieved for the (2  2̄ 03) reflection, which corre-
sponds to a tilt of the plane along the GaN c-axis. The distinct SL oscillations are 
found at the same horizontal position as the GaN main peak and are thus clear 
evidence for the pseudomorphic growth mode of the InGaN QW. The same situation 
was also found for other InGaN compositions with exception of the sample with 30% 
In fraction, which shows too weak SL oscillation intensity to rule out partial relaxa-
tion.  

 

Figure 9.2: HRXRD RSM of a) (32̄  1̄ 0) and b) (22̄ 03) reflection of an m-plane 
In0.1Ga0.9N/GaN MQW. The arrows indicate the peak position of GaN and the MQW 

SL oscillations. 

The surface morphology of the m-plane InGaN/GaN MQW was probed by AFM. 
Figure 9.3 exemplarily displays two surface scan images for MQW structures grown 
with a) 5% and b) 30% In fraction. In addition to the stripes extended towards the 
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[0001] direction, which stem from the m-plane GaN buffer layer, a corrugated pattern 
with elongated features in the perpendicular [112̄ 0] direction is visible on the MQW 
surface. These grooves increase in density for larger In contents. The origin of the 
undulations can only be speculated on at this time. Both the higher strain as well as 
the lower growth temperature for the high-In-fraction MQW deposition may affect 
the diffusion length of species and cause an altered surface morphology. Also, a 
generation of BSF within the MQW structure is possible, which would likely have an 
impact since BSF have been reported to cause similar striped surface features in m-
plane GaN [35, 92].  

To determine whether the MQW deposition step has such detrimental influence on 
the structural sample quality, ECCI was performed on the m-plane InGaN MQW with 
5% In fraction (not shown here). The extracted average TD and BSF density values 
are as low as 3.6 · 109 cm-2 and 0.9 · 104 cm-1, respectively. Moreover, all BSF 
revealed by ECCI are located in between the stripe-like features. This indicates that 
BSF formation is not an origin for this pattern and that the good crystal quality is 
maintained also during the MQW deposition.  

 

Figure 9.3: AFM images of m-plane InGaN/GaN MQW on LiAlO2 with In fractions of 
a) 5% and b) 30%. The crystal directions are schematically visualized.  

The RMS roughness in a 2 · 2 µm2 scan area is found to increase from 2 nm to 4 nm 
when the In content is enhanced from 5 % to 30%. The roughness is obviously 
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dominated by some small particles and pits with the latter being more distinct for 
high In fractions as visible in Figure 9.3 b). A more detailed investigation of these 
features has been carried out using SEM and cross-section TEM. Figure 9.4 a) 
exemplarily shows an SEM image for an InGaN/GaN MQW sample with 20% In 
fraction. Again, stripes along [112̄ 0] direction and some surface pits are observed. 
No particles can be found in SEM for all MQW samples proving that their presence 
in the AFM scans of Figure 9.3 is likely related to accumulated dust on the surface 
only.  

 

Figure 9.4: Pits on the m-plane InGaN/GaN MQW surface visualized by a) plan-view 
SEM and cross-section TEM for b) 10% and c) 20 % In content. The MQW region 

and crystal directions with respect to the surface are also indicated. 

The relatively large size of the pits raises the question on their origin and time of 
generation during the deposition process. As demonstrated earlier (compare Figure 
7.3 and Figure 7.4), pit generation was very rarely observed in our optimized GaN 
deposition process. However, due to substrate reproducibility issues, stronger pit 
formation in the GaN buffer of the MQW samples cannot be ruled out. The TEM 
cross-section images in Figure 9.4 b) and c), which were taken along the [112̄ 0] 
zone, clearly indicate a connection of these surface pits to a defect or a bundle of 
defects within the GaN buffer layer. The depth of the pit in Figure 9.4 c) reaches 
below the level of the first QW indicating that the pit was already present on the GaN 
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surface before the MQW growth was initiated. A triangular pit shape is found for 
both 10% and 20% In content. The MQW growth step obviously leads to an enlarge-
ment of the pit size, which is likely because of lowered growth temperature and thus 
altered diffusion length in the vicinity of a pit. While the pits increase in size, the 
MQW structure is also deposited on the tilted facets of the pit. Due to the lower facet 
growth rate, the period length and total thickness of the MQW becomes smaller on 
the tilted planes, which may affect the emission wavelength. Furthermore, the 
incorporation of In can be expected to be different on the surface of such semipolar 
facet planes compared to the m-plane surface [171]. 

More detailed cross-section TEM images of the InGaN/GaN MQW with 20% In 
content are supplied in Figure 9.5. The overview viewgraph in a) indicates sharp 
interfaces and allows for an extraction of the exact well/barrier thicknesses, which are 
found in good agreement to the HRXRD data.  

 

Figure 9.5: Cross-section TEM images of an m-plane In0.2Ga0.8N/GaN MQW on 
LiAlO2 taken along the [0001] zone in an a) overview and b) close-up view showing 

local QW fluctuations as marked by red circles. 

Some line dislocations arising in the GaN buffer layer seem to penetrate the MQW 
stack without any generation or annihilation process occurring. This is highlighted in 
Figure 9.5 b) showing a close-up view of some TD within the MQW region running 
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at a 60° angle with respect to the surface. The QW appears darker at the point of 
intersection with a TD. This may be either explained by compositional or thickness 
fluctuations of the InGaN well. Local changes of the QW width and composition are, 
unlike to polar heterostructures, not expected to cause any changes in the out-of-plane 
electric field applied on the m-plane QW. However, segregation of In can still have an 
impact on the local band structure and thus affect optical properties as it is described 
in section 9.2.  

A detailed structural investigation of the MQW region was also performed for the 
[112̄ 0] cross-section using HRTEM. It was possible to observe BSF penetrating the 
MQW stack as displayed in Figure 9.6 a). The HRTEM image was taken from a 
MQW sample with 10% In content. Note that in this imaging mode, QW and barrier 
layer show weak contrast and are thus not well resolved.  

 

Figure 9.6: HRTEM images taken along the [112̄ 0] cross-section of an m-plane 
In0.1Ga0.9N/GaN MQW on LiAlO2. BSF visible in the overview in a) can be identified 
using an magnified and Fourier-filtered image shown in b).The solid white line in the 

upper part of b) is a guide to the eye to recognize the stacking sequence. 

The BSF appear to be passing through the QW without any interaction. For an 
ambiguous determination of the defect type, a higher magnification is selected in 
Figure 9.6 b). The upper part of this figure indicates the detailed lattice structure in 
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the vicinity of the BSF at a QW-barrier interface. The distinctly changed stacking 
sequence is a direct evidence that these BSF are of I1-type. The identification of BSF 
in nonpolar InGaN-based MQW structures was only recently reported for the first 
time [172]. This paper describes the investigation of MQW grown on free-standing 
m-plane GaN substrates and points out that I1-type BSF may be generated in the 
MQW region if a high In content (26%) is chosen. The larger BSF density combined 
with an increased number of partial TD was also blamed responsible for reduced LED 
output power. The driving force for the generation of I1-type BSF in the MQW is 
most probably strain release. Another origin may be growth instabilities due to the 
reduced temperature, which is needed to achieve large In fractions. Our results are in 
this respect consistent to the literature report since no BSF generation within the 
MQW stack was observed for this sample having 10% In fraction.  

Recapitulating the structural data, it was found that the growth of m-plane 
InGaN/GaN MQW on LiAlO2 suffers from lower In incorporation efficiency 
compared to c-plane heterostructures. In spite of that, InGaN/GaN MQW with In 
fraction up to 30% could be realized, which exhibit reasonable structural and 
interface quality. Surface pits on the underlying GaN buffer, which are probably 
related to substrate imperfections, are enlarged during MQW deposition. This leads to 
the growth of InGaN wells on the tilted pit facets resulting in altered well/barrier 
thicknesses and probably also changed well composition. TD running at a 60° angle 
are penetrating the InGaN wells without bending of forming dislocation loops. 
However, they seem to increase either the In fraction or the well thickness. I1-type 
BSF intersect the MQW also without apparent annihilation or generation taking place 
for samples with In fractions up to 10%. 

9.2 Optical characterization of InGaN/GaN MQW on LiAlO2 

9.2.1 RT photoluminescence characteristics 

RT PL spectra have been taken from m-plane InGaN/GaN MQW samples with 
different In fractions. The results are displayed in Figure 9.7 a). Only the PL signal 
with polarization of E || [112̄ 0] is given here. Strong and sharp peaks with FWHM 
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values down to 120 meV are detected for In fractions of up to 10%, while for higher 
In concentration, the peaks are becoming much broader and reach FWHM of up to 
252 meV for the sample with 30% In content. This sudden broadening of the 
emission may stem from a segregation of In-rich InGaN clusters at lower growth 
temperatures, which has also been reported to occur in c-plane quantum wells [173-
175]. It should be mentioned that phase separation of InGaN is seen as a prerequisite 
for high recombination efficiency in InGaN-based LED because such clusters allow 
for the recombination of localized carriers without the detrimental influence of line 
defects in the material [176]. However, In-rich material may also very well be 
deposited on the tilted facets of the surface pits, which were observed in Figure 9.4. 
Enhanced In incorporation near surface defects has also been reported for a-plane 
InGaN-based MQW [177].  

 

Figure 9.7: a) RT PL spectra for an m-plane InGaN/GaN MQW. b) Peak energy shift 
for selected In fractions in comparison to a c-plane InGaN/GaN MQW reference. 

It is also well known that BSF induce a QW-like potential energy confinement in 
GaN films and thus lead to additional localization in AlGaN/GaN MQW structures 
[178]. However, studies of this mechanism in the InGaN/GaN system and its effect 
on the radiative and non-radiative recombination mechanisms are yet lacking. Note 
that the expected potential difference of a BSF-induced QW state within the InGaN 
well can be assumed to be close to the one for GaN (~ 100 meV [44]) and should be 
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roughly constant for different In fractions. The emission peak for the lowest In 
fraction in Figure 9.7 a) exhibits a shoulder on the low-energy side, which according 
to its energetic distance to the main InGaN peak may be related to such a lumines-
cence caused by BSF penetrating the QW. For MQW samples with In fraction above 
10%, this BSF emission may gain one order of magnitude in intensity and substantial-
ly contribute to the emission broadening. This would require a sudden increase of the 
BSF density during the deposition of MQW structures with In fractions larger than 
10%, which could not be verified in this study. Another possibility would be that the 
weak BSF emission from additional confinement in the MQW is superimposed by the 
peak broadening, which stems from In segregation in samples with high In content. 

Intensity-dependent PL gives further evidence for a segregation process. Figure 9.7 b) 
exemplarily summarizes the resulting energy shifts for three m-plane InGaN/GaN 
MQW with different In contents and one c-plane reference MQW with similar 
stacking sequence and 14% In content grown on Al2O3. The excitation intensity was 
varied by two orders of magnitude and only the emission with E || [112̄ 0] was taken 
into account for the nonpolar MQW samples. One can easily recognize that for low 
amounts of incorporated In (10%), the peak shift is totally negligible. This proves the 
absence of the QCSE and is consistent with earlier reports on m-plane InGaN/GaN 
MQW [179, 180]. However, a small but distinct peak shift towards higher energy is 
present for the m-plane MQW with 20% and 30% In and appears to be larger for 
samples with higher In fraction. As expected, this shift is much lower compared to the 
one found for a comparable c-plane MQW structure, which is displayed for reference 
in Figure 9.7 b). The origin of the PL band shift for the high-In-fraction m-plane 
MQW is obviously related to the filling of deep energy states (band tails) due to 
potential fluctuations. This explanation was also given for the even higher wavelength 
shifts, which were reported for semipolar InGaN-based yellow-emitting LED [181]. 
Even for high-quality blue m-plane InGaN-based LED, peak shifts in the range of 
10 - 40 meV are a common observation [182]. If one assumes clustering of In within 
the QW plane, the QCSE might of course be present along the c-axis direction. It is 
very difficult to quantify the impact of this effect on optical properties since graded 
compositions have to be considered. Anyway, the concentration gradient of stacked 
well/barrier pairs can be expected to be much higher compared to the one caused by 
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segregation of In. The polarization differences are therefore probably very low and 
can be neglected. 

A very important question arises regarding to the position of In-rich regions within 
the QW. The segregation of In may preferentially take place near line defects since 
some evidence for such a mechanism was already provided in Figure 9.5 b). Assum-
ing that these line defects trigger nonradiative recombination processes, a clustering 
of In at defects would of course be highly disadvantageous for the efficiency of an 
LED. The reduced RT PL intensity for MQW with In fractions above 10% observed 
in Figure 9.7 a) may be taken as a first indication for reduced recombination efficien-
cy due to clustering or defect generation. Further studies are required to clarify this 
issue. 

9.2.2 Temperature-resolved photoluminescence 

The clustering mechanism is also reflected in temperature-dependent PL data. Figure 
9.8 a) displays the relative temperature-induced shift of the emission energies (with 
E || [112̄ 0]) for the m-plane InGaN/GaN MQW samples. The peak emission energy at 
10 K was taken as a reference. The theoretical Varshni bandgap energy shift for an 
In0.15Ga0.85N layer derived by a linear interpolation between the data for GaN and InN 
is also displayed for comparison [183]. With the exception of the MQW structure 
grown with 30% In fraction, all samples feature a stronger emission energy red-shift 
below T = 110 K compared to the interpolated Varshni behaviour. This energetic 
difference is reduced at higher temperatures leading to an S-shaped trend. The 
temperatures at which the energy shift becomes weaker seem to increase with In 
fraction of the QW and are denominated as Tescape. The phenomenon hints on a charge 
carrier localization effect as it is known for c-plane MQW [184, 185]. While carriers 
are confined at local potential minima sites within the QW for T < Tescape , an increase 
of temperature allows them to escape the minima and occupy higher-energy levels. 

Usually, the characteristic localization escape temperatures in c-plane MQW are well 
below 150 K [184, 185]. The higher values for m-plane InGaN MQW may be 
explained by stronger localization. However, short radiative recombination times due 
to the absence of the out-of-plane QCSE or due to defects can also reduce the thermal 
redistribution of carriers, which leads to higher measured values for Tescape. 
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Figure 9.8: Temperature dependence of PL InGaN a) peak shift and b) FWHM. The 
Varshni temperature dependence of the bandgap energy for In0.15Ga0.85N and the 

theoretical broadening by phonon interaction for GaN are also included. 

Note that the S-shape of the peak energy temperature dependence is completely 
suppressed for very high excitation intensity (Iexc = 300 kW/cm2). This is easily 
understood by the saturation of localization centres and a dominating contribution 
from the non-localized InGaN QW emission. For the samples with 20% and 30% In 
content, the respective temperatures are impossible to define exactly because of data 
scattering and the lack of data points above 300 K. It cannot be excluded that the PL 
signal of these MQW originates only from strongly localized sites and all redistribu-
tion processes are effectively suppressed up to 300 K for this sample. 

Figure 9.8 b) shows the development of the PL peak width against temperature for the 
m-plane MQW samples. For comparison, the line width broadening based on 
acoustical and optical phonon interaction of a GaN peak is also included [186]. 
Similar to the RT PL data, a sudden enlargement of the 10 K peak width from 
~ 90 meV to ~ 150 meV can be found when the In fraction is increased above 10%. 
The temperature dependence of the measured FWHM values strongly differs to the 
phonon interaction broadening of GaN regarding its absolute magnitude and trend. 
When the temperature of the PL measurement approaches the characteristic tempera-
ture Tescape, charge carriers redistribute between localization sites. As a consequence, 
recombination with different energies occurs, thus enlarging the FWHM of the 
emission peak [187]. For the MQW with In fraction of 20% and 30%, the respective 
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maximum would probably appear at T > 300 K and is therefore not observable in 
Figure 9.8 b). It is quite astonishing that hints to carrier localization appear already at 
a very low In fraction of only 5%. One has to note that the intensity-dependent PL 
data in Figure 9.7 b) do not supply evidence for strong In segregation in this sample. 
Yet, slight potential fluctuations due to local distortions in the InGaN well cannot be 
ruled out. Spatial strain inhomogeneities or defects in the GaN buffer layer may be an 
origin for such localization sites.  

9.2.3 Determination of polarized emission and absorption behaviour 

The possibility to achieve highly polarized emission is one of the key benefits for the 
deposition of nonpolar GaN-based heterostructures. Although several groups were 
able to demonstrate nonpolar or semipolar MQW and LED with high DoP values, 
little is known about the limiting factors for the achievement of high DoP ratios in 
InGaN-based MQW [188-191]. Beside of the general recommendation to minimize 
light scattering on the side facets of packaged LED [192], only a general trend of 
higher DoP with larger In content has been identified by several groups [191, 193, 
194]. Similar to the polarized emission properties of m-plane GaN films, in-plane 
compressive strain induced by higher In fractions is known to enhance the DoP in m-
plane InGaN/GaN MQW because of the increased energy separation of the valence 
subbands [195].  

The confirmation of this theory is visible in Figure 9.9 a), which shows the measured 
DoP of the RT PL emission of the m-plane InGaN MQW on LiAlO2. The PL signal 
was collected with an excitation wavelength of 337.1 nm at an intensity of 
300 kW/cm2. For comparison, reported DoP values of m-plane InGaN/GaN LED 
grown on free-standing GaN substrates are shown as well [193]. One can recognize a 
similar trend but significantly lower ratios in the given study. Polarization-resolved 
photocurrent (PC) absorption spectra have been taken by applying conductive silver 
contacts. This enables a reliable determination of the absolute energy difference of 
the T1 and T2 transition energies, which are displayed in Figure 9.9 a) as well [196]. 
Again, literature values are given as a reference [193]. The direct comparison reveals 
a large deviation of the energy separation, which is impossible to explain by composi-
tional uncertainties or errors within the determination of the values for (T2 - T1). 
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Figure 9.9: a) PL DoP and PC absorption spectra transition energy difference of 
valence subbands (T2 - T1) for different In fractions in the MQW. b) PL DoP and PL 

(T2 - T1) for different temperatures. The literature data in a) is taken from [193]. 

It is interesting to note that literature reports on m-plane InGaN/GaN LED on LiAlO2 
with an In fraction of 30% also specify an energy splitting of only 37 meV [197]. In 
this report, the discrepancy to the calculated value was ascribed to errors in the 
material parameters, which does not appear credible in view of the results achieved 
on free-standing m-plane GaN.   

For a better understanding of the situation, the DoP and energy difference of the PL 
emission were also measured at various temperatures. The values are plotted in 
Figure 9.9 b) for samples with In fractions of 5%, 20%, and 30%. A higher In content 
results in a larger DoP in the whole temperature range. Further, a decline of the DoP 
is observed at elevated temperatures. This drop is weaker when more In is incorpo-
rated, which is again due to larger strain and thus higher energy separation between 
the valence subbands [195]. The valence subband separation was also investigated in 
the whole temperature range. Since PC absorption measurements at LT were impos-
sible to carry out, the temperature-dependent energy separation was approximated by 
the energetic difference of the PL emission peaks with different polarization state. 
Although the energy differences determined from the PL data do not directly 
correspond to the exact values for (T2 - T1), a general trend for the temperature 
dependency can be found. The results for 5%, 20%, and 30% In are displayed in 
Figure 9.9 b) as well. 
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Similar to literature reports, an enlargement of the energetic difference with tempera-
ture increase is observed [190, 193]. However, the lowest In content exhibits the 
highest energetic difference of the PL peaks for all temperatures, which is in stark 
contrast to the PC absorption data. Moreover, the energy separation takes negative 
values at LT for all MQW, being more negative for larger In fractions. In other 
words, the PL component with E || [0001], which is denoted as T2 transition, has a 
lower weighted mean photon energy while still being lower in intensity compared to 
the T1 transition with E || [112̄ 0]. 

A possible explanation for the negative energy difference observed in PL measure-
ments is related to the above described presence of band tails due to clustering of In. 
The effect can most easily be understood if one assumes the band structure at LT for 
which no thermal emission of holes takes place and thus only the HH valence 
subband is usually populated by holes. A schematic illustration of the spatial band 
diagram is given in Figure 9.10.  

 

Figure 9.10: Schematic diagram of potential distribution of inhomogeneously 
composed InGaN. Accumulated carriers are visualized by grey areas. 

Localization of carriers in In-rich regions may lead to a situation, in which also a 
band tail of the CH subband becomes occupied at LT. In this case, T2 transitions 
would have in average lower photon energy compared to T1 because the latter 
transition occurs predominantly from non-segregated InGaN regions or shallower 
clusters, both of which exhibiting unoccupied CH subband states. The PL component 
with E || [0001] is mainly formed by T2 transitions, since the polarization selection 
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rules for this crystal orientation and compressive strain state prevent a strong 
contribution of T1 [59]. Since this PL component with mostly T2 transitions arises 
from deep localized states only, a red shift and eventually negative energy separation 
of the two polarization directions occur. For InGaN wells with more homogeneous 
composition, the CH valence subband would not be occupied at low temperatures. T2 
transitions are thus absent in this case and the emission with E || [0001] consists of the 
weak contribution of T1 transitions only, which results in zero energy separation at LT 
as confirmed by the experiments of Kubota et al. [193].  

Since band tails play a huge role for this special phenomenon, the effect is stronger if 
recombination processes are involved. The energetic differences extracted from PC 
absorption spectra are not affected to this large extent and therefore yield a different 
energy separation at RT. Lower values for the DoP compared to literature data are 
also explained by this mechanism because of a larger T2 emission component from 
localized states. Stronger clustering at higher In fraction will enhance this effect and 
countervail the enhancement of the DoP caused by larger in-plane compressive strain.  

In summary, the optical characterization shows strong and sharp RT PL peaks related 
to the MQW emission for samples containing low In fractions up to 10%. A sudden 
peak broadening takes place when more In was incorporated. This effect is most 
likely connected to an In segregation process, evidence for which is also found in 
intensity- and temperature-resolved PL data. The degree of polarization and subband 
energy separation follow the expected trend but the absolute values are lower 
compared to literature reports of m-plane InGaN/GaN MQW deposited on bulk GaN 
substrates. A theory was conceived, which again ascribes this effect to the In 
segregation mechanism. 

9.3 Demonstration of m-plane InGaN/GaN-based LED 

Since the QCSE is absent in m-plane InGaN/GaN MQW, higher recombination 
efficiency and improved performance of MQW-based LED can be expected. Howev-
er, several peculiarities of m-plane GaN layers and m-plane InGaN MQW deposited 
on LiAlO2 substrates have already been revealed. This section will show how these 
effects impact the electroluminescence (EL) characteristics of m-plane LED devices. 
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A schematic cross-section of the layer stack is given in Figure 9.11 a). The studied m-
plane LED were grown on a ~ 1.3 µm thick, unintentionally n-type doped m-plane 
GaN buffer layer. Similar to the m-plane InGaN MQW sample series described 
above, a 5-fold MQW was deposited with well and barrier thicknesses of 2.5 and 
19.5 nm, respectively. The MQW surface temperature was set to 730 °C resulting in 
an In fraction of 16%, which is consistent to the data in the inset of Figure 9.1 b). A 
90 nm thick Mg-doped GaN layer with a Mg/Ga ratio of 2.6% was grown on top at 
900 °C, details on the Mg doping were given in section 7.5. LED devices have been 
processed from this wafer after thermal activation of the p-doped GaN layer for 
15 min at 700 °C. The processing included a partial dry etching of the layer stack 
down to the n-type conductive GaN layer using an ICP-RIE tool. The parameters of 
this 12 min step are specified in section 5 and resulted in an etching depth of 640 nm.  

 

Figure 9.11: Layer stack (a) and different device layouts (b) of fabricated m-plane 
InGaN/GaN LED on LiAlO2. Metal p- and n-type contacts are labelled. 

Three different layouts have been used resulting in mesa structures with lateral 
extensions of 350 · 350 µm2 (“small”), 470 · 470 µm2 (“medium”), and 
1000 · 1000 µm2 (“large”). A semi-transparent top p-type contact consisting of a 
Ni/Au stack with 5 and 20 nm thickness, respectively, was applied on top of the mesa 
surface. A Ti/Al/Ti/Au stack was used for local fortification of the p-type contact as 
well as for the lower n-type contact with respective metal thicknesses of 
10/40/150/100 nm. Annealing of the p-type metal contact was performed for 10 min 
at 495 °C in an open tube furnace under flowing N2. No n-type metal contact 
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annealing was done. A top view of the three different fabricated LED variants is 
displayed in Figure 9.11 b).  

The quality of both contacts was characterized by circular transmission line method 
measurements. The specific resistivitiy of the n-type contact is ~ 3.8 · 10-7 Ωcm2, 
which is comparable to values given in literature [198] and in good agreement to data 
extracted from typical c-plane GaN-based LED on sapphire and Si, which were 
grown and processed in the same lab. However, no contact resistivity for the p-type 
contact could be extracted because the I-V curves are only perfectly linear for 
absolute voltages below 1.3 V. Above this value, an exponential behaviour is 
observed indicating that the p-type contact area exhibits small regions with Schottky 
diode characteristics. One can ascribe this to the non-optimized Mg-doping and 
annealing procedure. The processed LED was probed on-wafer with an optical fiber 
connected to a spectrometer being placed a few mm above the device. Figure 9.12 a) 
shows the resulting electroluminescence spectrum for the smallest active area layout 
at a current of 70 mA corresponding to a current density of 829 mA/mm2.  

 

Figure 9.12: a) EL spectrum and photograph of EL operation of “small” m-plane 
GaN-based LED. b) Optical microscope images of all three LED types under EL 

operation. 

The inset shows a photograph image of the operating LED. The EL spectrum shows a 
relatively broad emission in the blue-green spectral region. The peak can be separated 
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into at least two contributions, a sharper peak at 2.79 eV and a broader one at 
2.63 eV. On the low-energy side of these peaks, the emission declines very gently. 
The peak positions deviate to the PL result of samples with equal MQW stack and In 
content, which exhibit a main peak at 2.95 eV. The high injected current density in 
the case of the EL experiment may cause a saturation of emission from band tails and 
would justify a peak shift towards higher energy, which is the opposite to what is 
observed here. Two effects can be blamed responsible for the difference between the 
EL and PL spectra: As for one, the PL experiment excites the barriers of the MQW as 
well. Since the diffusion length of carriers is very low in m-plane GaN, recombination 
may occur within GaN and contribute to a higher-energy emission wing of the PL 
peak. The second process is related to the surface pits on the GaN buffer, which the 
MQW structure was also deposited on. The triangular shape of the pits and the lower 
total MQW thickness cause locally higher electric fields and hence induce a higher 
current density. Since the incorporation of In on the facets is likely to be larger 
compared to planar growth, the emission energy from these pits will be reduced. 
Unlike to In clustering effects, the volume of the emitting material is in the order of 
100 nm, so a saturation of emission with higher current will not readily occur. Optical 
microscope images of the differently sized devices under operation are depicted in 
Figure 9.12 b). One finds that the blue electroluminescence is modulated by the 
anisotropic features of the surface morphology. The “large” device could only be 
tested in a two-point contact scheme and is therefore hampered by insufficient current 
spreading. Especially in this large device with lower current density, some regions 
appear to show an intense green or orange emission. This may again be explained by 
very small domains with locally decreased MQW thicknesses and higher In content. 
The higher current density passing through these spots induces a punctually brighter 
emission. Furthermore, an altered light extraction from the tilted facets leads to an 
apparently larger luminescent spot size.  

Unfortunately, neither intensity-dependent EL spectra nor optical output power Pout 
could be determined in this study. One can however estimate that the optical power at 
50 mA is clearly below 1 mW. Further work is therefore required to improve the light 
output. It should be kept in mind that the efficiency of m-plane InGaN/GaN LED 
heavily relies on the design and optimization of the MQW stack itself. As one 
example, much thicker barrier widths were found beneficial for the optical output 
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power in m-plane InGaN/GaN LED, which is in stark contrast to standard c-plane 
InGaN LED [169, 182].  

There are only two literature reports on m-plane InGaN/GaN LED on LiAlO2. Dikme 
et al. demonstrated blue LED with Pout = 45 µW at I = 20 mA and V = 12 V [199], 
while Liu et al. report on blue-green devices with Pout = 80 µW at I = 20 mA and V = 
1.6 V [200]. The extremely low forward voltage in the latter study raises doubts about 
their optical measurements since blue-green emission from InGaN cannot be expected 
for such a low bias. However, the shape of the I-V curve shown in this paper hints on 
parallel conduction paths in these devices. In contrast, the relatively large forward 
voltage of 12 V in the report of Dikme et al. can be explained by a large contact or 
series resistance [199].  

The I-V characteristics of the m-plane LED fabricated in the given study are depicted 
in Figure 9.13 a) showing clearly diode-like behaviour for all active area layouts. This 
graph also includes the calculated current densities.  

 

Figure 9.13: a) Current and current density versus voltage for m-plane GaN-based 
LED for all three active area sizes. b) I-V curve in logarithmic scale for the smallest 

active area. The trends for some conduction mechanisms are schematically indicated. 

They show a virtually equal development for all sizes, which indicates that the current 
is flowing through the bulk material and not via the edges of the etched structure. The 
current limit of the measurement tool is at 100 mA, which is the reason for the 
different voltage ranges of the curves. The LED forward voltage is typically defined 
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at a current of 20 mA for a device size of 350 · 350 µm2 (corresponding to a current 
density of 237 mA/mm2). A reasonable value of 4.1 V can be determined in our case, 
which is only slightly larger than commercially available blue-green LED on 
sapphire. However, similar to the reports of Liu et al, the turn-on behaviour is not 
very abrupt [200]. A strong contribution of parallel leakage current in the devices is 
hence expected. Several physical effects can contribute to current leakage in 
InGaN/GaN LED. A logarithmic plot of the I-V curve of the smallest LED device is 
given in Figure 9.13 b) to get an idea about the conduction mechanisms. Beside of the 
measured data, the I-V tendencies for current passing through a parallel (Ishunt) and 
series resistance (Iseries) as well as for diode current (Idiode) are indicated. The meas-
ured I-V behaviour for positive bias can now be separated into three domains labelled 
as “I”, “II”, and “III”:  

At low voltages up to 1 V (“I”), the current is identical to the one in reverse direction 
and therefore only caused by leakage, which mostly stems from Ishunt. The expected 
simple proportionality to V is not exactly fulfilled, so other leakage mechanisms like 
barrier tunnelling are obviously also present. Although the leakage current in reverse 
direction is roughly six times lower compared to the data of m-plane LED on LiAlO2 
presented by Liu et al., its absolute value is still very high [200]. The presence of 
parallel conduction paths is also a well-known phenomenon in c-plane InGaN-based 
LED structures, for which it has been found that pure screw-type dislocations can 
contribute to vertical current leakage in GaN films [201]. This result was verified by 
Cao et al., who correlated the presence of V-shaped pits, which are induced by screw 
dislocations, in LED structures to a lower surface potential and higher leakage current 
[202]. As discussed in chapter 7.3, the total threading dislocation density in the m-
plane GaN layers on LiAlO2 is not much larger compared to standard c-plane GaN 
films. However, a considerable number of larger surface pits, which has been found 
on the m-plane InGaN/GaN MQW samples (compare Figure 9.4), may substantially 
contribute to parallel conduction paths. As mentioned above, these pits seem to be 
originated from defects in the GaN buffer layer. A reduction of defect density in the 
m-plane GaN films can therefore assumed to be helpful to minimize vertical current 
leakage in the LED. An alternative route would be to alter the growth conditions for 
the MQW deposition to prevent the enlargement of surface pits.  
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In the interval of 1 - 2 V (“II”), the logarithmic curve becomes a straight line, which 
is not visible in reverse bias direction. This exponential dependency with V can be 
explained by a dominating contribution of Idiode. However, the built-in voltage of a 
blue LED is expected to be at ~ 3 V. It has already been mentioned that the p-type 
contact showed partly Schottky-like behaviour for voltages above 1.3 V. This 
exponential behaviour can thus be ascribed to the limitations of the non-optimized p-
type doped material deposition and contact annealing. Although current flowing 
through the perimeter of the LED can behave like a parasitic diode as well, this 
possibility is ruled out here because of the identical I-V curves for all LED sizes 
(compare Figure 9.13 a)).  

When increasing the voltage above 2 V (“III”), the curve already starts to saturate. 
This is easily explained by the limitations imposed by the series resistance of the 
device. The onset of this restriction starts at a rather low voltage and the curve shape 
does not exactly follow the tendency expected by a series resistor. Current crowding 
is known to affect the I-V characteristics in laterally driven LED near the turn-on 
voltage and is probably the reason for the early saturation and nonlinear dependency 
[203]. The effects of the series resistance and current crowding in domain III may be 
a consequence of the limited mobility and carrier concentration in the p-type GaN 
layer. Improving the electrical properties of this top contact layer can therefore be 
expected to further enhance the performance of the m-plane InGaN/GaN LED. 
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10 Summary and conclusion 

The growth of GaN-based quantum wells (QW) with a nonpolar orientation is 
accepted as a highly promising approach to eliminate internal polarization fields and 
thereby improve the wavelength stability and efficiency of future optoelectronic 
devices such as light emitting diodes (LED). In this thesis, a comprehensive study on 
the metal organic vapour phase (MOVPE) deposition of m-plane GaN films and 
InGaN/GaN QW on the cost-effective substrate LiAlO2 is presented for the first time.  

The study led to several breakthroughs in the field of nonpolar GaN epitaxy. As for 
one, the importance of a nitridation step for the growth of high-quality m-plane GaN 
films on LiAlO2 has been demonstrated. This enabled the achievement of much lower 
line and planar defect density values compared to other heteroepitaxially grown 
nonpolar GaN layers. For the first time, basal plane stacking faults (BSF) could be 
visualized and quantified by using electron channelling contrast imaging (ECCI). 
Moreover, important new insights regarding the correlation of structural, morphologi-
cal and optical properties of m-plane InGaN multiple quantum wells have been 
obtained. 

Looking at the results in detail, it could be shown that in spite of the limited stability 
of the LiAlO2 substrate, MOVPE can still be effectively used to deposit phase-pure 
m-plane GaN films on top. One key step is the application of a proper nitridation step 
before growth. It was demonstrated that the exposure to NH3 at elevated temperatures 
leads to the transformation of the top LiAlO2 surface layer into a thin m-plane AlN 
film. This layer acts as protective sealing layer and enhances the stability of the 
substrate surface during nitride deposition, which leads to high-quality, phase-pure, 
and smooth m-plane GaN layers.  

The low lattice mismatch to m-plane GaN is one of the main advantages of the 
LiAlO2 substrate material. It allows for coherent growth of thin GaN layers with the 
mismatch being 1:1 transformed into in-plane compressive strain. This strain is only 
partially relaxed even for layer thicknesses up to 1.7 µm. The lack of a suitable glide 
plane is seen as one origin for this. The low substrate-lattice mismatch is also thought 
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of as the main reason for the relatively low densities of threading dislocations (TD) 
and basal plane stacking faults (BSF), which are in the order of 1 · 109 cm-2 and 
1 · 104 cm-1, respectively, as found in X-ray diffraction (XRD), transmission electron 
microscopy (TEM), and electron channelling contrast imaging (ECCI) studies. The 
high material quality and low BSF density is confirmed by photoluminescence (PL) 
spectra showing a strong GaN donor-bound exciton (D0X) emission and only weak 
defect-related peaks. Time-resolved high-excitation PL and transient carrier grating 
experiments yield bipolar carrier lifetimes of 40 ps for the m-plane GaN films on 
LiAlO2, which is in good agreement to only slightly higher values for free-standing 
m-plane GaN substrates grown on GaN/LiAlO2 templates. 

The surface morphology of the m-plane GaN films is dominated by macroscopic 
hillocks and a striated pattern elongated in the GaN c-axis direction. The former leads 
to an increase of the average root mean square (RMS) surface roughness to values of 
~ 20 nm and is probably caused by spiral growth around threading dislocations with a 
screw component. The latter leads to steps with average height of 2 - 3 nm and most 
likely stems from an anisotropic growth mode with larger in-plane growth rate along 
the c-axis. In contrast, the small-scale RMS roughness of the m-plane GaN films 
between the characteristic steps is ~ 0.2 nm, which allows the visibility of step-flow 
monolayer terraces. As a consequence of the in-plane anisotropy during growth, a 
much stronger broadening in XRD Omega scans can be observed along the a-axis 
direction. The structural anisotropy can also be seen in the electron mobility, which is 
typically above 120 cm2/Vs for ~ 1 µm thick GaN films and exhibits on average by 
13% larger values along the c-axis direction.  

A very challenging issue for m-plane GaN epitaxy on LiAlO2 is impurity incorpora-
tion. O was identified as main impurity with its typical concentration being in the 
order of 1 · 1019 cm-3. In contrast, Li is incorporated at a much lower level of 
1 ·  1016 cm-3. One origin of both impurities was traced back to substrate outgassing. 
However, the strong affinity to O of the m-plane GaN surface at the deposition 
temperature presumably plays a much more important role for the high impurity 
level. The O impurities correspond to a high n-type background doping, which can be 
compensated by relatively large amounts of Mg to achieve p-type conductivity.  

The successful epitaxy of m-plane InGaN/GaN multiple QW (MQW) was demon-
strated with reasonable structural and interfacial quality. Lower incorporation of In 
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for m-plane InGaN films in comparison to equally fabricated c-plane structures was 
observed, which is consistent to literature reports. InGaN MQW with In fractions 
ranging from 5 to 30% could yet be deposited by adjustment of the reactor tempera-
ture. If surface pits are present on the GaN buffer layer, they are enlarged during the 
MQW growth step with the wells and barriers being also deposited on the tilted facets 
of these pits. High resolution TEM studies show both TD and I1-type BSF penetrating 
the MQW structure. Evidence for annihilation or generation these defects within the 
MQW stack could not be observed. However, TD running at a 60° angle appear to 
locally increase either the composition or thickness of the InGaN wells. 

Strong room temperature (RT) PL emission ranging from blue to green is observed 
for the m-plane InGaN/GaN MQW with peak widths of 120 meV and 252 meV for In 
fractions of 10% and 30%, respectively. Clustering of In within the InGaN wells or an 
altered composition of wells deposited on the tilted pit facets are the most likely 
reasons for a strong broadening of the RT PL peak from MQW structures with In 
contents above 16%. Furthermore, while the m-plane MQW structures with In 
fractions below 16% exhibit excellent peak wavelength stability due to the absence of 
the quantum confined Stark effect (QCSE), a slight peak shift is observed for larger 
In content. This also hints on significant In segregation. A detailed optical characteri-
zation shows the presence of InGaN band tails pointing towards partial In clustering 
even for MQW samples with low In content. Defects or strain inhomogeneities within 
the m-plane GaN lattice are assumed responsible for this effect. The presence of band 
tails also strongly affects the polarization of emission by altering recombination 
processes from the two valence subbands. This results in a lower degree of polariza-
tion and a smaller energetic difference between E2 and E1 in comparison to literature 
data.  

The operation of m-plane InGaN/GaN-based LED was successfully demonstrated. 
These blue LED were processed with low contact resistances and exhibit a reasonable 
forward voltage of 4.1 V and a fairly homogeneous light emission from the active 
surface area. Although these devices show less parallel leakage current compared to 
literature reports on m-plane LED grown on LiAlO2, the issue of current flowing 
through parallel resistances and tunnelling through the barriers without recombining 
radiatively is still an important challenge for further device improvement. Both 
effects are obviously related to the presence of V-pits in the MQW region but may 
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also be a result of the non-optimized MQW design and growth process. In addition, 
the non-optimized p-type doping procedure limits the forward current and hence 
reduces the light output. Another issue is surely related to the still large defect 
density, which causes nonradiative recombination thus limiting the overall LED 
efficiency. Further advancements in the deposition process are required to assess the 
full potential of m-plane InGaN/GaN-based LED. 
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