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Since protective transition metal (oxy)nitride coatings are widely used, understanding of the 
mechanisms linking microstructure to their fracture behaviour is required to optimise wear resistance, 
while maintaining fracture toughness. To assess this interconnection, beam bending was performed 
using microcantilevers oriented parallel and at 90° to the growth direction. Furthermore, the tests were 
applied to favour normal bending and shear fracture. Coatings were synthesised by both direct current 
magnetron sputtering (DCMS) as well as high power pulsed magnetron sputtering (HPPMS). Here, 
we show that the fracture toughness depends on the alignment of the grains and loading directions. 
Furthermore, an improved fracture toughness was found in coatings produced by HPPMS, when 
microstructural defects, such as underdense regions in DCMS deposited coatings can be excluded. We 
propose indices based on fracture and mechanical properties to rank those coatings. Here, the HPPMS 
deposited oxynitride showed the best combination of mechanical properties and fracture toughness.

Introduction
Investigations on the applicability of thin protective coatings 
deposited via physical vapour deposition (PVD) for industrial 
applications [1–5], such as cubic transition metal aluminium 
nitrides c-(TM, Al)N (space group Fm 3 m, NaCl prototype 
structure), are of interest due to the coatings’ excellent prop-
erties like high hardness and elasticity [6–8] or good thermal 
stability [9, 10] and electrical conductivity [11–13]. In addition, 
the quaternary compounds of (TM, Al)(O, N) have recently 
drawn attention [14–16]. Incorporation of oxygen resulted in 
the reduction of flank wear of (Ti, Al)N coatings from 0.07 
to 0.04 mm due to improved oxidation resistance of (Ti, Al)
(O, N) [17]. In addition, Holzapfel et al. have recently shown 
that oxygen incorporation in the metastable c-(Ti, Al)N would 
result in thermal stability enhancement of quaternary (Ti, Al)
(O, N) by up to 300 °C. The metastable nature of c-(TM, Al)
N and c-(TM, Al)(O, N) requires non-equilibrium processing 
routes. Two widely applied processes to synthesise these coat-
ings are direct current magnetron sputtering, DCMS [18] and 

high power pulsed magnetron sputtering, HPPMS [19]. While 
in DCMS the plasma is dominated by gas ions [20], in HPPMS 
a significant fraction of metal ions are present [21] and there-
fore a denser coating is achieved, which can result in enhanced 
mechanical properties [22]. Within the non-equilibrium pro-
cessing conditions discussed above, the kinetic limitation of 
low adatom mobilities mostly results in competitive growth of 
V-shaped columnar structures [23]. Under mechanical loading, 
the weak column boundaries have been shown to act as sus-
ceptible spots through which the crack initiation and propaga-
tion takes place. Coatings deposited by DCMS normally show a 
higher deposition rate, but a lower density and rougher surface 
[24]. By using stronger magnetrons [25] and a higher substrate 
bias potential, the density can be increased and surface rough-
ness decreased as shown for the coatings deposited by HPPMS 
process [26]. Nevertheless, the strength of the magnetron and 
the choice between DCMS and HPPMS does not necessarily 
cause changes in grain size as Hajihoseini and Gudmundsson 
[25] revealed. There are several studies on binary TMNs, such 

http://crossmark.crossref.org/dialog/?doi=10.1557/s43578-023-01111-9&domain=pdf
http://orcid.org/0000-0001-9876-6044
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as TiN [27, 28], VN [6], or CrN [29], but the majority of recent 
research has focussed on their ternary systems, where alumin-
ium was added to improve mechanical properties [28, 30, 31] 
and oxidation resistance [32–35].

Used in applications such as cutting tools or in polymer 
forming, (TM, Al)(O, N) coatings are exposed to diverse lat-
eral and axial forces that may deform and damage the coating. 
Thus, studying the mechanical behaviour of these coatings 
becomes essential and various micromechanical test methods 
such as nanoindentation [36–39] and micropillar compression 
[40–42] have been used so far. A commonly used property to 
describe the fracture behaviour is the fracture toughness. It was 
shown that the fracture toughness can be estimated by means 
of nanoindentation [43]. However, as this method is affected by 
residual stresses [44], micro-beam bending is mostly used [45]. 
In numerous studies [46–49] the effects of size and geometry 
of those beams have been highlighted and the relation between 
stiffness and crack length was established [50, 51]. In addition, 
Matoy et al. calculated the critical crack energy for crack initia-
tion in hard coatings [52, 53].

Beam bending tests [32, 54–56] have been carried out for 
transition metal aluminium nitride coatings with different 
chemical compositions. The effect of the chemical composition 
remains unclear and is easily convoluted where the substrate 
is changed concurrently. For example, in a study by Gibson 
et al. (V, Al)N showed a higher fracture toughness than (Ti, Al)
N on a silicon substrate [54], while on a copper substrate the 
trend is reversed [55]. The incorporation of oxygen revealed 
a decrease in elastic stiffness due to the formation of relatively 
weak metal–oxygen bonds and metal vacancies [57] and thus, 
results in a lower fracture toughness [54]. Another strategy to 
improve fracture toughness without changing the chemical com-
position is to tailor the coatings’ microstructure, in particular in 
terms of grain and column size or aspect ratio and by the addi-
tion of further internal interfaces. The latter is realised by the 
deposition of nanolaminates [58–60], which have been found to 
increase fracture toughness by crack deflection [61].

Here, cantilever bending is used to investigate the fracture 
toughness of transition metal aluminium nitrides and their 
oxynitrides in pure bending (mode I) and shear (mode II). Fur-
thermore, we study the effects of microstructure and crack path 
by using samples with columnar and fine-grained structures 
and then tilting the samples, such that the orientation of the 
internal interfaces relative to the loading direction is varied. In 
this way, we aim to reveal how far the fracture toughness can 
also be affected by forcing crack deflection in a single layer due 
to microstructural reasons rather than by employing a multi-
layer. We chose vanadium-based coatings for this investigation 
because in a previous study [54] these exhibited the highest 
Young’s modulus among all tested materials. Moreover, it was 
possible to grow a (V, Al)(O, N) coating with a fine-grained 

structure, whereas most transition metal nitride coatings nor-
mally exhibit a columnar structure. Sets of both coatings, (V, 
Al)N and (V, Al)(O, N), were deposited by HPPMS and DCMS 
with comparable chemical composition. As coatings from the 
HPPMS processing route showed normally a higher density 
[24], we use these two processing routes to study the effect of 
the density and strength of the column interfaces on the fracture 
toughness.

Experimental
Coating synthesis

(V, Al)N and (V, Al)(O, N) coatings were deposited in an indus-
trial scale CemeCon CC 800/9 (Würselen, Germany) deposition 
system with utilisation of two Melec SIPP2000USB-10-500-S 
pulsers and 10 kW ADL GX 100/1000 DC power supplies. The 
chamber base pressure at the deposition temperature of ~ 450 °C 
was below 0.7 mPa. V and Al targets (> 99.7% purity) were 
assembled from two triangular pieces forming rectangular plates 
with dimensions 8.8 × 50 cm2. 10 × 10 mm2 Si(001) substrates 
were ultrasonically cleaned in acetone and ethanol prior to load-
ing to the chamber and were mounted on a copper holder fac-
ing the targets at the target-to-substrate distance of 10 cm. The 
angles between the targets and substrate normal were ~ 27°. Two 
different powering schemes were employed to deposit two series 
of (V, Al)N and (V, Al)(O, N) coatings.

In the first series, both targets were operated in DCMS mode 
(V/Al-DCMS). The gas flows during deposition were 160 sccm 
Ar and 80 sccm N2 for (V, Al)N and 160 sccm Ar, 80 sccm N2, 
and 10 sccm O2 for (V, Al)(O, N) resulting in partial pressures 
of 294, 147, and 2 mPa, respectively. The time-averaged powers 
of 2.4 kW for the V target and 2.5 kW for the Al target resulted 
in similar power densities of 6.9 to 7.1 W/cm2 for both targets 
with and without presence of O2, respectively. A continuous 
direct current substrate bias potential of − 70 V was employed 
throughout the deposition. The deposition time was kept at 
90 min, resulting in the coating thickness of ~ 3.0 μm for both 
nitride and oxynitride coatings.

In the second powering scheme, each target was operated by 
separate HPPMS power supplies, each using pulse on-time of 
τHPPMS = 50 μs at a duty cycle of 2.5%, corresponding to a puls-
ing frequency of f = 500 Hz. Time-averaged powers of 2.4 kW 
for the V target and 2.5 kW for the Al target, similar to the 
DCMS mode, were used. The gas flows during deposition were 
160 sccm Ar and 80 sccm N2 for (V, Al)N and 160 sccm Ar, 80 
sccm N2, and 5 sccm O2 for (V, Al)(O, N), resulting in partial 
pressures of 294, 147, and 1 mPa, respectively. For (V, Al)N, peak 
power densities of 615 W/cm2 for the V target and 510 W/cm2 
for the Al target were obtained, whereas 600 W/cm2 for the V 
target and 520 W/cm2 for the Al target were reached in the case 
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of (V, Al)(O, N). A pulsed substrate bias potential of − 70 V was 
used to further densify the coatings through ion bombardment 
[26]. The pulse on-time of τs = 100 μs was synchronised with 
the HPPMS pulses at the targets with + 30 μs phase shift. The 
phase shift was considered to prevent acceleration of the gas ions 
generated at the beginning of the HPPMS pulses [22]. Coating 
thicknesses of ~ 2.7 μm and ~ 2.5 μm for (V, Al)N and (V, Al)(O, 
N), respectively, were obtained at a deposition time of 135 min.

The chemical composition was determined by energy dis-
persive X-ray spectroscopy (EDX) using a JEOL JSM-6480 
scanning electron microscope (SEM) with an EDAX Genesis 
2000 detection system at 12 kV acceleration voltage. One (V, 
Al)N [26] and one (V, Al)(O, N) coating analysed by time-of-
flight elastic recoil detection served as standard for calibra-
tion of the EDX spectra. Structural analysis was done using a 
Bruker AXS D8 Discover General Area Detection Diffraction 
System (Billerica, MA, USA) with an incident angle of 15°. A 
Cu Kα radiation source was used at a voltage and current of 
40 kV and 40 mA, respectively. The coating microstructure was 
characterised using scanning transmission electron microscopy 
(STEM). Cross-sectional lamellae were prepared by focussed ion 
beam (FIB) techniques in an FEI Helios Nanolab 660 dual-beam 
microscope (Hillsboro, OR, USA). The same microscope was 
used for obtaining bright field (BF) micrographs with a STEM 
III detector at acceleration voltage and current of 30 kV and 50 
pA, respectively. X-ray stress analysis was performed using the 
sin2ψ method in a psi geometry (ψ tilt axis in the diffraction 
plane), assuming a biaxial stress state [62]. Young’s modulus E 
and nanoindentation hardness H were obtained in a Hysitron 
(Minneapolis, MN, USA) TI-900 TriboIndenter equipped with a 
Berkovich geometry-diamond tip with 100 nm radius. For each 
sample, a minimum of 50 quasistatic indents were performed, 
which resulted in contact depths of < 5% with respect to the 
coating thickness. A fused silica standard was used to determine 
the tip area function and the load–displacement curves were 
analysed using the method of Oliver and Pharr [36].

Microcantilever fabrication

Microcantilevers were fabricated via FIB milling. First, a rough 
pre-cut of the cantilever shape with a beam current of 9.1 nA 
was made before the sample was turned by 90° for a back cut-
ting. The back cutting was performed in three consecutive steps 
with beam currents of 9.1 nA, 0.79 nA, and 80 pA. After turning 
back to the surface, the notch was milled with the lowest ion 
current (80 pA). As last milling steps with 0.79 nA and 80 pA, 
the cantilevers were cut free and a shape refinement to the final 
dimensions was done. In general, the cantilever dimensions were 
chosen according to ASTM E399 [63] and following the sugges-
tion from Matoy et al. [53] to keep the aspect ratios constant. 
The cantilevers had a cross section of approximately 1.8 × 1.8 

µm2 while the depth of the notch was 400–600 nm. Moreover, 
the distance of the notch to the cantilever base was approxi-
mately 2 µm. The notch was maintained as a straight-through 
notch by first cutting the notch with some leftover material 
bridges but wider than the final cantilever width and then thin-
ning the width of the cantilevers during the shape refinement 
until a straight-through notch resulted.

A more detailed description of the grain orientations used 
for the experiments can be found at the end of the manuscript in 
the methodology section. However, it is important to highlight 
that subsequent uses of the terms “parallel” and “perpendicular” 
are used with respect the growth direction of the coatings, and 
are not used in any crystallographic sense.

Microcantilever testing

The bending tests performed during this work and described 
in "Microcantilever bending" section were performed using an 
inSEM in situ nanoindenter (Nanomechanics, Inc., TN, USA) 
installed in a SEM type Clara (Tescan GmbH, Germany) and a 
diamond cube corner (provided by Synton MDP, Switzerland) 
with a constant displacement rate of 20 nm/s. For each datapoint 
reported, between four and six microcantilever bending tests 
were performed from which a mean value and standard devia-
tion were calculated. For the evaluation of the load and displace-
ment data, the Euler–Bernoulli beam theory [64] is used. From 
this, fracture stress σ at maximum load F can be calculated via:

where M is the bending moment at the load point, I the second 
moment of area, L the bending length (distance from load point 
to the notch), W the height, and B the width of the cantilever. 
An expression for the stress intensity factor K of a single edge 
cracked pure bending specimen is given by Murakami [65]:

In this equation, a represents the notch depth and σ ∗ the 
characteristic stresses, e.g. for mode I the bending stress on the 
outer fibre and in mode II the shear stress on the crack plane. 
The term f(a/W) is a dimensionless shape factor, which depends 
on the specimen dimensions and loading conditions. In this 
work we use the expression from Murakami [65] in the form:

Bohnert et al. [47] used a finite elements model to fit the 
coefficients C0–C4 to C0 = 1.05, C1 =  − 1.14, C2 = 5.60, C3 =  − 9.33, 
and C4 = 10.92 for aspect ratios 0 < a/W ≤ 0.6 . In this study, 

(1)σ =
M

I
=

F
(

LW
2

)

I
=

F
(

LW
2

)

(BW3)/12
=

6FL

BW2
,

(2)I =
BW3

12
,

(3)K = σ ∗√πaf (a/W).

(4)
f (a/W) = C0 + C1(a/W)+ C2(a/W)2 + C3(a/W)3 + C4(a/W)4.



 
 J

ou
rn

al
 o

f M
at

er
ia

ls
 R

es
ea

rc
h 

 
 V

ol
um

e 
38

  
 I

ss
ue

 1
6 

 A
ug

us
t 2

02
3 

 w
w

w
.m

rs
.o

rg
/jm

r

Article

© The Author(s) 2023 3953

the aspect ratio a/W is between 0.2 and 0.3 for all cantilevers, 
and we therefore use Eqs. (3) and (4) to calculate the fracture 
toughness for both modes. Defining the geometrical function 
f(a/W) for mode I and mode II using the same bending stress 
as shown from Fett [66], we can express the difference between 
KIc and KIIc only by the aspect ratio L/W. For a pure mode I 
geometry, the ratio L/W should be L/W ≥ 5 , while it should 
be L/W ≤ 1 for mode II. The fracture toughness was calculated 
from the load–displacement curves from the experiment via 
Eq. (3), using the shape factor in Eq. (4). Furthermore, the data 
was corrected by several indents with varying maximum load 
but in the same range as maximum load during cantilever tests. 
This was done due to the sharp cube corner indenter which pen-
etrates the surface of the cantilever. To correct the stiffness and 
displacement, the method suggested by Kupka and Lilleodden 
[67] was used.

Results
Composition, structure and mechanical properties

The measured chemical compositions of the DCMS and HPPMS 
grown (V, Al)N and (V, Al)(O, N) coatings are summarised 
in Table 1. These coatings are typically slightly over stoichio-
metric with respect to non-metals [16]. For (V, Al)N coatings, 
comparable chemical compositions were obtained under similar 
total partial pressures. Here, the sum of Ar and O impurities 
were below 1 at.%. The O2 flow of 5 sccm in the HPPMS mode 
resulted in the O content of 13 at.% in the coating. However, 
due to lower ionisation degree in the DCMS mode, the O2 flow 
needed to be increased to 10 sccm to obtain comparable O con-
tent of 11 at.% in the DCMS grown (V, Al)(O, N) coating. Phase 
formation of coatings deposited with both processing routes 
was probed by XRD and is shown in Fig. 1. The diffractograms 
show the formation of single-phase cubic structure (space group 
Fm3 m, NaCl prototype structure) without evidence for any sec-
ondary phase in the coatings. While the DCMS synthesised (V, 
Al)N coating shows a (111) texture, (V, Al)(O, N) as well as the 
coatings deposited by HPPMS exhibit a close to random orienta-
tion. In addition, the incorporation of O in the cubic structure 
of (V, Al)N seems to reduce the crystallinity of the quaternary 
compound.

The morphology of coatings is probed by cross-sectional BF-
STEM and shown in Fig. 2. Both (V, Al)N coatings, deposited by 
DCMS and HPPMS processing routes, exhibit a columnar struc-
ture, as shown in Fig. 2. However, the coating grown by DCMS 
is characterised by pronounced columnar grain boundaries with 
partially underdense regions (bright regions along the columns) 
originating from limited surface diffusion during the growth. In 
a fully dense coating the number of grains per micron Fig. 2(e) 
multiplied with the average grain size Fig. 2(f) should result in 
one micron. However, for the DCMS deposited (V, Al)N this 

is only true for distances from the coating surface more than 
900 nm. At lower distances from the coating surface a devia-
tion up to 20% can be observed (near surface and decreasing 
with higher depth). Contrary, the higher peak power density in 
the HPPMS process increases the number of energetic particles 
arriving at the growing film surface, resulting in a higher adatom 
surface mobility and hence, a denser microstructure. For (V, 
Al)(O, N), the coating deposited by DCMS exhibits a columnar 
structure similar to the DCMS grown (V, Al)N coating. How-
ever, the population of the underdense regions is lower (less than 
5%) than the comparable nitride coating. On the other hand, the 
(V, Al)(O, N) coating deposited by HPPMS process showed a 
distinct fine-grained structure with no evidence of underdense 
regions. Grain size and number of grains per micron and their 
standard deviations are calculated via line intersection method 
(10 lines per image).

Microcantilever bending

All measured fracture toughness values for different orienta-
tions and load cases are plotted against H3/E2 in Fig. 3. For 
better clarity and to avoid overlapping error bars in all sub-
figures in Fig. 3, the data points are slightly shifted in positive 
or negative direction on the x-axis. Consequently, in Fig. 3(a) 
the coloured stripes that cover each data point of a coating 
are arrowed to show the coating’s calculated H3/E2-ratio, with 
the exact values given subsequently in Table 2. We find that 
the fracture toughness in mode II is consistently higher than 
in mode I for each material and orientation: with columns 
parallel to the loading direction, KIIc is 20% to 30% higher and 
around 40% higher in the perpendicular orientation. For the 

30 35 40 45 50 55 60

]stinu.bra[
ytisnetni

goL

2Theta [deg]

(V,Al)N - DCMS 

(V,Al)(O,N) - DCMS

(V,Al)N - HPPMS 

(V,Al)(O,N) - HPPMS

fcc-VN  fcc-AlN hcp-AlN

Figure 1:   X-ray diffractograms of (V, Al)N and (V, Al)(O, N) coatings 
deposited by DCMS and HPPMS processing routes.
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columnar structures, it was found that the fracture toughness 
decreases with an increasing H3/E2-ratio. The trends between 
three materials are very similar regardless of the loading 
and orientation setup, with Kc decreasing by ~ 25% as H3/E2 
increases by about 35%.

In the (V, Al)(O, N) sample with a fine-grained structure a 
higher KIIc than KIc was also found (30% higher with parallel ori-
entation and 35% higher in perpendicular orientation). However, 
when comparing the fracture toughness of the columnar struc-
tures, a difference between testing parallel and perpendicular to 
the growth direction was found: parallel to the growth direction 

TABLE 1:   Chemical composition of 
(V, Al)N and (V, Al)(O, N) coatings 
deposited by DCMS and HPPMS as 
characterised by standardised EDX.

Material system Deposition route V (± 1.1 at.%) Al (± 1.3 at.%) O (± 2.5 at.%) N (± 2.5 at.%)

(V, Al)N DCMS 24 26 – 50

(V, Al)(O, N) DCMS 25 25 11 39

(V, Al)N HPPMS 23 27 – 50

(V, Al)(O, N) HPPMS 22 27 13 38

Figure 2:   Cross section STEM micrographs for DCMS [(a) and (c)] and HPPMS [(b) and (d)]. In DCMS underdense regions can be found [white regions 
along columns exemplary highlighted with red arrows in (V, Al)N-DCMS]. (V, Al)(O, N)-HPPMS (d) exhibits fine-grained microstructure otherwise the 
growth was columnar. Additionally shown are the number of grains (e) and the grain size (f ) plotted over the distance from the coating surface.
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the fracture toughness for the fine-grained sample is enhanced 
compared to the columnar structures, which showed a decreasing 
trend with a higher H3/E2-ratio. This enhanced fracture tough-
ness cannot be observed perpendicular to the growth direc-
tion where the fracture toughness of the fine-grained specimen 

follows the same decreasing trend as in columnar structures. This 
leads to the result of a lower fracture toughness perpendicular to 
the growth direction than parallel to it in the fine-grained sample, 
while in all samples with columnar structure it is the opposite, 
and the parallel fracture toughness is lower.

Figure 3:   Fracture toughness over H3/E2-ratio for all sample materials in mode I and mode II for two different orientations of the columns related to the 
growth direction (a). Subfigures pointing out parallel vs. perpendicular orientation [(b) and (c)] and mode I vs. shear [(d) and (e)].
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Comparing the crack path from scanning electron micro-
graphs it can be seen that in mode I the crack is straight, run-
ning down along column boundaries or—in case of the fine-
grained structure—along grain boundaries. Figure 4(a) and 
(b) show the crack path exemplary for (V, Al)N-DCMS, but 
for all others the same observation was made. However, in 
mode II the crack goes sideways and is cutting through the 
columns. Unfortunately, several attempts to lift out the remain-
ing beams after fracture experiments were unsuccessful. Thus, 
straight imaging of the fracture surface was not possible and 
we will only discuss the side view. Furthermore, Fig. 4(c) to 
(f) show the fracture surfaces of all four coatings investigated 
in mode I. For both DCMS coatings, the columnar structure 
is visible, even though it has grown in an inclination in (V, Al)
N. This inclination is also visible in Fig. 2(a) and (c). In both 
HPPMS coatings—for the columnar as well as the fine-grained 
oxynitride—the grain boundaries are densified and no longer 
distinguishable.

Discussion
In the course of this section we discuss our results in four parts. 
In the first part, we compare the differences in fracture tough-
ness resulting from HPPMS and DCMS as a processing route. 
This comparison uses the mode I bending and mode II shear in 
the parallel orientation, only considering the columnar struc-
tures for the time being. Secondly, we focus on the differences 
from nitride to oxynitride and the effects of morphology on the 
fracture toughness and the crack path by comparing the fine 
grained (V, Al)(O, N) with the columnar (V, Al)N (both were 
deposited in HPPMS) and the columnar (V, Al)(O, N) deposited 
via DCMS. In the third part, we discuss the possibility to change 
the fracture behaviour by changing the morphology, conclud-
ing with part four comparing the parallel and perpendicular 
orientations.

All measured values we compare in this chapter are listed 
in the following Table 2 which corresponds to the data plotted 
in Fig. 3, hence, an identical colour code is used. These data are 
from beams in DCMS coatings (thickness 3.0 µm) with a width 
of 2000 ± 100 nm and a notch depth of 520 ± 50 nm. For HPPMS 
coatings (thickness 2.7 µm) the beam widths were 1800 ± 100 nm 
and the notch depths were 480 ± 50 nm. Beam widths and notch 
depths were measured individually on each beam before and 
after the bending experiment, respectively. The values given here 
are mean values with standard deviation (rounded).

Before starting with the analysis and discussion of the results 
obtained here, it should be pointed out again that the fracture 
behaviour of these coatings is mainly determined by the weakest 
bonding element. In this case, these are presumably the grain 
boundaries. Their bonding strength is dominated by grain 
boundary decoration and their bonding character. Both effects 
have already been investigated [68, 69]. In this paper, the effect 
of the microstructure on top of these effects will be investigated. 
For this purpose, grain boundaries with the same bond strength 
(each of the four coatings separately) but under different mor-
phology (parallel or perpendicular to the growth direction) will 
be tested first. Subsequently, further effects such as the process 
route (HPPMS vs. DCMS), the chemical composition (nitride 
and oxynitride) or shear stress will be investigated in order to 
evaluate the effect in combination of these effects.

As will become apparent in the subsequent comparison of 
the different loading modes and orientations, the crack path 
during the fracture process has a significant influence on the 
final fracture toughness. For the expression of the stress intensity 
factor (Eq. 3) by Murakami [65] a homogeneous, brittle material 
is assumed. In this case—and as observed experimentally—the 
point of crack initiation from the pre-notch is also the point of 
critical failure, and there should be no need of further load to 
propagate the crack that grows straight through the material. 
As the geometrical factors remain unchanged, this therefore 
suggests that Kc is only a function of the initial notch length. 

TABLE 2:   Overview of indentation hardness (H), indentation modulus (E), structure and measured fracture toughness for the four sample coatings in 
different directions.

Material

H3/E2 H E

Coating thick-
ness/beam 

width/notch 
depth

Parallel Perpendicular

Structure

KIc KIIc KIc KIIc

GPa GPa GPa µm/µm/nm MPa (m1/2) MPa (m1/2) MPa (m1/2) MPa (m1/2)

(V, Al)N  
DCMS

0.119 ± 0.023 25.8 ± 1.4 380 ± 20 3.0 µm
2.0 ± 0.1 µm
520 ± 50 nm

3.4 ± 0.3  
(5 Beams)

4.4 ± 0.5  
(6 Beams)

4.1 ± 0.3  
(6 Beams

5.8 ± 0.5  
(5 Beams)

Columnar

(V, Al)(O, N) 
DCMS

0.127 ± 0.029 25.5 ± 2.0 362 ± 6 3.6 ± 0.5  
(6 Beams)

3.9 ± 0.3  
(4 Beams)

3.7 ± 0.7  
(5 Beams)

5.2 ± 1.3  
(4 Beams)

Columnar

(V, Al)N 
HPPMS

0.166 ± 0.018 31.1 ± 0.9 426 ± 13 2.7 µm
1.8 ± 0.1 µm
480 ± 50 nm

2.6 ± 0.2  
(6 Beams)

3.2 ± 0.9  
(5 Beams)

3.0 ± 0.5  
(6 Beams)

4.3 ± 0.5  
(5 Beams)

Columnar

(V, Al)(O, N) 
HPPMS

0.215 ± 0.021 32 ± 1.2 395 ± 9 3.7 ± 1.5  
(4 Beams)

4.8 ± 1.7  
(5 Beams)

2.6 ± 0.5  
(4 Beams)

3.5 ± 1.3  
(4 Beams)

Fine-grained
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However, these materials are not homogeneous. Crack deflec-
tion both reduces the stress intensity at the crack tip (i.e. K), 
as well as creating additional new surfaces with respect to a 
straight-through crack. While these effects are below the reso-
lution of the intrinsically load-controlled machine—therefore no 
change in the shape of the stress–strain curve is observed—they 
do result in an increase in the final load and therefore the critical 
failure stress.

Comparing process routes

To compare HPPMS and DCMS we first concentrate on mode I 
and mode II tests in the parallel orientation. Here it is worth reit-
erating that samples from the DCMS deposition process exhibit 

underdense regions that are more pronounced near the surface 
[Fig. 2(a)]. In contrast, the samples from the HPPMS process 
do not show such underdense regions [Fig. 2(b)]. Nevertheless, 
both types of samples show the same trend in fracture toughness 
between mode I and mode II, which can be explained by the 
fact that the porosity is mainly found in the uppermost approx. 
500 nm. Since the notch depth is also around 400–600 nm, this 
region is almost removed in the active area of the specimen and 
thus no differences due to the near-surface underdense structure 
are observed.

Nevertheless, there are still a few deeper underdense regions 
in the DCMS structure, which could have significant effects on 
crack propagation. While the HPPMS process produces a denser 
coating with a corresponding 12% increase in indentation 

Figure 4:   Crack path in (a) mode I and (b) mode II fracture exemplary shown in (V, Al)N-DCMS and (c) to (f ) fracture faces (45° inclined) for all materials 
in mode I. Deepest position of notch (depth 400–600 nm) marked with red arrows; fracture face starts underneath. Note in the (V, Al)N materials in 
particular the field of view is such that the notch (and therefore the top of the beam) lies above the image.
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modulus, the toughness of these coatings is around 25% lower. 
We speculate that this is due to the underdense regions in the 
tougher DCMS material causing a crack blunting effect when 
reached by a crack propagating from the upper surface, thus 
increasing the required load to cause failure.

A large difference is found between mode I and mode II 
fracture in the crack path. In mode I, the crack runs along the 
column boundaries [intergranular, Fig. 5(a)] while in mode II it 
intersects the columns [intragranular, Fig. 5(b)]. The plausibility 
of these observed crack paths is shown by the fact that the crack 
paths follow the direction of the highest resolved shear com-
ponent, which is in mode I parallel to the load while in mode 
II the maximum is ideally under 45° to the load direction. For 
short beam shear tests on polymer matrix composites this was 
shown by Makeev et al. [70]. Here, due to the sharp indenter 
tip (cube corner) and the fact that it is not ideally positioned, 
the direction of the highest shear component deviates by a few 
degrees (less than 3°) from the ideal 45°. When the crack runs 
along the columns interfaces and is not cutting through the 
crystal, the measured fracture toughness values are representing 
the interface strength and will be dominated by grain boundary 

decorations and bonding character. This is what we observe in 
the intergranular case of mode I. Consequently, the measured 
fracture toughness in the intragranular case (mode II) is more 
representative of the strength of the crystal itself.

In (V, Al)N the differences between mode I and mode II 
are found to be higher in DCMS. The fact that the difference 
between mode I and mode II is for (V, Al)N in HPPMS 6% 
less than in DCMS can be attributed to an increase in interface 
strength and density in HPPMS. Furthermore, the strength of 
the interface will be influenced by the residual stress of the coat-
ings. In this study the HPPMS samples exhibit a compressive 
residual stress (− 3.2 GPa for the nitride and − 4.0 GPa for the 
oxynitride), while the DCMS coatings showed a slightly ten-
sile one (0.7 GPa in the nitride and 0.5 GPa in the oxynitride. 
The measured indentation modulus and indentation hardness 
are clearly influenced by residual stresses, but the freestanding 
beams are typically considered to be stress free. However, their 
properties are nevertheless dependent on the stress as during the 
growth of the coating the interfaces can be influenced by resid-
ual stresses; during the coating process, compressive stresses can 
lead to compressed and thus denser grain boundaries. This can 

Figure 5:   Schematic drawing of crack path for different fracture modes and orientations.
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explain the small difference in fracture toughness between mode 
I and mode II measured here. The smallest difference between 
mode I and mode II was observed for (V, Al)(O, N) (DCMS) 
with a value of 8%. For the oxynitride various studies [16, 34, 
57] showed that the introduction of oxygen leads to the forma-
tion of weaker M–O-bonds than M–N-bonds and compared to 
the pure nitride thus the Young’s modulus decreases. This low-
ers the toughness of the material (mode II). Nevertheless, in all 
cases, the fracture toughness of the material is higher than that 
of the interfaces.

Trends in fracture toughness: nitride vs. oxynitride

For this section we compare first the nitride and oxynitride from 
the DCMS process and then the HPPMS ones using mode I 
fracture toughness for the parallel orientation. Nanoindenta-
tion revealed that the addition of oxygen resulted in a small, but 
measurable, reduction in Young’s modulus for these materials. 
As mentioned above, DFT calculations show that this can be 
attributed to the formation of weaker M–O-bonds [16, 34, 57] 
compared with metal–nitrogen bonds. Correspondingly, two 
opposing predictions in the trends of fracture toughness can 
be hypothesised: on one hand, the Griffith criterion (Eq. 5) [71] 
shows for simple cleavage fracture that the fracture toughness 
is proportional to the Young’s modulus and surface energy, thus 
predicting a lower fracture toughness for the oxynitride:

On the other hand, the H3/E2-ratio for the oxynitrides would 
increase (as the hardness remains similar). With a higher H3/E2-
ratio at constant load the contact can more likely be considered 
as elastic. This was derived by Johnson’s contact mechanics anal-
ysis, where it was shown that for flat surfaces in elastic/plastic 
contact the yield pressure linearly depends on H3/E2 [72, 73]. 
According to Chen et al. [74], the H3/E2-ratio can be seen as an 
indication of resistance to plastic deformation, and may be a 
good indicator for fracture toughness, when there is no plastic-
ity. Figure 3 clearly shows that this latter theory is an extremely 
poor predictor of fracture toughness, with Kc instead generally 
decreasing with an increasing H3/E2-ratio. From a study on 
oxide glasses another interpretation of H3/E2 is derived. Smed-
skjaer and colleagues [75] suggested KIc to be seen as the resist-
ance against (unstable) crack growth. From this we can assume 
underdense regions or fine-grained structures cause a barrier 
effect for the crack propagation, thus improving fracture tough-
ness. In columnar structures without this effect, the crack can 
simply propagate along the column boundaries.

However, a simplistic application of the Griffith criterion 
(Eq. 5), is also a poor predictor of fracture toughness in this 
study. As it is known from nanolayers or nanocomposites, where 
the crack is frequently diverted along interfaces, there is a strong 

(5)KIc =
√

4 · E · γ .

effect of the microstructure that is not taken into account here, 
and is the reason why the fracture toughness does not strongly 
follow the trends in Young’s modulus.

In the DCMS coatings, there are significant differences 
observed in the microstructure; where the nitride shows under-
dense regions, the oxynitride seems to be fully dense through-
out the coating. Rather counterintuitively however, there is no 
significant difference in hardness and Young’s modulus meas-
ured for both materials, nor any measured difference in frac-
ture toughness (Table 2). There is the possibility that the oxy-
gen might have formed an oxygen-rich grain boundary phase, 
densifying the coating and increasing the fracture toughness 
of the coating despite an intrinsically lower fracture toughness 
in the oxynitride itself. However, the TEM and EELS analyses 
to confirm this are beyond the scope of the present study. If we 
also consider the fracture toughness mode II from the previous 
"Comparing process routes" section, the conclusion could be 
that the incorporation of oxygen modifies the microstructure 
and grain boundaries. In this way, overall tougher (KIc) coatings 
are produced, although the intrinsic toughness (KIIc) is propor-
tionally lower.

The HPPMS coatings showed a different behaviour. Here the 
(V, Al)N exhibits a 12% higher Young’s modulus, while having 
nearly the same hardness as the (V, Al)(O, N) (Table 2). Nev-
ertheless, the oxynitride showed the higher fracture toughness, 
attributed to the fact that it was grown in a fine-grained struc-
ture and not the typical columnar structure.

Columnar structure vs. fine‑grained

We now compare the fine-grained (V, Al)(O, N) from HPPMS 
with the DCMS oxynitride and the HPPMS nitride to differenti-
ate between deposition methods and the resulting microstruc-
ture. This complex comparison is necessary as there is no colum-
nar, HPPMS oxynitride to make a direct comparison between 
different microstructures.

In "Trends in fracture toughness: nitride vs. oxynitride" sec-
tion we have already established that the relationship between 
fracture toughness and H3/E2 holds poorly and is strongly 
influenced by the microstructure. However, staying within the 
columnar structures, H3/E2 gives the resistance to crack propa-
gation and the linear trend holds. Even if microstructural effects, 
such as underdense regions, result in a negative slope—con-
trary to the otherwise often observed positive trend, e.g. from 
Bartosik et al. [56]. Coatings deposited under similar condi-
tions from a previous study [54] also fit into the negative trend 
observed here. Hence, assuming that the trend holds for the 
coatings used here, in case of a hypothetical columnar oxyni-
tride manufactured with HPPMS we would expect a fracture 
toughness of around 1.2 MPa (m1/2) by extrapolating a linear 
trend from the columnar grown coatings measured in this 
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study. The significant increase to 3.7 MPa (m1/2) measured here 
in the fine-grained material can be attributed to the increase 
in crack path length in this microstructure. In principle, the 
crack paths in fine-grained and columnar beams point in the 
same direction. But in the fine-grained material, cracks can run 
along the grain boundaries in both parallel mode I and mode 
II, potentially changing direction in order to circumvent a grain 
rather than intersect it [as shown Fig. 5(e) and (f)]. Similar to 
crack deflection in a multilayer, this lengthens the crack path 
considerably. Therefore, despite the detrimental effect of oxygen 
on the mechanical properties discussed in "Trends in fracture 
toughness: nitride vs. oxynitride" section, this increase in crack 
path length explains the overall observation of a higher fracture 
toughness than predicted or in comparison to the (V, Al)N sam-
ple also deposited by HPPMS.

The enhancement in fracture toughness of ~ 200% by mov-
ing from a columnar to a fine-grained microstructure is, to 
the authors’ knowledge, one of the largest increases in fracture 
toughness obtained solely through microstructural engineer-
ing. As a comparison, Daniel et al. showed a 50% increase in 
fracture toughness by moving from a columnar to a chevron 
structure [61]. This suggests that (if possible to manufacture) 
an equiaxed microstructure is optimal for producing a tough, 
protective coating.

Changing fracture properties by loading parallel 
or perpendicular to the growth direction

To achieve the same enhancement in fracture toughness as 
observed in fine-grained structure for columnar structures, we 
change the direction of the column growth relative to the loading 
direction. Seen schematically [Fig. 5(c) and (d)], the columnar 
structure looks similar to the fine-grained one [see Fig. 5(g) and 
(h)]. Even if the orientation of the columns is altered, the direc-
tion of the highest stress concentration remains unchanged, and 
thus also the general direction of crack propagation. However, 
comparing the results of columnar to fine-grained structures, it 
is found that now also in the columnar structure the cracks in 
both modes run intergranularly and must divert around indi-
vidual columns. This explains the higher fracture toughness 
compared to the parallel orientation. Similar effects were previ-
ously observed in TiN when the morphology was changed from 
a columnar single layer to a multilayer chevron structure [61].

A significant difference between the fine-grained and 
columnar samples is seen in this comparison. In all the colum-
nar materials, the corresponding toughness (KIc or KIIc) is 
higher under perpendicular loading. The opposite is seen in 
the fine-grained material. In a hypothetical sample with truly 
equiaxed grains, no difference between parallel and perpen-
dicular orientations would be expected to be observed [see the 
schematic Fig. 5(f) and (h)]. However, the shape of the grains in 

the fine-grained sample are still slightly extended in the growth 
direction [also seen in Fig. 2(c)], as well as being slightly smaller 
than the grains forming the columns in the other materials. This 
is schematically shown in Fig. 5(i) and (j) (top view). One can 
see that due to this circumstance, the crack length and curvature 
are higher in the case of the parallel orientation. This explains 
the different behaviour compared to the columnar samples: in 
the fine-grained structure the larger extension of the grains is in 
perpendicular orientation and parallel to the crack propagation 
and therefore there is less deflection. For the columnar struc-
tures it is the other way around.

Optimising in‑service performance of hard coatings

From an application point of view, there is usually a combina-
tion of compressive stresses perpendicular to the surface and 
shear stresses along the surface. From this study, this would 
correspond to mode I in parallel orientation (normal stress 
resistance) combined with mode II in perpendicular orienta-
tion (shear resistance). Consequently, the coating should have 
the best possible combination of hardness, Young’s modulus, KIc 
parallel and KIIc perpendicular. For example, if we look at the 
two DCMS samples, both have the required high KIc parallel and 
KIIc perpendicular but only low hardness and Young’s modulus. 
The (V, Al)N from the HPPMS process, on the other hand, has 
very high hardness and Young’s modulus but only low fracture 
toughness. To better quantify this, our proposal is to use indices 
that evaluate resistance to crack propagation, hardness, Young’s 
modulus and fracture toughness. From our measurements, this 
might be:

where the first part A represents the resistance against normal 
stress, the second part B the resistance to shear and the last part 
C is related to an intrinsic materials toughness. Consequently, 
these indices would have a dimension of (MPa)2 (m1/2). Depend-
ing on the application indices A and/or B should be preferably 
high to improve the coating performance in terms of normal 
stress resistance or shear resistance. Index C is used here to 
address the change in interface strength by comparing it to 
index A, means that an intrinsic materials toughness (index C) 
is compared to the resistance against normal stress (index A). 
Via these indices the effects of different microstructures or crack 
blunting effects are included indirectly due to their influence 
in increasing the apparent fracture toughness of the material.

Of the samples investigated here, the fine-grained (V, Al)(O, 
N) sample produced in the HPPMS process had the best com-
bination of properties—not the highest but high hardness and 
Young’s modulus and high fracture toughness in mode I parallel 
and mode II perpendicular. This is reflected in the fact that the 

A = H
3/E2·K Ic,parallel;B = H

3/E2·K IIc,perpendicular;

C = H
3/E2·K IIc,parallel,
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indices proposed by us with 778 (MPa)2 (m1/2) and 735 (MPa)2 
(m1/2) respectively are the highest from all samples investigated 
in this study (see Table 3).

Previously in "Comparing process routes" section, the rela-
tionship of the direction of crack propagation and the fracture 
toughness was mentioned. For a mode I fracture along the col-
umn boundaries, we would also measure the toughness of this 
interface, now represented by index A. In mode II, on the other 
hand, we measure more a toughness of the material due to the 
intragranular crack, which is now represented here by index C. 
Except for the HPPMS oxynitride, where due to the fine-grained 
structure also in mode II the crack is along the interfaces, but 
the crack path is elongated [see Fig. 5(f)].

If we compare those indices A and C for the two DCMS 
samples, we notice that, as expected (see also "Trends in fracture 
toughness: nitride vs. oxynitride" section), the oxynitride has a 
lower toughness of the material than the nitride, but a higher 
one at the interfaces. We therefore conclude that the oxygen 
incorporation modifies the grain boundaries. Comparing only 
the two nitrides from DCMS and HPPMS, there is hardly any 
change in the toughness of the material (index C). Since it is 
the same material, this was not unexpected, and as assumed an 
increase at the interfaces (index A) is measured for HPPMS. In 
the comparison of index A of the two HPPMS coatings, addi-
tionally the effect of the microstructure is recognisable. The 
change from nitride to oxynitride leads to a higher interface 
strength and at the same time to a crack deflection due to the 
change from columnar to fine-grained microstructure. Both 
together lead to the index A almost doubling for the oxynitride 
produced by HPPMS.

In conclusion, these indices allow a quantitative compari-
son of material performance and a method of ranking coatings 
based upon a balance of their mechanical properties. Based 
upon the expected stress state during application, performance 
based upon resistance to normal stresses (index A) and/or shear 
stresses (index B) can be evaluated. For materials development, 
index C provides the researcher with a parameter dominated by 
the intrinsic performance of a material. This allows the investi-
gation of, for example, the effects of chemistry in a way that is 
decoupled from other toughening mechanisms such as using an 

equiaxed microstructure to promote toughening through crack 
deflection.

Conclusion
In the course of this study, the fracture toughness of (V, Al)N 
and (V, Al)(O, N) was determined for different loading modes 
and morphologies as fine-grained or columnar structures. This 
was done to assess microstructural influences on fracture, in 
addition to the expected effects of grain boundary decoration 
and local bonding. For this reason, first coatings with the same 
presumed bonding strength of grain boundaries, i.e. identical 
coatings but tested in different directions, were investigated 
and then combinations of effects were studied. It was shown 
that of the materials studied, a fine-grained structure has the 
best combination of high hardness, high Young’s modulus and 
high—but not the highest—fracture toughness and it is sug-
gested to use an index including resistance to crack propaga-
tion via H3/E2 and toughness via KIc, parallel and KIIc, perpendicular 
to quantify this. Based upon a balance of mechanical proper-
ties those indices allow a quantitative comparison of coating 
materials, at least those investigated within this study. It is of 
course expected that these proposed indices could be improved 
upon and they naturally require further validation on other 
systems.

However, this study also shows that changes to the micro-
structure can improve fracture toughness for a given hardness 
and Young’s modulus. For example, crack deflection can be 
achieved in a single layer by using finer grains or a different 
orientation of columnar structures, leading to a behaviour simi-
lar to multilayer systems. The extreme case of “lying” columns 
applied here probably remains theoretical, but an inclination of 
the columns, as was also observed in this study for both DCMS 
coatings, can cause the same effect in a weakened form. Thus, 
even for samples with a columnar structure, property improve-
ments can be induced by changes in the orientation of the 
microstructure. These combinations allow application-specific 
coating design: for example, an underdense coating may have a 
higher fracture toughness than a fully dense coating, but lower 
hardness and Young’s modulus. A fully dense coating, on the 
other hand, can produce crack deflection and crack path elonga-
tion through inclined growth of the columns and thus increase 
fracture toughness. Moreover, the difference between nitride 
and oxynitride showed that stronger interfaces can contradict 
previously observed trends between indentation modulus and 
fracture toughness and can lead to higher overall coating tough-
ness even when more brittle, lower modulus oxynitride materi-
als are deposited.

Furthermore, measured by the difference between mode I 
and mode II in (V, Al)N it could be shown that compared to 
the DCMS processing route, HPPMS would produce stronger 

TABLE 3:   Suggested indices for normal stress resistance A, shear resist-
ance B, and intrinsic materials toughness C for in this study tested speci-
men.

(V, Al) 
N  

DCMS

(V, Al) 
(O, N) 
DCMS

(V, Al) 
N  

HPPMS

(V, Al)
(O, N) 

HPPMS

A (MPa)2 (m1/2) 400 458 434 778

B (MPa)2 (m1/2) 690 656 713 735

C (MPa)2 (m1/2) 523 493 530 1008
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interfaces by about 6% and thus might have an improved frac-
ture toughness compared to a DCMS sample with the same 
hardness and Young’s modulus, when no other effects such as 
microstructural defects influence the toughness. In this work, 
the DCMS deposited coatings showed the better fracture tough-
ness due to a combination of microstructural effects in case of 
the nitride (underdense regions) and better interface strength 
in case of the oxynitride (lowest measured difference between 
mode I and mode II). Out of all coatings tested here the (V, 
Al)(O, N) deposited via HPPMS showed the best combination 
of fracture properties and mechanical properties as a result 
from stronger interfaces and fine-grained microstructure. Fur-
thermore, all other tested specimens showed the potential of 
improved fracture properties by changing the morphology or 
strengthening the interface.

Finally, we have shown that these microstructural effects 
govern the experimentally determined mechanical behaviour. 
Predictions based on a simple linear crack path are inconsistent 
with the here reported experiments. In particular, the trends 
in fracture toughness run contrary to those predicted only by 
the H3/E2-ratio of the materials. Thus we suggest to use indices 
combining fracture toughness and H3/E2-ratio to rank the coat-
ings performance in normal or shear stress.

Methodology
For each of the four coatings, one set of cantilevers was pre-
pared from the surface and therefore parallel to the growth 
direction of the coating. For columnar structures, this means 
that all columns are parallel to the loading direction. A second 
set was prepared by turning the sample by 90°. In this way, the 
cantilevers are perpendicular to the growth direction and in 
case of columnar structures all columns are perpendicular to 
the loading direction. This is shown schematically in Fig. 6 
and will be used to assess the differences in fracture behaviour 
depending on microstructure. In the following, we will refer 
to these orientations as parallel and perpendicular orienta-
tion which is independent from a crystallographic orientation.
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