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Additively manufactured (AM) alloys present unique and heterogeneous microstructures due to the complex,
highly dynamic laser-material interactions. These AM-inherent heterogeneities impede the widespread adoption
of AM components, necessitating a profound comprehension of their impact on mechanical properties. Despite

xﬁﬂﬁgg‘fn extensive research on AM of Ni-based alloys, limited attention has been paid to their creep behavior due to the
ICME time-intensive nature of creep tests and the long research cycles. Moreover, experiments and conventional alloy-
Creep centric approaches to creep modelling are deemed insufficient in quantifying the effects of AM-specific het-
Heterogeneities erogeneities on creep cavity acceleration and in incorporating the microstructural evolution during creep. To

address this critical knowledge gap, a novel computational framework was developed within the structure-
property paradigm to unravel the intricate mechanisms governing creep properties. A mechanistic creep
model was formulated based on fundamental dislocation creep mechanisms, encompassing dislocation climb-
glide motion controlled by y’ precipitates, grain-boundary-sliding (GBS) resistance resulting from M23C6 car-
bides, and the kinetics of cavity formation. The framework integrates the in situ nucleation, precipitation, and
coarsening of y’ precipitates during creep by a precipitation model. The results revealed an excellent agreement
in terms of y’ precipitate evolution, creep strain, and strain-rate evolution, the predicted creep life, and times to
1 % strain. By elucidating the intricate interplay between microstructural heterogeneities and creep behavior on
the cavity nucleation and GBS mechanisms, the developed computational framework provided valuable insights
for enhancing the performance of Ni-based alloys manufactured through AM.

1. Introduction

Materials used in high-temperature applications, particularly in in-
dustries such as aerospace and energy generation, require a challenging
combination of properties, including exceptional strength, toughness,
and resistance to creep deformation [1-6]. In that respect, Ni-based
alloys have emerged as a prominent and widely utilized class of mate-
rials due to their remarkable strength and durability under elevated
temperature conditions [7-9]. Alloy 699XA (UNS N06699 EN Alloy
number 2.4842) is a NiCrAl alloy designed for i.a. applications in the
petrochemical industry and characterized by excellent metal dusting
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resistance [10,11]. Additive manufacturing (AM) offers an alternative
production technique in comparison to conventional manufacturing
(CM) with additional advantages like design freedom and
near-net-shape production [12]. AM also enables the integration of
multiple parts within an assembly into a singular component. This
integration yields numerous benefits, including the reduction of overall
weight, manufacturing time, processing steps, cost, and complexity
[13]. In addition, CM of Ni-based alloys faces challenges due to work
hardening and y’ precipitation during processing leading to expensive
post-processing requirements. While AM offers an alternative by sup-
pressing y’ formation due to the elevated temperature gradients and
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high cooling rates during the laser powder bed fusion (LPBF) processes,
making it viable for processing Ni-based alloys [14,15].

Despite the numerous advantages offered via AM [13,16], the pro-
cess introduces its own challenges. The highly localized heat input from
the focused laser beam and the subsequent rapid solidification during
AM introduces extreme temperature gradients within the part, which
consequently leads to a high level of residual stress and internal
process-induced defects (e.g. cracks and pores) [17-20]. Furthermore,
the complex thermal conditions during AM lead to heterogeneities such
as irregular grain structures with pronounced crystallographic texture,
chemical microsegregation, and formation of metastable phases within
the as-printed products, resulting in unreliable mechanical properties
[21-24]. These heterogeneities do not only affect the room-temperature
properties but also strongly the creep behavior. Kuo et al. [25,26] re-
ported a poor creep life of AM IN718 compared to CM IN718. This
discrepancy was attributed to the concentrated in-homogeneous 3-phase
precipitation localized in the interdendritic regions due to Nb segrega-
tion, which contrasts with the uniform distribution seen in CM IN718.
Additionally, AM IN718 exhibited high initial dislocation density and
sub-grain boundary formation, further contributing to its inferior creep
performance. Thus, understanding the impact of these AM-specific
heterogeneities on creep properties is essential for structural
high-temperature applications. The long research cycles and
time-consuming nature of creep experiments have hindered compre-
hensive investigation of AM Ni-based alloys, resulting in a dispropor-
tionately lower number of studies. Moreover, the limited number of
publications available on creep behavior in AM Ni-based alloys
compared to their CM counterparts exhibits inconsistency in reporting
creep properties. Some studies have indicated inferior creep behavior
[25,27-29], whereas others have reported superior creep characteristics
[21,30,31]. This underscores the pressing need for further exploration
and comprehension of creep performance in AM materials. The
well-established damage mechanisms and structure-property relation-
ships developed for CM alloys cannot be readily applied to AM alloys
due to the unique AM-specific heterogeneities [29]. The key parameters
such as activation energy, threshold stress, and the power law exponent
analyzed from creep experiments performed on the NiCrAl alloy pro-
vided valuable insights into the rationalization of creep behavior [32].
However, achieving a comprehensive understanding of the interplay of
the mechanisms and the parameters governing creep rates at different
stages were absent, requiring the utilization of complex in situ creep
characterization techniques [33]. To address these challenges, advanced
computational and modelling techniques become indispensable in
unraveling the intricate structure-property relationships that are specific
to AM alloys [34,35].

Unlike hardness, strength and toughness, creep and fatigue represent
dynamic structure-sensitive properties, where the formulation of pre-
dictive models is more complex [36]. In the realm of modelling creep
behavior, empirical approaches have been the dominant methodology
[37-39]. The crux of the limitations associated with empirical ap-
proaches stems from the assumption that the creep mechanism (and
consequently, the activation energy) remains constant, irrespective of
changes in stress or temperature. However, this assumption is often
inaccurate, as many creep deformation mechanisms were proposed for
different temperature regimes and stresses, such as isolated and
continuous stacking faults [40,41], anti-phase boundary shearing [40,
42], dislocation climb [43,44], microtwinning [45] and grain-boundary
sliding (GBS) [46]. It is worth noting that these mechanisms can operate
simultaneously and with varying contribution under different condi-
tions [29]. Addressing these limitations highlights the necessity for a
more comprehensive and physics-based model that can encompass the
intricate interplay of different creep mechanisms in advanced materials.
A physical model effectively accounts for changes in creep strength as a
function of the microstructure evolution at different temperatures and
stresses, potentially accelerating the discovery of novel materials with
improved creep resistance [6,7,12,13].
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Although dislocation and GBS modelling approaches are commonly
used for creep simulation in CM and AM alloys, a complete under-
standing of the creep behavior is not possible without understanding the
creep cavitation damage [47]. The dislocation creep mechanism typi-
cally plays a minor role in the tertiary creep stage. Cavitation is crucial
for AM alloys, as the nucleation and growth kinetics are significantly
accelerated due to AM-specific heterogeneities, such as intermetallic
phases, smaller grains, defects, and microsegregation [29,48,49]. Wu
et al. [29] modeled the creep behavior based on continuum damage
mechanics (CDM) including the cavitation mechanism. The modelling
approach facilitated an in-depth understanding of the impact of
AM-specific microstructure parameters on cavitation behavior. It is
essential to note that the model did not account for the dynamic evo-
lution of precipitation during creep, while this is indispensable for
NiCrAl as y’ evolved during creep. Furthermore, the model validation
was carried out under rigorous conditions of high stresses, extending
only up to 300 h, revealing cavitation exclusively as the rate-controlling
mechanism. Consequently, the intricate interplay and in-
terdependencies between diverse failure mechanisms remained to be
explored in more detail.

While there is a limited number of studies addressing the impact of
AM-induced heterogeneities on mechanical properties, there is a
noticeable absence of numerical approaches to quantifying these effects.
Consequently, the utilization of these materials necessitates a compre-
hensive evaluation of both the kinetics governing the evolution of AM
microstructures and the consequential impact of these changes on me-
chanical properties. Additionally, the phenomenon of in situ y’ precip-
itation during creep at 750 °C, in the absence of an aging treatment,
represents an intriguing area warranting thorough investigation. Thus,
the objective of the study is (i) to establish an integrated computational
materials engineering (ICME) framework to analyze the effects of AM-
induced heterogeneities on the creep behavior and to compare them
to CM (referred to as "AM state" and "CM state" respectively throughout
the paper), and (ii) to investigate the effect of AM-specific heterogene-
ities on creep behavior. Therefore, the development of the proc-
ess-structure and structure-property models will enhance the
understanding and application of AM alloys [36].

2. Methods
2.1. Thermodynamic modelling

Phase stability at the equilibrium condition was modeled based on
the CALPHAD (CALculation of PHAse Diagram) approach [50] using the
Thermo-Calc® software version 2023b [51], and the TCNI12 thermo-
dynamic database [52]. The results were then compared to phase
characterization results for AM and CM states. To determine the solid-
ification path and the redistribution of elements, the Scheil-Gulliver
model [53,54], integrated into the Thermo-Calc® software, was
employed. The model establishes a local equilibrium at the interface
between the solid and liquid phases, assuming an ideal mixing of ele-
ments in the liquid phase and no diffusion in the solid phase. The
approximation effectively captures the microsegregation phenomena
that occurs during rapid solidification processes.

2.2. Precipitation Simulation

The kinetics of y’ precipitation from the disordered, face-centered
cubic (fcc, y) matrix during aging heat treatment at 750°C were simu-
lated using the Thermo-Calc® software package with its precipitation
module (TC-PRISMA) [51], which is based on the Langer-Schwartz
theory and adopts the Kampmann-Wagner numerical method to simu-
late the concurrent nucleation, growth and coarsening of precipitates in
multicomponent and multiphase alloys [51]. TCNI12 [52] and MOBNI6
[55] were utilized as multicomponent thermodynamic and mobility
databases, respectively. The NiCrAl alloy composition for y’/y
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simulation was first obtained by excluding high-temperature carbides
from the overall composition, based on the equilibrium calculation at
the solution temperature. Heterogeneous nucleation of y’ was assumed,
with the number of nucleation sites calculated based on the dislocation
density of the thin foil characterized by transmission electron micro-
scopy (TEM) [32]. The Thermo-Calc® simplified growth-rate model was
used assuming a spherical morphology of nuclei/precipitates. A
size-dependent interfacial energy function was applied to represent the
y’/y coherency transition.

2.3. Creep life modelling

In different stress and temperature regimes as well as in different
microstructural conditions, creep mechanisms differ and split across the
three stages, primary, secondary, and tertiary. Typically, Ni-based alloys
exhibit deformation in the matrix due to a dislocation-based mechanism
(€marrix) or at the grain-boundary due to sliding (ez). These mechanisms
occur sequentially, with dislocations being relieved from the matrix and
supplied to the grain-boundary for GBS, and the resulting deformation
strain rates being additive [46,56]. The high-temperature creep defor-
mation of NiCrAl alloy was attributed to contributions from both GBS
and dislocation creep (c.f Fig. 1). The total creep strain rate in the
material can be described as,

de _ denane deyy
dt dt dt

During the dislocation-climb process, the creep deformation is
mainly governed by the glide of dislocations. Thus, according to the
Dyson’s approach [57], the dislocation creep in
precipitation-strengthened alloys is based on the jerky glide mechanism,
as shown in the Fig. 1a. The jerky glide refers to the climb-glide motion
of dislocations around the precipitate at stresses below the yield stress.
The model is valid only for the climb-glide mechanism at low stress
below Orowan bowing or precipitate shearing. An explicit relationship
between the matrix shear creep rate and microstructure is given as

ob% A
MkT

@
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, where emauix is the matrix creep strain, p,, is the matrix dislocation
density, V¢ is the volume fraction of the precipitates, A, is the average

Intragranular creep
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inter-precipitate spacing, C; is the jog density coefficient, D is the self-
diffusion coefficient, o is the applied stress, b is the Burgers vector, M
is the Taylor factor, k is the Boltzmann constant, and T is the tempera-
ture.

Dislocation sources become active once the local matrix shear stress
(tm) surpasses the shear network strength (t,et). Moreover, the presence
of coherent particles induces micromechanisms such as particle shearing
and Orowan looping, resulting in a strain rate-insensitive athermal shear
yield strength (t.,). Therefore, the creep model applies only when the
matrix shear stress falls within the range (tne < Tm < 7qm). Conse-
quently, at stresses beyond this range, the climb/glide particle bypass
micromechanism no longer governs the rate control.

The creep rate equation was coupled with CDM to estimate the pace
of transformation of each pertinent microstructural aspect and to project
the corresponding degradation in creep resistance. The primary creep
stage was predicted by incorporating back stress originating from the
plastically deforming matrix acting on the hard, elastically deforming
precipitates. This back stress was subtracted from the applied stress o,
and it approached a saturated limit o}, which was assumed to be due to
dislocation punching at the interface between the precipitates and ma-
trix. The evolution of dislocation density is given by an unbounded
mobile dislocation multiplication term, D/g.

de matrix __

dt

0o

el +D'd)sinh( o1 =H) ) ®)

1
, where, €g =  1.6DGM 'p, V;(1-Vj) | (/4V5)2 -1 | ,H = o /o is the
hardening parameter, H* = 2V;/ (142Vjf) the saturated hardening

limit and 69 = (MkT/b%Ay) the stress constant. The evolution of dislo-
cation density is defined as Dy = <’;L) — 1 = Cé., where p,,; is the
initial dislocation density, p,is the dislocation density and C is the
material constant termed as dislocation multiplication coefficient. The
evolution of the hardening parameter towards the saturation limit is
given by the platen model [44] as

=Yt (1 - 5) e @

Furthermore, the grain-boundary carbides provide a back stress
against dislocation climb and glide [46,58]. As dislocations pile up at the
grain-boundary particles, a back stress is generated against dislocation

Intergranular creep
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Fig. 1. Creep mechanisms considered in the modelling approach influencing the intragranular and intergranular creep deformation. (a) Combined climb and glide
behavior of dislocations within the y matrix and interaction with y’ precipitates was considered as the rate-controlling mechanism for intragranular creep defor-
mation according to Dyson’s model [57]. (b) Dislocation pile-up at grain boundaries due to hindrance from the grain-boundary carbides (M23C¢) [58]. (c) Cavity
nucleation mechanism at the grain-boundary due to GBS and nucleation at the interface of grain boundary and M23Cg carbides [59].
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glide and climb, as shown in Fig. 1b. Thus, the rate equation for the
transient strain rate due to grain-boundary particles can be expressed as

deg _Ang/,tb b
dt KT dgrai

(5)

) (e ng>“(i‘« OIC)

b u?

where A is a material parameter, Dy, is the grain-boundary diffusion, 4 is
the elastic shear modulus, dgq, is the mean grain size, g is carbide dis-
tribution parameter, rg, is the mean carbide radius, Agis the mean car-
bide spacing, 7, is the glide resistance and 7. is the climb resistance.
At elevated temperatures, creep initiates the formation and growth
of nanoscale cavities heterogeneously at geometrical or microstructural
irregularities, as shown in Fig. le. This continuous process occurs
through the diffusional transfer of atoms from grain boundaries to
cavities. The growth and nucleation of the cavities follow classical
nucleation theory (CNT), which is based on the initial works of Zeldo-
vich [60], Frenkel [61], Becker and Doring [62], Volmer and Weber
[63]. Furthermore, Meixner et al. [64,65] implemented the
Kampmann-Wagner framework for cavitation kinetics modelling to
simulate the nucleation and growth of multiple cavities of various
time-steps and sizes. The cavitation kinetics in the grain boundary and
around the precipitate are considered through the following equations

LA -Q AF 1 AF
I'=Nos 5= exp (TT)DGB 37RT F’"P< - RT) ©®

where Ngg is the number of available cavity nucleation sites in the grain-
boundary, A* is the surface area of a critical cavity, Q is the atomic
volume, Q, is the vacancy formation energy, AF*is the Helmholtz free
energy for cavity nucleation, and R is the gas constant. Detailed deri-
vation and explanation of the factors is stated in [29,59,64-66]. The
growth of the cavities is further described by

Time step 1
AM + SHT

Time step 2

AM + SHT
Creep testing
.
- Intra-granular M,;Cg carbide
a» Inter-granular M,;Cg carbide
Time
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where y is the surface energy between the precipitate and matrix.
Failure during the tertiary creep is due to the intergranular failure
caused by inter-linking of the cavitation at the grain boundaries. In order
to model the coalescence and the crack growth, a deeper physical un-
derstanding would be required to comprehend the interaction between
two cavities, cavity nucleation locations and the spacing between the
cavities. Thus, according to [59] the failure criterion in this study is
taken as

2rcavity mean 2 dcavitiex (8)

where I'eyity mean is the mean cavity radius and dcqyies is the mean inter-
cavity spacing. The creep cavitation mechanism was considered as a
strain-induced damage by an effective stress through physics-based
continuum creep damage mechanics [67].

. o
O = =Dy (C)]

Dy = (10)

: 2
€dr  Teayiry

where Dy is the cavitation damage parameter. To summarize, the
simulation model utilized in this study includes the contributions of
creep deformation caused by y’ precipitation, dislocation climb, GBS,
and cavity growth kinetics.

2.4. Model setup

Due to the complexity of the initial microstructure, the microstruc-
ture characteristics were extracted and simplified as input to the model.
A schematic of the microstructure evolution during creep is shown in

el
LN |=es

Time step 3
AM + SHT

Creep testing

Fig. 2. Hierarchical microstructural features modelled in the study illustrating (a) the initial state with primary nanosized intragranular M»3Ce carbides, (b) pre-
cipitation of y’ in the matrix and M»3Cg carbides at the grain-boundary and the dissolution of primary nanosized intragranular carbides and (c) coarsening of the

intergranular carbides and y’ precipitates.
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Fig. 2. In its initial state (solutionized, SHT), the NiCrAl alloy featured a
fce (y) matrix with primary nanosized intragranular My3Ce carbides.
During creep at 750 °C, a significant microstructural transformation
occurred: the nucleation and precipitation of the y’ phase within the
matrix and the precipitation of My3Cq carbides at grain boundaries.
These phenomena had a substantial impact on the material behavior
during creep, as y’ precipitates hinder dislocation glide, while M33Cg
carbides constrain GBS. It is noteworthy that the primary nanosized
intragranular My3Cg carbides, characterized by smaller volume fractions
in AM state and larger sizes in CM state, played a negligible role in the
dislocation glide mechanism and were therefore excluded from the
modelling approach.

The microstructural parameters employed in the creep model were
derived from various experiments, including scanning transmission
electron microscopy (STEM), electron back scattered diffraction (EBSD),
inverse pole figure (IPF) maps, scanning electron microscopy (SEM), and
energy dispersive X-ray (EDX) analyses, as summarized in Table 2. The
MATLAB code utilized the results of precipitation simulations and cavity
nucleation to iterate the y’ volume fraction, radius, and the cavity
density in the creep simulations. The physical parameters of the model
were obtained from various previous studies, as shown in Table 1.
Notably, the determination of C; proved challenging and thus, required
calibration within the model [29,44,68]. C; indicates the effectiveness of
jog formation when encountering a precipitate. Additionally, the ma-
terial constant (A) was calibrated based on experimental results. These
parameters remained consistent for both AM and CM states across all
temperatures and stresses investigated in this study. Cavity growth of
pre-existing cavities occurred at each time-step, with concurrent gen-
eration of new cavities. The grain-boundary area allocated for cavities
was diminished by the space occupied by preexisting cavities in each
time step. These iterative procedures persisted until the predefined
failure criterion was satisfied. Coalescence and crack growth processes
have not been explicitly modeled in the current study. These processes
typically involve complex interactions between multiple cavities, which
require a more in-depth understanding for accurate modelling. Addi-
tionally, coalescence represents the final stages of creep failure [64].
Porosity can be incorporated into the current model as pre-existing
cavities, defined by the cavity nucleation rate. This would result in an
initial cavity number density of 5.1x10*! m~3 for a porosity of 0.43 % as

Table 1
The material parameters used in the creep modelling approach for AM and CM
states.

Physical Description Value Ref.
parameters
Q Activation energy (kJmol™1) 305 [44]
G Jog density coefficient 0.002 -
D, Pre-exponential diffusivity m%™ Y 1.9 x10°4 [44]
b A 2.54
Burgers vector (A) [44]
M Taylor factor 3.1
[44]
k Boltzmann’s constant (m*kgs 2K~!)  1.38 x1072® .
E Young’s modulus at room 160 [44]
temperature (GPa)
A Material constant 2 x10* [29]
Dy - 3.5 x10°"®
b% * [29]
Ycarbide Interface energy carbide m™b 1 [29]
Ygb Interface energy grain boundary 0.69 .
UmY [29]
Yo Surface energy of matrix (Jm 1) 1.73
op Driving force of defects (Pa) 1.2 x10'° (64]
Q Vacancy formation energy (eV) 1.7 [64]
ol
Q Inter-atomic spacing (m) 1.0710 x
102 [64]
a Atomic volume (m ™) 224 x1071°  [64]
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Table 2
The numerical parameters used in the creep modelling approach of AM state.

Microstructure Description CM AM Ref.

parameters

Pm Dislocation 2.1 5.1 Experiments
density (m?) x10'3 x10'3

T Creep 750 750 Experiments
temperature (°C)

o Creep stress 100-200 100-200 Experiments
(MPa)

op Driving force of 1.2 1.2
defects (Pa) %10 x10° [64]

dgrain Grain size 60 32 Experiments
without twins
(um)

Tgb Carbide size (um) 0.95 0.37 Experiments

Agh Carbide spacing 1.257 0.625 Experiments
(um)

\73 Final y’ volume 10.95 11.8 Experiments
fraction (%)

r Final y’ radius 55 60 Experiments
(nm)

N; Nucleation sites 1.32 3.17 Calculated

(x10%* /m%)

seen in the experiments [32]. However, when compared to the potential
cavitation sites at grain boundaries (activated sites: 104 m’3; total sites:
10%* m™3), this amount is minimal. Gas pores are uniformly distributed
throughout the sample, predominantly situated in the interior of the
melt pool. Consequently, they exhibit no discernible impact on the
processes of cavity nucleation and growth, as their growth rate is
confined [49]. Furthermore, Ulbricht et al. [69] demonstrated, via
interrupted CT scan studies, that the initial porosity did not influence the
progression of creep damage in the highly dense 316 L specimens
fabricated by LPBF. Thus, due to the high density of the AM state with no
defects except for gas pores and heavily cavitated grain boundaries (c.f
Fig. 4a), pores didn’t influence the creep mechanism and hence omitted
from the creep modeling framework.

2.5. Experiments

The nominal composition of Alloy 699XA is given in Table 3. The CM
state was produced by hot rolling and subjected to a SHT. The AM state
samples were fabricated by means of LPBF on an EOS-M290 system
using an Yb fiber laser. The printing process was operated at a laser
power of 260 W and a scanning speed of 1100 mm/s. The hatch dis-
tance, layer thickness and the preheating temperature were 110 pm,
40 um and 80 °C, respectively. Furthermore, the as-built state was also
subjected to SHT. No aging heat treatments were performed as the
commercial alloy is intended to be operated around the aging temper-
ature and thereby y’ precipitation occurs during service. With respect to
the alloy’s extensive application in petrochemical industries at high
temperatures (>500 °C), creep testing was performed at 750 °C close to
common service conditions for 699XA. The yield strength of AM and CM
states after SHT was 265 MPa and 260 MPa, respectively, and the tensile
strength was 483 MPa and 481 MPa, respectively, at 750°C [32]. While
the applied creep stresses ranged between 100 — 200 MPa (Table 2). A
detailed description of AM processing, creep experiments, character-
izations, and further analysis are referred to [32].

3. Results
3.1. Experimental findings

The AM state specimens were manufactured utilizing gas-atomized
powders with a composition measured by EDX point analysis 2.3 wt%

Al, 29.1 wt% Cr and 0.1 wt% Fe. The EDX point analysis on the AM state
after SHT indicated that grain-boundaries were slightly enriched with Al
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Table 3
Nominal composition of NiCrAl alloy (Alloy 699XA, VDM Metals GmbH, Germany) [11].
Ni Cr Al Fe Mn Si Ti Nb Cu Zr C N P S B
min Bal. 26.0 1.9 - - - - - - - 0.005 - - - -
max Bal. 30.0 3.0 2.5 0.50 0.60 0.60 0.50 0.50 0.10 0.100 0.05 0.02 0.01 0.008

(2.35 wt%) and Cr (31.78 wt%) compared to the matrix with Al (2.09 wt
%) and Cr (27.92 wt%). Hence, only a minor loss of elements like Al was
observed in the study after AM [32]. Fig. 3a-f shows the microstructural
characterization of AM and CM states after SHT by EBSD and TEM.
Annealing twins were present in both AM and CM states due to the low
stacking fault energy (SFE) in Alloy 699XA [70,71], as shown in the
EBSD-IPF maps (c.f Fig. 3a, b). The AM state exhibited a fine-grained,
partially recrystallized microstructure due to primary nanosized intra-
granular My3Cg carbides hindering the grain-boundary migration during
SHT (c.f Fig. 3f). The high cooling rates and complex thermal conditions
in laser material processing lead to fine intragranular nanosized M33Cg
carbides in the AM state, compared to coarse carbides in the CM coun-
terpart (cf. Fig. 3e,f).

Figs. 3i and 3j show the y’ precipitates in the y matrix upon creep for
AM and CM states at 750 °C. The y’ precipitates exhibited a spherical
morphology and were uniformly distributed in the matrix. The grain
boundary precipitates were characterized by SEM-EDX and diffraction
patterns based on the synchrotron X-ray diffraction analysis as M23Cg
carbides [32], as shown in Figs. 3g and 3h. A higher volume fraction and
uniform distribution of carbides were observed in the AM state. The CM
state had a discrete distribution of carbides and lower volume fraction.
The intragranular carbides were coarser and did not dissolve completely

Before creep - Microstructure

even after aging for 761 h at 750 °C. The formation of grain-boundary
carbides was facilitated by carbon provided in the supersaturated ma-
trix and by dissolution of primary nanosized intragranular carbides. The
fine intragranular carbides in the AM alloy dissolved completely and
re-precipitated at the grain boundaries during creep testing. The
calculated grain sizes, carbide number density and y’-fraction evolution
were used as inputs for the creep model. Upon creep fracture, the AM
and CM states exhibited an intergranular fracture, as shown by the EBSD
analysis in Fig. 4. The cracks propagated along the grain boundaries, as
highlighted in the insets through the kernel average misorientations
(KAM) and band-contrast maps at 750 °C and 100 MPa. The SEM
analysis of the AM state after failure at 100 MPa revealed that the cav-
ities were formed along the grain boundaries and near the
carbide/grain-boundary interfaces in the AM state, causing cavity coa-
lescence and failure [72,73].

3.2. Thermodynamic and Scheil Simulations

Equilibrium phase fractions as a function of temperature were pre-
dicted, as depicted in Fig. 5a. The solvus temperature of the y’ phase was
found to be approximately 780 °C, while that of My3Ce (M primarily as
Cr) was around 1050 °C. Additionally, the precipitation of MX phase
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Fig. 4. SEM analysis of CM and AM state after creep fracture at 100 MPa for
761 and 901 h at 750 °C. (a) SE micrograph of the AM state after creep showing
the formation of cavities across the grain boundaries and carbide/matrix in-
terfaces during creep. The inset shows the magnified section of the area
considered with creep cavities formed along the grain boundary with y’ in the
matrix. (b, ¢) Intergranular fracture in the AM and CM states after creep, with
insets showing the KAM and band-contrast (BC) map after creep fracture.

(primarily in the form of ZrN) was predicted to occur in NiCrAl alloy at
temperatures close to or higher than the melting point of the fcc phase.
To comprehend the solidification process during additive manufacturing
(AM), the solidification pathway of NiCrAl alloy was examined based on
the Scheil-Gulliver modelling results, both with and without the addi-
tion of nitrogen, as illustrated in Figs. 5b and 5e. It was predicted that
after the initial formation of corundum-type Al,O3 phase, fcc-structured
v phase solidified as the primary phase starting from around 1250 °C,
and thereafter forms the eutectic structure comprised of MX and M3Cg
phases at the end of solidification. These findings align well with the
TEM analysis that revealed the presence of ZrN nitrides and intra-
granular My3Cg carbides in the AM state. In the CM state, no Al,O3 was
observed, as almost no oxygen was contained. Due to the higher cooling
rates during LPBF, the volume fraction and particle size of M3Cg car-
bides in the AM state were lower than those in the CM state. Conse-
quently, this increased the C content dissolved in the y phase and
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segregated at grain boundaries, thereby promoting the precipitation of
M,3Ce carbides, as corroborated in the earlier sections of the
manuscript.

3.3. Precipitation Simulation

The simulations of y’ precipitation in the fcc matrix during aging
treatment of NiCrAl alloy were conducted, and the predicted y’ precip-
itate size distribution results for the AM state are presented in Fig. 6.
Among the various parameters employed, Y’ phase free energy correc-
tion, matrix diffusivity, and y’/y interfacial energy underwent calibra-
tion. The volume fraction of the y’ phase after 901 h aging at 750 °C was
assumed to reach thermodynamic equilibrium, and its value was used to
correct the y’ phase free energy predicted by the TCNI12 database. An
error function representing the size-dependent interfacial energy was
applied to represent the y’/y interface-coherency transition, based on
the prior work [74] and with calibration against the characterized
precipitate size distribution by SXRD and STEM techniques [32]. In
addition, a diffusivity correction factor was applied to the MOBNI6
database to rescale the diffusivity matrix for local fitting. The predicted
precipitate radius and volume fraction are presented in Fig. 6, with
nucleation site saturation evident as the plateaus in the curves, where-
after particle coarsening takes over. In general, the predicted precipitate
size distributions demonstrated good agreement with the experimental
data, considering sources of uncertainties arising from experimentation
and simulation assumptions. A comparable precipitation behavior was
anticipated for the CM state with the same precipitation mechanism
[28]. Since the precipitation of y* phase is not influenced by the applied
stress [75], similar precipitation kinetics were used for the creep
modelling approach across different stresses.

3.4. Creep Simulation

Creep simulations were carried out employing the specified param-
eters detailed in Table 1 and Table 2, as illustrated in Fig. 7. The
simulated creep data was then compared with experimental results,
revealing a notable agreement between the two datasets for both AM (c.f
Fig. 7a) and CM (c.f Fig. 7b) states at 750°C across a stress range
spanning from 100 to 200 MPa. The creep strain evolution clearly
indicated the complete absence of the pure secondary creep stage at
higher stresses (>100 MPa) due to a transient creep behavior. However,
at 100 MPa, the creep behavior distinctly exhibited the three stages,
shedding light on the diverse mechanisms operative under varying stress
levels. Furthermore, the adoption of a stress-based damage evolution
model accurately captured the evolution of creep strain at different
stresses (c.f Figs. 7a and 7b), however, this led to slight over-prediction
of the ductility of the material.

Furthermore, the creep strain rate versus time for CM and AM states
at 750 °C based on experiments and simulations was plotted, revealing a
commendable agreement, as depicted in Figs. 7c and 7d, respectively.
Surprisingly, despite the smaller grain sizes, the minimum creep strain
rate in the AM state remained similar to or slightly lower than that of the
CM state in the secondary creep regime. This phenomenon was attrib-
uted to the uniform distribution of carbides in the AM state, in contrast
to the discrete distribution in CM alloy, which constrained the extent of
GBS. A noticeable observation from the plots was that at stresses
exceeding 100 MPa, the curves exhibited a behavior akin to a steady-
state strain rate, while at 100 MPa, a steady-state creep rate behavior
was evident.

The comparisons of time to rupture (TTR) and time to 1 % strain
between experiments and simulations are illustrated in Fig. 8a-d. The
inverse relationship of applied stress and creep life suggests a diffusion
controlled cavity-growth mechanism [59]. Consequently, it can be
concluded that the creep modelling approach effectively captured the
mechanisms governing creep deformation at 750 °C for Alloy 699XA
over the duration of up to 850 h. These results underscore the accuracy
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and reliability of the model for simulating creep behavior in Alloy
699XA, thereby presenting the potential for predicting the mechanical
properties of similar alloys under similar conditions.

4. Discussion

Alloy 699XA, a precipitation-strengthened NiCrAl alloy, displayed a
similar creep rate in both AM and CM states. The presence of the y’
precipitate within the alloy governed its creep resistance due to dislo-
cation climb, while distinct mechanisms operated at varying stress levels
during creep testing at 750 °C. At elevated stresses, such as 200 MPa,
even though the volume fraction of y’ precipitates reached 8.2 %, the
CM state experienced failure within a mere 21.5h. Conversely, at
100 MPa, where the volume fraction reached 10.5 %, the samples
endured for a significantly higher time to rupture, with failure occurring
after 761 h. Furthermore, the AM state exhibited reduced ductility and
shorter creep rupture times compared to their CM counterparts, a trend
confirmed through simulations, as depicted in Fig. 7. The diminished
ductility observed in the AM state was correlated with a decreased

lifetime relative to the CM state. The proportionality of time to rupture
and es (strain at failure) suggested an absence of strain softening or sub-
structure formation. Considering the AM-specific heterogeneities, the
NiCrAl alloy featured a smaller grain size and a uniform distribution of
carbides after AM. Consequently, it was imperative to comprehend the
impact of these heterogeneities on the creep behavior under varying
stress conditions.

4.1. Creep cavitation

At elevated stresses, the dominant damage mechanism shifted to
accelerated creep through a fracture-damage process [76]. This tertiary
creep regime, as evident in Fig. 4a, was primarily attributed to
grain-boundary cavitation. Experimental observations also confirmed
that the NiCrAl alloy failed due to the interlinking of cavities at grain
boundaries and around M33Cg carbides at 750 °C. Cavities in materials
nucleate at grain boundaries, solute segregation, and at the parti-
cle/matrix interfaces [59]. Cavities then grow through a stress-directed
and diffusion-controlled process, either through atom diffusion away
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state [32].

from nucleated cavities or vacancy diffusion towards the cavitated re-
gions. It is important to note that cavities below a certain minimum
radius (r.), tend to shrink and disappear rather than grow. Therefore, the
rapid nucleation and growth of cavities primarily occurred at grain
boundaries (c.f. Fig. 4¢). The microstructural features contributed to a
decrease in surface energy or an increase in local stress concentration,
thus lowering the critical size required for cavity nucleation. The cav-
ities were observed and simulated only on grain boundaries and inter-
granular My3Ce/matrix interfaces, since they act as sites of high stress
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concentration in the microstructure [77]. Cavities were observed
exclusively along the high-angle grain boundaries, while the twin
boundaries remained unaffected. This phenomenon is attributed to the
increased structural order and reduced available volume within coin-
cident site lattice (CSL) boundaries [78]. These conditions hinder the
dislocation mobility by impeding vacancy diffusion and climb processes,
as well as the absorption and dissociation of extrinsic dislocations
essential for GBS and cavity formation. Consequently, no voids were
detected at the twin boundaries. Diffusion in grain boundaries is
significantly faster than in the bulk, promoting heterogeneous nucle-
ation of cavities. Cavitation was driven by vacancy diffusion in the
NiCrAl alloy, initiated in the primary creep regime but at nanometer
sizes (5 — 100 nm) and low number densities (10% — 10° /mm?). There-
fore, cavitation did not control the strain-rate evolution in the primary
and secondary regimes, resulting in similar creep behavior for AM and
CM states at 750 °C. The coalescence of growing cavities at grain
boundaries ultimately promoted decohesion, led to macroscopic crack
formation larger than the grain size, which then grew and inter-
connected, causing intergranular creep fracture.

The cavity nucleation rate directly influences the potential cavity
nucleation sites and the time required for cavities to interlink and lead to
failure. In the AM state, smaller grain sizes increased the number of
available cavity nucleation sites, accelerated the cavity nucleation ki-
netics, and total nucleated cavities, as shown in Figs. 9a and 9b. The
nucleation rate of the cavities is directly proportional to the applied
stress, grain size, diffusion coefficients and vacancy concentrations.
Smaller grain sizes further increased the number of diffusion paths for
cavity growth, enhancing the growth rate. However, over time, the
growth of cavities to larger sizes and accelerated nucleation of more
cavities (10* /mm?) shifted the creep rate towards early failure in the
AM state compared to the CM alloy. Consequently, creep strain
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acceleration primarily occurred in the tertiary creep regime due to
increased effective stress (o.) and accelerated cavitation damage (Dy)
[56,59,77,79]. Additionally, the high dislocation density in the AM state
prevented stress relaxation processes at cavity tips, leading to crack
propagation upon reaching a critical stress [25]. Higher cavity kinetics
resulted in faster cavity inter-linkage and, consequently, a shorter creep
life. The cracking behavior and stress relaxation were not included in the
current modelling approach, and this explains the slight differences in
the creep life between the simulation and experiments.

Moreover, the applied stress, featured in the exponential term of the
cavity nucleation rate, exerted the most significant influence. Noticeable
differences in cavity nucleation rates and cavity number densities were
observed between AM and CM states under varying stress levels, as
depicted in Figs. 9a and 9b. Thus, at higher stresses (>100 MPa), the AM

10

state exhibited a poor creep life compared to the CM state due to a higher
grain-boundary density and a higher number density of grain-boundary
M»3Cg carbides leading to accelerated cavitation.

Fig. 10a shows the evolution of the damage parameter (Dy) calcu-
lated based on the simulation results. It was clearly seen that until
100 MPa, the Dy was higher for the AM state compared to CM due to the
accelerated creep cavitation. However, the effect of cavitation was
subdued, and a different mechanism was active at 100 MPa. Fig. 10b
shows the strain rate evolution based on experiments for CM and two
trials of AM state at 100 MPa at 750 °C. It clearly depicts that AM and
CM states exhibited a similar steady-state strain rate, however, tertiary
creep was accelerated in the CM state. Oberg et al. [80] observed similar
behavior in cast steel HK30 at 750 °C and accounted recrystallization for
the different creep behavior at low and high stresses. However, no
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(dynamic) recrystallization was observed in the NiCrAl alloy during
creep experiments (c.f Fig. 4b-c)

4.2. Grain boundary sliding (GBS)

The failure of the NiCrAl alloy at high stresses was mainly ascribed to
the nucleation, growth, and coalescence of cavities at grain boundaries,
ultimately leading to failure. Additionally, GBS is also considered as an
important mechanism for creep cavity growth. In the power-law creep
region, GBS plays a prominent role towards the creep behavior, espe-
cially at low stresses, while dislocation climb dominates at high stresses
[81-84]. GBS results in stress concentration at grain-boundary pre-
cipitates, grain boundaries and triple points, consequently accelerating
the cavity nucleation [59]. Previous studies have noted that GBS does
not alter Norton’s power law exponent n; instead, it significantly con-
tributes only to the creep strain evolution [85]. The significant role of
GBS was evident in the NiCrAl alloy, as intergranular cracking was
observed in both AM and CM states, as depicted in Fig. 4.

Initially, at high stresses, the intragranular dislocation mechanism
and cavity formation dominated the material’s creep behavior, as the
grain-boundary carbides did not experience prolonged exposure times.
Moreover, since cavity nucleation rate and growth were linearly pro-
portional to the applied stresses, significant differences were observed at
higher stresses (c.f Fig. 9). However, at 100 MPa, similar creep-cavity
nucleation rates and cavity number densities were observed (c.f
Fig. 9). At lower stresses, the coarsening of carbides occurred over
longer exposure times, diminishing grain-boundary pinning forces and
facilitating strong GBS. GBS can typically be accommodated through
either grain-boundary migration or recrystallization. However, in this
study, the absence of newly recrystallized grains and the similar shape
factor observed before and after creep [32], suggested that GBS was not
accommodated by either grain-boundary migration or recrystallization.
Instead, the predominant mechanism was identified to be dislocation
activities, which effectively facilitates GBS [86]. GBS induced substan-
tial stress concentrations within the grain interior, subsequently redis-
tributed at the grain boundaries, thereby diminishing normal stresses in
those regions. However, at high stresses, where GBS was minimal,
normal stresses at the grain boundaries were not redistributed or
reduced, resulting in no significant GBS [85]. Consequently,
diffusion-controlled cavity growth became the rate-controlling step at
higher stresses.

The accelerated GBS in the CM state at low stresses (c.f Fig. 10b) was
attributed to the discrete distribution of carbides (c.f Fig. 3g-h), which
intensified GBS and promoted the formation of creep voids. Since the
effective stress and damage accumulation in the model were calculated
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as a function of the macroscopic strain rate, the contribution of GBS to
tertiary creep and creep cavitation was inherently included in the
modelling approach (Dy a ¢). As the strain rate increased due to GBS, the
damage factor increased, leading to earlier failure of CM state (c.f
Fig. 10). These findings aligned with experimental results reported by
Mancuso et al. [85]. Fig. 11 illustrates the impact of GBS at different
stresses and carbide number densities. The variation in carbide number
density was a numerical study and does not reflect the material behavior
in terms of carbide evolution. At higher stresses, carbide number density
had a minimal influence on creep behavior as cavitation dominated.
However, at 100 MPa, as the carbide number density increased from 0.5
t0 2.5 x1071% / m?, creep life extended from 320 to 740 h. The effect of
carbide number density on creep life diminished as stresses increased to
125 MPa and 150 MPa. At lower stresses, GBS had a more significant
impact, leading to the early acceleration of strain rate in CM state,
particularly due to its lower resistance to GBS. As the cavity damage
parameter was directly proportional to the strain rate, it contributed to
the early onset of tertiary creep in CM state, especially at lower stresses.
Hence, there is no optimal grain size that can provide maximized creep
properties over a wide temperature and stress range [87]. Thus, on the
one hand, the augmentation of intergranular carbide density diminished
the occurrence of GBS, thereby yielding an enhanced creep lifetime,
particularly under lower stresses. On the other hand, an increase in grain
size mitigated the acceleration of tertiary creep rates, consequently
enhanced the creep lifetime, especially under higher stress conditions.

5. Conclusions

A comprehensive microstructure-specific creep model for Ni-based
alloys, in particular additively manufactured (AM) alloys, has been
developed, considering crucial factors like y’-phase precipitation,
dislocation climb, grain boundary sliding (GBS), and creep cavitation.
The model demonstrated excellent agreement with experimental data
and provided a deep understanding of the impact of AM-specific het-
erogeneities on creep behavior. Furthermore, it provides insights into
the effect of AM-specific heterogeneities on creep behavior in Ni-based
alloys, shedding light on the accelerated transition from secondary to
tertiary creep stages in AM alloys, attributed to grain-boundary cavita-
tion. The major conclusions are as follows:

1. The incorporation of creep mechanisms GBS, dislocation climb, as
well as the onset of failure by creep cavitation and the precipitation
of y* during the process into the creep modelling framework enabled
a comprehensive understanding of the influence of different micro-
structural heterogeneities on creep behaviour. Combined
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consideration of in situ y’ precipitation, grain size, and intergranular
carbide distribution allowed for quantitative determination of the
rate-controlling mechanisms at distinct creep stages.

2. The applied creep model indicates dislocation climb, as opposed to
particle shearing or Orowan bowing as the dominant dislocation-
particle interaction mechanism in the secondary creep stage.

3. At high stresses (>100 MPa), the accelerated kinetics of creep cavity
formation controlled the evolution of tertiary creep, resulting in an
early failure of specimens in AM state compared to those in CM state.
The smaller grain size and incomplete recrystallization, due to the
pinning of grain boundaries by AM-specific primary nanosized
intragranular M3Ce carbides, increased the potential nucleation
sites for cavities, leading to accelerated tertiary creep in the AM
state.

4. At low stress levels (100 MPa), the influence of cavity kinetics was
less pronounced, and GBS emerged as the dominant mechanism. The
discrete grain-boundary decoration with coarse as well as lower
volume fraction of My3Cg carbides in CM state compared to uniform
and fine carbides in the AM state led to higher strain rates in the
tertiary creep stage, ultimately causing early failure.
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