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Abstract 
 

Laves phases represent a class of intermetallic compounds with unique structures and prop-

erties. Exploring these phases can lead to the discovery of novel materials with desirable char-

acteristics for various applications, such as in the aerospace, automotive, and electronics in-

dustries. Interesting are these for multi-component alloy systems like the Mg-Al-Ca, to 

strengthen the main magnesium (Mg) matrix. By studying their formation and properties, re-

searchers can optimise alloy compositions for specific purposes, such as enhancing corrosion 

resistance, improving mechanical properties, or reducing material costs. Especially to be able 

to investigate this system and the interaction of the main matrix with the Laves phases, the 

properties of Laves phases must be unravelled to get more knowledge in terms of plasticity 

and mechanical properties, to have further the ability to understand the interaction. Investigat-

ing different compositions of Laves phases contributes to our understanding of phase stability 

and the influence of chemistry on the mechanical properties. This knowledge is crucial for 

predicting the behaviour of materials under different conditions. The overarching goal of this 

thesis is to get more insights into the dislocation behaviour of the formed Laves phases of the 

Mg-Al-Ca system, namely the hexagonal C14 CaMg2 and the cubic C15 CaAl2 Laves phase. 

Therefore, this thesis was subdivided into sub-goals: i) which slip systems can be activated, ii) 

the influence of the temperature and the local chemistry on the dislocation behaviour, and iii) 

the attempt to answer the question if the findings of mechanical properties and dislocation 

behaviour and their changes with temperature and local chemistry can be transferred to similar 

stacked phases and furthermore be generalisable for Laves phases at all.  

The possible slip systems were analysed by a correlative investigation of the surface traces 

around indentation marks. Therefore, the grain orientations (using electron backscatter diffrac-

tion (EBSD)) were taken and aligned with secondary electron (SE) images of forming slip 

traces around an indentation mark. Transmission electron microscopy (TEM) analyses have 

identified new slip planes {112}, {113}, {114}, {115}, {116}, and {1 1 11}, summarized as the 

{11n} planes, with a Burgers vector 𝑏𝑏�⃗  of 1/2<110>. Statistical analysis showed the highest 

activation on {11n} planes in the cubic C15 Laves phase, with dislocation motion on {111} 

planes being up to three times lower. Micropillar compression tests revealed that the critical 

resolved shear stress (CRSS) of {111} and {112} planes are similar. However, the {11n} planes 

have three times more independent slip systems than {111} planes. Dislocation cross-slip was 

detected between {111} and {112} planes, and frequently between {114} and {115} planes. 

Atomistic simulations confirmed the new slip systems, showing low energy barriers and cross-

slip ability. Temperature influenced the dislocation structure, with dissociated dislocations 
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observed after reaching the BDTT. The local chemistry had negligible influence on slip systems 

in Ca33Al67, Ca33Al61Mg6, and Ca36Al53Mg11, all showing main plasticity on {11n} planes. How-

ever, the addition of Mg and Ca decreased hardness and indentation modulus, indicating sof-

tening behaviour with the deviation from the stoichiometric compound. Atomistic simulations 

showed a decreasing energy barrier with increasing Mg and Ca to the CaAl2 Laves phase, and 

increased anisotropy related to stiffness and surface morphology. The hexagonal C14 MgCa2 

Laves phase was investigated in the range of 50 – 250 °C revealing at lower temperatures 

dislocation pinning which decreases with an increase in temperature, facilitating dislocation 

motion. Contrary to this observation, the visible surface traces were strongly influenced by the 

orientation and temperature, and at 250°C none were visible. Over the investigated orienta-

tions the pyramidal planes were the most detected followed by the 1st order prismatic and then 

the 2nd order prismatic with the basal plane. However, the mechanical properties like hardness 

and indentation modulus remained at one level throughout the investigated temperatures. With 

the combination of the study of the C15 Laves phase prototype, namely the MgCu2, which 

presented the same trend for the influence of the temperature regarding mechanical properties 

as the C15 CaAl2 phase the question of a generalisation can be assumed. By comparing both 

mechanical properties and their resulting plasticity (here just for room temperature (RT)) and 

coming up to similar results, although the radius ratio rA/rB deviates around 0.13, the first steps 

in terms of generalisation can be made. Moreover, isostructural similar planes can be found in 

the C14 and C15 Laves phase, for example the Laves phase typical triple layer, the basal 

plane and {111} plane, and prismatic 1st order with the newly found {112} planes. The last two 

planes have the calculated lowest CRSS at RT for the CaMg2 and CaAl2 Laves phase. With 

the high amount of Laves phases which are listed up to now, the structurally equivalent planes 

can be useful to take predictions how changes can influence mechanical properties and plastic 

behaviour based on already known research. Aiming to have mechanism- and plasticity maps 

to facilitate sample synthesis and only specific samples have been measured. 

The findings acquired during the analysis provided important insights into the dislocation be-

haviour of Laves phases, especially the new found slip planes for the cubic Laves phase and 

the ability for dislocations to cross-slip, showing that the introducible plasticity introduced is 

greater than expected. The influence of the local chemistry seems to have a critical composi-

tion to influence the mechanical properties, like the hardness or already the reported brittle 

ductile transition temperature (BDTT).  
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Kurzfassung 
 

Laves Phasen stellen eine Klasse von intermetallischen Verbindungen mit einzigartigen Struk-

turen und Eigenschaften dar. Die Erforschung dieser Phasen kann zur Entdeckung neuartiger 

Werkstoffe mit wünschenswerten Eigenschaften für verschiedene Anwendungen führen, z. B. 

in der Luft- und Raumfahrt-, Automobil- und Elektronikindustrie. Interessant sind diese für 

Mehrkomponenten-Legierungssysteme wie Mg-Al-Ca, um die Mg-Hauptmatrix zu verstärken. 

Durch die Untersuchung ihrer Bildung und ihrer Eigenschaften können die Forscher die Legie-

rungszusammensetzungen für bestimmte Zwecke optimieren, z. B. zur Erhöhung der Korrosi-

onsbeständigkeit, zur Verbesserung der mechanischen Eigenschaften oder zur Senkung der 

Materialkosten. Um dieses System und die Wechselwirkung der Hauptmatrix mit den Laves 

Phasen untersuchen zu können, müssen die Eigenschaften der Laves Phasen entschlüsselt 

werden, um mehr Erkenntnisse über die Plastizität und die mechanischen Eigenschaften zu 

gewinnen. Die Untersuchung von Laves Phasen trägt zu unserem Verständnis der Phasen-

stabilität und des Einflusses der Chemie bei. Dieses Wissen ist entscheidend für die Vorher-

sage des Verhaltens von Materialien unter verschiedenen Bedingungen. Das übergeordnete 

Ziel dieser Arbeit ist es, mehr Einblicke in das Versetzungsverhalten der gebildeten Laves 

Phasen des Mg-Al-Ca-Systems, der hexagonalen C14 CaMg2 und kubischen C15 CaAl2 Laves 

Phase, zu erhalten. Daher wurde dieses in Unterziele unterteilt: i) welche Gleitsysteme aktiviert 

werden können, ii) der Einfluss der Temperatur und der lokalen Chemie auf das Versetzungs-

verhalten und iii) der Versuch, die Frage zu beantworten, ob die Erkenntnisse über die mecha-

nischen Eigenschaften und das Versetzungsverhalten sowie deren Änderungen mit der Tem-

peratur und der lokalen Chemie auf ähnlich geschichtete Laves Phasen Typen übertragen und 

des Weiteren für Laves Phasen verallgemeinert werden können. 

Die möglichen Gleitsysteme wurden durch eine korrelative Untersuchung der Oberflächenspu-

ren um die Eindringstellen analysiert. Dazu wurden die Kornorientierungen (mit Hilfe der Elekt-

ronenrückstreuungsbeugung (EBSD)) aufgenommen und mit Sekundärelektronenbildern (SE) 

von sich bildenden Gleitebenen um eine Eindringstelle abgeglichen. Transmissions-Elektro-

nenmikroskopie (TEM)-Analysen haben neue Gleitebenen {112}, {113}, {114}, {115}, {116} und 

{1 1 11} identifiziert, die als {11n} Ebenen zusammengefasst werden, mit einem Burgers-Vek-

tor 𝑏𝑏�⃗  von 1 2� <110>. Die statistische Analyse zeigte die höchste Aktivierung auf {11n} Ebenen 

in der kubischen C15 Laves Phase, wobei die Versetzungsbewegung auf {111} Ebenen bis zu 

dreimal geringer ist. Mikrosäulendruckversuche ergaben, dass die kritische Schubspannung 

der {111} und {112} Ebenen ähnlich sind und beide bei der gleichen angewandten Spannung 
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aktiviert werden können. Allerdings haben die {11n} Ebenen dreimal mehr unabhängige Gleit-

systeme als die {111} Ebenen. Zwischen den {111} und {112} Ebenen und häufig auch zwi-

schen den {114} und {115} Ebenen wurde ein Quergleiten der Versetzungen festgestellt. Ato-

mistische Simulationen bestätigten die neuen Gleitsysteme und zeigten niedrige Energiebar-

rieren und die Fähigkeit zum Quergleiten. Die Temperatur beeinflusste die Versetzungsstruk-

tur, wobei nach Erreichen der spröde-duktilitäts-Übergangstemperatur Versetzungsspalten 

beobachtet wurde. Der Einfluss der lokalen Chemie war jedoch für die statistische Auswertung 

der Gleitsysteme vernachlässigbar, wobei sich bei Ca33Al67, Ca33Al61Mg6 und Ca36Al53Mg11 die 

Hauptplastizität auf den {11n} Ebenen zeigte, die mechanischen Eigenschaften jedoch durch 

eine Verringerung der Härte und des Indentationsmoduls beeinflusst wurden. Atomistische 

Simulationen ergaben, dass die Energiebarriere zur CaAl2 Laves Phase mit zunehmendem Mg 

und Ca abnimmt. Außerdem wird die Anisotropie in Bezug auf die Steifigkeit und die Oberflä-

chenmorphologie ausgeprägter. Die hexagonale C14 MgCa2 Laves Phase wurde im Tempe-

raturbereich von 50 - 250°C untersucht und zeigte bei niedrigeren Temperaturen „Verset-

zungspinning“. Durch die steigende Temperatur nimmt dies aufgrund der erleichterten Verset-

zungsbewegung ab. Im Gegensatz zu dieser Beobachtung nahmen die sichtbaren Oberflä-

chenspuren in Abhängigkeit von der Orientierung ab und waren bei 250 °C nicht mehr sichtbar. 

Insgesamt wurden die pyramidalen Ebenen am häufigsten festgestellt, gefolgt von den pris-

matischen Ebenen erster Ordnung und den prismatischen Ebenen zweiter Ordnung mit der 

Basalebene. Die mechanischen Eigenschaften wie Härte und Eindringmodul blieben jedoch 

über die untersuchte Temperatur hinweg auf einem Niveau. In Kombination mit der Untersu-

chung des Prototyps der C15 Laves Phase, der MgCu2-Phase, die den gleichen Trend für den 

Einfluss der Temperatur auf die mechanischen Eigenschaften zeigt wie die C15 CaAl2 Phase, 

kann die Frage nach einer Verallgemeinerung vorsichtig beantwortet werden. Beim Vergleich 

beider Phasen weicht das Radienverhältnis rA/rB um 0.13 ab und zeigt bei beiden den gleichen 

Trend. Darüber hinaus lassen sich sowohl in der C14 als auch in der C15 Laves Phase 

isostrukturell ähnliche Ebenen finden, z. B. die typische „Triple“ Ebenen, im hexagonalen die 

Basalebene und in kubischen die {111} Ebene, sowie die prismatischen Ebenen erster Ord-

nung mit den neu gefundenen {112} Ebenen. Diese Ebenen haben die niedrigsten berechne-

ten kritischen Schubspannungen bei Raumtemperatur für die CaMg2 und CaAl2 Laves Phase. 

Da bis jetzt die Anzahl aller bekannten Laves Phasen sehr hoch ist, wäre es sicherlich nützlich, 

strukturell äquivalente Ebenen zwischen den Prototypen zu finden, um Änderung der mecha-

nischen Eigenschaften und des plastischen Verhaltens grob abgeschätzt zu können. Ziel wäre 

die Erstellung eines Mechanismus-Diagramms, was resultierende Plastizität vorhersagen 

kann, umso hinsichtlich der Probenherstellung gezielte Entscheidungen treffen zu könnten. 

Die bei der Analyse gewonnenen Erkenntnisse lieferten wichtige Einblicke in das 
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Versetzungsverhalten der Laves Phasen, insbesondere die neuen Gleitebenen und die Fähig-

keit der Versetzungen durch Quergleitprozesse gleiten zu könne zeigt, dass die tatsächliche 

Plastizität größer ist als erwartet. Der Einfluss der lokalen Chemie scheint eine kritische Zu-

sammensetzung überschreiten zu müssen, um die mechanischen Eigenschaften zu beeinflus-

sen, wie beispielsweise bei der Härte oder in früheren Studien beim spröd-duktil-Übergangs-

temperatur sichtbar wurde. 
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1 Motivation 
 

Laves phases belong to one of the most important and abundant suborders of the intermetallic 

phases and are characterised by their well-ordered structure of two to three different metallic 

and/or non-metallic components, forming a multi-component system [19, 20]. The resulting 

compound is a combination of “A” atoms, which have a comparatively high atomic radius, with 

smaller “B” atoms, leading to an ideal atom ratio of rA/rB ≈ 1.225 resulting in a densely packed 

AB2 structure, which can crystallise in three different structure types: the cubic C15, the hex-

agonal C14 and the di-hexagonal C36 Laves phase [19-26]. Due to this combination, the me-

chanical and physical properties are changing regarding the pure, not combined component. 

Especially, by using a transition metal as one component, the forming structure provides high 

melting points, with good creep resistance as well as high strength and fracture toughness, 

and is therefore a reasonably good candidate for high temperature applications [20, 27, 28]. 

The physical properties of these combined structures offer the possibility of hydrogen storage. 

Additionally, the extended phase width of Laves phases leads to a manipulation of the equilib-

rium pressure of hydrogen storage [29, 30]. In addition to that, iron based Laves phases show 

good properties in terms of magnetic and electronic conductivity [31, 32]. Moreover, their su-

perconductivity makes these structures quite interesting for superconductors, showing ranges 

from 0.07 K to 10 K for the MgCu2-type Laves phase [12, 33, 34]. Besides the mechanical and 

physical properties, Laves phases have shown to influence the corrosion properties of a mul-

tiple phase material, depending on the size of the prototype, their morphologies and intercon-

nectivity to improve or reduce the corrosion resistance [35-37].  

These properties result due to their special structure, which goes hand in hand with the diffi-

culty in terms of the investigation of plasticity, especially their room temperature behaviour. A 

few years ago, it was still challenging to introduce plasticity in these highly dense packed struc-

tures. By using nanomechanical experimental settings dislocations can be mobilised and the 

plasticity can be measured. This allows us to perform the experiments that are needed to in-

vestigate the upcoming Laves phases of the Mg-Al-Ca system. Figure 1 represents the whole 

workflow of the analysed Laves phases and the key findings. In this research, the main focus 

lies on the investigation of the dislocation structure, in the cubic C15 CaAl2 and the hexagonal 

C14 CaMg2 Laves phases. With changes in temperature and strain rates the behaviour of the 

dislocation will be changed as well, which could be measured due to changes in activation of 

different slip planes, the occurrence of slip planes, resistance against dislocation motion, visi-

ble by the observation of serrations in the not stoichiometric Laves phases. Furthermore, the 

mechanical and plastic properties of the off-stoichiometric Laves phases, to learn how a 
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deviation from the perfect composition will manipulate them and if which defects will occur. 

Especially, the question if a defect formation can lead to a specific structure is of main interest. 

At the end, the question remains, if the mechanical properties, plastic behaviour and the for-

mation of defect structures of Laves phases are predictable by the analysis of different com-

positions and structure types. Due to the clear definition of the different phases with clearly 

defined homogeneity regions, the movement of the dislocations along certain planes and di-

rections should follow the same principle. The resistance to this dislocation movement should 

also result from the structure itself and should therefore be generalisable. It would be appro-

priate to plot the homologue temperature, as Paufler et al [12] have done for their deformation 

mechanism diagrams, due to the high and different melting temperatures resulting from these 

phases. To confirm this, it would be useful to analyse Laves phases with very different radius 

ratios to plot the resulting influence. Furthermore, the influence of different third elements can 

be plotted. This would make it possible to select specific material systems according to certain 

mechanical properties and the resulting plasticity. 
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Research Questions: 

1. Which slip systems can be activated in the Laves phase structure?

2. How can the dislocation structure in the complex intermetallic phase and the mechan-

ical properties be influenced by local chemistry, stoichiometry and with elevated tem-

perature?

3. Can we derive general insights into the dislocation behaviour and the mechanical prop-

erties of Laves phases from the gained knowledge? And furthermore, predict the influ-

ence of temperature, strain rate and deviating stoichiometry
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Figure 1: Schematic illustration of this thesis aims and workflow with its research questions. 
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2 Literature review 
 

In general, the most complex structure is characterised by the complex metallic alloy (CMA), 

first reported by Paulinger in 1923, showing his investigations of NaCd2. 32 years later he was 

able to find a cubic Fd3�m like symmetry with 1152 atoms (AB2= 384:768). Typical for this kind 

of material are the large unit cells with a high number of atoms which can be arranged in more 

than one kind of cluster in a single unit cell and therefore exhibit low symmetry and inherent 

disorders/misalignment. These structures are mainly built out of more than two elements and 

are often ternary compounds, like Al-Cu-Fe or Al-Pd-Fe. A way more trivial intermetallic struc-

ture is given by Laves phases. Today, 1400 different types of resulting Laves phases (397 

binary and 928 ternary) are known, thus representing the most common intermetallic com-

pound with 3%. The C15, C14, and C36 structures comprise 223 binary and 523 ternary, 154 

binary and 265 ternary, and 20 binary and 43 ternary phases respectively. [26, 46]. These 

phases were also initially described by Laves and Witte in 1936. Contrary to the firstly de-

scribed phases these unit cells are comparably small and exhibit fewer atoms (12-24 atoms 

per unit cell). Overall, the packing density can be calculated to be 0.71. Here the atomic ar-

rangement is quite structured and densely packed and thus belongs to the group of the topo-

logical closed packed (TCP) phases and can therefore be distinguished from the CMAs.  
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2.1 Laves phases 
 

Laves phases are defined due to their typical AB2 structure [19, 20, 38, 39]. This describes a 

structure composed of at least two different metals, at a ratio of 1:2 (A:B), exhibiting different 

atom radii, whereby the A atom has a greater atomic radius in relation to the B atom. More 

than 1400 different Laves phase-combinations are listed for this kind of intermetallic configu-

ration [20, 40, 41]. In general, they can be subdivided into three prototypes, which were char-

acterised by Friauf, Laves, and Witte and Schulze who categorised them as Laves phases [25, 

26, 38, 39]. Moreover, the complexity of the resulting structure was analysed in more detail by 

Komura et al. [42, 43]. These structure types are shown in Figure 2 with corresponding proto-

types namely the C15 Laves phase – MgCu2, C14 Laves phase – MgZn2, and C36 Laves 

phase – MgNi2. 

 

Figure 2: Visualisation of the structure of the three Laves phases prototypes with a single unit cell and aligned 
to demonstrate the structural similarity, whereas the bigger red atoms correspond to the A atom and the smaller 
green atoms to the B atom. a) C15 Prototype, b) C14 Prototype and c) C36 prototype, visualised by using 
VESTA [3]. 

2.1.1 Laves phase structure 
 

In general, the structure of the Laves phases is more complex than conventional phases and 

needs a way more detailed description than simply using the Wyckoff symbols. A common way 
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to describe these is by taking different layer sequences. Here the three different prototypes 

are only distinguished by the different stacking of the layers.  

Initially, Frank and Kasper unravelled these structures. They classified these as tetragonal 

dense packed and topological closed packed structures and were able to define the Laves 

phase structure by a geometrical analysis and describe them by using polyhedra, which exhibit 

only triangular faces [18, 44, 45]. One of the distinguishing features of Laves phases is their 

characteristic icosahedral symmetry. In these structures, clusters of atoms are arranged in a 

symmetrical manner resembling the shape of an icosahedron, a polyhedron with 20 equilateral 

triangular faces (CN12). This arrangement of atoms contributes to the high symmetry observed 

in Laves phases. With this observation, they introduced a systematic way of classifying inter-

metallic compounds based on the coordination polyhedra formed by the constituent atoms. 

They observed that the coordination polyhedra in Laves phases are formed by two types of 

atoms, typically with different atomic sizes. The larger A atoms occupy the vertices of the pol-

yhedra, while the smaller B atoms occupy the centres of the faces. For the different number of 

atoms, these polyhedra can be characterised using the coordination numbers (CN) and neigh-

bours, resulting in four different polyhedra (with the CN: 12, 14, 15, and 16), which can fulfil 

the conditions to maximise the packing efficiency while maintaining the long-range order, like 

displaced in Figure 3.  

The formulated conditions for these geometric structures are [24]: 

Figure 3: Coordination polyhedra described by Frank and Kasper a) CN12 b) CN 14 c) CN15 and d) CN16 
adopted and reproduced with permission of Springer Nature from [46, 47].  
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1. built up of flat layers and corrugated intermediate layers.

2. their gaps are exclusively tetrahedral.

3. the coordination polyhedra are triangulated, i.e. surrounded by triangular surfaces.

The configurations of the coordination polyhedra are illustrated in Figure 3. In total, all these 

polyhedra reveal 12 corners (CN12) with 5 vertices, whereas the CN12 does not include any 

other vertices. They have shown that besides the 5-fold corner, the 6-fold corner fulfil the con-

dition of only having tetrahedral gaps as well. The following polyhedron types contain, in addi-

tion to the 12 corners with 5 vertices, one or more of higher coordinates, resulting in two 6-fold 

corners for the CN14 type to four 6-fold corners for the CN16 type. A CN13 polyhedron is not 

realisable because the concept of coordination number is based on the idea of nearest neigh-

bours and in most cases, atoms tend to arrange themselves in a manner that maximizes their 

proximity to each other while minimizing space between them. Achieving a coordination num-

ber of 13 would likely involve a relatively unstable and strained configuration of atoms, making 

it less favourable from a thermodynamic perspective. This type of classification allows them to 

describe these Laves phase structures by using the CN16 Frank-Kasper polyhedron (also 

called Friauf-polyhedron) and CN12 polyhedron. Meaning the larger A atoms (visualised as 

the red atom in Figure 3) are positioned in the middle of the CN16 polyhedron and the smaller 

B atoms in the middle of the CN12 icosahedra. Considering the polyhedra to describe the 

stacking of the Laves phases, only the CN12 and CN16 are needed and listed in Table 1. 

Table 1: Laves phase structures characterised by using the Frank-Kasper polyhedra taken from [48]: 

Structure type Atoms CN12 CN16 

C14: hP12- MgZn2 12 8 4 

C15: cF24- MgCu2 24 16 8 

C36: hP24- MgNi2 24 16 8 

This results in structures, where one A atom is surrounded by 4 A atoms and 12 B atoms 

whereas one B atom is surrounded by 6 A and B atoms. For all three prototypes, this stacking 

is shown in Figure 4, whereas the colour coding shows the larger A atoms in grey (CN16 

prototype) and the smaller B atoms in red which are located on the 4f side, in pink on the 6h 
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Figure 4: Laves phase prototypes a) C36, b) C15 and c) C14, with coloured atoms according to coordination poly-
hedra CN12 in red (4f), pink (6h) and purple (6g) and CN16 in grey, using VESTA [3]. 

side, and in purple on the 6g side. With this visualisation the forming gaps based on the differ-

ent stacking are observable. 

 

The classification of all three Laves phase structure types, due to its layer stacking, is based 

on the variation of two different building blocks, which can be layered depending on the proto-

type. These AB2 structures are built by stacking layers of atoms in a specific sequence. For 

the description of the stacking sequence, Frank and Kasper used the symbols ∆ and ∇ to 

describe the orientations of the triangular stacking forming from the B atoms in its triangular 

net (Schläfli symbol ‘36’) due to the different arrangements. In the case of AB2 structures, this 

triangular layer is typically arranged in an alternating fashion built out of 3 layers, starting with 

a layer consisting of A atoms followed by a layer of B atoms and concluded with an additional 

layer of A atoms (displayed in Figure 5 b) and c) by using red circles for A atoms and green 

circles for B atoms). 

However, the typical Laves phase layer is described as a quadruple layer, consisting of three 

different A-B-A layers forming the triangular net enclosed by two Kagomé layers (Schläfli sym-

bol ‘3.6.3.6’). This Kagomé layer consists of B atoms, which are located at the corners of the 

six and three-cornered network (shown in green in Figure 5), arranged in a way that one hex-

agonal cell is surrounded by six triangular cells which in turn are surrounded by three hexago-

nal cells, like shown in Figure 5.  
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Take a closer look at this arrangement: the layering starts with the B atom Kagomé net at a 

height of 0, followed by the stacking of the triangular layer at a height of 3/8 with the bigger A 

atoms (shown in Figure 5 a)) lying in a triangular ordered way (36 net) in the middle of the 

hexagonal cells of the B atom Kagomé layer, followed by an additional 36 net layer of B atoms 

at the height of 1/2 shown in Figure 5 b) as red atoms and an additional 36 net at the height of 

5/8 (Figure 5 b) as light red atoms) lying in the middle of the triangles, one layer in the upward 

tapering triangles and the other layer in the downward tapering triangles. This kind of layer can 

also exist in a reversed version shown in Figure 5 c). The typical quadruple layering starts with 

one of the three different Kagomé layers and follows with a triangle layer of A atoms, which 

are placed in the forming holes of the B atoms, and the next triangular layer of B atoms is 

arranged in the remaining fap of both structures. At last, it is capped with the A atom triangular 

layer, as shown in Figure 6. With some modifications, shown in Figure 6, the necessary layers 

to describe the stacking of the different Laves phase are given, and b) how the layers will be 

arranged. At last, the different stacking of these layers determines the resulting Laves phase 

structure. 
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Figure 5: Structural arrangement of the layers of the Laves phase, showing a) the basic Kagomé layer built up 
with small B-atoms in purple and a systematic triangular A-atom net indicated by the blue atoms, in b) the triple 
layer and c) the reversed triple layer, whereby the different sized circles symbolise the A (larger) and B (smaller) 
atoms, and the color-coding shows the height of the atoms. Adopted and reproduced with permission of the 
International Union of Crystallography from [18, 44].  

The layering visualised in Figure 6 is a modification of Komura et al.’s [17] description of the 

Laves phases’ stacking. For the explanation of the different Laves phases, six different kinds 

of quadruple layers were used: A, B, and C correspond to Frank and Kasper’s ∆, while A’, B’, 

and C’ belong to ∇. The different atom positions for the stacking of the layers are shown by A, 

B, and C, while the remaining layers show the mirrored atom positions. The layers exhibit 

always one Kagomé layer and three triangle layers. In his approach, Komura [17, 42, 43] 

shows the different layers that make it possible to describe the different TCPs, starting with the 

atom position 1/2 (B atoms triple layer), followed by 3/8 (A atoms), 0 (B atoms Kagomé) and 

finally -3/8 (A atoms). The modification starts with the Kagomé layer followed by the triple ones 

and giving each atom position fixed labels. The Kagomés are labelled using Greek letters (α, 

β, γ), while the larger atoms are donated by capital Roman letters (A, B, C) and the smaller 

ones with small Roman letters (a, b, c), like Komura already did, the A and A´ layering, just 

differ in terms of the location of the B atoms in the triangular layer (Table 2).  

 

Figure 6: Different modified layers from Komura et al. [17] to explain the different types of stackings for the Laves 
phase, whereas the capital Roman letters (A, B, C) show the arrangement of the triangular net, the small Roman 
letters (a, b, c) show the triangular net for the B-Atoms and the Greek letters (α, β, γ) show the B atoms arranged 
in the Kagomé net. b) possible stacking sequence, with their arrangement given with coordination parameter Z. 
The figure is reproduced with permission of the International Union of Crystallography. 

Using the modification shown in Figure 6, the different layers can be finalised by different lay-

ering shown in Figure 6 b) resulting in the stackings presented in Table 2.  
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Table 2: Stacking sequence of Laves phase prototypes [49]. 

The three prototypes can then be explained using these layers, as shown in Table 3. The C14 

Laves phase consists of only two quadruple layers AB`, while the MgCu2 C15 Laves phase 

consists of three quadruple layers ABC, and the MgNi2 C36 Laves phase consists of four quad-

ruple layers AB´A´C. 

Over the past few years, there have been various descriptions of the different Laves phase 

stacking methods, the most popular of which are listed in in Table 3:  
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 Table 3: Different ways to describe the stacking of the three Laves phase prototypes according to Pear-
son [4], Jagodzinski [14, 15], Komura [17], and Frank and Kasper [18]. 
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2.1.2 Stability of the Laves phase structure 
 

The stability of the forming Laves phases depends on various factors, such as the atomic size 

ratio of A and B atoms or the electron concentration, influencing the geometry of the forming 

phase, like the symmetry, space filling, and number of neighbours [50, 51]. Studies investigat-

ing the stability as a function of the ideal radii ratio of A and B atoms have shown that the 

phase width can differ from the ideal radius ratio of 1.225. In general, Laves phases can be 

found in a radius ratio of 1.05 – 1.70, whereas it is important to state, that the atomic radii of 

both atoms forming the Laves phase, will mostly deviate from the metallic diameter, which 

results from the accommodation if the atoms fit the ideal space filling for the lattice [4, 50, 52, 

53]. By deviating from the ideal ratio, the structure reveals additional elastic strains and there-

fore reduces the bonding energy. Thoma’s geometric analysis [54] revealed that the cubic 

system can reach wider phase widths between radii ratio from 1.10 to 1.35, whereas for the 

hexagonal systems, it is defined to lay between 1.12 and 1.26. Only 22% of the known C14 

phases and 27% of the known C15 phases exhibit a solubility range. The measured solubility 

range is higher for a deviation from the ideal radius ratio to smaller atomic ratios, revealing 

additionally that for large ratios an excess of B atoms will be easier to build into the lattice. 

Figure 7 shows the results from a study of the relationship between the radius ratio and the 

formation enthalpy which revealed the most stable phase to be at Ra/Rb =1.225, which was 

correlated with the highest negative formation enthalpy depending on the bonding character, 

and can be explained due to the not necessary modifications of the atoms, by compression or 

expansion to fulfil the Laves phase criteria [5]. 

 

 
Figure 7: A thermodynamic interpretation of the size-ratio limits for laves phase formation (Enthalpy of formation vs  
𝑟𝑟𝐴𝐴 𝑟𝑟𝐵𝐵�  for binary Laves phases.) adopted from [5] reproduced with permission of Springer Nature. 
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The second main factor is the valence electron configuration (VEC) which is defined for Laves 

phases as the average number of valence electrons (VE) per atom ‘e/a’ [18, 44, 57, 58]. These 

dependencies were often investigated using pseudo ternary Laves phases, which describe a 

stable binary Laves phase in a ternary region. The first studies indicated the importance of this 

parameter to predict the forming structure type, especially between the cubic C15 and the 

hexagonal C14 phase, which were done by Laves and Witte, investigating pseudo ternary 

MgCu2-xZnx systems, where the structure types change from C15  C36  C14 with increas-

ing x and electron concentration [59]. To investigate the electronic density of state (DOS), a 

band calculation, done by Nesper et al. [60], showed the influence of the number of VE of the 

observed element and structural disorder on the stability of Laves phases, taking the Hückel 

tight binding band-structure analysis of the covalent bonds. Instead of the cubic phase, the 

hexagonal stacking sequence along the Kagomé layer shows two possible electron configura-

tions: the trigonal bipyramid B5 and the tetrahedral B4, have been compared and reveal more 

free electrons [61]. His investigations were done on the Ca-Al-Li system. With increasing Al 

content in CaAl2-xLix, the hexagonal CaLi2 phase is formed, followed by the formation of the 

Ca(Li,Al)2 phase, which is 50% hexagonal and 50% 

cubic stacking, and finally, the cubic CaAl2 phase is 

formed. For this transformation the VE change from 4 

to 8 as visible in Figure 6. Additionally, Amerioun et al. 

[55, 56] also investigated the stability of pseudo-binary 

Laves phases, which are capable of forming all three 

Laves phase types by the substitution of atoms, as de-

scribed for the Mg-Al-Ca system and the Ca-Al-Li sys-

tem [55, 56, 60], showing the effect of changing VEC, 

and the response of the structure on the change of 

compositions, visible in Figure 8.  

Further investigations by Amerioun et al. [55] for the 

CaAl2-xMgx system show that the phase stability cor-

relates with the VEC. As the CaAl2-xLix system, the 

highest e/a ratio corresponds to the cubic C15 and the 

lowest one to the hexagonal C14 phase. Differences 

are in the phase widths, especially for the C36 phase, 

revealing a higher spectrum for the CaAl2-xLix phase.  

Figure 8: Difference between the structural 

energy of MgCu2, MgZn2, and MgNi2, across 

the investigated range for CaAl2-xMgx and 

CaAl2-xLix calculated by Amerioun et al. [55, 

56]. Reprinted with permission from 
Laves-Phase Structural Changes in the 
System CaAl2-xMgx. Copyright 2003 
American Chemical Society. 
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A study on Nb-Cr2 based alloys clearly shows that the e/a ratio affected the C14/C15 stability 

[58]. Furthermore, Zhu et al. [62] have found that no stable state for the C36 phase was de-

tected on their pseudo-binary systems with transition metals. However, the occurrence of C36 

in the two-phase regime (between the change from C14  C15) could not be excluded due to 

its similarity to the hexagonal phase. The system Nb(Cr,Co)2 changed with increasing Co from 

C15  C14  C15, out of which the C14 state was the most stabilised and the other pseudo-

binary Nb(Cr,Fe)2 by the substitution of Cr with Fe only revealed the C15  C14 transition.  

Finally, temperature is also a key parameter for the stability of the forming phase. In systems 

containing C14 and C15 Laves phases, Sauthoff et al. [63] stated that, beside the VEC and 

the radius ratio, the temperature determined the stable phase, whereas for ratios below the 

ideal C14 stabilised at higher temperatures, and C15 only at lower temperatures. The transition 

between these two phases is not clearly defined but takes place more gradually. The C36 

phase, which is a combination of C14 and C15, can thus be found at intermediate temperatures 

[64, 65]. The transformation is believed to occur via shear which is controlled by temperature 

dependent dislocation mobility. Often this transition from metastable C14 to stable C15 during 

annealing must undergo a diffusion process for the shearing to take place [65]. 
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2.2 Dislocation behaviour 
 

Plasticity in materials is achieved by the movement of dislocations within the crystal lattice. 

Especially, for the material investigated in this thesis, the intermetallic phases, the intrinsic 

resistance against lattice motion is relatively high compared to face-centred cubic (fcc) alloys. 

Caused by their comparable large unit cells and their topological closed packed structure re-

sulting in a higher macroscopic brittleness at temperatures below the BDTT.  

Dislocations are structural line defects in the crystal structure where the regular arrangement 

of atoms is disrupted along a line and can be classified based on their line element (g) and 

Burgers vector (b). When external stress is applied, dislocations can move, allowing the ma-

terial to undergo plastic deformation without breaking. This dislocation motion is crucial for the 

material's ability to change shape permanently, and the force that makes this motion possible 

is defined as lattice resistance. The first fundamentals about the dislocation motion were pre-

sented by Peierls in 1930 in his work ‘The size of a dislocation’ [66].  

In his work Peierls formulate the needed stress to move an edge dislocation in a simple cubic 

system at 0 K. The now following explanation will combine the initial statement from Peierls 

[66] and the modified Peierls analysis from Clegg et al. [11] which allows a clearer visualisation 

of the process. Therefore, the concept was simplified by considering a simple cubic structure, 

one edge dislocation, and two half crystals with the same in-plane distance b.  

By taking two crystal halfs, half A and B, whereas half A revealed one additional slip plane 

inserted vertically (the total difference of both planes is 1b), shown in Figure 9 in pink, placing 

both symmetrically to each other, meaning half A has an overlap of b/2 on each side (Figure 

9). The distance between the atoms of crystal half A and B should be b/4, whereas the devia-

tion from this value is reached where the half plane is inserted (most distortion, which faded 

with the distance from it). This results in deviating atom positions, whereas for A the atoms are 

arranged horizontally along x with: 

𝑥𝑥𝐴𝐴 = 𝑛𝑛 ∙ 𝑏𝑏 (1) 

𝑥𝑥𝐵𝐵 = 𝑛𝑛 ∙ 𝑏𝑏 ±
𝑏𝑏
2

 (2) 

shown in Figure 9. 
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Figure 9: a) Schematic sketch of the alignment of the two half crystals with the same in-plan distance b spacing 
and lattice distance d, aligned shifted by b/2 to each other. b) Shows the misalignment φ due to the additional 
plane in crystal A with the additional in-plane displacement u. Based on [67] reproduced with permission of 
Elsevier. 

To be able to determine the needed stress, first the displacement of the atoms due to the 

shortening and lengthening of the interatomic bonds in the crystal half itself and across the slip 

plane (connecting the atoms of half A and half B) distorted by the additional slip plane in half 

A, must be clarified. The displacement is visible in Figure 9 b), where the atoms of crystal half 

A tend inwards and these of crystal B backwards. These can be described taking the resulting 

misalignment angle φ and the corresponding distance u, which can be added to the atomic 

distance d (Figure 9 b)). With the arctan function the displacement can be calculated: 

𝑢𝑢𝑎𝑎  =  −𝑘𝑘 ∙  tan−1 �
𝑥𝑥𝑎𝑎
𝜔𝜔
� (3) 

𝑢𝑢𝑏𝑏  =  𝑘𝑘 ∙  tan−1 �
𝑥𝑥𝑏𝑏
𝜔𝜔
� (4) 

k Constante  

𝜔𝜔 Dislocation half-width 

With the defined distortion the associated energies can be formulated: The in-plane displace-

ment, resulting due to the shortening and lengthening of the interatomic bonds within each 

crystal half, which also is equal to the stored elastic energy per volume under uniaxial defor-

mation, and can be express by taking this (5) combined with Hook’s law (6) resulting in (7): 

𝑈𝑈𝑒𝑒𝑒𝑒  =  
1
2

 ∙ 𝜎𝜎 ∙  𝜀𝜀 (5) 

𝜎𝜎 = 𝐸𝐸 ∙  𝜀𝜀 (6) 
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𝑈𝑈𝑒𝑒𝑒𝑒  =  
1
2

 ∙ 𝐸𝐸 ∙  𝜀𝜀2 (7) 

The Young’s Modulus, can be facilitated due to the fact of only applying stress in one direc-

tions, coming up to:  

𝑈𝑈𝑖𝑖  =  
1
2

 
𝐸𝐸

(1 −  𝜈𝜈2) 𝜀𝜀2(𝑏𝑏 ∙ 𝑑𝑑) (8) 

𝐸𝐸 Young’s Modulus  

𝐺𝐺 Shear Modulus 

𝜈𝜈 Poisson Ratio 

ε Strain  

𝛿𝛿 Atom deviation from initial position 

𝑏𝑏 Burgers vector 

𝑑𝑑 Lattice spacing 

The strain ε can be expressed by the deviation from the original distance between two atoms  

𝛿𝛿, resulting in: 

𝜀𝜀 =  
𝛿𝛿
𝑑𝑑

 (9) 

However, the relationship between the E, G and 𝜈𝜈 can be taken as: 

𝐺𝐺 = 𝐸𝐸 ∙ �2 ∙ (1 + 𝜈𝜈)� (10) 

where some facilitations were made by assuming here a simple uniaxial deformation in x di-

rection. 

 

𝑈𝑈𝑖𝑖  =
1 +  𝜈𝜈

(1 −  𝜈𝜈2)  ∙ 𝐺𝐺 ∙
𝑑𝑑
𝑏𝑏
∙ 𝛿𝛿2 (11) 

The second energy results due to the distortion across the slip plane, connecting half A and 

half B, the misalignment displacement, which were previously described by Frenkel [68], who 

investigated the critical stress to plastically extend or shear a crystalline body before it tends 

to yield, with the assumption of two planes in an elastic equilibrium, coming up with the defini-

tion of the theoretical shear stress τtheo: 
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𝜏𝜏𝑡𝑡ℎ𝑒𝑒𝑒𝑒 =  
𝐺𝐺 ∙ 𝑏𝑏

2𝜋𝜋 ∙ 𝑑𝑑
 sin �

2𝜋𝜋𝜋𝜋
𝑏𝑏
�  (12) 

Transferring this approach to the energy associated with the motion of the additional half plane, 

it results in 

𝑈𝑈𝑋𝑋  =  
𝐺𝐺 ∙ 𝑏𝑏3

4𝜋𝜋2 ∙ 𝑑𝑑
�1 − 𝑐𝑐𝑐𝑐𝑐𝑐 �

2𝜋𝜋𝜋𝜋
𝑑𝑑
��  (13) 

Especially the misalignment displacement is the critical value which tend to constrict the motion 

of the dislocation through the crystal. This can be seen in Figure 10, where the misalignment 

displacement increases with the increasing ω/b ratio, whereas the in-plane displacement tends 

to spread the dislocation and decreases with increasing ratio. The sum of both results in the 

total misfit energy UT, with the lowest energy and stable position if the dislocation width w, 

defined by the half-width of the dislocation, is approximately equal to b.  

 

This shows that w directly is influenced by the d/b ratio. When the lattice has a small d/b ratio, 

the atoms are arranged close to each other and the inner planar atom spacing b is larger than 

the lattice spacing d, which goes hand in hand with a comparatively lower w, and a higher 

distortion of the bond between A and B (e.g. diamond) than when the lattice has a higher d 

than b (e.g. fcc copper), where more bonds between A and B are involved in the distortion. So 

Figure 10: Total misfit energy UT arises from the misalignment of atoms in a crystal lattice due to dislocations, with 
the total misfit energy being the sum of these contributions. It quantifies the overall energy cost of dislocation 
presence. The misalignment potential UX measures the energy needed to overcome the atomic misalignments 
associated with dislocations and represents the barrier for dislocation movement through the lattice. The in-plane 
potential Ui denotes the energy barrier within the crystal plane, reflecting the resistance of the lattice to dislocation 
motion. Adopted from [9]. 
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those with a lower d/b ratio result in a radical increase in misfit energy and therefore the dislo-

cation motion requires more energy to move, as seen by the increasing misalignment potential. 

If a dislocation now moves a certain distance, the new atomic position uA or uB can be deter-

mined using a geometric relationship, as a function of the way coordinate x:  

𝑢𝑢𝐴𝐴(𝑥𝑥) =  −
𝑏𝑏

2𝜋𝜋
 tan−1 �

𝑥𝑥𝐴𝐴
𝑤𝑤
�  𝑎𝑎𝑎𝑎𝑎𝑎 𝑥𝑥𝐴𝐴 = 𝑛𝑛 ∙ 𝑏𝑏 −  𝛼𝛼 ∙ 𝑏𝑏  (14) 

𝑢𝑢𝐵𝐵(𝑥𝑥) = −
𝑏𝑏

2𝜋𝜋
 tan−1 �

𝑥𝑥𝐵𝐵
𝑤𝑤
�  𝑎𝑎𝑎𝑎𝑎𝑎 𝑥𝑥𝐵𝐵 = 𝑛𝑛 ∙ 𝑏𝑏 +  

𝑏𝑏
2
−  𝛼𝛼 ∙ 𝑏𝑏 (15) 

 

𝑤𝑤 dislocation width 

𝛼𝛼 moved distance 

For the dislocation motion through the crystal lattice Figure 11 illustrates the changes in ener-

gies. The total distance is 1, lying between α = 0.5 and α = -0.5. This results in 3 energy states, 

where all three displayed energies revealing a value of zero, reached at α = -0.25, α = 0 and 

α = -0.25.  

 

 

The three minima resulting from having first the initial position, where the arrangement from 

Peierls is given (Figure 9), the resulting minimum, reflecting the state in which the extra half 

plane moved by 1/2∙a, whereas the atoms just moved by b/6. With the next step, overcoming 

the new maximum, giving the state, where the extra half plane is moved by another 1/2∙a and 

Figure 11: Schematic illustration of the resulting energies when a dislocation moves along x, here α, taken from 
[9, 11]. 
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the atoms are now totally shifted by b/3. The maxima reached at α = ±0.25 are equal to this 

which has to be travelled to move the dislocations and equal to the height of needed external 

stress which have to be overcome move the dislocation. This shown as ∆UT, whereas the 

emerging maximum total misalignment energy ∆UX cause the main part of the lattice re-

sistance. Coming up to the so-called Peierls stress:  

𝜏𝜏𝑃𝑃 =  �
2𝐺𝐺

1 −  𝜈𝜈
� 𝑒𝑒𝑒𝑒𝑒𝑒�−

2𝜋𝜋
1− 𝜈𝜈∙

𝑑𝑑
𝑏𝑏� (16) 

 

 
 

2.2.1 Thermal influence on plasticity  
 

Now the estimation from Peierls defined the needed stress which has to be overcome to move 

a dislocation through the crystal at 0 K, which we call the Peilers barrier. But to widen up his 

approach and transfer this to even higher temperatures, whereas also room temperature is a 

gain of +273.15 K, the flow stress must be calculated. Now we will have a look at how disloca-

tion movement behaves with increasing temperature, as this plays a crucial role in determining 

the mechanical properties and behaviour of materials, including their plasticity, especially for 

materials that exhibit high intrinsic re-

sistance against dislocation motion 

due to the processes of bond break-

ing and reformation [69]. As temper-

ature rises, thermal activation facili-

tates the overcome of this barrier for 

a dislocation by lowering the effective 

stress required to move a dislocation 

[70]. This reduction of the effective 

required stress results due to the 

start of lattice vibration of atoms in the crystal lattice (function of temperature). With the vibra-

tion, some of the atoms will be vibrate in the direction of the Peierls barrier. If these random 

vibrations happen to cause adjacent atoms to move in the same direction as the Burgers vector 

of a nearby dislocation, these atoms can surpass the Peierls barrier at lower applied stresses, 

thereby reducing the yield stress. And by overcoming the barrier, they will pull the atoms on 

their dislocation over, by contracting the line. This phenomenon is commonly referred to as the 

double-kink or kink-pair mechanism, where both kinks can interact with each other at short 

 

Figure 12: Schematic illustration of the kink-pair mechanism. 
Based on [2] and reproduced with permission of Springer Na-
ture. 
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range when neighbouring atoms move cooperatively in the same direction as the dislocation 

[71]. Additionally, with increasing temperature the backwards jumps will be more challenging, 

directly facilitating the forward motion of atoms.  

For the calculation of the flow stress, some previous calculation has to be done, like the speed 

of a dislocation, which can only be expressed by the overall deformation. The motion of a 

dislocation causes shear, so the shear per unit time must be estimated. This was first described 

by Orowan [72], using the shear strain rate 𝛾̇𝛾: 

𝛾̇𝛾 =  𝜌𝜌𝑚𝑚 ∙ 𝑏𝑏 ∙ 𝜈𝜈 (17) 

 

𝛾̇𝛾 shear strain rate 

𝜌𝜌𝑚𝑚 mobile dislocation density 

  b Burgers vector 

𝜈𝜈 dislocation velocity 

The velocity of a dislocation is defined as the jump distance times the number of successful 

jumps divided by the taken time. This also can be expressed with the distance as the resulting 

Burgers vector times the Debye frequency νA (1013 𝑠𝑠−1) describing the vibration energy, which 

leads the dislocation to overcome and the probability of the successful jumps (∆G). The strain 

rate can be formed into the equation: 

𝛾̇𝛾 =  𝜌𝜌𝑚𝑚  ∙ 𝑏𝑏 ∙  𝜈𝜈𝐴𝐴  ∙ 𝑒𝑒𝑒𝑒𝑒𝑒�−
Δ𝐺𝐺
𝑘𝑘𝑘𝑘� (18) 

𝛾̇𝛾 =  𝛾𝛾𝑜̇𝑜  ∙ 𝑒𝑒𝑒𝑒𝑒𝑒�−
Δ𝐺𝐺
𝑘𝑘𝑘𝑘� (19) 

 

Δ𝐺𝐺 energy barrier 

𝑘𝑘 Boltzmann constancy 

  T temperature 

The probability of a successful jump ∆G depends on the lowering the Peierls barrier, ∆F, due 

to the lattice vibration. The reduction can be defined by the term: 
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𝑛𝑛 ∙  𝜏𝜏 ∙  𝑏𝑏3 (20) 

Knowing, that n = 1, because of the tiny number of atoms, and that b3 describes the activation 

volume V, the probability can be associated with: 

∆𝐺𝐺 =  ∆𝐹𝐹 −  τ ∙ 𝑉𝑉 (21) 

Resulting in:  

𝛾̇𝛾 =  𝜌𝜌𝑚𝑚  ∙ 𝑏𝑏 ∙ 𝜈𝜈𝐴𝐴  ∙ 𝑒𝑒𝑒𝑒𝑒𝑒�−
ΔF− 𝜏𝜏∙𝑉𝑉
𝑘𝑘𝑘𝑘 � (22) 

To calculate the critical shear stress for the dislocation motion in the next step, this newly 

defined shear strain rate can be taken and inserted into equation (5), and be reformed by 

knowing, that the term defining the critical applied shear stress to move a dislocation is the 

Peiers stress 𝜏𝜏𝑃𝑃 in the equation: 

𝜏𝜏𝐶𝐶(𝑇𝑇, 𝛾̇𝛾) =  
Δ𝐺𝐺0
𝑉𝑉

+  
𝑘𝑘 ∙ 𝑇𝑇
𝑉𝑉

 ln �
𝛾̇𝛾

𝜌𝜌𝑚𝑚  ∙ 𝑏𝑏2  ∙ 𝜈𝜈𝐴𝐴
� (23) 

𝜏𝜏𝐶𝐶(𝑇𝑇, 𝛾̇𝛾) =  𝜏𝜏𝑃𝑃 +  
𝑘𝑘 ∙ 𝑇𝑇
𝑉𝑉

 ln �
𝛾̇𝛾

𝜌𝜌𝑚𝑚  ∙ 𝑏𝑏2  ∙ 𝜈𝜈𝐴𝐴
� (24) 

Thermal activation can also involve the diffusion of vacancies (missing atoms) in the crystal 

lattice [2, 69, 70, 73]. At elevated temperatures, vacancies become more mobile, leads to an 

increase of the dislocation velocity (Orowan relation  equation (17)) and further in a higher 

strain rate. Moreover, vacancies will rise and migrate to dislocation cores, additionally facilitat-

ing the movement of dislocations by providing additional pathways, meaning edge dislocations 

can climb and cross-slip gets facilitated. Due to the increased mobility dislocations, the thought 

of an easy deformation way could be expected, but this would result in only having soft mate-

rials at higher temperatures, which is not the case. This is grounded in the different kinds of 

additional obstacles limiting the dislocations moving freely through the crystal lattice. There it 

can be distinguished between discrete and extended ones, where the first one is correlated 

with strong to medium strength and the second with weaker strength. The weaker are charac-

terised by the lattice friction and small precipitates, which can be overcome easier with the 

help of thermal activation. With higher temperature not only dislocations get more mobile, 
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additionally a higher phonon drag force results, because of the increasing lattice vibration and 

the increasing phonon population [74]. If now the dislocations tangled with each other and 

need therefore more stress to get remobilised it is called work hardening. Discrete obstacles 

must be bypassed or cut, which can be solute atoms, precipitates or dispersions. Solute atoms 

could lie between the regular or at the regular lattice places, mostly revealing a different atomic 

radius than the substituted atom, leading to a distortion, and hinder the dislocation in its motion. 

To continue the dislocation motion, the pinned dislocation needs more stress to rid free from 

the obstacles, which can occur for example with more externally applied stress or higher tem-

perature, this is called solid solution strengthening [75, 76]. If the solute atom diffuses during 

the deformation to the dislocation and pinned it, the force which is needed to remobilise the 

dislocation is greater than the force that is required for an unpinned one to move forward, which 

can be seen in the stress-strain curve as a serrated flow [75, 77-79]. Especially, the size of the 

obstacle is the critical values. If obstacles exhibiting larger scales thermal activation gets inef-

fective, and the external stress must be lower than the critical stress to create an additional 

surface, resulting in cracking instead of deformation. As the strain rate now increases (the 

dislocation velocity increases) and the temperature remains unaffected, the time for the solute 

to diffuse and pin a dislocation decreases to a value lower than the dislocation velocity, result-

ing in a less pronounced solute drag effect. This can lead to a situation where the flow stress 

decreases with increasing strain rate resulting in a negative strain rate dependency [80]. There-

fore, the solute drag effect can influence the strain rate sensitivity of materials. Materials with 

a significant solute drag effect exhibit a lower strain rate, whereas solute atoms have more 

time to interact with moving dislocations are able to pin more dislocations leading to higher 

yield strength and lower ductility, as dislocations are less mobile [77]. 

 

2.2.2 Stacking faults 

 

The motion of perfect dislocations has been discussed in the previous chapters, where a dis-

location, induced by overcoming the Peierls barrier on a specific slip plane, moves in a specific 

direction. Especially, the activated slip system exhibits the lowest stress required to overcome 

the lattice friction, which mostly corresponds to the shortest lattice vector and the highest 

packed plane, such as {111} for fcc or [0001] for hexagonal close packed (hcp), which can be 

determined by orientation factors (Schmid factor: how the slip system is oriented concerning 

the applied stress). This motion leads to a lattice distortion, which can be described as a vector 

pointing from a reference point in the perfect lattice to a corresponding point in the distorted 
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Figure 13: SF process in the fcc lattice, a) shows the dislocation dissociation of 𝑏𝑏�⃗ 1  𝑏𝑏�⃗ 2 + 𝑏𝑏�⃗ 3, b) with light blue the 
hcp stacking is implied. Adopted from [82]. and reproduced with permission of Springer Nature 

lattice. Visualising the Burgers vector by drawing its Burgers circuit, resulting in an additional 

step to close this loop compared to the perfect lattice, this deviation characterises the Burgers 

vector. As shown by Peierls, the d/b ratio is the key parameter that determines the stress 

needed to overcome the barrier to allow a dislocation to move through the crystal lattice. This 

can be influenced by lowering the energy of the Burgers vector, which is often observed for 

systems that exhibit low stacking fault energy (SFE). Here, the dislocation motion is energeti-

cally more favourable by splitting one perfect dislocation into two partials, into dislocations in 

two alternating directions, following the Frank criterion [81]. For example, for the fcc on the 

{111} plane, in two <112> directions: 

�𝑏𝑏�⃗ �  →  �𝑏𝑏1���⃗ �  +  �𝑏𝑏2����⃗ � (25) 

1
2

 [1�01]  →  
1
6

 [2�11]  +  
1
6

 [1�1�2] +  𝛾𝛾𝑆𝑆𝑆𝑆 (26) 

 

𝛾𝛾𝑆𝑆𝑆𝑆 stacking fault energy 

This type of stacking fault (SF), called intrinsic SF, results in an interruption of the perfect 

stacking sequence of the fcc, which is characterised by its continuously repeating ABC se-

quence and, for hcp, the ABAB sequence. The perfect sequence is a continuous repetition of 

‘ABCABC’ and it may change to ‘ABABCA’ while the italics part shows the change in stacking 

order. This change shows that the new stacking order is similar to the hcp stacking order. 

Besides these intrinsic stacking faults, the stacking sequence can be changed by adding an 

additional layer, called extrinsic SF, which will form ‘ABACABC’, as shown in Figure 14 b).  
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2.2.3 Plasticity of Laves phases 
 

First investigations on Laves phases, mainly performed on the C14 Laves phase prototype 

MgZn2 by the German ‘Forschungsgruppe’ in Dresden in the early 1900er, stated that the Pei-

erls mechanism is responsible and the control parameter for the dislocation motion [19, 83-

86]. Laves phases exhibit high intrinsic resistance against lattice motion due to the TCP struc-

ture, leading to a very small d/b ratio and therefore getting the higher resistance for dislocations 

to move from the structure itself, and are therefore macroscopically brittle below the BDTT. For 

these phases this temperature varies between 0.6-0.7·TM. [12, 19, 87, 88] Previous studies of 

the resulting plasticity have therefore mostly been carried out above this temperature by using 

the effect of temperature depending on enhancement of the dislocation motion against this 

lattice resistance, which make macroscopic analysis of mechanical properties, deformation, 

surface analysis, post mortem TEM (take a deeper look at the deformed structure, analysing 

the resulting plasticity) possible. 

An often-proposed mechanism taking place at higher temperatures is the so called ‘synchro-

shear’ mechanism (explained in more detail in: 2.2.4 Stacking faults in Laves phases: Synchro-

shear mechanism) [23, 89-92]. By establishing the nanomechanical deformation of materials 

by procedures like nanoindentation tests and micropillar compression tests, plasticity can be 

locally introduced to these TCP phases below the BDTT.  

This allows the characterisation of these phases to be widened and analysed in more detail, 

starting with the room temperature plasticity. In the following section, a small literature review 

will give an overview of the previous investigations of the analysed C15 Laves phases in terms 

of plasticity and where labelled with ‘*’, mechanical properties of the CRSS for the micropillar 

 

Figure 14: Difference between a) intrinsic and b) extrinsic stacking fault or double SF, taken from [1], reproduced 
with permission of Elsevier. 
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compression test, hardness evaluated by nanoindentation and indentation modulus, are also 

listed in Table 6. 

Table 4 shortly summarise the found slip planes with slip directions from previous studies.  

Table 4: Review of C15 plasticity, with their corresponding temperature and the “*” labelled, also have CRSS. 

Slip system Laves phase Temperature Homologous Temperature 

{𝟏𝟏𝟏𝟏𝟏𝟏}
𝟏𝟏
𝟐𝟐
〈𝟏𝟏𝟏𝟏�𝟎𝟎〉 C15 [93] 

MgCu2 [83] 

Fe2(Dy,Tb) [94] 

HfV2 [95, 96] 

NbCr2 [97, 98] * 

NbCo2 [99-101] * 

Geometric analysis 

650 – 930 K 

1145 K 

570 K 

298 K 

298 K 

 

0.61 – 0.88 

0.70 

0.40 

0.16 

0.17 

{𝟏𝟏𝟏𝟏𝟏𝟏}〈𝟎𝟎𝟎𝟎𝟎𝟎〉 C15 [93] Geometric analysis 

{𝟏𝟏𝟏𝟏𝟏𝟏}〈𝟏𝟏𝟏𝟏�𝟎𝟎〉 MgCu2 [83, 102] 650 – 930 K 0.61 – 0.88 

{𝟏𝟏𝟏𝟏𝟏𝟏}〈𝟏𝟏𝟏𝟏𝟏𝟏〉 
Twins 

HfV2 [95, 96] 298 K 0.17 

{𝟏𝟏𝟏𝟏𝟏𝟏}
𝟏𝟏
𝟐𝟐
〈𝟏𝟏�𝟏𝟏�𝟐𝟐〉 NbCr2 [103-106] 

NbCo2 [99-101] * 

1570 – 1600 K 

298 K 

0.81 – 0.87 

0.17 

 

The main plasticity was found for the C15 Laves phase on the {111} triple layer, which also 

confirms previous assumptions about dislocation-driven deformation on the close-packed 

planes. This was given by macroscopic and nanomechanical induced deformation tests, start-

ing at 0.61-0.88·TM. Krämer et al. [93] suggested in 1968 that the {112} plane would also be 

the next favourable plane for 1
2
〈11�0〉 dislocations, with the explanation of the less densely 
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packed {111} plane comparable to the fcc lattice. Moreover, plasticity with 1
2
〈1�1�2〉 partial dislo-

cation was additionally found to be activatable on RT and at higher temperatures. 

The plasticity of the C14 Laves phase is briefly summarised in Table 5, in terms of slip systems 
and where labelled with ‘*’, the mechanical properties of the CRSS for a micropillar compres-
sion test, hardness evaluated by nanoindentation and indentation modulus, are also listed in 
Table 6. 

Table 5: Review of C14 plasticity with its corresponding temperature and where “*”-labelled also the CRSS for that 
specific slip system, mostly also the indentation modulus. 

Slip system Laves phase Temperature Homologous Temperature 

{𝟎𝟎𝟎𝟎𝟎𝟎𝟎𝟎}
𝟏𝟏
𝟑𝟑
〈𝟏𝟏𝟏𝟏𝟐𝟐�𝟎𝟎〉 C14 [93] 

MgZn2 [83] 

Nb(Fe,Ni)2 [74] * 

NbCo2 [99, 100] * 

CaMg2 [6, 8] * 

Geometric analysis 

520 – 770 K 

298 K 

298 K 

298 K 

 

0.61 – 0.90 

0.17 

0.17 

0.3 

{𝟎𝟎𝟎𝟎𝟎𝟎𝟎𝟎}
𝟏𝟏
𝟑𝟑
〈𝟏𝟏𝟏𝟏𝟏𝟏�𝟎𝟎〉 C14 [93] 

NbCo2 [99, 100] * 

Geometric analysis 

298 K 

 

0.17 

{𝟏𝟏𝟏𝟏𝟏𝟏�𝟎𝟎}
𝟏𝟏
𝟑𝟑
〈𝟏𝟏�𝟐𝟐𝟏𝟏�𝟎𝟎〉 C14 [93] 

MgZn2 [83] 

NbCo2 [99, 100] * 

CaMg2 [6, 8] * 

Geometric analysis 

770 K 

298 K 

298 K 

 

0.90 

0.17 

0.30 

{𝟏𝟏𝟏𝟏𝟏𝟏�𝟎𝟎}〈𝟎𝟎𝟎𝟎𝟎𝟎𝟎𝟎〉 C14 [93] 

CrTa2 [107] * 

Geometric analysis 

298 K 

 

0.13 

{𝟏𝟏𝟏𝟏𝟐𝟐�𝟎𝟎}〈𝟏𝟏𝟏𝟏�𝟎𝟎𝟎𝟎〉 C14 [93] 

CrTa2 [107] * 

Geometric analysis 

298 K 

 

0.13 
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{𝟏𝟏�𝟏𝟏𝟏𝟏𝟏𝟏}
𝟏𝟏
𝟑𝟑
〈𝟏𝟏�𝟐𝟐𝟏𝟏�𝟎𝟎〉 C14 [93] 

MgZn2 [83] 

NbCo2 [99, 100] * 

CaMg2 [6, 8] * 

Geometric analysis 

820 K 

298 K 

298 

 

0.95 

0.17 

0.30 

{𝟏𝟏𝟏𝟏𝟐𝟐�𝟐𝟐}
𝟏𝟏
𝟑𝟑
〈𝟏𝟏�𝟏𝟏�𝟐𝟐𝟐𝟐〉 C14 [93] 

MgZn2 [83] 

CaMg2 [6, 8] * 

CrTa2 [107]* 

Geometric analysis 

770 – 820 K 

298 K 

298 K 

 

0.90 – 0.95 

0.30 

0.13 

 

The resulting C14 Laves phase plasticity shows that the predicted slip planes from the geo-

metric analysis of Krämer et al. [93] were found for nanomechanical deformation tests at room 

temperature and most also for high temperature investigations above the BDTT. This could be 

based on additional deformation mechanisms that have been thermally facilitated.  

To find a reasonable method to compare macroscopic and nano induced plasticity, the theo-
retical shear stress can be used, which can be calculated for the nanoindentation tests by 
dividing the CRSS by the shear modulus (= normalised CRSS).  

For this case, E is the indentation modulus. In this way, the resulting plasticity can be compared 
with other Laves phases by comparing the plasticity on the same plane, such as the triple layer 
{111}cub and {0001}hex. 

Table 6: Calculated CRSS/G values for some given Laves phases, using equation (10) for the calculations, for a 
specific temperature and slip system. 

Structure 𝐓𝐓
𝐓𝐓𝐌𝐌

 Slip system CRSS Indentation 
Modulus [GPa] 

𝐂𝐂𝐂𝐂𝐂𝐂𝐂𝐂
𝐆𝐆

 

C14 NbCo2 [99, 
100] 

0.17 {0001}〈11�00〉 2.6 273 0.024 

{0001}〈112�0〉 2.7 273 0.025 

{11�00}〈112�0〉 2.6 273 0.024 
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{101�1}〈101�2�〉 2.5 273 0.023 

C14 CaMg2 [6, 8] 0.30 {0001} 0.52 55 0.023 

{101�0} 0.44 55 0.020 

{1�101} 0.53 55 0.024 

{112�2} 0.59 55 0.027 

C14 CrTa2 [107] 0.13 {101�0}〈0001〉 5.1 232 [108] 0.055 

{112�0}〈11�00〉 6.1 232 0.065 

{112�2}
1
3
〈1�1�23〉 5.8 232 0.062 

C15 NbCo2 [99-
101] 

0.17 {111}〈11�0〉 3.2 290 0.027 

{111}〈112�〉 3.0 290 0.026 

C15 NbCr2 [97, 
98]  

0.15 {111}
1
2
〈11�0〉 4.4 –

4.6 
292 [108] 0.047 

 

Previous studies [92, 109, 110] have conducted theoretical investigations of plastic defor-

mation along structurally similar basal and {111} planes in the C14 CaMg2 and C15 CaAl2 

Laves phases using atomistic simulations. In the C14 CaMg2 Laves phase, it was demon-

strated that the most energetically favourable mechanism for slip on the basal plane involves 

dislocation motion via synchro-shear [23, 90-92]. Dislocation dissociation, as well as kink-pair 

nucleation and propagation, were found to be favourable for dislocation motion in C14 CaMg2 

and C15 CaAl2 Laves phases [110]. Whereas the dislocation dissociation was mainly observed 

at elevated temperatures, indicating thermal activation to reduce the required stress for acti-

vation, leading to the assumption that this mechanism is a “high” temperature mechanism 

[109]. 
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2.2.4 Stacking faults in Laves phases: Synchro-shear mechanism 
 

In Laves phases the dissociations of dislocations are also possible and can take place at the 

Kagomé layer, for C15 at the {111} planes and C14 and C36 at the [0001] plane, and is termed 

synchro-shear [23, 90-92, 109-111]. This was first discovered in sapphire by Kronberg et al. 

[112] and was first transferred into the Laves phase structure by Hazzeldine et al. [90] and 

Kumar et al. [65, 113]. This mechanism is mostly reported in the hexagonal C36 Laves phase 

[89, 104, 114, 115]. Experimentally, it has been found to occur in ZrFe2 [116] and MgNi2 [117]. 

For example, in terms of a phase transformation from the hexagonal C14 or C36 to the cubic 

C15 phase after macroscopic compression tests [114, 115, 118, 119], explainable by the dif-

ferent packings of these structures, which can be transferred by a simple restacking along the 

basal plane. These phases exhibit a distinct orientation relationship (111)C15//(0001)C36 and 

additionally [011�]𝐶𝐶15//[21�1�0]𝐶𝐶14 [116]. The dissociation of dislocation results in two synchro 

Shockley partials, for the cubic 1
6
〈21�1�〉 and 1

3
〈101�0〉 for the hexagonal structures, which is the 

most energetically favourable configuration for this case.  

The synchro-shear mechanism results due to a synchronic motion of two Shockley partial dis-

locations in the tripe layer of the Laves phases. Partial one leads to move the big A atom by 

b1, b2, or b3 and the second the small B atom by -b1, -b2 or -b3. The total change results in 1b 

and a stacking fault. Due to the caused rearrangement after the motion of both dislocations, 

some parts can now reveal some stacking frequence of another Laves phase type, for example 

the change from C36 to C15 or vice versa. Previous atomistic calculations by Xie et al. [109, 

110, 120] have shown, that this mechanism is highly influenced by the temperature, and can 

only be activated at elevated temperature, because of the different characters of both synchro-

Shockleys. Whereas one of the Shockley is shear sensitive the other is shear intensive and 

needs additional temperature to reduce the overall Peierls barrier to move. 
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Figure 15: Illustration of the synchro-shear mechanism. In a) the rigid Kagomé layer builds out B atoms, in green, 
is displaced, and in these holes, the location of the A atoms is implied by red lined circles. b) shows the dissoci-
ation of the dislocation for cubic and hexagonal Laves phase. c) and d) showing the triple layer t (c)) and t´(d)), 
which is placed between the single Kagomé layer building this quadruple stacking. Adopted from [90] repro-
duced with permission of Elsevier.  

Shown is the phase transformation from cubic stacking to hexagonal stacking, which is directly 

characterised by using intrinsic SF.  

2.2.5 Chemistry influence on plasticity 

Understanding how chemistry influences the mechanical behaviour and phase stability of 

Laves phases, especially those with defined homogeneity ranges, is valuable for property ma-

nipulation [21, 54, 121-130]. Numerous studies indicate that deviations from the perfect stoi-

chiometric composition introduce various defects, such as anti-site atoms and vacancies, 

which distort the crystal lattice [54]. These deviations can be achieved by altering the internal 

AB2 chemistry or by adding an alloying element, which can lead to different defect structures 

based on the substituted atom [20, 21, 28]. 

Changes in the ratio of A and B atoms in binary Laves phases affect mechanical properties. 

Moreover the resulting radius ratio change can impede or facilitate dislocation motion by limit-

ing or opening up the atomic free volume on these planes through the presence of anti-site 
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atoms or vacancies [96, 129]. For instance, Shields et al. [131] found that in CeNi2, vacancy-

induced strain fields cause softening at high temperatures and hardening after quenching. In 

HfCo2, Chen et al. [123, 124] observed a decrease in lattice parameters and mechanical prop-

erties with increased Co content due to Co atom substitutions and vacancies. Similarly, studies 

on MgZn2 revealed decreased hardness and yield stress with deviations from stoichiometry 

[132]. Introducing a third element, "C," into the Laves phase significantly impacts atomic inter-

actions and mechanical properties. Chen et al. [127] found that alloying TiCr2 with Nb, V, or 

Mo increased hardness, with V and Mo also enhancing fracture toughness, while Nb de-

creased it. Takasugi et al. [129, 130] showed that V and Mo substitutions in NbCr2 resulted in 

hardening or softening based on the specific site they occupied. Phase transformations be-

tween different Laves polytypes are closely related to mechanical deformation, with stacking 

fault formation being a key mechanism. RT compression tests on ZrFe2 demonstrated phase 

transformation from C36 to C15 under strain due to synchro Shockley dislocations [114, 116]. 

Studies also show that adding a ternary element alters dislocation mobility and mechanical 

properties. For example, Takata et al. [107] observed that increasing Ni content in NbFe2 led 

to solid solution softening and reduced hardness. Chu et al. [125] found that Nb addition to 

HfV2 improved deformability by creating free volume on {111} planes. In summary, manipulat-

ing the Laves phase’ composition affects mechanical properties through defect structures and 

phase transformations. While experimental studies provide valuable insights, combining these 

with computational approaches could further elucidate the underlying mechanisms and opti-

mize property manipulation 
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2.3 Mg-Al-Ca System 
 

A common lightweight material is displaced by Mg, which exhibits a low density and is therefore 

one of these well-known lightweight materials [133-137]. Due to the lack of high temperature 

resistance and poor ductility, the investigations of Mg alloys, especially the most applied com-

bination with aluminium (Al), the Mg-Al alloys, have shown improvements in mechanical prop-

erties [138, 139]. These are based on solid solution strengthening affected by the formation of 

precipitations of the complex Mg17Al12 phase in the Mg matrix. These precipitates enhance the 

room temperature plasticity, but also at temperatures up to 130 °C these precipitates are not 

stable and cannot influence the above properties [140, 141]. However, many studies have 

shown that this can be directly improved by the addition of small amounts of rare earth metals 

or calcium (Ca) [142]. In this case, Ca is the most beneficial and cost-effective choice as the 

outcome is the same. The addition of the third alloying element results in the formation of 

various intermetallic phases as a second phase in the Mg matrix [143]. 

These intermetallic phases are called Laves phases and the Mg-Al-Ca system exhibits all three 

prototypes. With its three elements, the Mg-Al-Ca system provides the basic building blocks 

for all three prototypes of the Laves phase. Depending on the composition and with Ca and Al 

content Laves phases are introduced as a skeleton as a second phase in the Mg matrix. With 

increasing Mg/Al ratios, precipitates from C15 CaAl2 to C36 Ca(Mg;Al)2 and finally to C14 

CaMg2 are found [143-147]. Additionally, the complex β-Mg17Al12 Samson phase can form with 

 

Figure 16: Resulting intermetallic phases in the Mg-Al-Ca system. a) cubic C15 CaAl2, b) hexagonal 
C14 CaMg2, c) (di-)hexagonal C36 Ca(Al;Mg)2 Laves phase and d) β-Mg17Al12 phase, illustrated using 
VESTA [3].  
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the addition of Al to Mg, which is mostly found as small precipitates. Atomistic simulations show 

that in this system two prototypes can exist simultaneously as precipitates in the Mg matrix, 

which is also observed in the Li-Al-Ca system [55, 56]. This has been attributed to the fact that 

the structural change is not influenced by the distribution of the B atoms (Al for C15 and Mg 

for C14) but by the electron concentration. The solubility range at a constant Ca concentration 

was determined to be 58.08-66.66 at.% Al and 0-8.52 at.% Mg for the C15 phase, whereas 

the C36 phase forms for contributions of 44.22-30.69 at.% Al and 22.44-35.97 at.% Mg and 

the C14 starts at 16.17 at.% and lower Al and 50.49-66.66 at.% Mg [55]. The structures are 

shown in Figure 16. 
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3. Research findings of this study 
 

This chapter summarises and links the results obtained during the research years. A distinction 

is made between already published results and on-going work (in grey), but they are presented 

together. The following chapter concludes these findings. Dislocation motion in complex inter-

metallic phases is still poorly understood due to their inherent resistance against dislocation 

motion, especially their behaviour below the BDTT. This thesis aims to unravel this complexity, 

close the gap of knowledge regarding the properties and mechanical behaviour of the stoichi-

ometric composition and analysing the influence of a ternary alloying element to the stoichio-

metric composition. Additionally, it aims to evaluate the influence of the strain rate and the 

temperature on the analysed systems. For this purpose, the castable Laves phases formed in 

the Mg-Al-Ca system, the C14 and C15, namely the CaMg2 and CaAl2 Laves phases, and one 

ternary C14 and two ternary C15 Laves phases were investigated (in Figure 17). The compo-

sitions of the analysed samples of the Mg-Al-Ca system are shown in Figure 17. The exact 

compositions of the samples are listed in Table 9, where the stoichiometric compositions are 

indicated with “S”, the off stoichiometric ones with “NS”. Furthermore, the prototype of the C15 

Laves phase, the MgCu2 Laves phase was analysed, these is listed “PT” in Table 7. 

Figure 17: Alignment of the investigated Laves phases in the ternary Mg-Al-Ca diagram. The overall bulk com-

position is listed in Table 7 below, presented in the diagram as stars with different colour codes: dark green star 

belongs to the C14_S, the light green to C14_NS, the dark blue to the C15_S, the purple to the C15_NS1 and 

the red star to the C15_NS2. 
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Table 7: Compositions of investigated stoichiometric (S) and off stoichiometric (NS) samples (same colour scheme 
as Figure 17) and the Prototype (PT). 

Sample Strukturtyp Mg [at.-%] Al [at.-%] Ca [at.-%] 

C14_S C14 68.7 ± 0.5 31.3 ± 0.5 - 

C14_NS C14 60.5 ± 0.1 37.4 ± 0.1 2.1 ± 0.0 

C15_S C15 - 66.5 ± 1.5 33.5 ± 1.3 

C15_NS1 C15 5.7 ± 0.1 61.4 ± 0.2 32.9 ± 0.2 

C15_NS2 C15 10.8 ± 0.8 52.9 ± 0.7 36.3 ± 0.1 

Sample Strukturtyp Mg [at.-%] Cu [at.-%]  

C15_PT C15 29.7 ± 0.4 70.3 ± 0.4   

 

The first publication ‘Plastic deformation of the CaMg2 C14-Laves phase from 50 - 250°C’, 

continued the room temperature plasticity investigation of the hexagonal C14 CaMg2 Laves 

phase (C14_S), analysed by Zehnder et al. [8]. It deals with the temperature dependent dislo-

cation behaviour in the range from 50 – 250 °C, by presenting a comprehensive study of na-

nomechanical experiments. Here the mechanical properties, indentation modulus, and hard-

ness remain at one level, measured for three specific areas (Area 1: 48° to the (0001) plane, 

shown in blue in Figure 18 a) and b), Area 2: 83° to the (0001) plane, shown in red in Figure 

18 a) and b) and Area 3: 9° to the (0001) plane, shown in orange in Figure 18 a) and b)) over 

the temperature range, giving values of 3.3 ± 0.1 GPa to 3.5 ± 0.2 GPa (Figure 18 a)) with 

indentation modulus values between 53.1 ± 1.3 GPa to 56.3 ± 1.7 GPa (Figure 18 b)). But a 

change could be observed with the decrease of countable serrations in the stress strain curve 

with increasing temperature, displayed in Figure 18 c) for 100 °C and Figure 18 d) for 250° C. 
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The statistics of the slip lines show orientation dependent slip line morphologies, with Area 1 

showing edges, Area 2 lines and curves and Area 3 curves only. Additionally, an orientation 

dependent slip line loss with increasing temperature could be observed for all investigated 

orientations as shown in Figure 19.  

Figure 18: Temperature dependent a) hardness and b) indentation modulus of the C14_S sample of the investi-
gated areas, stays on one level irrespective of temperature and orientation. The load-depth curves at c) 100 °C 
and d) 250 °C show decreasing serrations with increasing temperature [6].  

Figure 19: Resulting slip lines shown with the belonging temperature, for all indented orientations [6]. 
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The relative activation frequencies of the slip planes could be evaluated and are illustrated in 

Figure 20, for Area 1 and Area 2 over the temperature range. A surface trace analysis could 

only be conducted for traces with straight parts, explaining why this was not possible for Area 

3, as only curved lines forming around the indentation mark were observed. For the total 

amount of surface traces, the pyramidal 1st planes showed the highest activation frequency. 

The less activated planes for both orientations with respect to the total number of the resulting 

planes were the basal planes, which could only be detected in Area 1 for indents at 25 °C and 

200 °C and in Area 2 at 50 °C and 200 °C. Furthermore, the prismatic 1st order planes were 

found to be activated in Area 2 for all temperatures and with decreasing frequencies up to 

100 °C, showing no activation for Area 1 at 50 °C and 200 °C and the highest at 150 °C, fol-

lowed by 100 °C and 25 °C.  

 

    

Combined with their CRSS calculated from the micropillar compression test examined at 

150 °C and 250 °C, no significant change in activation frequencies or CRSS values was ob-

served with temperature, whereas the number of analysable micropillars was not representa-

tive for a statistical statement of slip planes or CRSS. For Area 3, the micropillar compression 

tests could only be conducted at 150 °C. The values are given in Table 8. 

Figure 20: Relative activation frequencies against the investigated temperatures for the C14 CaMg2 Laves phase. Room 
temperature results were taken from [8] and up to 50 °C from [6]. 
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Table 8: Micropillar compression test results from C14_S at 150 °C and 250 °C, given the CRSS for the found slip 
system with their Schmid Factor for Area 1, Area 2 and Area 3. 

Area Slip system Schmid 
Factor 

CRSS 150° C CRSS 250 °C 

1 (0001) 0.45 0.57 0.46 ± 0.03 

 (101�1) 0.29 0.42 - 

 (1�100) 0.24 - 0.22 

2 (112�2) 0.48 0.41 0.49 ± 0.15 

 (101�1) 0.47 0.47 - 

3 (101�1) 0.47 0.58 ± 0.07 
 

 (112�2) 0.38 0.28  

 

In order to gain a more knowledge about the chemical influence and to answer the question of 

its change of dislocation mechanisms and properties, the off stoichiometric C14 Laves phase, 

sample C14_NS, was investigated using the same experimental set up, at RT. The following 

results are on-going work and have not been published to date. The analysed areas are given 

in Figure 21 displayed in an IPF (inverse pole figure) map with their hardness and indentation 

modulus, measured by nanomechanical indentation tests, performed (with the same parame-

ter as for C14_S) with a constant strain rate of 0.1 s-2 up to a depth of 500 nm. The calculated 

hardness lies between 2.4 and 2.7 GPa and the indentation modulus between 48.2 and 50.7 

GPa, which is about 30% lower compared to C14_S for the hardness, but stays more or less 

in the same range for the indentation modulus [8]. 
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For this sample, 1974 slip traces were analysed and applied against the resulting possible slip 

planes in Figure 22, showing the same (with the exception of an overall less activation) trend 

for the activation frequency of the basal slip planes. Figure 22 presents the results of the slip 

trace analysis (C14_NS in light green) compared to C14_S (in dark green). In comparison to 

the C14_S sample, the C14_NS sample shows less activation of prismatic 1st order slip and 

slightly more prismatic 2nd order slip and about 10 % more pyramidal 2nd order slip. 

 

 Figure 22: Activation frequencies of the C14_S (dark green) and C14_NS (light green) Laves phase for the inves-
tigated plane orientations. 

Figure 21: Investigated orientations for the C14_NS sample, with corresponding measured hardness and indenta-
tion modulus. 
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Micropillar compression tests are performed in the same orientations, where nanoindentation 

test were applied. An example of each compression test is given in Figure 23 a) – e) and the 

corresponding engineering stress – engineering strain curves are shown in Figure 23 f). 

 

Figure 23: a) – e) illustrate the compressed micropillars for each orientation, whereas the alignment of these 
could be taken from Figure 21, with the simulation of the slip planes. f) showing the engineering stress-engineer-
ing strain curve from the compressed micropillars. 

The calculated CRSS obtained from the micropillar compression tests for the specific slip sys-

tems can be seen in Table 9, with the highest CRSS for basal and pyramidal 2nd order slip 

systems. The lowest CRSS were calculated for the prismatic 1st order slip system. 

Table 9: Calculated CRSS for the resulting slip systems of C14_NS for all analysed orientations, given with their 
Schmid Factor and engineering stresses. 

Area Slip system Schmid 
Factor 

Eng. Stress CRSS 

1 (1�21�2�)⟨12�13�⟩ 0.4168 1.52 ± 0.09 0.63 ± 0.04 

2 (101�0)⟨2�110⟩ 0.4059 1.35 0.55 

3 (0001)⟨112�0⟩ 0.4468 1.43 ± 0.06 0.64 ± 0.28 

4 (101�0)⟨2�110⟩ 0.3655 1.59 ± 0.15 0.58 ± 0.09 

5 (0001)⟨112�0⟩ 0.4434 1.38 ± 0.17 0.61 ± 0.07 

 

To be able to analyse the influence of the additional ternary element (C14_NS), in this case 

the substitution of 2 at.% Al, the resulting CRSS obtained from the micropillar compression 
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tests, were compared to the results of the binary ones (C14_S). These show an about 

0.11 GPa higher CRSS for prismatic 1st order slip systems, whereas the CRSS for basal and 

pyramidal slip systems remains unaffected. But the change in CRSS, the order in terms of 

which slip system has the lowest value, remains unaffected.  

The investigation of the binary C15_S (‘Plasticity of the C15-CaAl2 Laves phase at room 
temperature’) and ternary C15_NS1 and C15_NS2 cubic CaAl2 Laves phases (‘Influence of 
chemical composition on the room temperature plasticity of C15 Ca-Al-Mg Laves 
phases’) were done experimentally by using nanomechanical testing combined with atomistic 

simulations to verify and confirm experimental sections. By applying the nanomechanical work-

flow including indentation tests, followed by a slip line analysis, and micropillar compression 

tests for the C15_S and post-mortem TEM investigations, the stoichiometric composition could 

be analysed. The same workflow was processed for the C15_NS1 and C15_NS2 except for 

the micropillar compression test to evaluate the influence of the ternary alloying element. 

The mechanical properties of the three samples have shown that by adding the ternary ele-

ment and with increasing the amount of the ternary element the hardness and indentation 

modulus decrease, which is given in Table 10. 

Table 10: Hardness and indentation modulus for the stoichiometric and off stoichiometric cubic CaAl2 Laves phases.  

 C15_S C15_NS1 C15_NS2 

Hardness [GPa] 4.9 ± 0.3 4.6 ± 0.2 4.1 ± 0.3 

Indentation 
Modulus [GPa] 85.5 ± 4.0 80.7 ± 3.0 71.3 ± 1.5 

 

After analysing the binary C15_S the additional and equally likely slip plane {112} to {111} 

could be added to the possible slip planes. Further, after investigating the ternaries, C15_NS1 

and C15_NS2, these could be extended by finding the {113}, {114}, {115}, {116} and {1 1 11} 

planes. The alignment of these planes is shown in Figure 24 a). The results of the slip plane 

analysis reveal the {11n} planes as the most activated slip planes for the cubic system, as 

shown in Figure 24 b). Furthermore, the {100} planes are for all three compositions the least 

activated ones followed by the {111} planes and the {110} planes. 
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Besides the slip plane activation, it was found, that the morphology of the resulting slip traces 

around an indent, was strongly influenced by the orientation, especially for C15_S and 

C15_NS1. This phenomenon vanished slightly with the wider distinction of the stoichiometric 

composition, visible for sample C15_NS2, and observable in Figure 25. Especially for C15_S 

and C15_NS1, the morphology for surface traces of orientations, lying in its IPF map near to 

the [111] direction only shows cracks (Figure 25 d) and e)), and no surface traces, whereas it 

should be mentioned that all indents show at least one crack. For C15_S the slip morphology 

lying in the IPF map near the [011] direction reveals lines and edges, near the [001] direction 

edges and curves and all in between show a mixture of all surface trace morphologies. 

C15_NS1 therefore shows at [001] directions only curved surface traces and in [011] directions 

edges. Between [001] and [011] directions a mixture of curves and edges forms around the 

indent. In between for all three directions edges were mainly observed, only “I” (Figure 25 b, 

in its IPF map with the light blue/green rectangle)) showed straight lines and edges. The 

C15_NS2 (Figure 25 c)) deviates strongly by showing no cracks and only near the [001] 

Figure 24: a) alignment of the planes taken for the slip line analysis, displaced in the cubic C15 lattice. b) relative 
activation frequency of the activated slip planes for all three samples. The black line shows the amount of possible 
slip systems in a related to each other [10]. 
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pronounced curved surface traces (Figure 25 f)). The other orientations show either few sur-

face features or none. 

 

Figure 25: Orientation dependent morphology of resulting slip lines for the cubic CaAl2 Laves phase: a) C15_S, 
b) C15_NS1, c) C15_NS2 visualised in its IPF map, whereas the colour code gives the different morphologies of 
surface traces for this orientations: green for edges, blue for lines, pink for curves, black for cracks, yellow for 
only few surface features and red for nothing, modified from [10, 13]. 

Atomistic simulations, calculating the energy barrier of some of the slip systems, revealing that 

for all slip systems, the energy barrier of the full slip {11n}, with n = 1, 2, 4, 5, as well as for the 

{111} synchro-shear dislocation motion, decreases with increasing offset of the binary stoichi-

ometry substituting the ternary alloy element Mg to the binary CaAl2 Laves phase, as displayed 

in Figure 26. In Figure 26 a) starting from the initial stoichiometric compound with an energy 

barrier of 1514 mJ/m2 the energy barrier decreases just by substituting Al with Mg to 

1383 mJ/m2. By increasing the Ca content simultaneously, the energy barrier increases to 

1235 mJ/m2 for synchro-shear dislocation motion on {111} plane. The initial energy barrier is 

comparatively lower with 1081 mJ/m2 for the full slip {111} (Figure 26 b)) as for the synchro-

shear {111} dislocation motion and decrease to 884 mJ/m2. For dislocation motion on the {112} 

(Figure 26 c)), {114} (Figure 26 d)) and {115} (Figure 26 e)) the initial energy barrier starts 

between 1226 mJ/m2 and 1486 mJ/m2, and reaching up to 998 mJ/m2, 1147 mJ/m2 and to 

1267 mJ/m2, respectively, which are values that are relatively higher compared to {111} full 

dislocation slip but overall lower than for synchro-shear motion. 
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In order to investigate the underlying dislocation structure, one specific TEM lamella was taken 

from each sample and analysed regarding the underlying plasticity. For the off stoichiometric 

samples, the additional analysis was conducted to prove the phase stability and if the distribu-

tion stays constant over the sample depth. All show a high dislocation density. A TEM analysis 

of sample C15_S first confirms the findings of the {112} slip planes, by finding slip bands which 

can fit both, the {111} and {112} slip planes. The 𝑔⃗𝑔 ∙ 𝑏𝑏�⃗  analysis resulted in the Burges vector to 

be 1
2

[11�0], fitting also with both planes. Additionally, cracks were forming from the sample 

surface into the lamella, which could be assigned unambiguously to the (211�) and (21�1) 

planes, shown in Figure 27 c) with the white dashed lines. 

Figure 26: Atomistic simulations for the energy barrier of specific slip systems and its change with the compositions, 
for a) {111} synchro-shear motion, b) {111} full slip path, c) {112} full slip path and d) {114} full slip path and e) {115} 
full slip path [10]. 



64 
 
 

 

For the sample C15_NS1 and C15_NS2 the TEM lamella was taken from the indents with 

curved surface trace morphologies. For C15_NS1 the TEM lamella was taken from V (Figure 

25 b)) and for C15_NS2 (Figure 25 c)) from IX, showing both besides the high dislocation 

density also areas where dislocation structures could be observed, consisting of more than 

one dislocation set, which seem to be dislocation dipoles. For C15_NS1 slip bands were edge 

on to the {114} and {115} planes, as well as containing cracks along the {112} planes as shown 

in Figure 28 a).  

Figure 27: a) SE-image of an nanoindentation imprint including a schematic sketch (dotted orange area), from 
where the TEM lamella was cut out. letters a and b show the orientation of the membrane and how it was analysed 
in the further investigations. the slip traces in the vicinity of the indent were furthermore correlated with different 
planes along with the unit cell using vesta [3]. b) STEM image of the lamella. c) BF-TEM image taken at [112] zone 
axis. The blue rectangle highlights the area with a high dislocation density, whereas the red rectangle indicates the 
area where dislocation Burgers vector analysis was performed and the yellow rectangle corresponds to the area 
where the stacking faults were found [13]. 
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C15_NS2 additionally shows slip bands at the {113}, {116} and {1 1 11} planes, shown in Figure 

28 b). Furthermore, both have slip bands with a zig-zag structure, Figure 28. These slip bands 

lie edge on to the {11n} slip planes. For C15_NS1 changes between {114}  {115}  {114}, 

for the C15_NS2 changes between {1 1 11}  {116}  {1 1 11} are found in the TEM lamella. 

Furthermore, at higher magnifications more slip plane changes can be observed, taking place 

at a higher frequency with smaller distances at every plane, presented in Figure 29 b) display-

ing the yellow rectangle of Figure 29 a). Here changes between (111�) (in blue)  (511�) (in 

pink)  (211�) (in yellow)  (511�)  (211�) (111�) can be seen. 

 

 
Nudge elastic band (NEB) simulations also confirm these findings by using the minimum en-

ergy paths (MEPs) and found cross slip events on (112�), (114�), �115�� and (116�) with disloca-

tion motion periods on varying planes larger than 10 Å. The results are displayed in Figure 30. 

Figure 29: a) and b) TEM bright field images taken in [11�1] zone axis. a) with 𝑔⃗𝑔=(202�) two-beam condition at 
different magnifications, and under b) 𝑔⃗𝑔=(02�2�) two-beam condition in an indented C15_NS1 Laves phase. Differ-
ent coloured lines mark the orientations of the slip plane. The green rectangle shows a quite wavy segment. The 
zigzag shape of the slip plane indicates the occurrence of multiple cross-slips of dislocations.  

Figure 28: a) C15_NS1 TEM bright field image in [31�2] zone axis, showing slip bands on (141�) and (1�41) in light 
green, �15�1� in pink and (1�12). b) C15_NS2 in [101] zone axis revealing slip bands on (1 11 1�) in blue. (131�) in 
green, (161�) in orange as well as (121�) in white. Adopted and modified from [10]. 
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Figure 30: Atomistic configurations and energy profiles along minimum energy paths (MEPs) for the motion of the 
screw 

𝑎𝑎

2
[1̅10] dislocation on (a) (001), (b) (111̅) triple-kagomé interlayer, (c) (112̅), (d) (113̅), (e) (114̅) and (f) (115̅) 

planes were calculated using the nudged elastic band (NEB) method. Only atoms belonging to the dislocation 
core, as identified by LaCA, are shown here. The orange and magenta symbols indicate the position of the dislo-
cation line in the initial (reaction coordinate RC:0) and final (RC:1) atomistic configurations, while the cyan symbols 
represent the position of the dislocation line at the intermediate minima. Dashed lines indicate the glide planes 
between each local minimum. Performed by Dr. Zhuocheng Xie. 
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The temperature influence was investigated at a temperature range between 25-580 °C for the 

C15_S by using micropillar splitting and indentation tests with a cube corner, to analyse the 

resulting fracture toughness and calculating the hardness. Furthermore, TEM lamellae were 

analysed from an indentation print at RT and 450 °C. However, finding a microplasticity zone 

before the BDTT is reached, shown in the absence of cracks for the indentation up to 350 °C 

and no splitting up to 400 °C, but constant hardness in this temperature range. The first hard-

ness drop was than measurable at 450 °C, continued by further decrease at higher tempera-

tures. The dislocation structure observed in the room temperature lamella was different to this 

in the high temperature lamella, with only exhibiting perfect dislocations compared to this hav-

ing additional partial dislocations. 

Additionally, the C15_PT sample was investigated using a nanoindentation test, performing 

RT indentation tests and afterwards a surface trace analysis. Further tests using nanoinden-

tation at temperatures up to 400 °C fol-

lowed. The nanoindentation test was per-

formed using a constant strain rate of 0.1 

s-1, indenting up to a depth of 500 nm. 

Here the slip line analysis was limited due 

to changes on the surface with the result 

of invisible surface traces. With the RT 

slip line analysis 1257 surface traces 

could be analysed, whereas the main 

plasticity results from the {11n} planes, 

shown in Figure 31. 

Hardness and indentation modulus were calculated to be 4.4 ± 0.03 GPa and 87.0 ± 1.1 GPa. 

The changes over the temperature are given in Figure 32. Here the temperature stays at the 

same range until a specific temperature is reached, which in this case is in the range of be-

tween 300 °C and 400 °C, calculated to homologous temperatures ranging from 0.4 to 0.5. 

After this the hardness drops to 1.1 ± 0.8 GPa and the indentation modulus drops to 55.1 ± 1.8 

GPa. 

Figure 31: Resulting plane activation in C15_PT sample. Show-
ing in yellow the relative activation frequency of the {100}, in red 
{110}, in rose {111} and in green {11n} planes. 
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Figure 32: Hardness and indentation modulus evolution over the tested temperature in sample C15_PT. 
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4 Conclusion 
 

The main part of this research was to understand the fundamental plasticity in complex phases. 

For this task, the forming Laves phases in the Mg-Al-Ca system, namely the C14 CaMg2 and 

the C15 CaAl2 and CuMg2 Laves phase, were investigated. With both phases, we gain new 

insights into the room temperature plasticity and generate information on the general opportu-

nities for dislocation movement, the influence of temperature on dislocation structures, and 

their change with varying chemistry. To give an overview, the research questions will be an-

swered: 

1. Which slip systems can be activated in the Laves phase structure?  

Plasticity of the C15-CaAl2 Laves phase at room temperature 

Influence of chemical composition on the room temperature plasticity of C15 Ca-Al-Mg Laves 
phases 

Besides the common reports of limited occurring plasticity in Laves phases, these studies have 

shown, that dislocation motion itself is introducible at temperatures below the BDTT. The acti-

vation was observed not only on the previously reported low index planes namely the {100}, 

{110} and {111} planes. The planes can be widened up by finding plasticity on several new 

{11n} planes, the {112}, {113}, {114}, {115}, {116} and {1 1 11} found by post mortem TEM 

investigations of deformed areas and afterwards included for the statistical analysis of slip 

lines, which formed after nanoindentation tests. The difference in resulting slip planes can be 

grounded by the fact, that previous studies of the Laves phase plasticity only can be done 

macroscopically above BDTT and will therefore leads to changes in dislocation structures it-

self, like we could find for the binary CaAl2 Laves phase, which additionally revealed partial 

dislocation at elevated temperatures. 

The analysis of the CaAl2 structure revealed new slip systems for the cubic C15 CaAl2 Laves 

phase structure besides the always reported dislocation motion on the {111} planes. The new 

slip planes were found to be: {112}, {113}, {114}, {115}, {116} and {1 1 11}, leading to the {11n} 

planes, visualised in Figure 24, and were also found to be favourable for dislocations to glide 

on, as shown in the statistical slip line analysis after nanoindentation tests. The critical resolved 

shear stress calculated after the micropillar compression test of the {112} and {111} planes 

was found to be in the same range, although the statistic shows, that the {111} planes are 

together with the {100} planes the less activated ones. This is because the geometrically pos-

sible slip systems are three times higher for the {11n} systems than for the {111} planes. NEB 

https://www.sciencedirect.com/science/article/pii/S0264127522011273
https://arxiv.org/abs/2403.13432
https://arxiv.org/abs/2403.13432
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analysis also confirms the new planes and shows that no stable stacking fault would be real-

isable for the {11n} planes. Additionally, atomistic simulations have been performed to calcu-

late the general stacking fault energy and the energy barriers to prove the theoretical capability 

for these planes, showing that {11n} planes have a comparatively low energy barrier, explain-

ing their activation.  

The found Burgers vector for the deformed zone was 1
2

[11�0], giving the dislocations the pos-

sibility to glide on the {111} as well as on the {11n} planes, which may be the reason why the 

zick-zack slip bands which could be found. Besides the straight dislocation slip on one specific 

slip plane, the cross slip was found to be activated in the cubic system, observable with a slip 

plane change from {111}  {112} and a more frequent change from {115}  {114}  {115}. 

Furthermore, the frequent change between the {11n} planes could be explained by their close 

alignment to each other, where the interplanar space between the {111} and {112} planes in-

clude more distance. This directly gives the ability for the dislocation to decompose. This was 

also confirmed by MEPs simulations. For the hexagonal C14 CaMg2 Laves phase the slip 

systems that were activated were analysed by using a statistical surface trace analysis after 

the nanoindentation tests. This has shown a more frequent activation of the non-basal planes, 

which can be explained by its geometrical factor, of the number of geometrical possible slip 

systems. Whereas for micropillar compression tests no 2nd order prismatic slip system was 

observed, suggesting that the Schmid factor is too low and the CRSS too high compared to 

other slip systems.  

2. How can the dislocation structure in the complex intermetallic phase and the me-
chanical properties be influenced by local chemistry, stoichiometry and with ele-
vated temperature? 

Influence of chemical composition on the room temperature plasticity of C15 Ca-Al-Mg Laves 
phases 

Plastic deformation of the CaMg2 C14-Laves phase from 50-250 °C 

Temperature-driven nanoscale brittle-to-ductile transition of the C15 CaAl2 Laves phase 

The analysis of the influence on the temperature has been investigated in the hexagonal C14 

CaMg2 Laves phase for temperatures up to 250 °C, in a range from 0.30 – 0.53·TM. Thereby, 

for Laves phases defined BDTT lying around 0.6·TM was not reached, which was represented 

by just negligible changes of the hardness and indentation modulus over the investigated ori-

entations. Meaning the stress which was needed to activate the dislocations to move against 

the lattice resistance stays in the same range over the activated range. Although the 

https://arxiv.org/abs/2403.13432
https://arxiv.org/abs/2403.13432
https://www.sciencedirect.com/science/article/pii/S2589152921002404
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mechanical properties remain unaffected by the temperature, observable decreasing serra-

tions with increasing temperature in the nanoindentation load-depth-curve might result be-

cause dislocations nucleate. Otherwise, it could also be connected to the slightly off-stoichio-

metric composition, leading to the dislocation interaction, here the comparable larger Mg atom 

has a higher content than the smaller Al atom and might influence the strength of dragging 

points (hinder the motion of dislocation kinks  reducing dislocation velocity), which further 

decreases with temperature because the dislocations get more mobile, as visible by decreas-

ing serrations with increasing temperature. Additionally, the BDTT for the cubic C15 CaAl2 

Laves phase was found to be lower for the nanoindentation test than for the microscopic test, 

showing a hardness decrease at temperatures of about 450-500 °C, with the BDTT calculated 

to be 0.55·TM. At 450 °C higher dislocation activity was identified by the drop in hardness and 

absence of fracture due to pillar splitting. 

The dislocation characterisation of the dislocation type after the high temperature test (up to 

T > 600 °C) differs from that at room temperature where only 𝑎𝑎
2
〈11�0〉 dislocations were found, 

revealing a mixture of perfect 𝑎𝑎
2
〈11�0〉 and partial 𝑎𝑎

6
〈11�2〉 dislocations, showing the shift in dis-

location mechanism from perfect dislocation glide to possible synchro-shear and was reported 

to be also present for macroscopic tests at high temperatures, mostly above the BDTT. More-

over, the dislocations tend to creep at temperatures above the BDTT.  

In terms of anisotropy, no deviations were visible for the C14 CaMg2 Laves phase in terms of 

mechanical properties, but the formation of surface traces seems to be strongly influenced by 

the orientation. This effect becomes stronger with increasing temperature, which is explainable 

by the activation of additional temperature activatable dislocation mechanisms, like cross slip 

or dislocation climbing, especially for not straight surface traces. Cross slip was found for the 

curved surface structures in the C15 CaAl2 Laves phases, whereas the surface morphology 

strongly depends on the grain orientation. The influence of the chemistry on the anisotropic 

factor could be analysed and was found to increase with deviation from the binary CaAl2 phase 

in terms of stiffness and surface traces. The influence of the local chemistry has been analysed 

for the cubic C15 CaAl2 Laves phase by adding Mg and reducing Al. The mechanical proper-

ties, here measured as hardness and indentation modulus, show a decreasing trend with in-

creasing Mg addition, which is confirmed by atomistic simulations of the mechanical properties 

giving the same results. This could be explained by the additional decreasing energy barrier, 

which was calculated with atomistic simulations, for the resulting slip systems, facilitating dis-

location motion by simultaneously reducing the required stress for dislocation motion, resulting 

in a more ductile compound. Additionally, this could be the reason for the crack formation, 
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whereas the binary compound and the Ca33Al61Mg6 show cracks around the indents, for the 

Ca36Al53Mg11 no cracks could be observed.  

For all compounds, the [111] direction shows the highest hardness and indentation modulus 

but shows only cracks for Ca33Al67 and Ca33Al61Mg6 and no surface traces for Ca36Al53Mg11 

leading to the assumption that the energy for crack nucleation is less than that for dislocation 

motion. All show in [001] direction curved lines, the lowest Schmid factor for all slip systems 

except the {110} and the lowest hardness and indentation modulus, which could be explained 

by having no distinguished easily activatable slip system. This is also shown by the TEM anal-

ysis by having a lot of slip bands corresponding to the {11n} planes, but also by observing 

dislocation dissociation from one plane to the other, for all three compositions.  

The overall statistic of the slip traces shows that the local chemistry has no reasonable effect 

on the activation frequency. For all three compositions, the {11n} planes were the most de-

tected and had the highest Schmid factor. 

 
3. Can we derive general insights into the dislocation behaviour and the mechanical 
properties of Laves phases from the gained knowledge? And furthermore, predict 
with this the influence of temperature, strain rate and deviating stoichiometry on 
dislocations? 
Plasticity of the C15-CaAl2 Laves phase at room temperature 

Influence of chemical composition on the room temperature plasticity of C15 Ca-Al-Mg Laves 
phases 

Plastic deformation of the CaMg2 C14-Laves phase from 50-250 °C 

Temperature-driven nanoscale brittle-to-ductile transition of the C15 CaAl2 Laves phase 

Chapter 10 – on going work 

As there were already more than 1400 Laves phases listed in 1991, and this number will con-

tinue to grow in the coming years and beyond, it is necessary to consider whether properties 

and changes can be transferred from one phase to another. Structurally, this would make 

sense due to the uniformity of arrangement for the respective structure types, and due to the 

fact, that all Laves phase structures are built up out of the same layers. Of course, the influence 

of the radius ratios may still play a superordinate role, especially when considering Laves 

phases with deviations in their stoichiometric composition. However, by studying the C15 pro-

totype MgCu2 and the C15 CaAl2 Laves phase, it has been possible to gain a first insight into 

how the mechanical properties change with temperature and how the behaviour of the dislo-

cations is influenced. By calculating the normalised shear stress, it can be seen, that these as 

well as for MgCu2 as for CaAl2 reveal values of 0.2-0.3·TM up to the point between 0.5-0.6·TM 

https://www.sciencedirect.com/science/article/pii/S0264127522011273
https://arxiv.org/abs/2403.13432
https://arxiv.org/abs/2403.13432
https://www.sciencedirect.com/science/article/pii/S2589152921002404
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(shown in Figure 33). Moreover, the measured values of CaMg2 lie in this range, leading to the 

assumption, that further normalised results will show the same trend. This would directly de-

scribe that the inherent stress given by the structure itself, is for every Laves phase in the same 

range, and hardness values would be predictable. Deformation in the investigated samples 

and systems was mainly present at the non-basal planes, meaning not on the triple layer 

planes, which describes a big contrast to previous studies on Laves phases. For both analysed 

C15 Laves phases dislocation slip on the {11n} planes could be found and were dominantly 

related to their relative activation frequency.  

 

 

Full dislocation slip was found to be energetically favourable at RT and changes to partial 

dislocation were found at 450 °C, which also fits the results from previous studies finding partial 

dislocations and the synchro-shear mechanism being the main deformation mechanism above 

the BDTT. The newly found planes make the isostructural comparison more difficult. For the 

new cubic planes, the stacking of the {112} can be compared with the hexagonal 1st order 

prismatic {101�0} planes, observable in Figure 33. 

Figure 33: normalised shear stress against homologous T, showing the values for C14 CaMg2 with red triangles, 
for C15 CaAl2 with blue circles [7] and C15 CuMg2 with green rectangles, gained from nanomechanical experi-
ments. All values are plotted in Pauflers DMM, which he designed for C14 MgZn2 in light grey using macroscopic 
experiments [12], whereas the ideal strength was taken accordingly to Kelly et al. [16]. 
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The influence of the local chemistry 

and the temperature appears to have a 

greater impact on the dislocation be-

haviour and mechanical properties, but 

for both parameters, a critical point 

must be exceeded to observe a meas-

urable influence. But both structures 

show decreasing mechanical proper-

ties, in this case hardness and indentation modulus, with the substitution of a third alloying 

element. Both reveal the morphological orientation dependency on surface traces, showing for 

C15_NS1 and C15_NS2 an increased observation of cross-slip mechanism, by orientations 

with curved lines, which leads to the assumption, that this will also be the case for C14 and 

C14_NS1 with this kind of surface morphologies. 
 

Figure 34: Stacking of a) hexagonal {101�0} plane and b) cubic 
{112} plane. 
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5. Outlook and Future Work  
 

The overall question of the dislocation structure in these complex intermetallic phases and the 

influence of the stoichiometry, local chemistry, and temperature could be answered by analys-

ing the C14 CaMg2 Laves phase up to temperatures of 250 °C and the influence of the local 

chemistry and its change with the C15 Ca(Mg,Al)2 Laves phases at room temperature, but also 

opens more room for further investigations. The analysis of the pseudo-ternary C15 Laves 

phase indicate the influence of the local chemistry and shows that the new findings in slip 

systems are also dominant for these systems. The phenomena of change in hardness and 

modulus indicates that increasing the Mg and Ca content leads to softening, which correlates 

with atomistic simulations and with the absence of crack planes. In contrast, the number of 

surface traces decreases, and only tiny segments of straight lines can be seen, which requires 

more detailed analysis. 

To understand and clarify the dislocation behaviour, their interaction, and their changes with 

the addition of a third alloying element, changing the internal stoichiometry, or increasing the 

temperature, several additional investigations could be performed and are listed in the follow-

ing sections:  

In this study the systematic analysis of the influence of the ternary element was hindered due 

to the non-constant Ca content with the substitution of Mg to the C15 CaAl2 Laves phase, 

whereas here the influence of the off-stoichiometric Ca content (increased), can also have 

contributed to the mechanical changes. A systematic investigation on the effect of the radius 

variation of the ternary element or for specific binary systems, by just changing the A and 

leaving B constant or vice versa, on mechanical properties and dislocation behaviour, to be 

able to predict changes in chemistry more precisely, would be therefore interesting. Further-

more, these insights will help to understand the dislocation mechanisms on atomic size, by 

small systematic changes of just one atom. 
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Short Summary 

In the Mg-Al-Ca System, three different Laves phases can be formed lying as second phase 
in the Mg matrix, which influence the mechanical properties and plasticity of the hole system. 
To understand the interaction of Laves phases with Mg, firstly the basics of Laves phases have 
to be clarified and be understood before secondly the System and the interaction between 
matrix phase and intermetallic phases can be unraveled. Especially the room temperature 
properties are rarely investigated due to its macroscopical brittle failure below the brittle-to-
ductile transition temperature. One of the forming Laves phase is the CaAl2 phase, which were 
analysed using nanomechanical testings, finding the previous studied slip systems and the 
new {112} planes, which occur to be, with the {111} planes, largely responsible for the plastic 
deformation at room temperature. 
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h i g h l i g h t s

� We find that the {112} plane seems
to be dominant for plasticity,
although previous literature lists
deformation on the {111} plane as
the dominant mechanism for C15
Laves phases.

� We could quantify the CRSS for both
slip systems, namely f111gh11

�
0i and

f112gh11
�
0i, as approximately the

same at � 1 GPa.
� Our TEM investigations confirm the
[1 1

�
0] Burgers vector type by using

the g∙b analysis.
� Together, these insights also allow us
to explain why the crack and slip
trace distribution around
indentations varies systematically
with crystal orientation.
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a b s t r a c t

The room temperature plasticity of the cubic C15 CaAl2 Laves phase was investigated using nanomechan-
ical testing and electron microscopy. The correlation between slip traces in the vicinity of nanoindents
and crystallographic orientation data allowed us to gain statistical data on the activated slip and crack
planes for 10 different crystallographic orientations. Slip on {111} and {112} planes was found to be
most favourable for all orientations, whereas cracks predominantly occurred on {112} planes. A constant
hardness of 4.9 ± 0.7 GPa and an indentation modulus of 85.5 ± 4.0 GPa for all investigated orientations
for a constant strain rate and a strain rate sensitivity of 0.028 ± 0.019 were measured. Micropillar com-
pression tests and transmission electron microscopy confirmed slip on {111} and {112} planes with a
Burgers vector of <11

�
0 > type. This allowed to determine the critical resolved shear stresses as

0.99 ± 0.03 GPa for {111}<11
�
0 > and 0.97 ± 0.07 GPa for {112}<11

�
0 > slip.

� 2022 The Authors. Published by Elsevier Ltd. This is an open access article under the CCBY license (http://
creativecommons.org/licenses/by/4.0/).
1. Introduction being ‘‘building blocks” of larger unit cells, such as in the l-
Laves phases are a very common type of intermetallic com-
pound, formed in many binary and ternary systems, as well as
phase, which is a major precipitation phase in steels and superal-
loys [1,2]. Laves phases were discussed as the basis of future high
temperature alloys, and have received recurring attention with a
shifting focus on understanding their fundamental structure, sta-
bility and mechanical properties [3]. As topologically close packed
phases (TCP) with the ideal composition AB2 formed around an
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ideal ratio of the atomic diameters of
ffiffiffiffiffiffiffiffi
3=2

p
, they are also being

studied in colloids in the context of photonic crystals with a tun-
able bandgap [4] and to advance our understanding of amorphous
and crystalline phase and defect formation [5,6].

The Laves phase CaAl2 commonly occurs as precipitates in mag-
nesium alloys containing Al and Ca. Despite its inherent brittleness,
it can positively influence the plastic deformation of the magne-
sium alloys at room and moderately elevated temperatures and
it is for this reason, and to widen our still limited knowledge about
plastic deformation in these brittle crystals, that in this study the
room temperature mechanical properties of the CaAl2 Laves phase
is investigated.

When Mg is alloyed with both Al and Ca, the Ca/Al ratio deter-
mines which intermetallic phase(s) are precipitated and their
degree of interconnectivity formed in the magnesium matrix
[7,8]. Recent work by Zubair et al. [9] revealed that, during tensile
tests, a high interconnectivity provides a preferred growth path for
cracks and thus promotes brittle failure, whereas a low connectiv-
ity results in an improved overall ductility. However, in creep test-
ing [10], a higher degree of interconnectivity was found to yield an
improvement of creep resistance as the intermetallic skeleton hin-
ders dislocation motion [9]. A balance can therefore be struck by
carefully choosing alloy composition and solidification conditions
to balance sufficient ductility and improved creep resistance
depending on the intended technical application. These promising
results indicate that Laves phases are potential candidates to
improve the creep strength of Mg-Al-alloys for applications above
150 �C, where the more commonly introduced Mg17Al12 phase
becomes soft [11].

The intermetallic Laves phases formed in Mg-Al-Ca-alloys are
the cubic CaAl2 (C15 type), the hexagonal CaMg2 (C14 type) and
the hexagonal Ca(Mg,Al)2 (C36 type) phases. The cubic CaAl2 phase
is characterised by its high melting temperature (1079 �C for the
CaAl2 phase as compared to 715 �C for the CaMg2 phase [12])
and its high creep resistance compared to the hexagonal phases
[12]. Creep tests at various temperatures by indentation with a
Vickers indenter tip on the CaAl2 phase have shown that for a hold-
ing time of 30 s, the microhardness only decreased moderately,
from 402 HV to 318 HV and respectively, for a holding time of
3600 s, from 356 HV to 294 HV, with a temperature increase of
280 K from homologous temperatures,TH , of 0.6 to 0.71 �Tm

(Tm=melting temperature in K). In contrast to this, a more pro-
nounced decrease in hardness could be observed for the hexagonal
CaMg2 phase showing a decreasing hardness from 156 HV to 47 HV
for a 30 s holding period and 149 HV to 10 HV for 3600 s at the
same temperature difference [12].

Due to the topologically closed packed structure of Laves
phases, plasticity at ambient temperature is mostly impeded, lead-
ing to a gap of knowledge regarding mechanisms of plasticity at
temperatures below the brittle-to-ductile transition temperature
(BDTT), which was measured for Laves phases lying approximately
between 60 and 71 % of the melting temperature [13–17]. There-
fore, most of the previous literature has investigated Laves phases
in temperature ranges above the BDTT, since macroscopic experi-
mental setups can only introduce plasticity in this temperature
regime. We summarise these studies on the deformation mecha-
nisms of several cubic C15 Laves phases in the next section.

A theoretical approach of the deformation behaviour of Laves
phases by Krämer et al. [16] revealed dislocation motion on the
{111} plane with 1

2h110i perfect dislocations or 1
6h112i partial dis-

locations. Furthermore, possible dislocation motion without disso-
ciation on the {101} plane with h010i perfect dislocations and
1
4h121i dislocations for the cubic Laves phase was observed. Macro-
scopic, experimental tests led to similar results as predicted by
2

Krämer for deformation above the BDTT. Studies on the MgCu2

phase found that in addition to the {111} plane, the {110} and
{100}-planes may act as additional slip planes (380–660 �C,
0.48–0.83 �Tm) [18]. In a temperature range of 400–725 �C, 0.50–
0.91�Tm, other than the (111)[110] slip system, the (111)[112]
twinning system was found [19]. Mechanical twinning was also
the most frequently detected deformation mechanism for HfV2

and HfV2 + Nb for room temperature (RT), 0.02�Tm, deformation
tests [20,21]. Furthermore, perfect dislocations on the {111} plane
with 1

2h101i were found in Fe2(Dy,Tb) (�875 �C, � 0.7 �Tm), HfV2 +-
Nb (RT) and NbCr2 (1300–1400 �C, 0.75–0.81 �Tm), while NbCr2
(1300–1400 �C) also showed dislocations on {111} planes dissoci-
ating into two 1

6h112i Shockley partials [20–24].
Experiments at room temperature were done using micropillar

compression tests to suppress cracking below the BDTT [25], so
that beside the slip system, critical resolved shear stresses (CRSS)
for the observed slip systems could be identified. Micropillar com-
pression studies of NbCr2 and NbCo2 revealed slip on the {111}h
110i slip system for both, with a CRSS of 4.6 GPa for orientations
aligned for single slip and 4.4 GPa (NbCr2) and 3.0–3.1 ± 0.7 GPa
(NbCo2) for orientations aligned for multiple slip [25–27]. More-
over, Korte et al. [28] and Luo et al. [29] found both the activation

of the f111g < 11
�
0 > slip system for NbCo2 and reported a CRSS of

3.1 ± 0.7 GPa and 3.2 ± 0.7 GPa, while Lou et al. [29] also observed

the dislocation motion in the < 112
�
> direction on {111} planes

with nearly the same CRSS of 3.0 ± 0.8 GPa.
The underlying mechanism by which deformation in Laves

phases on these slip systems is often reported to occur is the so-
called synchroshear mechanism on crystallographic planes con-
taining the characteristic triple layer of Laves phases. The triple
layer lies parallel to the {111} plane in the cubic C15 and parallel
to the basal plane in the hexagonal C14 and C36 phases, and also
related intermetallic phases containing Laves phase elements
[30–35]. This mechanism is associated with local phase transfor-
mations from the hexagonal C14 or C36 to the cubic C15 phase
after macroscopic compression tests [36–39], in which case it
enables the transition by a simple restacking along the basal plane
to create the different packings of these phases. The synchroshear
mechanism consists of a synchronous movement of two neigh-
bouring partial dislocations on a triple layer and essentially
reverses the stacking direction within the triple layer, giving a local
transformation between the prototypical phases or rather forming
a stacking fault within the parent structure that corresponds to one
of the other structures [30–32].

As seen above, the application of new testing methods on the
nanoscale, such as nanoindentation and micropillar compression,
now allows us to introduce plasticity in brittle materials below
the BDTT. Here, we exploit these methods in conjunction with con-
ventional transmission electron microscopy (TEM) analysis in
order to gain a deeper understanding of the mechanisms governing
plasticity in Laves phases. For the Mg-Al-Ca system, the hexagonal
C14 Laves phase has already been characterised up to a tempera-
ture of 250 �C and, interestingly, non-basal slip was found to be
predominant at all temperatures in addition to basal slip along
the triple layer [40,41]. In contrast, the low temperature deforma-
tion behaviour of the cubic C15 is still to be unraveled, especially
the qualitative and quantitative determination of the modulus,
hardness, the rate dependence and activated slip systems. With
this study, we aim to close this gap of knowledge by means of a
statistical analysis of slip and crack planes around indentation
deformation zones and evaluate possible slip systems and their
critical resolved stresses by micropillar compression tests. To
achieve a detailed insight into the underlying slip systems and
mechanisms, further conventional TEM was used.
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2. Experimental methods

2.1. Synthesis and microstructure characterisation

The as-cast samples of nominal CaAl2 composition underwent
an annealing procedure in a glass tube furnace under argon atmo-
sphere at 600 �C for 24 h to ensure a homogeneous elemental dis-
tribution and obtain grain sizes in the range of a few hundred
micrometers. Metallographically the samples were prepared as
described in more detail in a previous publication [42]. In a first
step, the samples were ground using SiC paper with a grit size of
1200 to 4000, followed by mechanical polishing steps with dia-
mond paste from 6 lm down to 0.25 lm and ethanol with 5 %
Polyethylene Glycol 400 (PEG) as a lubricant. A final oxide polish-
ing with a grain size of 0.04 lm and cleaning step with soap and
water followed.

Backscattered electron (BSE) imaging in a scanning electron
microscope (SEM) (Helios Nanolab 600i, FEI, Eindhoven, NL) at an
acceleration voltage of 5 kV revealed a two-phase microstructure
with a matrix phase and a secondary phase surrounding the matrix
phase (Fig. 1). Additionally, energy dispersive X-ray spectroscopy
(EDX) measurements were performed in order to reveal the local
chemical composition of the microstructure constituents, by calcu-
lating the chemistry over at least 34 point-measurements for both
phases. The composition of the matrix phase was found to be
66.5 ± 2.5 at.-% Al and 33.6 ± 1.3 at.-% Ca, which corresponds well
to the ideal stoichiometric composition of the CaAl2 phase. The sec-
ondary phase consisted of 80.2 ± 1.1 at.-% Al and 19.8 ± 1.0 at.-% Ca
and is thus attributed to the CaAl4 phase.

The use of electron backscatter diffraction (EBSD) imaging
(Helios Nanolab 600i, FEI, Eindhoven, NL) at an accelerating voltage
of 20 kV and a current of 5.5 nA allowed us to identify the grain ori-
entations of the cubic CaAl2 phase, whereas for the tetragonal
CaAl4 phase, indexing was not possible because of diffuse Kikuchi
patterns. This data was further analysed using orientation imaging
microscopy (OIM) analysisTM (EDAX Inc.) in order to obtain the
Schmid factors for certain slip systems of the CaAl2 grains used
for micropillar compression.
Fig. 1. Backscatter electron image of the microstructure recorded at an acceleration
voltage of 5 kV. The matrix phase corresponds to the C15 CaAl2 phase while the
surrounding corresponds to the CaAl4 phase.

3

2.2. Nanoindentation experiments

Nanomechanical tests were performed using an iNano nanoin-
denter (Nanomechanics Inc., TN, USA) with a diamond Berkovich
tip (supplied by Synton MDP, Switzerland) and a dynamic indenta-
tion unit (continuous stiffness measurement (CSM)). Prior to test-
ing, the diamond area function (DAF) of the indenter tip was
calibrated according to the Oliver and Pharr method [43]. All
nanomechanical tests were conducted in the CaAl2 matrix phase
at least 10 lm away from the CaAl4 phase [44]. The first nanoin-
dentation tests were performed with a constant strain rate of
0.2 s�1 up to a maximum depth of 500 nm. Before unloading, the
indenter had a holding period of 2 s. These experiments were anal-
ysed for the hardness and indentation modulus as well as for slip
traces in the vicinity of the nanoindents. This was done for a total
of 120 nanoindents with 890 slip traces in 10 different crystal ori-
entations by correlating the information from EBSD results and
secondary electron (SE) images of the indents, as shown in [45].

Furthermore, strain rate jump tests (SRJT) in two different ori-
entations were conducted based on the method first mentioned
by Maier-Kiener et al. [46–48] to evaluate the strain rate sensitivity
and activation volume of the CaAl2 phase. These were performed at
different strain rates of 0.1 s�1, 0.04 s�1, 0.1 s�1 and 0.01 s�1 with
jumps taking place every 100 nm starting at 100 nm indentation
depth.

2.3. Micropillar compression experiments

A total number of 15 micropillars with an aspect ratio of
approximately 2.5 (pillar top diameter 2.1 lm/ pillar height
5.2 lm) was milled in seven differently oriented grains using
focused ion beam (FIB) (Helios Nanolab 600i, FEI, Eindhoven, NL)
milling. The compression tests were performed in-situ using an
InSEM nanoindenter (Nanomechanics Inc., TN, USA) in an SEM
(CLARA, Tescan, Brno, Czech Republic) with an approximate strain
rate up to the onset of yielding of 0.1 s�1 and were manually
stopped when a large strain burst was observed. Post-mortem SE
images of the micropillars were taken under a 45� tilt angle using
an acceleration voltage of 5 kV and a beam current of 0.69nA. This
allowed us to identify the slip planes and potential slip directions
for each micropillar. The obtained mechanical data was further
corrected for elastic sink deformation of the tip and substrate using
the Sneddon correction [49]. Subsequently, the stress at the initial
strain burst was converted to the critical resolved shear stress
(CRSS) for each slip system.

2.4. TEM experiments

Two TEM lamellae were cut out from indents using site specific
FIB milling. The lamellae were then analysed using a JEOL JEM-
F200 TEM under different two-beam conditions at 200 kV. A
g � b extinction analysis, with g being the diffraction vector and b
being the Burgers vector allowed us to identify the Burgers vectors
of the dislocations.
3. Results

In order to unravel the mechanical properties and activated slip
systems of the CaAl2 phase at ambient temperature, several
nanomechanical testing methods were applied: (I) nanoindenta-
tion tests to obtain the hardness and indentation modulus, (II)
strain rate jump tests in order to determine the strain rate sensitiv-
ity and activation volume, (III) slip trace analysis in the vicinity of
indents in order to gain a statistical measure of the activated slip
systems and (IV) micropillar compression tests to identify the slip
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planes and calculate the CRSS values using also information from
(V) a consecutive TEM analysis, to determine the Burgers vectors
of the introduced dislocations from the nanomechanical
experiments.
Fig. 3. Hardness and strain rate values over indentation depth for the CaAl2 phase.
The strain rate jump test (SRJT) was performed at different strain rates of 0.1 s�1,
0.04 s�1, 0.1 s�1, 0.01 s�1, which was varied every 100 nm.
3.1. Nanoindentation

The hardness and indentation modulus were calculated from a
continuous stiffness measurement between 350 and 500 nm
indentation depth and resulted in an average hardness of
4.9 ± 0.7 GPa and an average indentation modulus of 85.5 ± 4.0
GPa over all 10 orientations, using a constant Poisson ratio of 0.3.
A representative load-indentation depth curve is given in Fig. 2.
All load-indentation depth curves exhibit serrations, which
became more pronounced with higher indentation depths.

Fig. 3 displays the results of the strain rate jump tests, showing
a representative curve of the hardness change over the indentation
depth with varying strain rate. The average hardness of 5.8 ± 0.8
GPa for the strain rate jump tests agrees, within the standard devi-
ations, with the measured values at the constant strain rate of
0.2 s�1. The averaging over depth for the strain rate jump tests
was done over a depth range of 100 – 500 nm, including all mea-
sured strain rates. For all orientations, the first jump was con-
ducted at approximately 100 nm followed by strain rate jumps
(0.1 s�1; 0.04 s�1; 0.1 s�1; 0.01 s�1) every 100 nm. For the second
jump, the hardness increased slightly whereas it decreased
between 200 and 300 nm at the next jump to slower strain rates.

From this change in hardness with strain rate, the strain rate
sensitivity (m) and the activation volume (V) can be calculated
[46–48,50].

The strain rate sensitivity can be calculated based on equation
(1):

m ¼ d lnHð Þ
d ln _eð Þ ð1Þ

with H the hardness and _e the strain rate. The activation volume
can then be calculated as

V ¼ 3
ffiffiffi
3

p
k T

m H
ð2Þ

with k the Boltzmann constant and T the absolute temperature
in K.

The calculation of the strain rate sensitivity was performed by
evaluating the hardness change at the jumps, taking a total amount
of 600 values, 300 before and 300 after each hardness jump into
account, and calculating the slope of these hardness data before
and after the jump. With the extension of these linear trends from
Fig. 2. Representative nanoindentation load-indentation depth curve at a constant
strain rate of 0.2 s�1 to a maximum depth of 500 nm.

4

each strain rate increment, the hardness difference could be mea-
sured at the point of rate change to calculate the strain rate sensi-
tivity. This led to an average strain rate sensitivity of 0.028 ± 0.019
and an activation volume of 0.530 ± 0.780 nm3, corresponding to
3.75 ± 1.15 b3, calculated with a lattice parameter of 0.80428 nm
and a Burgers vector along the closed packed direction a

2 h110i
(b = 0.5685 nm).

3.2. Slip line analysis

The slip line analysis was performed on 120 indents, corre-
sponding to 10 different crystallographic orientations. The evalu-
ated indents were performed with a constant strain rate. For all
investigated indents, at least one crack was observed to initiate
from one of the indent corners, whereas not all indents were sur-
rounded by visible slip lines.

For the slip line analysis, a MatLab� Code was used [45], which,
together with the orientation data gained from EBSD measure-
ments, (semi)automatically identified the most probable slip plane
from SEM images. For this procedure, a tolerance angle of 3�
between the measured angle of the slip trace with the horizontal
and the identified plane was chosen. Due to the only small angular
deviation in the plane of the sample surface between the {111}
and {112} planes for some orientations, the automatic analysis
has been manually corrected as described in [45] where the angle
between both planes was found to be smaller than 3�. If more than
one slip plane was assigned to the occurring slip plane, both possi-
bilities were counted, so that the overall activation frequency in
this case amounts to more than 100 %. The slip traces around the
indents were then subdivided into three categories according to
their morphology, namely lines, edges and curves, as suggested
by Schröders et al. [51] (Fig. 4). All grain orientations are displayed
in Fig. 4 within the inverse pole figure (IPF) map with a colour code
visualising the morphology of the surface traces and those orienta-
tions in which only cracks were observed. As each indent for which
slip traces were observed also had at least one adjacent crack, they
were not included as an additional category in Fig. 4.

Fig. 5 displays examples of the slip trace analysis. For the iden-
tification of slip planes only straight lines and edges were used.

A total of 890 surface traces, including slip lines and cracks
formed around a total of 120 indentations, were evaluated in order
to obtain a statistical analysis. 625 of these surface traces pertain to
plastic deformation and 265 to cracks, both were analysed sepa-
rately. The corresponding results are depicted in Fig. 6. For the
plastic deformation, 58 % of the resulting slip traces were corre-
lated to {111} planes, followed by the {112} planes with an activa-
tion frequency of 48 % (the total activation frequency reaches over
100 % as a result of double counting of slip planes when the angle
of different candidate slip planes is less than 3�). For the cracks, ori-



Fig. 4. Orientations of all analysed grains for slip line analysis as an inverse pole figure map with corresponding morphology of surface traces, such as in the publication of
Schröders et al. [51], see Fig. 5 for images of the different morphologies here. All indents contain cracks, but with yellow, the orientation is shown, where only cracks were
observed, red shows straight slip lines, blue edges and green rounded surface traces. The orientations labelled (a), (b), (c) and (d) are shown in a detailed slip line analysis in
the corresponding subfigures of Fig. 5. Additionally, the highest Schmid factor for each slip system is given in the table. The Schmid factors were calculated by assuming
uniaxial compression. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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entations along {112} and {110} planes were mostly detected
with 37 % and 28 %, respectively. 4 % of slip planes and 19 % of crack
planes could not be assigned to any plane. The comparatively high
number of not indexed crack planes results from the curved crack
path and the changing morphology along the crack, which may
nucleate at small depths and progress outwards as the indent is
pushed further into the surface. In contrast, slip traces form and
are successively flattened by the proceeding indentation, so that
only the final traces remain visible outside the contact zone.
3.3. Micropillar compression

A total of 15 micropillars corresponding to 7 different orienta-
tions were deformed until strain bursts occurred. Representative
micropillars for each orientation are depicted in Fig. 7 a) including
their correspondingly oriented unit cells (Fig. 7 b)) and the engi-
neering stress strain curves (Fig. 8). For slip plane determination,
the 45� tilted SE-images of the micropillar were compared to the
90� tilted unit cell taken from VESTA, to realise the side view
[52]. The slip angles of both images were compared taking the tilt
during imaging of 45� into account using

c90 ¼ tan�1 tan c45ð Þ �
ffiffiffi
2

p� �
. The corresponding slip planes were

again assigned with a tolerance of ± 3�. For the slip direction the
best fitting slip plane and Burgers vector with the highest Schmid
factor were assumed. The slip planes found to show deviation
angles of � 3� were the {111} and {112} slip planes. The distinc-
tion of these planes was not as difficult as in the slip plane analysis
of the deformation zone around indents, as the angular difference
was more clearly visible in the geometry of a micropillar.

The CRSS was determined by taking the engineering stress, at
the point at which the first strain burst happened, multiplied with
the Schmid factor of the determined slip system.

All compressed micropillars are listed in Table 1 including their
identified slip systems, Schmid factors (mS), compression axes,
yield stresses (ry) and CRSS values.

Overall, 10 of the 15 pillars slipped on the {111} planes and 5

on the {112} planes. Slip on the {111}<11
�
0 > slip systems
5

occurred at an average yield stress of 2.96 ± 0.54 GPa resulting in
an average CRSS of 0.99 ± 0.07 GPa (Table 1), whereas slip on the

{112}<11
�
0 > slip systems occurred at a yield stress ranging from

2.67 GPa to 3.69 GPa resulting in an average of 2.94 ± 0.24 GPa
and an average CRSS value of 0.97 ± 0.03 GPa (Table 1). The error
is given as the standard deviation for the specific slip systems.

For micropillar 13 and 14, the CRSS could not be determined
unambiguously, and is therefore marked with a ‘‘*” in Table 1
and not included in the average values given above. This is due
to the activation of two slip systems and the impossibility of
assigning the strain bursts to one of the slip systems. Fig. 9 depicts
the slip events observed for pillar 13. From the front (Fig. 9 a)), only

one slip system, 1
�
21

� �
1
�
01

�h i
, is visible, whereas in the back view

(Fig. 9 b)), two slip systems are visible, both belonging to the {112}

<11
�
0 > slip system.

In Table 2 all measured mechanical properties and their corre-
sponding values are listed.

3.4. TEM

For TEM analysis, a site-specific lamella was lifted out from an
indent for which the {111} and {112} planes could not be distin-
guished by surface analysis alone. Fig. 10 a) displays the alignment
of the lamella, where letters ‘‘A” and ‘‘B” represent the two sides of

the lamella. Additionally, the possible slip planes, ð111
�
Þ, ð211

�
Þ,

ð1
�
11Þ and ð2

�
11Þ, determined by the slip line analysis are shown

in the unit cells. In Fig. 10 b), a scanning transmission electron
microscopy (STEM) image of the deformation zone is shown. Some
clear lines next to the indent at the ‘‘A” side are observed to go
from the bulk material to the surface. In addition, the surface slip
traces were assigned to be the edged lines on the surface and thus
correlated to ductile deformation. Looking at the deformation zone
below the indentation, cracks can be seen emanating from these
edged slip lines.

Fig. 10(c) displays a bright field (BF) TEM image taken along the
[112] zone axis: It can be seen that the deformed microstructure is



Fig. 6. Activation frequency of the slip and crack planes in the vicinity of the
analysed nanoindents.

Fig. 5. Examples of the representation of the slip trace analysis for four different orientations: The traces in the vicinity of the indent are subdivided into the following
categories depending on their morphology: straight slip lines (correlated with their slip plane in the CaAl2 phase using VESTA (Visualization for Electronic and Structural
Analysis [52])), edges marked by yellow circles, and curved lines indicated by white dotted curved lines. The latter were not further analysed. Next to the SE images in a-d),
the top view on the correspondingly orientated CaAl2 unit cell including the observed slip planes is depicted. The compression axes are a) 7

�
0 8

�� �
, b) 1

�
0 1

�� �
, c) 6

�
32 1

�� �
and

d) 6
�
8 5

�� �
. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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not homogeneous. The dislocation density is high under the indent,
which indicates the occurrence of large plastic deformation. Multi-
ple slip systems should have been activated under the indent. The
6

dislocation density is observed to decrease away from the indent.
Slightly away from the indent, deformation is confined within
some bands, which will be named ‘‘slip bands” in the following
sections. At least two sets of slip bands appear in this area. Further
away from the indent, only one set of slip band is observed. How-
ever, the finding that dislocations with different Burgers vectors
exist in the same slip band, makes it more difficult to index the dis-
locations’ Burgers vectors. This is discussed in more detail below.
Similarly, it is noted that horizontally away from the indent, in
the area of low dislocation density, some slip bands can be more
clearly observed and are indicated by white dotted lines in
Fig. 10 c). In order to determine the orientations of these slip
bands, the lamella was further tilted to the [011] zone axis and
the slip bands on both ‘‘A” and ‘‘B” sides are determined to be

ð21
�
1Þ and (211

�
) plane traces, respectively. These slip bands are

also observed to lie parallel to the straight crack planes. Moreover,
the blue dotted rectangle represents the area where slip bands

were observed lying also on the ð21
�
1Þ plane (Fig. 10), which also

can be seen in more detail in Fig. 11. Within the red dotted rectan-
gle, the region where the Burgers vector was analysable is marked
(in more detail Fig. 12), also the yellow rectangle signs the area,



Fig. 7. Images and crystal orientation for selected micropillars. a) SE-images of the deformed micropillars taken under a tilt angle of 45�, b) the correspondingly oriented unit
cell including the identified slip plane and the possible slip direction under 90� tilt angle using VESTA [52].

Fig. 8. Engineering stress - engineering strain curves of the deformed micropillars
shown in Fig. 7.
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where structures can be observed, which can be interpreted as
stacking faults (Fig. 13).

Especially the evidence of dislocations on a {112} plane was
found by rotating the lamella around 180�, shown in Fig. 11, where

slip bands lie parallel to the (2
�
11

�
).

In the area away from the indent marked by a red rectangle in
Fig. 10 c), two slip bands with a high dislocation density were
observed and either one or two sets of dislocations were noticed
within these two slip bands. These two slip bands were further
analyzed under different two-beam conditions (Fig. 12). The left
slip band includes two different parallel dislocation sets lying
7

antiparallel to each other and including an intersection. Both slip
bands were evaluated in more detail for Burgers vector analysis.
For this, dislocations within these slip bands were observed after
tilting to three different zone axes namely [011], [112] and

[111], and six different two-beam conditions, g = ð3
�
11Þ, g =

ð3
�
11

�
Þ, g = ð1

�
31

�
Þ, g = ð2

�
20Þ, g = (224

�
Þ and g = (2

�
2
�
2Þ were applied.

Dislocations within the right slip band are visible using zone axis

[112] and g = (1
�
31

�
Þ (Fig. 12 a)), g = (2

�
20Þ (Fig. 12 b)) g = (3

�
11Þ

(Fig. 12 c)) as well as zone axis [011] with g = (3
�
11

�
Þ (Fig. 12 d)),

whereas these dislocations are invisible under the combinations

of zone axis [111] with g = ð224
�
Þ (Fig. 12 e)) and zone axis

[011] with g = (2
�
2
�
2Þ (Fig. 12 f)).

According to the visibility/invisibility of dislocations under dif-
ferent two-beam conditions owing to the corresponding lattice
strain, the Burgers vector of this set of dislocations can be deter-

mined and it is ½11
�
0�, which lies on the ð111

�
Þ and (111) planes.

However, dislocations with Burgers vector of ½11
�
0� can also slip

on the (112) plane. It is therefore not possible to distinguish
between {111} and {112} planes for the underlying slip planes
from this analysis.

Besides the high dislocation density and the associated disloca-
tions in the slip bands, small straight lines that may be related to
stacking faults have also been observed (indicated by arrows in
Fig. 13). One set of these straight lines were found to lie predomi-

nantly on the 111
�� �

plane, which are marked by a yellow arrow in

Fig. 13. For the other stacking faults the corresponding planes
could not be identified. The presence of stacking faults indicates
that dislocations dissociate into partials leading misfits in stacking



Table 1
Micropillars 1–15 including their compression axes, the observed slip systems, Schmid factors (ms), yield stresses (ry), and CRSS values.

Pillar Pillar axis Slip System mS ry [GPa] CRSS [GPa]

1 1 710ð Þ 1
�
12

�� �
1
�
1
�
0

h i
0.32 3.05 0.98

2 1
�
1
�
2
�� �

1
�
10

h i
0.34 2.67 0.94

3 9
�
111

� �
11

�
1
�� �

110½ � 0.33 3.37 1.11

4–6 1 5
�
9

� �
111

�� �
1
�
10

h i
0.30 3.34 1.02

3.13 0.94
3.22 0.97

7 + 8 6 13
�

21
� �

111
�� �

1
�
10

h i
0.35 2.67 0.93

3.05 1.07
9 13 7

�
21

� �
1
�
11

�� �
01

�
1
�h i

0.36 2.43 0.87

10 111
�� �

1
�
01

�h i
0.30 2.25 0.98

11 2.24 0.97
12–14 12 15

�
7

� �
111ð Þ 01

�
1

h i
0.26 3.88 1.01

1
�
21

� �
1
�
01

�h i
112

�� �
1
�
10

h i
0.46
0.31

3.56 * (1.64/1.10)

1
�
21

� �
1
�
01

�h i
112

�� �
1
�
10

h i
0.46
0.31

3.69 * (1.70/1.14)

15 7
�
1 14

�� �
1
�
1
�
2

� �
11

�
0

h i
0.32 3.11 1.00

Fig. 9. SE-images of pillar 13 after deformation in a) front view including the corresponding unit cell and b) back view including the corresponding unit cell using VESTA [52].

Table 2
Presenting all nanomechanical measured properties
of the CaAl2 Laves phase.

Mechanical properties Measured values

Hardness CSM 4.9 ± 0.7 GPa
Indentation Modulus 85.5 ± 4.0 GPa
Hardness SRJT 5.8 ± 0.8 GPa
Strain rate sensitivity 0.028 ± 0.019

0.530 ± 0.780 nm3

Activation volume 3.75 ± 1.15 b3

CRSS 111f g 1
2 h11

�
0i 2.96 ± 0.54 GPa

CRSS 112f g 1
2 h11

�
0i 2.94 ± 0.24 GPa
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after their motion. Moreover, the occurrence of stacking faults on
one of the triple layers is often correlated with the synchroshear
process, which is thought to take place on the {111} planes.
8

4. Discussion

4.1. Mechanical properties

The measured hardness and indentation modulus at an indenta-
tion depth of 500 nm were consistent over all 10 different crystal-
lographic orientations with a value of 4.9 ± 0.7 GPa and
85.5 ± 4.0 GPa. A recent study by Lou et al. [53] on CaAl2 particles
in a magnesium matrix revealed a hardness of 5.7 ± 0.4 GPa and an
average Young’s modulus of 82.9 ± 1.0 GPa, in good agreement
with the values measured in the present study. The measured
Young’s modulus is also in good agreement with measurements
on macroscopic single crystals by Schiltz and Smith [54], who mea-
sured elastic constants corresponding to a polycrystalline Young’s
modulus of 98 GPa, very close also to that predicted by ab initio
calculations by Yu et al. [55], with an expected Young’s modulus



Fig. 10. A) se-image of a nanoindent including a schematic sketch (dotted orange area), from where the tem lamella was cut out. letters a and b show the orientation of the
membrane and how it was analysed in the further investigations. the slip traces in the vicinity of the indent were furthermore correlated with different planes along with the
unit cell using vesta[52]. b) STEM image of the lamella. c) BF-TEM image taken at [112] zone axis. The blue rectangle highlights the area with a high dislocation density
(Fig. 11), whereas the red rectangle indicates the area where dislocation Burgers vector analysis was performed (Fig. 12) and the yellow rectangle corresponds to the area
where the stacking faults from Fig. 13 were found. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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at 0 K of 92 GPa. Measurements of the microhardness by Rokhlin
et al. [12] for different holding periods (30 s and 3600 s) at
20 �C, resulting in 402 HV for 30 s and 354 HV for 3600 s, show
the presence of creep for this duration and pressure. However,
hardness values from macroscopic hardness measurements can
be converted into values comparable to nanohardness using the
equation from Fischer-Cripps [56,57] where hardness values from
Vickers tests (HV) can be calculated in nanomechanical hardness
(HN) by using the linear fit: HV ¼ 94:5 �HN, resulting in 3.94 GPa
and 3.49 GPa respectively. These values are consistent with the cal-
culated macroscopic hardness from our data using the Nix-Gao
model, giving a value of 3.46 GPa [58].
9

Single crystal measurements of the elastic constants of CaAl2
[54] gave a consistent absence of directional variation with an ani-
sotropy factor of 0.98, i.e. very close to 1. Investigations of the
hardness dependence on the crystal orientation for the NbCo2
C15 Laves phase were performed by Luo et al. [26]. They investi-
gated the hardness dependence on the orientation and stoichiom-
etry applying nanoindentation tests on a diffusion couple and
found that the hardness and the indentation modulus were unaf-
fected by a change in orientation, which is consistent with the find-
ings obtained here. Similar results were obtained by Zehnder et al.
[40] for the hardness and indentation modulus of the hexagonal
C14 MgCa2 Laves phase after nanoindentation tests in different ori-



Fig. 11. TEM BF images showing dislocation substructure under the nanoindent (Fig. 10 a)) under 3 two-beam conditions with the same zone axis (a)). b) shows slip bands g =
1
�
11

�� �
, the yellow dashed line shows the alignment of the 1

�
11

�� �
slip plane. c) displays the dislocation structure with g = 111

�� �
, the green dashed line symbolises the 111

�� �

plane trace and in d) with g = 4
�
22

�� �
the dislocations on the 2

�
11

�� �
plane (blue dashed line) are shown. These images were taken in TEM with a 180� rotation of the lamella

shown in Fig. 10. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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entations, showing a constant hardness and indentation modulus
for all measured orientations.

To compare the mechanical properties with the measured
mechanical properties of Laves phases from previous room tem-
perature deformation studies, the normalised CRSS will be deter-
mined by dividing the CRSS by the shear modulus. To compare
these values, calculations were done analysing deformation along
the planes containing the triple layer, i.e. for the C15 structure
the (111) plane and for the C14 Laves phase the (0001) plane.
For the CaAl2 C15 Laves phase investigated in this study, a CRSS/
G = 0.027 (with G 	 36 GPa) ratio was obtained. For the cubic
NbCo2 Laves phase, the normalized CRSS can be calculated to lie
between 0.027 and 0.033 [28,29], while for the C14 Laves phase
of the Mg-Al-Ca alloy it comes up to 0.023 at ambient temperature
[40]. For the hexagonal NbCo2 phase it results in 0.023, respec-
tively, taking the results by Luo et al. [29]. As the available data
below the BDTT is largely restricted to room temperature, with
the exception of the lowest melting phase, which was also tested
at elevated temperature [40], this comparison is necessary for
slightly varying homologous temperatures. However, the melting
points of the C15 and C14 phases in the Nb-Co system are very
close. The finding that all values lie in the same range, while a
trend to higher values can be observed for the cubic phases when
comparing both structures.

Whether this is in fact the case or a result of a variation in shear
modulus on the active slip plane compared to the isotropic shear
10
modulus [59], could be investigated further by dedicated ab initio
calculations of the triple layer slabs’ stiffness and experiments at
identical homologous temperatures on single crystalline micropil-
lars oriented for slip on the {111} and {0001} planes.

4.2. Active slip systems

The statistical evaluation of the activated slip planes in the
vicinity of the nanoindents (Fig. 6) revealed the activation of four
different slip planes. The predominant slip plane was found to be
the {111} plane (58.1 %), which is consistent with a previous pub-
lication by Paufler et al. [1] and studies [16,18,19] on the cubic
MgCu2 phase at elevated temperatures. However, the activation
of the {112} plane was observed with a frequency of 47.5 %, which
is only 10.6 % less often than the {111} plane.

There are several things to consider in interpreting this data,
most importantly, the chance of double assignment of a slip trace
where the traces of two (or more) planes are identical or very close
to one another. The cubic system exhibits a total of four {111}
planes but 12 {112} planes. This leads to a higher number of
unambiguously identifiable {112} planes than {111} planes.
Therefore, the expectation that those traces counted as a {112}
trace, a greater fraction is in fact uniquely assigned, while many
more {111} assignments also correspond to a possible {112}
plane. A total number of 625 surface traces were correlated with
plastic deformation, whereby the total amount of plane traces



Fig. 12. TEM BF images showing dislocation substructure under the nanoindent (Fig. 10 a)) under different two-beam conditions. The red rectangle indicates the slip band,
where the dislocation Burgers vector was analysed. The dislocation set is visible under a) g = (1

�
31

�
Þ, b) g = (2

�
20Þ and c) g = (3

�
11Þ in [112] zone axis and under d) g = (3

�
11

�
Þ in

[001] zone axis. They become invisible under e) g = (22 4
�
Þ in [111] zone axis and f) g = (2

�
2
�
2Þ in [011] zone axis. (For interpretation of the references to colour in this figure

legend, the reader is referred to the web version of this article.)
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was summed up to 811, because of double counting for those
planes for which the deviation angle was below 3�. 23 % of the sur-
face traces were counted twice. The double counted slip planes can
be divided in 54 % (101 surface traces) for the {111} planes and
46 % (85 surface traces) for the {112} planes. With this knowledge
about both corresponding to more or less the same number of dou-
ble counting events, a purely geometrical artefact giving rise to the
previously unexpected {112} slip plane can be excluded, because
without double counting 212 surface traces were assigned to the
{112} planes.

Now, a more detailed consideration of the geometry of the crys-
tal and surface slip trace analysis, with its inherent double count-
ing for planes yielding the same surface intersection or trace will
follow. Given the higher probability of double counting for each
of the 12 {112} planes compared to the 4 {111} planes, one might
expect that for an equal division of unique slip traces, the {111}
plane is softer, as it should otherwise only show a third of the num-
ber of traces. However, due to the different inclination of the two
planes, there is also a difference in their likelihood of activation.
While each of the 4 {111} planes possesses 3 independent Burgers
vectors, giving a total of 12 independent slip systems, each of the
12 {112} planes contains only one possible Burgers vector, so that
for a given identifiable plane, the {111} has a three times higher
probability of having a favourably aligned Burgers vector giving a
11
slip system with a high resolved shear stress. Overall, it would
therefore appear that the slip trace analysis suggests no real differ-
ence in activation of the two slip systems on either {111} or {112}
planes. This is in fact consistent with the observation from micro-
compression that there is no significant difference in CRSS between
the two systems for slip on either {111} or {112} planes.

Since it is not possible to unambiguously identify the Burgers
vector from micropillar compression experiments, although it is
needed to estimate a critical resolved shear stress, TEM investiga-
tions were performed on nanoindents with their greater variety of
active slip planes and greater gradient in dislocation density
enabling a better selection of conditions for dislocation strain field
imaging towards the edge of a plastic zone. By conducting a g � b
extinction analysis, the Burgers vector could be identified as

<101
�
>, which is contained in both identified slip planes. Further-

more, besides perfect dislocations, the presence of stacking faults,
especially on a {111} planes, points towards the motion of at least
partly dissociated dislocations by the well-known synchroshear
mechanism in the triple layer [30–33].

The CRSS for plastic deformation on both slip systems in micro-
compression was then found to be 0.99 ± 0.03 GPa for {111}

<11
�
0 > and 0.97 ± 0.07 GPa for {112}<11

�
0 >. There are no other

studies on round micropillars from bulk CaAl2 for a direct quanti-



Fig. 13. Higher magnification TEM BF image showing the area marked by the yellow rectangle in Fig. 10. This image was taken under g vector (022
�
Þ in [011] zone axis.

Stacking faults with different orientations are indicated by arrows with different colours. The yellow ones show stacking faults parallel to the (111
�
) plane trace. (For

interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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tative comparison with our data, but agreement can be found with
respect to the work on square pillars in CaAl2 precipitates, since
this work must also take into account the effects of stoichiometry
on the plasticity of the Laves phase, which are largely unknown.

A previous study by Luo et al. [53] also reported the {111}

<11
�
0 > slip system in CaAl2 precipitates to represent the major slip

system after performing micropillar compression tests at ambient
temperature. Their measured CRSS value was 164.9 MPa, which is a
factor of 6 lower than measured in our experiments. However, con-
sidering that their micropillars had a square cross-section of
4 lm 
 4 lm compared to our round micropillar with a diameter
of 2.1 lm, the deviation might in part originate from the size effect
on dislocation motion and easier dislocation nucleation at the
edges of square pillars, giving a smaller contribution from nucle-
ation to the overall stress level and a potentially higher dislocation
density, which would lead to a reduction in CRSS in a lattice resis-
tance controlled material. A micropillar study using round and
square micropillars [60,61] showed that for both types, mecha-
nisms of collective cross-slip were observed between two planes
of the same plane family and with the same high Schmid factor,
whereas the measured initial stress was greater for the round
geometry. From the Laue analysis and post mortem SEM, the defor-
mation zone of the square micropillar was found to be more pro-
nounced and showed different activated slip systems.

In addition, a deviation from the stoichiometric composition
may influence the mechanical properties [53], because the C15
Laves phase particles, embedded in a Mgmatrix phase, compressed
by Luo et al. showed a deviation of � 5.7 at.-% for Al and � 2.0 at.-%
for Ca from the ideal composition. However, it is still not clear how
a deviation from the ideal stoichiometry influences the mechanical
properties and therefore how to estimate an expected change in
CRSS with composition. Some studies [1,62,63] suggest a decreas-
ing hardness for a deviation from the ideal composition, whereas
another study [26] reported an increase of the hardness.

On a qualitative level, our detection of {111}<11
�
0 > slip is very

typical for C15 Laves phases at room temperature and in good
12
agreement with previous studies by Luo et al. for CaAl2 [53], Xue
et al. [27] for the CrNb2 phase, Luo et al. [29] and Korte et al. [28].

On the other hand, deformation on the {112} plane has not yet
been reported for intermetallic phases of C15 type at room temper-
ature so far, to the authors’ best knowledge. However, the high fre-
quency and often unique assignment of slip traces to {112}, its
identification by TEM and on the surface of micropillars, prove
the occurrence of slip on {112} planes.

Preferential deformation was expected along the triple layer,
which lies along the {111} planes in the C15 structure, but defor-
mation on non-basal planes, away from the triple layer (along
{0001} planes), has in fact previously been described for hexagonal
Laves phases with the C14 structure in several studies at ambient
and elevated temperature [40,41]. Additionally, micropillar com-
pression tests of the CaMg2 C14 Laves phase at room temperature
have revealed that the CRSS is comparatively low for the 1st order
prismatic slip system [27,40].

For a comprehensive comparison, the CaMg2 Laves phase was
chosen because of its similar structure and also the presence of
similar elements on the A site of the AB2 Laves phase structure.
Additionally, for this phase more data are available in the literature
including the slip line activation on different planes and CRSS
values.

For the evaluation of the {112} slip system, a comparison of the
analysed structure of the cubic C15 and the hexagonal C14 Laves
phases was done. It could be observed that a similar stacking to
the cubic {112} plane can be found in the hexagonal structure
and can be related to previously reported non-basal slip plane. In
Fig. 14 both structures are displayed. The black line shows the
plane along the triple layer (in C15 the (111) and C14 the (0001)
plane) for both packings. The position of three parallel (112)
planes is shown for the cubic C15 Laves phase with pink lines. A
comparatively similar stacking sequence is in fact found along

the {101
�
0} plane (1st order prismatic plane) of the hexagonal

C14 Laves phase (Fig. 14 pink line). Both reveal a triple stacking
with an A-B-A (Ca-Al-Ca or Ca-Mg-Ca) stacking. For the C14 struc-



Fig. 14. Visualisation of the (111) plane (black line) and (112) plane (purple line) in the CaAl2 phase and the (0001) plane (black line) and the (101
�
0Þ plane (purple line) in

the CaMg2 phase by using VESTA, whereby a) and b) displays the different unit cells aligned for a crystallographic comparison for the planes [52]. (For interpretation of the
references to colour in this figure legend, the reader is referred to the web version of this article.)

Table 3
Interplanar spacing of the triple layers and the (112) and (101

�
0) planes. The

distances were measured along the plane from the center of one atom to the other.

CaAl2 spacing CaMg2 spacing

(111) (0001)
Al $ Ca 3.33 Å Mg $ Ca 3.65 Å
Ca $ Ca 3.47 Å Ca $ Ca 3.82 Å
Ca $ Al 3.33 Å Ca $ Mg 3.65 Å
(112) (101

�
0)

Ca $ Al $ Ca
(spacing in triple
sequence)

3.33 Å Ca $ Mg $ Ca
(spacing in triple
sequence)

3.65 Å

Al $ triple sequence $ Al 7.70 Å Between triple sequences 6.37 Å
Lattice distance 1.64 Å Lattice distance 1.78 Å
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ture these repeat continuously along the prismatic plane, while for
the C15 structure the Kagomé layer is intersected, placing the
repeating unit at some distance and with an Al atom in between.
Considering that the prismatic plane is the easiest slip plane in
the CaMg2 C14 phase, deformation by a similar mechanism on
the {112} plane in C15 does not appear too unreasonable. The
effect of the disturbed repeat unit along the plane on dislocation
glide cannot be readily anticipated as so little is known about glide
on this type of plane. The curved slip lines found frequently at the
indents might be indicative of high cross-slip activity. Cross slip
might be a preferential slip mode due to a reduced confinement
of dislocations to a specific set of parallel {112} planes and a ten-
dency to follow the repeating motif to make the glide path more
similar to the prismatic plane in the C14 phase.

In addition to considering the qualitative possibility of slip on
the {112} planes, the expected quantitative values for the CRSS
can also be compared, at least relatively speaking, based on the
interplanar spacing of the slip plane, which strongly affects the dis-
location width and consequently Peierls stress for a given Burgers
vector [64]. For the triple layer, the CaAl2 phase reveals a closer
interplanar spacing. These values are listed in Table 3 compared
with the CaMg2 phase. The interplanar spacings of both (ideal)
structures are caused by the different constituent atoms and their
atomic radii. Ca possesses the largest radius with 197 pm, followed
by Mg with 160 pm and Al with 143 pm [65,66]. This leads to the
closer interplanar spacing in the triple sequence of the (112) plane

in AlCa2 than for the (101
�
0Þ plane in CaMg2. The difference

between these distances amounts to 0.32 Å. The continuously

repeating triple sequence of the (101
�
0Þ plane in CaMg2 has a smal-

ler interplanar spacing than the distance between the triple
sequence and the intersecting Al atom from the Kagomé layer of
the (112) plane in CaAl2. Additionally, the arrangement of the par-
allel {112} planes repeats continuously, revealing a small overlap
13
from the triple layer on one plane to the triple layer on the next
parallel plane with a lattice distance of 1.64 Å (distance between
the purple lines displaced in Fig. 14). Looking at the alignment of

the (101
�
0Þ plane, there are only two parallel layers, with a lattice

spacing of 1.78 Å, which also is smaller than the full distance to the
next triple layer in the plane.

With the comparison of these planes and the knowledge of the
low CRSS for 1st order prismatic slip systems in C14 Laves phases,
the possibility of the activation of {112} slip cannot be entirely
explained or connected with a distinct dislocation mechanism,
but its occurrence can be rationalised from this comparison.

4.3. Active fracture planes

In contrast, the nucleated cracks could clearly be measured to
be the {112} plane. The identification of the crack planes is clearer
than that of the slip lines due to smaller encountered overlaps in
these cases for the {111} and {112} planes compared to the slip
line analysis. The TEM analysis (Fig. 10) further revealed planar
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cracks within the volume and along slip traces extending from the

volume to the surface on the ð21
�
1Þ and (211

�
) planes. During

indentation, the applied pressure would provide a driving force
for these cracks to open. Therefore, this leads to the assume that
plasticity occurred first on these planes and that upon unloading,
the accumulation of dislocation defects further promoted decohe-
sion along these apparently favourable {112} fracture planes. A
very similar observation has been made by Schröders et al. [51]
during indentation and microcompression of the structurally
related l-phase and crack nucleation at intersecting slip bands in
general is a commonly observed phenomenon at large and small
scales [25,67,68].
4.4. Orientation dependence of slip morphology

Beside the straight lines and edges, which could be used to
clearly identify active slip systems that were confirmed in both
microcompression and TEM, curved traces were also detected
around the indents (Fig. 5), which could not be assigned to individ-
ual underlying slip planes. This occurrence of both curved and
straight slip traces is similar to what was observed by the authors
in deformation of the CaMg2 C14 Laves phase at elevated temper-
atures [41] and also for the Fe7Mo6 l-phase at ambient tempera-
ture [51], but could not yet be assigned to a specific deformation
mechanism beyond speculation that possible reasons may be easy
cross-slip or promotion of cross-slip where slip systems interact.

One might expect these to result in an orientation dependence
in terms of the prevalent slip morphology and this is indeed
observed (Fig. 4). Grains near the [011] direction exhibit edged
and straight lines around the deformation zone, while grain orien-
tations near [111] only reveal cracks. For orientations near [001]
direction straight lines and further curved deformation can be
seen. The orientations between these three directions in the centre
of the standard triangle exhibit all deformation morphologies
concurrently.

This can be rationalise as follows:
For deformation with the major stress along [111] (either as a

close approximation in microcompression of a (111) oriented crys-
tal or a rough approximation for indentation on the same surface
plane), there is no {111} plane with a non-zero Schmid factor as
all planes are either perpendicular to the surface or the Burgers
vector within the surface plane. In case of the {112} planes, there
are three sets of planes, those lying perpendicular to the surface
(one indicated in yellow in Fig. 15), those with the Burgers vector
in the surface plane (red in Fig. 15) and those inclined to the sur-
face at a shallow angle and the Burgers vector also out of the sur-
face plane (grey and violet in Fig. 15). Only the latter achieve a non-
zero Schmid factor. While the first can leave no slip trace, the sec-
ond would be more likely to crack for a favourable fracture plane
and the last are at the very least unlikely to form slip traces unless
slip can very easily expand outwards from the highest pressure
zone to intersect the surface at some horizontal distance away.
For the two identified slip system families and the {112} a favour-
able crack plane, the observed cracks and an absence of slip traces
is therefore consistent with expectations.

In [011] and [001] orientation, straight traces as well as edges
(i.e. very short, connected segments of different orientations) or
curves, respectively, occurred. This can also be rationalised based
on the orientation of the available slip planes. Leaving again those
unconsidered which are unlikely to form slip traces (those {211}
planes with a shallow inclination to a {011} surface plane or those
(nearly) normal to the surface, which would rather serve as frac-
ture planes), suitable slip planes with intermediate Schmid factors
can be found for both the {111} and {211} planes. However, while
in case of a {011} surface these form a twofold symmetry with an
14
orientation spread from 4 potential slip planes (a central {111} and
3 {211}) each, in case of a {001} surface these are grouped around
the 4 {111} poles to give a much more continuous orientation
spread. The observation of the more ragged edges in case of the
first case of a {011} surface and more continuously curved traces
in case of the {001} surface is therefore equally consistent with
deformation on the two slip plane families and cross-slip occurring
between them owing to the shared Burgers vector.

Finally, further away from the low index axis orientations,
where both slip systems have systems with high Schmid factors
(Fig. 4) and many differently oriented planes, a mixture of these
regimes is expected and observed.

In addition to dislocation slip, twinning was mostly reported as
occurring deformation mechanism at room temperature for cubic
Laves phases in macroscopic studies [12,13], but was not observed
in our study doing micropillar compression tests or in the analysed
TEM lamella.
4.5. Activation volume

Strain rate jump tests revealed a strain rate sensitivity of 0.02
8 ± 0.019 for the C15 phase and an overall average activation vol-
ume of 3.75 ± 1.15 b3, for a Burgers vector along the closed packed
direction a

2 h110i (b = 0.5685 nm). Due to the close packed structure
of the Laves phases, the intrinsic resistance against plastic defor-
mation is assumed to be comparatively high, especially compared
to metals with a simple face centred cubic structure. Additionally,
the fact of having a BDTT shows the strong influence of thermal
activation for plasticity, and therefore the activation volume
should be comparatively low, as measured in the strain rate jump
test. An activation volume around � 10 b3 is usually correlated
with the mechanisms of overcoming the Peierls barrier, giving rise
to the lattice resistance, by forming and moving kink pairs, in con-
trast to overcoming a field of discrete obstacles like other disloca-
tions or precipitates [70]. However, other mechanisms are
associated with similar activation volumes, particularly cross-slip
and climb. Both are difficult to be observed directly by TEM, but
at least climb, which is based on the diffusion of vacancies to dis-
locations, may be considered unlikely here as experiments were
carried out at low homologous temperatures, where diffusional
processes of flow are not usually dominant. In contrast, dislocation
motion affected by solute drag and the diffusion speed of the
solutes in comparison to the dislocation velocity, is known to lead
to strong experimental signatures in the form of serrated flow.

Serrations have been reported in the loading curves for different
intermetallic phases like the hexagonal CaMg2 as well as for the
cubic Mg17Al12 for nanoindentation tests at room temperature or
50 �C, decreasing with increasing temperature [11,41]. The room
temperature activation volume for the c-Mg17Al12 phase was esti-
mated as 4.8 b3 by Mathur et al. [11], however, the authors could
also not unambiguously assign this volume to either dislocation
motion controlled by overcoming the Peierls barrier or solute drag
effects.

In the literature on high temperature Laves phase deformation
in bulk samples, in particular MgZn2, attempts to provide deforma-
tion mechanism maps suffer from similar limitations [71]. Macro-
scopically, data on yield stresses is only available down to the BDTT
at a homologous temperature of around 0.6. In the plastic regime
(in compression) above this temperature and up to the point of
the onset of dislocation climb at higher temperatures and low
stresses, dislocation glide and climb are thought to be the govern-
ing mechanisms with glide assumed to be rate limiting [71]. Obser-
vations of yield drops support the assumption that such
mechanisms with a strong inverse dependence of the stress on
mobile dislocation density are operating [15,72]. However, the



Fig. 15. A) displays the schmid factor distribution for i. {112}< 11
�
0 > and II. {111}< 11

�
0 > in an IPF map. In b), d), f) the stereographic projection of the b) {111}, d) {001}

and f) {011} traces (in blue) with h211i poles (in pink) is shown using Crystal Maker [69]. c), e), g) visualises [52] the alignment of the {112} planes in the unit cells of the
experimentally found orientations that were the closest to the c) {111}, e) {001} and g) {011} (surface) plane normal (here facing upwards). (For interpretation of the
references to colour in this figure legend, the reader is referred to the web version of this article.)
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observation of serrations and also immobilisation of dislocations in
interrupted mechanical tests [15], also points to a further role of
point defects in the deformation of Laves phase crystals. Given that
off-stoichiometric composition has been found to lead to softening
in many but not all cases, it can be concluded here that in the CaAl2
C15 Laves phase it is likely that at low temperature the lattice
resistance provides the rate limiting mechanism, but that cannot
infer if or in how far this is also affected by solutes. Additionally,
studies above the BDTT on cubic Laves phases calculated a decreas-
ing strain rate sensitivity and the activation volume with increas-
ing temperature and correlating it also with the overcoming of
the Peierls barrier, which could also be correlated diffusion or
climb processes at these experimental temperatures [73,74].

However, the work presented here and elsewhere on Laves
phases in recent years now puts us into a position to investigate
these effects in more detail and with hopefully more definite con-
clusions. With respect to the CaAl2 phase, future work towards ele-
vated temperatures and also towards off-stoichiometric or alloyed
compositions can follow. Taking into account the new insights on
the active dislocation slip systems and the dependence of likely
cross-slip opportunities on crystal orientation in indentation pre-
sented above, the expectation that work at temperatures between
room temperature and the BDTT as well as on alloys will be able to
draw firmer conclusions on the individual roles of the lattice resis-
tance on individual slip systems and solutes, anti-site defects or
vacancies in governing dislocation motion in Laves phases. In
experiments, the different point defects may not be possible to
control separately, however, in simulations, first efforts are already
being made to explore their role on dislocation motion [75].

5. Conclusions

The plasticity of the CaAl2 C15 phase was investigated at ambi-
ent temperature using nanoindentation in conjunction with a slip
trace analysis, strain rate jump tests, micropillar compression
and TEM analysis. The combination of these testing methods
allowed us to draw the following conclusions:

� The average hardness and indentation modulus are 4.9 ± 0.7
GPa and 85.5 ± 4.0 GPa and do not vary significantly with
orientation.

� Strain rate jump tests reveal a strain rate sensitivity of 0.028 ± 0.
019 and a corresponding activation volume of 3.75 ± 1.15 b3.

� All nanomechanical experiments have shown that the predom-

inate slip systems are f111gh11
�
0i and f112gh11

�
0i and are

activated with more or less the same CRSS of 0.99 ± 0.07 GPa
and 0.97 ± 0.03 GPa, respectively, whereby TEM investigations

allowed to identify the ½11
�
0� Burgers vector type by using the

g � b analysis.
� Cracks at the edge of the indents were found on the {112} plane
for all investigated orientations.

� TEM analysis on a nanoindent allowed to identify dislocation

motion on both ð111
�
Þ and ð2

�
11

�
Þ planes. Stacking faults were

found and could be located on the (111
�
) plane.
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a b s t r a c t 

Intermetallic phases can significantly improve the creep resistance of magnesium alloys, extending their use 
to higher temperatures. However, little is known about the deformation behaviour of these phases at appli- 
cation temperatures, which are commonly below their macroscopic brittle-to-ductile-transition temperature. In 
this study, we therefore investigate the activation of different slip systems of the CaMg 2 phase and the occur- 
rence of serrated yielding in the temperature range from 50°C to 250°C. A decreasing amount of serrated flow 

with increasing temperature suggests that solute atoms govern the flow behaviour when the CaMg 2 phase is 
off-stoichiometric. 
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. Introduction 

.1. Application of CaMg 2 Laves phases 

Magnesium, as the lightest structural metal, has great potential for
ight-weight applications, but the use of its alloys in applications above
00°C is limited due to their low creep resistance. Recently-developed al-
oys containing aluminium and calcium exhibit minimum creep rates up
o three orders of magnitude lower than pure magnesium [1–10] . This
mproved creep resistance is due to the formation of an interconnected
etwork of intermetallic phases [ 7-9 , 11-13 ]. This network reduces creep
aking place via grain boundary sliding or other diffusion-dominated
reep mechanisms along grain boundaries. However, once this network
egins to crack, the creep rates significantly increase [ 14 , 15 ]. Conse-
uently, there is a need to understand the mechanical response and
lasticity mechanisms of the intermetallic phases to predict deforma-
ion and creep-related failure in these Mg-Al-Ca alloys from room- to
pplication-temperatures and to pursue purposeful alloy design. 

In Mg-Al-Ca alloys, several intermetallic phases form [ 10 , 16-20 ], in-
luding two hexagonal Laves phases C14 CaMg 2 and C36 Ca(Mg,Al) 2 ,
he cubic C15 CaAl 2 , the 𝛽-Mg 2 Al 3 Laves phase and Mg 17 Al 12 precip-
tates with a complex body-centred cubic structure ( 𝛼-Mn type). The
g 17 Al 12 phase exhibits a significant hardness drop once temperatures

each 150°C [21] . Hence, it is assumed that for Mg-Al-Ca alloys with
avourable high-temperature behaviour, the Mg 17 Al 12 phase should be
voided, which can be realised by increasing the Ca content [15] . The
echanical properties of the Mg-Al-Ca alloy at high temperature will
∗ Corresponding author. 
E-mail address: freund@imm.rwth-aachen.de (M. Freund). 
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ubsequently be determined by the deformation of the 𝛼-Mg matrix and
he Laves phases. 

.2. Deformation mechanisms of Laves phases 

Reports on macroscopic low-temperature deformation behaviour of
he Ca(Mg x ,Al 1-x ) 2 and most other Laves phases are sorely lacking,
ith a solitary publication by Kirsten et al. [22] who reported slip on
 01 ̄1 0 } ⟨2 ̄1 ̄1 0 ⟩ at ambient temperature after their Brinell hardness tests
n the CaMg 2 phase. However, extensive studies on the high tempera-
ure (HT) mechanical properties of Laves phases have been conducted
y Paufler, Schulze, Kubsch and others [23–34] . Specifically, they have
onducted compression and creep tests at high homologous tempera-
ures, T H , mainly on C14 MgZn 2 single crystals. Generally, these stud-
es have shown that it is not possible to induce bulk plastic flow in
acroscopic specimens at homologous temperatures lower than approx-

mately T H = 0.6. For lower temperatures, plastic deformation can only
e introduced locally in Laves phases, such as in indentation or using
icropillar compression [ 22 , 29 , 35 , 36 ]. As an example, a recent nanoin-
entation study by Lou et al. [37] analysed the influence of the orien-
ation on the hardness of the C14 NbCo 2 phase. It was found that the
ardness was about 5% higher for an orientation close to (0001) com-
ared to the other investigated orientations. 

For a long time, hardness tests were the only available method allow-
ng the determination of the mechanical properties of Laves phases over
 large range of temperatures. Kirsten et al. [22] conducted hardness
ests on the MgZn 2 and the CaMg 2 C14 Laves phases and revealed a de-
alia Inc. This is an open access article under the CC BY-NC-ND license 
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reasing hardness of approximately 10% up to a transition temperature,
fter which a pronounced loss in hardness was observed. This transition
emperature was 0.59 ∗ T m 

(T m 

being the melting temperature) for the
aMg 2 phase also investigated within this study and 0.61 ∗ T m 

for the
gZn 2 phase. Correspondingly, this trend was also found for the yield

trength in dynamic compression tests on the MgZn 2 phase [28] . 
Regarding deformation mechanisms above the transition tempera-

ure, Paufler et al. [29] postulated a deformation regime at low stresses
nd high temperatures (T > 0.7 T m 

) where dislocation climb is thought
o be active. However, Kubsch et al. [32] did not observe this in their
xperiments. Furthermore, Paufler et al. [ 26 , 27 , 31 ] showed that the dis-
ocation velocity on basal and prismatic slip planes is exponentially de-
endent on the applied stress at conditions of constant temperature and
tress (e.g. during creep) in Laves phases. From these findings, the au-
hors concluded that a thermally activated Peierls mechanism is the lim-
ting factor for dislocation motion at high temperatures [ 26 , 27 , 31 ]. It
as also been observed that the critical stresses for dislocation motion
ssociated with the lattice resistance (thermally activated flow over the
eierls barrier) for basal and prismatic slip are of the same order of mag-
itude at high temperatures [27] . Furthermore, a significant amount of
hermally activated cross-slip has been found between 250°C and 500°C
31] . Most dislocations present after high temperature deformation were
bserved to be on the basal or the prismatic planes [31] , however, it
hould be noted that the single crystals tested were purposely aligned
or the activation of these slip systems. Recent atomistic simulations by
uénolé et al. [38] have shown that the propagation mechanism for dis-

ocations on the basal plane is a synchroshear mechanism, rather than
onventional dislocation glide. 

Though experiments at several temperatures have revealed that ⟨𝑎 ⟩-
ype dislocations on basal planes are the most frequently observed dis-
ocation type [ 25 , 31 , 39-41 ], several studies have shown that non-basal
lip systems can also be activated in Laves phases [ 39 , 42-45 ]. It has
urther been reported that slip planes normal to the basal plane can be
ctivated when Laves phase containing alloys are deformed at elevated
emperatures [46] . A publication by Paufler et al. [47] further listed
he observed slip systems of several intermetallic phases at different
emperature ranges. For MgZn 2 , which has the same crystal structure
C14) as that of the CaMg 2 investigated here, basal slip was reported
o occur for temperatures between 250°C and 550°C, whereas at tem-
eratures of 500°C and above, prismatic and pyramidal slip were re-
orted. Furthermore, uniaxial compression experiments by Paufler et al.
48] on nearly (0001) oriented MgZn 2 single crystals at 450°C revealed
echanical twinning as an additional deformation mechanism. Studies

y Kazantzis et al. [49–51] on the deformation behaviour of the C15
bCr 2 phase confirm the deformation via slip and twinning at elevated

emperatures, which is assumed to be due to a low stacking fault energy.
In addition to these effects of crystal orientation and temperature,

he stoichiometry – or rather the off-stoichiometry, i.e. the deviation
rom the exact stoichiometry – also has a significant effect on the de-
ormation mechanisms and the mechanical properties of Laves phases.
t has been seen that with increasing off-stoichiometry, deformation be-
omes less uniform in Laves phases and Lüders bands begin to form
uring plastic deformation [ 28 , 30-33 , 52 ]. Furthermore, several publi-
ations by Luo et al. [ 36 , 37 , 53 ] who studied the composition depen-
ence of the mechanical properties of C14 and C36 NbCo 2 , as well as
15 NbCo 2 Laves phases, revealed an effect of the composition on the
ritical resolved shear stress (CRSS), elastic modulus and hardness, but
o effect on the fracture toughness. These effects were explained by
 reduced shear modulus, stacking fault energy and Peierls stress, re-
pectively. More information regarding the fundamental aspect of Laves
hases can be found in a recent review by Stein et al. [54] . 

Kubsch et al. [31] reported a strong effect of the stoichiometry on
he deformation mechanisms, reporting in MgZn 2 that slight deviations
 ± 2 at.-%) from the stoichiometric composition cause a significant de-
rease of the dislocation velocity, particularly on the Mg-rich side. In
ntermetallic structures, off-stoichiometry can induce pinning points for
2 
islocations, thus hindering the motion of dislocation kinks and there-
ore reducing the velocity of dislocations [ 26 , 31 ]. This is considered
n the model proposed by Celli et al. [32] where the rate-controlling
echanism of plastic deformation is proposed to be the nucleation of
ouble kinks and their lateral movement across pinning points [32] . A
imilar mechanism is reported by Kazantzis et al. [55] regarding the self-
inning nature of synchro-Shockleys in the C15 Laves phase at elevated
emperatures. 

Similar effects on the dislocation velocity have been reported else-
here [ 28 , 30-33 , 52 ], implying that especially for the exact stoichiomet-

ic composition, dislocation starvation is a limiting factor at the begin-
ing of deformation. Subsequently, dislocations are then able to travel
arge distances without being pinned [ 28 , 33 ]. This is in good agree-
ent with micropillar compression experiments by Takata et al. [ 35 , 42 ]
ho found that the critical stress required to activate shear deforma-

ion in Fe 2 Nb micropillars was drastically reduced when the pillars were
lightly pre-deformed with a Berkovich indenter prior to compression,
ndicating that dislocation nucleation is a critical factor for plastic de-
ormation of Laves phases [ 35 , 42 ]. In metals, this effect can also be
bserved, but only in samples that have been prepared to achieve a low
islocation density by solidification, annealing and avoidance of dam-
ge from the focussed ion beam (FIB) [ 56 , 57 ]. None of these special
onditions have been applied in our work. It has been further reported
hat temperature does not affect the mean distance that dislocations
ravel before being pinned, but that the number of activated dislocation
ources is instead increased with increasing temperature [28] . Finally,
t has been shown that if several Laves phases are present in one system
t the same temperature, the C15 phase can typically be found at the
xact stoichiometric composition while the C14 and the C36 phase both
end to crystallise with an off-stoichiometric composition [58] . 

A previous study by the authors [59] elucidated the critical resolved
hear stresses of different slip systems in the C14 CaMg 2 Laves phase
t room temperature. The critical resolved shear stresses obtained for
lip on these planes in microcompression follow the sequence: 1 st order
rismatic planes (0.44 GPa) < basal (0.52 GPa) and 1 st order pyramidal
0.53 GPa) planes < 2 nd order pyramidal planes (0.59 GPa) < 2 nd order
rismatic planes, for which no critical stress could be measured directly
59] . The authors further identified the presence of both ⟨𝑎 ⟩ and ⟨𝑐 + 𝑎 ⟩-
islocations on the 1 st order pyramidal planes by transmission electron
icroscopy of lamellae extracted from under nanoindents [59] . 

The aim of the present study is to extend these investigations and to
tudy the activation and critical resolved shear stresses of slip systems
n the CaMg 2 Laves phase at intermediate elevated temperatures where
lastic deformation still cannot be achieved macroscopically. Hence, we
im to close the gap between deformation at room temperature and high
emperatures. To this end, elevated temperature nanoindentation and
icropillar compression between 50°C and 250°C ( < 0.53 T m 

) were per-
ormed in conjunction with microstructure characterisation using scan-
ing electron microscopy (SEM), electron backscatter diffraction (EBSD)
nd transmission electron microscopy (TEM). 

. Experimental methods 

As-cast samples of the CaMg 2 (C14) phase prepared from a pre-alloy
ere mechanically ground and polished with diamond paste down to
.25 μm, followed by a final polishing step with 0.05 μm aluminium ox-
de polishing solution (OPA). EBSD (Hicari, EDAX (NJ, USA)) was used
o determine the crystal orientations. Three grains with angles of 48°,
3° and 9° between the (0001) plane normal and normal direction (ND)
ere selected for micromechanical testing ( Fig. 1 ). EDX measurements
ere performed on all three areas of interest. The mean Mg-content
as measured as 68.7 ± 0.5 at.-% which is a deviation of approximately
 at.-% from the exact stoichiometric composition. A wet-chemical anal-
sis of the pre-alloy revealed an impurity content of < 0.32 wt.-% with
luminium the major impurity element (0.24 wt.-%). 
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Fig. 1. EBSD maps of the three grain orien- 
tations with position of the investigated areas 
marked by grey rectangles. Their unit cell ori- 
entation viewed from the normal direction is 
also given. 
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.1. Nanoindentation 

Indentation experiments were performed between 50°C and 250°C
n 50°C steps in the three crystal orientations resulting in a total of 80
ndents using an in-situ SEM nanoindenter (InSEM-III, Nanomechanics
nc, TN, USA / Tescan Vega-3, TESCAN Brno, Czech Republic) using
ontinuous stiffness measurements. A diamond Berkovich indenter tip
supplied by Synton MDP, Switzerland) was used, which was calibrated
rior to indentation at room temperature on fused silica [60] . All inden-
ation tests were performed at a constant strain rate of approximately
.04 s − 1 up to a maximum load of 20 mN or a maximum depth of 600
m. Furthermore, for better visibility of potential slip traces, indents
p to a maximum load of 1000 nm were performed using a loading
ate of 0.2 s − 1 . The thermal drift rate was below 0.4 nm/s for all mea-
urements. The resulting data were then further evaluated according to
he method published by Oliver and Pharr [60] . After indentation, sec-
ndary electron (SE) images of the indents were recorded by SEM (He-
ios Nanolab 600i, FEI, Eindhoven, NL) and the surface slip lines around
he indents were compared to the plane traces of different slip planes ob-
ained from the EBSD maps; a full description of this procedure is given
lsewhere [ 61 , 62 ]. This approach gives the relative frequency of slip
lane-surface intersections for the crystal orientations selected experi-
entally and, hence, elucidates the activation frequency of different slip
lanes. TEM investigations were conducted at 200 kV (Philips CM20) on
amellae taken from indents performed at 250°C in the 48°(0001) and
he 83°(0001) orientations. The lamellae were cut using a focused ion
eam. 

.2. Micropillar compression experiments 

Micropillars were manufactured in all three grains using a focused
on beam (FIB) (FEI Helios Nanolab 600i, FEI, Eindhoven, NL) at a volt-
ge of 30 kV and currents between 21 nA and 80 pA. The micropillars
ith a circular cross section had an average aspect ratio (height : top
iameter) of 2.8 and were compressed ‘in-situ’ inside an SEM, using a di-
mond flat punch at a constant loading rate of 0.9 mN/s at temperatures
f 150°C and 250°C. The thermal drift was below 0.4 nm/s for all mea-
urements. After successful compression of 17 micropillars, they were
maged at 45° in a SEM (FEI Helios Nanolab 600i, FEI, Eindhoven, NL)
nd the angles of the slip events were measured, corrected for the stage
ilt, and compared to the intersections of crystal planes with the pillar
urface using Matlab® in order to assign them to possible slip planes
62] . It was further assumed that slip in the direction of the highest
chmid factor was activated. The resulting slip direction was then fur-
her verified with the post compression SE-images. Finally, the original
3

pper diameter of the pillar was used to calculate the critical resolved
hear stress (CRSS). 

. Results

.1. Nanoindentation 

Fig. 2 shows representative hardness-depth curves from indenta-
ion tests performed at 50°C and 250°C. These exhibit the commonly-
bserved indentation size effect, with a higher hardness towards smaller
epths. To compare the hardness across different temperatures and ori-
ntations, the value at 500 nm was taken, as at the point the indentation
ize effect is vanishingly small for all measured orientations and temper-
tures. These data are given in Fig. 3 a and show no clear trends over
he studied temperature range. Averaging the hardness values over all
emperatures and orientations gives a value of 3.5 ± 0.3 GPa. The inden-
ation modulus was similarly constant within the standard deviation at
ll temperatures and orientations and amounts to 53.3 ± 4 GPa ( Fig. 3 b).
or determining these values, a mean Poisson ratio of 0.24 was taken
ased on the values reported elsewhere [ 63 , 64 ]. 

Fig. 4 shows representative load-displacement curves for the
8°(0001) orientation between 50°C and 250°C revealing serrated flow
t all testing temperatures, which decreases with increasing testing tem-
erature. The occurrence of serrated flow causes a relatively high noise
evel when hardness is evaluated using a continuous stiffness measure-
ent ( Fig. 2 a for example). 

.2. Slip line analysis 

SE images of slip lines formed around the indents were compared
o the traces of surface/crystal plane intersections of potential slip
lanes using the local orientation information from EBSD. This eval-
ation yields statistical information using a total number of 249 evalu-
ted slip traces on the activation of different slip systems and presents
 useful first step to guide and interpret subsequent uniaxial compres-
ion experiments [ 61 , 62 ]. Principally, all indents could be sorted into
hree categories depending on the amount and shape of slip lines around
hem. At low temperatures, clear and straight slip lines were observed
hat could unambiguously be correlated with potential crystallographic
lane traces ( Fig. 5 , orange, straight lines). With increasing tempera-
ure either no slip lines formed ( Fig. 5 , no markings) or the slip lines
ollowed a curved shape, presumably following the stress field in very
arrow steps ( Fig. 5 , white, curved lines). 

In this last case, the error from falsely assigning one slip line in-
reased with a decreasing number of interpretable slip traces. Conse-
uently, only those experiments where at least ten sufficiently straight
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Fig. 2. Hardness with indentation depth for the 48 ̊(0001) oriented grain at 50°C (a) and 250°C (b). The red line displays the average hardness value at 500 nm. 

Fig. 3. a) Hardness at 500 nm and b) inden- 
tation modulus for all three orientations and 
temperatures between 50°C and 250°C includ- 
ing their standard deviation. 
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lip trace segments could be identified in total for each orientation were
nalysed further. 

Fig. 6 shows the glide planes to which the slip lines were assigned
or the 83° and 48°(0001) grain orientations that could be analysed as a
unction of temperature. Also included are CRSS values for each slip sys-
em which were determined via micropillar compression, as discussed
ater. 

In the 83°(0001) oriented grain (red data points), the relative fre-
uency of activation of basal slip traces first increased slightly, but then
ecreased to zero at temperatures above 100°C. The relative frequency
f activation of 1 st order prismatic slip traces decreased from 15% to 8%
etween room temperature and 200°C. The relative frequency of acti-
ation of 2 nd order pyramidal and 2 nd order prismatic slip traces stayed
onstant at around 40% and 10%, respectively. The fraction of 1 st or-
er pyramidal slip traces fluctuated around a value of 35%, but overall
lightly increased with temperature. 

In the grain with 48°(0001) orientation (blue data points), similar
rends were seen: the occurrence of basal slip decreased with tempera-
ure, vanishing at 150°C. The relative frequency of activation of 1 st order
rismatic slip traces decreased slightly, from 26% at room temperature
o 20% at 150°C, and similar to the 83°(0001) oriented grain, the frac-
ion of 2 nd order prismatic slip traces remained constant. Differences
etween the two grains occurred regarding the pyramidal slip systems.
n the 48°(0001) orientation, the relative frequency of activation of 1 st 

rder pyramidal slip traces stayed constant with 33% up to a temper-
ture of 100°C and then decreased to 20% at 150°C, while the relative
 t  

4 
requency of activation of the 2 nd order pyramidal slip traces increased
harply from 32% at room temperature to 50% at 150°C. 

.3. Micropillar compression 

A total of seventeen micropillars were compressed and found to de-
orm plastically within the course of this study. Eleven micropillars were
ompressed at 150°C and six at 250°C within the three differently orien-
ated grains. For each orientation and temperature, one representative
ompressed micropillar including its simulated slip plane and engineer-
ng stress strain curve is given in Fig. 7 . Note that for the 9°(0001) ori-
ntation, due to experimental difficulties, no micropillar analysis could
e conducted at 250°C. The number of pillars exhibiting the indicated
lip planes are given in Fig. 8 for each grain orientation. 

The 48°(0001) oriented micropillars showed slip planes correspond-
ng predominately to the basal plane for both elevated temperatures,
hich has a high Schmid factor of 0.49. However, slip on the 1 st order
rismatic and 1 st and 2 nd order pyramidal planes was also observed. 

For the 83°(0001) orientated pillars, some pillars slipped along
he basal and 1 st order prismatic plane at ambient temperature, but
ore pyramidal slip was observed for all temperatures. Despite its high

chmid factor of 0.48, prismatic slip was only activated for two pillars.
For the 9°(0001) orientated micropillars, the activated slip planes

orrespond to the pyramidal slip systems, which also have the highest
chmid factor of 0.47 to 0.49. For the 9°(0001) orientation at ambient
emperature, one pillar slipped on the 1 st order pyramidal plane, vs two
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Fig. 4. Load-displacement curves performed under a constant strain rate of approximately 0.04 s − 1 from the 48°(0001) oriented grain at 50°C (a), 100°C (b), 150°C 
(c), 200°C (d) and 250°C (e). Tests were performed until a limit of 600 nm was reached. At low temperatures, plastic instabilities are visible, which decrease with 
increasing temperature and almost vanish at 250°C. 

Fig. 5. SE images of indents performed at 100°C, 200°C and 250°C for all three orientations, as depicted on the right. Three different kinds of slip lines were observed: 
clear, straight lines (orange lines, e.g. 83°(0001) at 100°C and 200°C), no slip lines (e.g. 48°(0001) at 200°C and 250°C) and curved slip lines, presumably following 
the stress field in narrow steps (white, curved lines, e.g. 9°(0001) at 100°C and 200°C). 

5 
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Fig. 6. Relative frequency of activation of different slip planes determined from the slip traces analysis in nanoindentation experiments for the 83°(0001) (red 
triangles) and 48°(0001) (blue circles) oriented grains at different temperatures. These data points refer to the left axis and the trends are highlighted by the same- 
coloured arrows. The CRSS values determined by micropillar compression are displayed in black squares and refer to the right axis. The filled symbols are room 

temperature data taken from reference [ 59 ] whereas all open symbols represent data from this work. 
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illars on the 2 nd order pyramidal plane, whereas at 150°C, three pillars
lipped on the 1 st order pyramidal plane and one pillar on the 2 nd order
yramidal plane. 

Consequently, CRSS values spanning the entire range of testing tem-
eratures could only be determined for slip on 2 nd order pyramidal and
asal planes, shown by the black squares in Fig. 6 . 
6

. Discussion

The hardness as well as the indentation modulus were measured for
ifferent temperatures and different orientations, see Fig. 3 . Both only
aried within the standard deviation over all measured temperatures.
he hardness at 500 nm of 3.5 ± 0.3 GPa for temperatures between
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Fig. 7. a-e) SE-images of typical compressed micropillars for all three investigated orientations including the simulated slip planes for the same orientation. f) 
Representative stress-strain curves for different orientations and temperatures are also given. In almost all cases the loading is perfectly elastic until the critical stress 
is reached, after which uncontrolled deformation occurs (due to the use of a load-controlled nanoindenter) until the flat punch arrests at the bottom of the trench 
around the pillar, at approximately 5% strain. 

7 
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Fig. 8. Number of pillars exhibiting the indicated slip system in microcompression for all three orientations at different testing temperatures and their corresponding 
Schmid factors. The room temperature data have been taken from reference [59] and are represented in blue for each orientation. 
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0 and 250°C is in agreement with the authors’ previously published
mbient temperature hardness of 3.4 ± 0.2 GPa measured at the same
ndentation depth [59] . Furthermore, no strong effect of the crystallo-
raphic orientation occurred. Similar investigations on the hardness of
he CaMg 2 phase over a vast range of temperatures were also performed
y Kirsten et al. [22] . They measured the Brinell hardness from ambient
emperature up to 800 K and reported a transition temperature above
hich the hardness decreased significantly. This transition temperature
as found to be 0.59 ∗ T m 

. Since our results only cover the temperature
ange of 0.33 ∗ T m 

– 0.53 ∗ T m 

, they are below the transition temperature,
nd therefore our observed constant hardness trend is similar to the re-
orted results by Kirsten et al. [22] , who observed a loss in hardness of
bout 10 percent in a temperature range from 0.25 ∗ T 0.59 ∗ T . 
m – m 

8 
However, the isotropy of our hardness values differs from results
eported by Kirsten [65] . He found both anisotropic and lower micro-
ardness values of 2.23 ± 0.06 and 1.87 ± 0.06 for (0001) and ( 10 ̄1 1 )
riented crystals, respectively. These are reasonably comparable orien-
ations to Area 3 - 9 ̊(0001) and Area 1 - 48°(0001). While the lower val-
es are likely attributable to the indentation size effect, the anisotropy
s difficult to explain. This might occur due to compositions deviating
rom stoichiometry, or possible alignment of the microindenter to acti-
ate specific slip systems. However, these exact details are unfortunately
ot available in the cited work. In a recently published work by Luo
t al. [37] , the orientation dependence of the hardness of the C14 NbCo 2 
hase was also investigated using nanoindentation. They reported an in-
reased hardness of about 5% for orientations close to (0001) compared
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Fig. 9. Extent of serrated flow as a function of temperature for the three orien- 
tations. As a measure, the number of displacement jumps that occurred up to a 
depth of 500 nm is taken. The number of serrations diminishes with increasing 
temperature. 
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o the other investigated orientations. This much smaller variation com-
ared to the results from Kirsten [65] corresponds to ∼0.18 GPa, well
ithin the scatter of the results given here. Luo et al. [37] also report that
eformation behaviour only changes when the composition approaches
 phase boundary (i.e. C14/C15 or C14/C36). Whether this is related to
he exact composition – NbCo 2 compared to CaMg 2 – remains a subject
f further investigation. 

Similar to the hardness trend observed within our study, the mea-
ured indentation modulus neither varied significantly with temperature
or with crystallographic orientation. The average value over all tem-
eratures and orientations was calculated to be 53.3 ± 4 GPa and is in
ood agreement with DFT calculations by Yu et al. [66] who calculated
n elastic modulus of 55.74 GPa at 0K. The invariance of modulus with
emperature observed here likely contributes to the agreement between
he experimental data and these calculations. 

.1. Serrated yielding 

It is further under discussion how an off-stoichiometric composition
ight affect the deformation behaviour of Laves phases [ 28 , 30-33 ]. So

ar, it is known that the dislocation velocity as well as the initial dis-
ocation density can be affected by the chemical composition [ 31 , 67 ].
ne reasonable explanation for the lowered dislocation velocity with in-
reasing off-stoichiometry proposed by Kubsch is that off-stoichiometry
ight hinder the free motion of dislocation kinks and thus reduce the
obility of dislocations, which is indeed observed [31] . The disloca-

ion velocity was further found to increase with increasing temperature
ue to thermally activated mechanisms [31] . Moreover, specimens with
ff-stoichiometric compositions are reported to have a higher disloca-
ion density prior to deformation. This is assumed to be due to internal
tresses induced by anti-site defects, i.e. substitutional solute atoms [67–
9] .

The CaMg 2 Laves phase investigated within this study has a 2 at.-%
igher Mg content than the stoichiometric composition and contains alu-
inium as an impurity element (0.24 wt.-%), which would be expected

o also occupy the same sites as the Mg atoms. It is therefore likely that
he phase contains a high number of initial dislocations which move at a
ow velocity at ambient temperature. This, together with the excess Mg
s the ideal prerequisite for serrated yielding, where solute atoms might
inder dislocation motion by pinning free dislocation segments. 

With increasing temperature, the dislocation velocity as well as the
iffusivity of solute atoms is increased, which lowers the pinning ef-
ects. In order to visualise the loss in displacement jumps, the number
f observed displacement jumps is evaluated as function of temperature
or all three investigated orientations ( Fig. 9 ). Our findings indicate that
n the investigated CaMg 2 phase solute atoms govern the movement of
islocations below the transition temperature at 0.59 ∗ T M 

.
The off-stoichiometric crystallisation of the CaMg 2 phase is not sur-

rising. It has already been reported by Stein et al. [58] that in systems
here cubic and hexagonal polytypes are present at the same temper-
ture (as in the Mg-Al-Ca system), the C15 phase usually forms at the
toichiometric composition while the C14 (investigated here) and the
36 phase crystallise off-stoichiometrically. 

For the sake of completeness, we point out that the determined com-
osition of 68.7 ± 0.5 at.-% Mg is subject to the typical systematic er-
ors in EDX measurement accuracy [ 70 , 71 ]. Therefore, the exact extent
s to which the sample is off-stoichiometric is impossible to quantify
olely with this technique. Other techniques, such as atom probe tomog-
aphy, are correspondingly much more involved and beyond the scope
f this work. However, we are nevertheless confident that the sample
s off-stoichiometric. As standardless EDX quantification, as performed
ere, can approach an accuracy of ± 2% [72] , our EDX measurements
re above the threshold at which off-stoichiometry is present (i.e. the
rue composition lies between 68.7 at.% ± 2%). This, in combination
ith previous, more detailed investigations on the off-stoichiometry of
aves phases [ 28 , 30-33 , 67 ], corroborates the assumption that the ma-
9

erial tested in this study deviates from the exact stoichiometric compo-
ition and that plasticity in the CaMg 2 phase is strongly affected by the
xcess Mg atoms or trace Al atoms on presumably the same sites, i.e.
he presence of solute atoms in the low temperature regime. 

.2. Slip line analysis 

The slip line analysis showed a decreasing number of identifiable
lip lines on the sample surface with increasing temperature for all ori-
ntations. Possible explanations of this effect could be surface oxida-
ion, indenter orientation effects, dislocation climb, thermally activated
ross-slip or an increase in the homogeneity of slip. We assume that sur-
ace oxidation does not play a significant role in the observed loss in slip
races during the elevated temperature deformation as the experiments
ere conducted under high vacuum (10 − 5 Pa) and surface features (e.g.
ithin the indent) are still clear ( Fig. 5 ). 

We also assume that the orientation of the indenter faces with re-
pect to the grain orientation also does not play a strong role in these
aterials. This relative orientation was not controlled between the data
resented here at high temperature and that previously published at
oom temperature ( Fig. 6 open and closed symbols), yet the data form
onsistent trends. Additionally, in studies of indenter orientation on de-
ormation [73] , deformation strongly confined to one face of the resid-
al impression is reported. No such phenomenon has been observed in
ny of the indents in these materials in SE/BSE imaging. This might
e related to deformation here forming discrete slip lines, rather than
omogenous pile-up, but it remains to be explored. 

Regarding dislocation climb, a similar loss in slip steps was already
eported by Mathur et al. [21] around indents in the intermetallic
g 17 Al 12 phase. However, in their study, this activation of dislocation

limb was accompanied not only by a change in dislocation structures
ithout concentration on individual planes but also by a significant

hange in the strain rate sensitivity and a pronounced drop in hardness
ith temperature. These effects were not found for the CaMg 2 Laves
hase studied here in the temperature range between 50°C and 250°C. 

The third possibility of thermally activated cross-slip of screw dislo-
ations causing a loss of slip lines at the sample surface was studied via
EM investigations on an ambient temperature indent and an indenta-
ion test performed at 250°C ( Fig. 10 ). These investigations showed that
he dislocation structures are similar for samples deformed at 25°C and
50°C. A change of the dominant slip system can be seen, but no sig-
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Fig. 10. TEM images of CaMg 2 samples de- 
formed at room temperature (a) and 250°C (b). 
The orientation of { 1 1 00 } and { 1 1 01 } plane 
traces is indicated by the red and yellow lines 
respectively, based on the position of the cor- 
responding diffraction spots in the inset se- 
lected area diffraction patterns with [0001] 
and [11 2 0] zone axis (ZA). 
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ificant change in dislocation structure is visible. Therefore, the results
uggest no occurrence of cross-slip up to 250°C. 

It seems most likely, therefore, that the activation of further slip
ystems ( Fig. 6 ) together with a reduction in the amount of serrated
ielding ( Fig. 9 ) leads to less localised deformation and consequently
ess pronounced slip steps. Since the CRSS of slip systems can change
ith temperature, as discussed in the next section, the activation of fur-

her slip systems might lead to more evenly-distributed slip between a
arger number of available slip systems, which consequently reduces the
isibility of distinct slip traces. Furthermore, a decrease of localised de-
ormation due to a diminishing amount of serrated yielding effect might
esult in more homogeneous deformation, as also reported by Klose et al.
74] . 

The relative frequency of activation of slip on different slip planes
nd their temperature-dependence was measured, though restricted to
he 48 ̊(0001) and 83 ̊(0001) grains due to the rapid loss of visible slip
ines in the 9 ̊(0001) grain. 

For the 48°(0001) orientation, basal slip has the highest Schmid fac-
or of 0.49 and 1 st order pyramidal slip also has a high Schmid factor of
.4. For the 83°(0001) orientation, all prismatic and pyramidal slip sys-
ems have high Schmid factors of 0.47 - 0.48. The relative frequency of
ctivation of basal slip was slightly higher for the 48°(0001) orientation
han for the 83°(0001) orientation. A higher relative frequency of acti-
ation of the slip systems with higher Schmid factor can also be found
or the 1 st order pyramidal and 2 nd order pyramidal slip systems, cor-
esponding to the 83°(0001) orientation. However, for the 1 st and 2 nd 

rder prismatic planes, this trend was not seen. This might be related to
he sufficient accommodation of the induced strain by the activation of
he pyramidal slip systems already. 

A quantitative comparison of the relative frequency of activated slip
lanes between all slip systems can however not be easily drawn, as
he anisotropy of the hexagonal unit cell and the consequently different
umbers of equivalent slip planes need to be taken into account here
oo (see reference [59] for further details). 

Furthermore, CRSS values for basal, 1 st order prismatic and 1 st and
 

nd order pyramidal slip are given. However, due to the small number
f compressed micropillars, no general conclusion on the development
f the CRSS with temperature can be drawn. 

Quantitative measurements of CRSS using micropillar compression
re difficult due to the limited amount of data points over the range of
rientation and temperature. However, these results suggest that basal
nd 1 st order prismatic slip show a decreasing CRSS with tempera-
ure, whereas 1 st and 2 nd order pyramidal slip do not show significant
hanges. 

Paufler et al. found that the lattice resistance due to the Peierls bar-
ier for basal and prismatic slip is of the same magnitude at a tem-
erature of 390°C [27] . Additionally, they found that most dislocations
10 
resent after high temperature deformation were on the basal or pris-
atic planes [27] , albeit in single crystals aligned for this purpose. How-

ver, the specific alignment as well as the different testing temperatures
sed compared to our tests, impede a direct comparison. 

So far, the occurrence of basal slip was often reported af-
er macroscopic elevated temperature tests on the C14 phase
 23 , 25 , 27 , 31 , 33 , 41 , 47 ]. However, hardness tests on the MgZn 2 phase
lso revealed the basal plane as predominant slip plane at temperatures
etween room temperature and 500 K [22] and basal slip was found
fter ambient temperature indentation tests by Takata et al. [39] . Luo
t al. [36] observed basal and non-basal slip by compressing NbCo 2 mi-
ropillars, which is consistent with our findings, where basal slip was
ound after nanoindentation as well as microcompression at all temper-
tures if the Schmid factor was high. 

Prismatic slip was also mostly reported to occur at elevated temper-
tures (above 390°C) in macroscopic tests in the C14 phase [ 27 , 32 , 47 ].
owever, a study by Kirsten et al. [22] on the CaMg 2 phase, which

s also investigated here, reported 1 st order prismatic slip after ambient
emperature hardness tests. And indeed, slip traces corresponding to the
 

st order prismatic planes were also observed for both, the 48°(0001)
rientation and the 83°(0001) orientation, within our study. Micropil-
ars in the 83°(0001) orientation, have a high Schmid factor of 0.48 for
 

st order prismatic slip, and this system was also observed in ambient
emperature micropillar compression. 

Interestingly, 1 st order prismatic slip could also be activated for the
8°(0001) orientation at 250°C even though the Schmid factor was as
ow as 0.22. However, if the decreasing CRSS of 1 st order prismatic slip
ith increasing temperature ( Fig. 7 ) is considered, the occurrence of 1 st 

rder prismatic slip at 250°C can be explained, suggesting that this slip
ystem is thermally activated. 

Slip on the 1 st and 2 nd order pyramidal plane in the C14 phase is,
o the authors’ best knowledge, only reported to occur above 500°C
47] . However, the lack of reported pyramidal slip at lower tempera-
ures might also be a result of the limited number of studies on ambient
emperature deformation of the C14 Laves-phases. 

. Conclusions 

The deformation behaviour of the CaMg 2 C14 Laves phase at temper-
tures between 50°C and 250°C (0.33 ∗ T m 

– 0.53 ∗ T m 

) was investigated
or different grain orientations. In-situ nanoindentation in conjunction
ith SE, EBSD and TEM imaging allowed an analysis of the deformation
ehaviour in various aspects: 

• The average hardness and indentation modulus over all tempera-
tures were 3.5 ± 0.3 GPa and 53.4 ± 4 GPa, respectively, with neg-
ligible anisotropy or temperature sensitivity. 
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• Up to 200°C, serrated yielding was observed in the indentation
curves, which decreased with increasing temperature. This is associ-
ated with solute atoms governing the dislocation mobility by pinning
slipping dislocation segments. 

• The activation of different slip systems from nanoindentation was
evaluated in a statistical manner between 50°C and 250°C. The num-
ber of identifiable slip traces around indents and the number of ser-
rations decreased with increasing temperature, which is assumed to
be due to the activation of additional slip systems at elevated tem-
peratures together with a decreasing effect of solute atoms. 

• CRSS values were determined by micropillar compression experi-
ments for basal, 1 st order prismatic and pyramidal as well as 2 nd 

order pyramidal slip. While the data should be interpreted with cau-
tion due to the limited number of pillars, the results initially suggest
that basal and 1 st order prismatic slip show a decreasing CRSS with
temperature, whereas 1 st and 2 nd order pyramidal slip do not show
significant changes. 
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Short Summary 

The influence of the deviation of the stoichiometric composition is still under debate, and con-
trary findings are reported in previous studies. To analyse the effects of a off-stoichiometric 
composition, two samples with CaAl2 Laves phase structures, which revealing Mg as ternary 
alloying element, were nanomechanical investigated. The hardness and modulus decrease 
with the decreases with further deviation from the stoichiometric composition, which were also 
confirmed by atomistic simulations. The visibility of slip lines, resulting from nanoindentation 
tests, also decrease with the higher off-stoichiometric composition. Additional slip systems 
were found, being mainly included in the plasticity of the C15 CaAl2 phases.  
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A R T I C L E  I N F O   
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Electron microscopy 
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A B S T R A C T   

The influence of chemical composition changes on the room temperature mechanical properties in the binary 
Ca33Al67 C15 CaAl2 Laves phase were investigated in two ternary alloys with off-stoichiometric compositions 
with 5.7 at.% Mg substitution (Ca33Al61Mg6) and 10.8 at.% Mg and 3.0 at.% Ca substitution (Ca36Al53Mg11) and 
compared to the stoichiometric (Ca33Al67) composition. Cubic Ca-Al-Mg Laves phases with multiple crystallo
graphic orientations were characterised and deformed using nanoindentation. The hardness and indentation 
modulus were measured to be 4.1 ± 0.3 GPa and 71.3 ± 1.5 GPa for Ca36Al53Mg11, 4.6 ± 0.2 GPa and 80.4 ± 3.8 
GPa for Ca33Al61Mg6 and 4.9 ± 0.3 GPa and 85.5 ± 4.0 GPa for Ca33Al67, taken from our previous study, 
respectively. The resulting surface traces as well as slip and crack planes, were distinguished on the indentation 
surfaces, revealing the activation of several different {11n} slip systems, as further confirmed by conventional 
transmission electron microscopic observations. Additionally, the deformation mechanisms and corresponding 
energy barriers of activated slip systems were evaluated by atomistic simulations.   

1. Introduction 

Laves phases are some of the most common intermetallic structures 
and are attractive for strengthening of structural materials. They consist 
of two elements with different atomic radii, with an ideal radius ratio in 
AB2 binary Laves phases of rA/rB = 1.225 [1–6]. 

The topologically closed packed (TCP) structure of the Laves phases 
poses a challenge to the introduction of macroscopic plasticity due to its 
inherent resistance to dislocation motion. As a result, there is limited 
knowledge on the plastic behaviour and little documentation of dislo
cation motion below the brittle to ductile transition temperature 
(BDTT), typically encountered at around 0.6⋅TH (TH = homologous 
temperature) for Laves phases [7–11]. 

For the cubic C15 Laves phases, a review of the commonly reported 
slip systems and the corresponding BDTT temperatures was included in 
a previous publication [12]. Dislocation slip is predominantly reported 
on {111} planes at and above the BDTT [10,11,13–21]. Several studies 
using micropillar compression to introduce plasticity at room 

temperature also revealed slip on {111} planes [22–26]. However, in
vestigations on CaAl2 Laves phases have shown significant contributions 
from {112} slip planes to plasticity [12]. 

Theoretical studies using atomistic simulations have shed further 
light on the plasticity mechanisms in Laves phases [27–29]. Dislocation 
motion by synchro-shear [5,30,31] was demonstrated as the most 
energetically favourable slip mechanism on the basal plane in the hex
agonal C14 CaMg2 Laves phase [27], while kink-pair nucleation and 
propagation are preferred in both C14 CaMg2 and C15 CaAl2 Laves 
phases [29] and thermal assistance was found to be indispensable in 
activating the motion of synchro-Shockley dislocations, implying that 
this type of plastic event is impeded at low temperatures [28]. Point 
defects, such as vacancies, introduced with deviations from the stoi
chiometric AB2 composition [32], significantly affect dislocation motion 
energy barriers [2]. 

To better understand the plasticity of Laves phases with off- 
stoichiometric compositions, we investigate the deformation of the 
C15 CaAl2 Laves phase with different Mg contents (presumably 
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replacing Al in the lattice) and a change in Ca concentration. This study 
aims to elucidate the impact of compositional changes on plasticity in 
Laves phases, building on previous research on compositional stability 
and the effects of chemical composition on plasticity. 

1.1. Influence of chemical composition on Laves phase stability and 
plasticity 

The knowledge of the influence of chemical composition on the 
mechanical behaviour and phase stability of Laves phases, particularly 
those with well-defined homogeneity ranges, can be helpful for specific 
property manipulation. Amerioun et al. [33] investigated the structural 
changes in Laves phases when substituting Al atoms with Mg. They 
found transformations from the C15 Laves phase (homogeneity range 
from CaAl2 to CaAl1.76Mg0.24) to the C36 phase (homogeneity range 
from CaAl1.34Mg0.66 to CaAl0.93Mg1.07), and further to the hexagonal 
C14 Laves phase (homogeneity range from CaAl0.49Mg1.51 to CaMg2). 

The mechanical behaviour of Laves phases is significantly influenced 
by composition, with deviations from stoichiometry leading to the 
insertion of various types of defects into the lattice, such as anti-site 
atoms and vacancies [3,34–37]. Altering the composition away from 
the ideal binary stoichiometry, either by varying the internal chemical 
composition or adding alloying elements, results in different defect 
structures [3,4,34,36–42]. This can lead to a distortion of the ideal lat
tice and changes in lattice parameters, subsequently affecting mechan
ical properties [32]. The introduction of a ternary element also plays a 
crucial role, with the atomic radius and quantity of the element deter
mining how it is incorporated into the lattice [2,3,32]. Moreover, the 
radius ratio in cubic Laves phases significantly affects dislocation mo
tion on {111} planes, influencing the atomic free volume and dislocation 
mobility [15,39]. The presence of anti-site atoms or vacancies can 
impede or facilitate dislocation motion, highlighting the intricate rela
tionship between composition, defect structures, and mechanical 
behaviour in Laves phases [15,39]. 

1.1.1. Binary Laves phases 
In terms of the changes in mechanical properties resulting from a 

changing Laves phase composition, we focus first on the effect of 
altering the ratio of A and B atoms in the binary AB2 Laves phases, before 
considering the inclusion of a third element: 

Shields et al. [43] explored the microhardness of quenched binary 
rare-earth cubic CeNi2 Laves phases and found that strain fields induced 
by vacancies in the lattice could result in softening at high temperatures 
and hardening after quenching at low temperatures. They also observed 
that in a comparison of Ni and Co as the B element, vacancy formation is 
much more preferable for Ni, as reported by Mansey et al. [44], which 
they related to the variable valency of the Ce A atoms. On this basis, 
further investigations estimated that Laves phases combining transition 
elements with rare-earth elements may exhibit unique properties due to 
their extreme radius ratios [44–47]. The RNi2 (R: rare earth) Laves 
phases have received particular attention also beyond CeNi2. In these 
phases, the atomic radius ratios rA/rB significantly exceed the ideal ratio 
of 1.225, structural vacancies at the A site are prevalent, and their 
density increases with the atomic radius of R [48]. Particularly in LaNi2 
Laves phases with the highest rA/rB, the formation of a superstructure 
with ordered vacancies (La7Ni16) is energetically more favourable 
compared to the stoichiometric C15 phases. In how far structural va
cancies differ in their effect on mechanical properties compared to 
disordered vacancies has not yet been explored to the best of our 
knowledge, but due to their integration into the crystal structure, they 
can be stabilised to reach higher densities of over 10 % on the A-site 
lattice [48]. 

Similar investigations by Chen et al. [36,37] on cubic HfCo2 Laves 
phases demonstrated a decrease in lattice parameter and mechanical 
properties with increasing Co content, attributed to Co atom sub
stitutions and vacancies. Elastic moduli and Poisson’s ratio as well as 

hardness, measured at room temperature (RT) were found to drop with 
deviation from the stoichiometric composition. The authors proposed 
that the observed softening was due to easier synchro Shockley dislo
cation motion on {111} planes facilitated by increased free volume from 
decreasing packing density and Co substitutions. 

Moreover, deviations from stoichiometry in hexagonal MgZn2 Laves 
phases [1,49–51] have been associated with decreased hardness, yield 
stress, and dislocation velocity. In a summary of this work, Paufler [1] 
proposes an intricate interplay of grown-in point and line defects. While 
an increased density of the first leads to dislocation pinning, associated 
with the observed time- and temperature dependent formation of a 
strong upper yield point in the undeformed crystal towards lower tem
peratures, the off-stoichiometric samples were also thought to contain a 
higher number of (mobile) dislocations, which the authors proposed to 
counterbalance the hardening effect they otherwise expected from point 
defect/dislocation interactions. Kubsch et al. [51] have observed that 
the off-stoichiometric composition results in a decreasing dislocation 
velocity and increasing need for dislocation activation enthalpy, be
tween 340- 456◦C. Shao et al. [52] performed density functional theory 
calculations to explore the influence of chemical composition on point 
defects in MgZn2, indicating that anti-site defects have low formation 
energies. 

Zhu et al. [3] observed hardening in both over- and 
under-stoichiometric compositions at room temperature (RT) in cubic 
NbCr2, NbCo2, and hexagonal NbFe2 alloys, attributing it to anti-site 
defects in the absence of constitutional vacancies. Luo et al. [23] 
found increased hardness towards the stoichiometric composition in the 
cubic C15 NbCo2 Laves phase. Interestingly, micropillar compression 
tests by the same authors across the same compositional range of the 
C15 NbCo2 phase revealed a constant critical resolved shear stress for 
slip on {111} planes [24]. 

Phase transformations between different Laves polytypes are also 
closely related to mechanical deformation, with stacking fault formation 
occurring due to the movement of synchro-Shockley dislocations on 
adjacent slip planes [5,30,31]. This is enabled by the construction of 
three different Laves structures, which are stacking variants normal to 
their characteristic triple layer lying parallel to the {111} or (0001) 
planes in the cubic and hexagonal phases, respectively [53,54]. Impor
tantly, Laves phases exhibit such phase transformations between poly
types through the accumulation of stacking faults (SFs). These may 
occur as a result of chemical and atomic order at the stacking fault 
leading to the formation of a segregation stabilised planar defect phase 
[55] and as a consequence of the different polytypes being structurally 
distinguished by their stacking of the characteristic Laves phase layers. 
As changes in chemical composition affect the stability of the polytypes, 
they may also change the unstable and stable stacking fault energies on 
the planes between the characteristic layers in each phase [15,42,56]. 

RT compression tests of the ZrFe2 Laves phase have shown phase 
transformations from C36 to C15 under compressive strain, driven by 
the motion of synchro-Shockley dislocations on {111} planes [57]. 
Manipulating Laves phase composition therefore not only alters plas
ticity based on point defects and lowers the energy barrier for disloca
tion motion but also simplifies phase transformations via SFs [5,30,31]. 

So far, the effect of different point defects on dislocation mobility in 
binary Laves phases remains unclear based on experimental literature. 
As well as phase transformations necessitates a combination of many 
experiments. Modelling efforts have started to contribute to this field, 
for example by predicting the formation energies of the different defect 
types from density functional theory [52] and studying their interaction 
with dislocations in atomistic simulations [29]. 

1.1.2. Ternary Laves phases 
The influence of a third element, on the mechanical properties of 

Laves phases has been extensively studied, primarily focusing on phases 
formed by transition metals [34,38,39,58,59]. These investigations have 
revealed intricate relationships between composition and mechanical 
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behaviour. 
In the Fe-Nb-Ni ternary system, Fe-rich NbFe2 Laves phases experi

enced solid solution softening with increasing Ni content, leading to 
reduced hardness and elastic modulus [59]. Similar observations were 
made in the Nb-Cr-Ti system, where SFs and dipoles were observed, 
affecting mechanical behaviour [40]. 

Chen et al. [35] explored the effects of ternary alloying elements (Nb, 
V, Mo) on the cubic TiCr2 Laves phase. They found that while all three 
elements increased hardness, V and Mo led to increased fracture 
toughness, whereas Nb decreased it. Additionally, V and Mo sub
stitutions on specific sites affected lattice strain and free volume, influ
encing dislocation motion. Similar investigations by Takasugi et al. [39] 
on the cubic NbCr2 Laves phase showed that V and Mo substitutions 
resulted in either hardening or softening, depending on the specific sites 
they occupied. The addition of W and Mo induced phase transformations 
and SFs, affect mechanical properties differently. Yoshida et al. [38] 
expanded this work to also include 5% W replacing either Nb or Cr in the 
alloys’ composition. They found significant hardening when substituting 
Cr but only weak hardening when W was added instead of Nb. However, 
this study lacked measurements of lattice parameters to validate the 
hypothetical replacements based on alloy composition. The authors 
observed SFs and initial phase transformations to hexagonal polytypes 
upon the addition of W and Mo, which was not observed with V addi
tion. Consequently, there was no apparent correlation between the 
presence of SFs on {111} planes (seen in Mo and W-containing alloys) 
and overall softening (observed only in (Nb,Mo)Cr2). Further research 
by Thoma et al. [41] investigated the effects of V addition to the cubic 
NbCr2 Laves phase, showing changes in moduli and transition 
temperatures. 

Overall, these investigations highlight the complexity of ternary 
alloying effects on Laves phases, with mechanisms such as synchro-shear 
emerging as crucial for understanding mechanical behaviour. However, 
gaps in understanding persist, particularly regarding low-temperature 
plasticity mechanisms and their dependence on composition. 

Studies also considered equal substitution of A- and B-sites, such as 
Nb addition to HfV2, [42,60,61], resulting in improved deformability 
attributed to the creation of free volume on {111} planes. In addition, 
while the hypothesis of creating free volume in the triple layer through 
ternary alloying has been explored in several studies where a growing 
support for the role of synchro-shear in relating site-specific element 
substitution to mechanical properties, conclusive evidence is still lack
ing. Furthermore, dislocation mechanisms other than slip on a given 
plane, e.g. dislocation cross-slip, are often overlooked in experimental 
studies, which primarily focus on determining the type of present point 
defects or identifying deformation mechanisms based on macroscopic 
observations of slip and its thermal activation alone. 

1.2. Correlative nanomechanical testing and atomistic simulations 

From this review of the existing literature, we identify two current 
gaps in knowledge concerning Laves phase plasticity, which we aim to 
address in this work: a general lack of understanding of low temperature 
plasticity mechanisms and how these are affected by changes in 
composition. To address these gaps, a closer integration of experimental 
and computational approaches is essential. By combining these 
methods, we can better understand the underlying dislocation mecha
nisms and identify potential defects. This integrated approach is 
particularly crucial given the increasing complexity of investigations 
involving varying compositions and exploring fundamental mechanisms 
at perfect stoichiometry. 

Advancements in nanomechanical testing now offer the capability to 
introduce plasticity without being constrained by the BDTT, as fracture 
can be successfully suppressed [25]. By utilizing a combination of 
scanning electron microscopy (SEM) and transmission electron micro
scopy (TEM) to examine the slip planes and Burgers vectors of disloca
tions, it becomes possible to analyse the resulting defect structures and 

relate these to critical stresses for dislocation-mediated plasticity at 
room temperature. The impact of adding ternary alloying elements and 
deviations from stoichiometric compositions in Laves phases remains a 
debated topic. This study therefore aims to evaluate the influence of 
chemical composition by comparing it with the authors’ previous 
investigation on the room temperature plasticity of the stoichiometric 
C15 CaAl2 Laves phase [12]. In that study, deformation primarily 
occurred due to dislocation motion on {111} and {112} slip planes, 
which may be expected to change with the addition of Mg and/or Ca 
atoms. Atomistic simulations serve to rationalise experimental obser
vations on composition-dependent mechanical properties and activation 
of slip systems, particularly focusing on the associated energy barriers. 
The present analysis aims to delve deeper into this change, seeking to 
bridge the gap in knowledge by understanding the influence of ternary 
alloying elements on deformation mechanisms in cubic Laves phases. 

2. Experimental methods

2.1. Sample preparation

In this work, two off-stoichiometric compositions of the ternary C15 
CaAl2 Laves phase were studied. Both substitute Al, first with 6 at.% Mg, 
Ca33Al61Mg6, and for the second with 11 at.% Mg and 3.0 at.% Ca, 
Ca36Al53Mg11. 

For sample synthesis, two methods were used and in both cases, 
starting elements were added to yield an approximate C36 composition 
with near equal amounts Ca, Al, and Mg. However, as the C36 was not 
observed to form, we use here two parts of the resulting castings which 
contained the stated phase compositions with a high volume fraction 
and grain sizes large enough for nanomechanical analysis. 

A first ingot was prepared by flux-growth. A melt of composition 
Ca32.7Al31.9Mg35.4 was sealed in a tantalum crucible under 500 mbar 
argon atmosphere, which was in turn sealed in a protecting quartz tube. 
This ensemble was placed in a buffered box furnace and heated to a 
temperature of 870 ◦C where it was kept for 2 h for homogenization. 
Cooling was carried out by lowering the temperature to 850 ◦C at a rate 
of 10 ◦C/h and subsequently to 750 ◦C at a rate of 1 ◦C/h. Then the 
ensemble was rapidly removed from the furnace, and the remaining melt 
and the solidified part were separated by centrifugation. Finally, it was 
slowly cooled down to room temperature within about 2 to 3 h. 

A cross cut of the resulting ingot was prepared for phase analysis in 
the scanning electron microscope (SEM) (Fig. 1). It contained several 
phases. The main phase in the area investigated in this work was 
determined using energy dispersive X-ray spectroscopy (EDX) (FIB, 
Helios Nanolab 600i, FEI) measurements. A large volume fraction of 
Ca33Al61Mg6 regions were found, and the composition was determined 
as 61.4 ± 0.2 at.% Al, 32.9 ± 0.2 at.% Ca and 5.7 ± 0.1 at.% Mg. 

A second ingot was prepared by Bridgman growth. A tantalum 
ampoule was charged with raw elements of composition 
Ca32.7Al31.9Mg35.4 and sealed under a 600 mbar argon atmosphere. The 
ampoule was placed in a vertical Bridgman furnace on a water-cooled 
cold finger and heated to 900 ◦C, where it was kept 1 h for homogeni
zation. Then the growth process was run by withdrawing the melt out of 
the hot zone of the furnace at a rate of 5 mm/h, which was proceeded for 
40 h, i.e. 200 mm. 

A cross cut of the resulting ingot again displayed the presence of 
several phases. Regions of Ca36Al53Mg11 were found with a composition 
according to EDX measurements of 52.9 ± 0.7 at.% Al, 36.3 ± 0.1 at.% 
Ca and 10.8 ± 0.8 at.% Mg. 

For metallographic preparation, the samples were embedded in 
copper paste to provide a stable sample environment and to hinder 
fracture or porosity. Afterward the sample was ground using 1200 to 
4000 grit SiC paper. An additional grinding step followed with POLARIS 
M diamond grinding plates of 3 µm and 1 µm and polishing in 4 steps 
with 6, 3, 1, and 0.25 µm diamond paste with isopropanol with 5 % PEG 
as lubricant. Final polishing with an aluminium oxide polishing solution 
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(OPA; a mixture of 5 % silica dissolved in isopropanol and added 
polyethylene glycol (PEG)) and a cleaning step with water and dish
washing liquid followed. 

The use of electron backscatter diffraction (EBSD) (Hikari, EDAX 
Inc.) at an accelerating voltage of 20 kV and a current of 5.5 nA allowed 
us to identify the grain orientation of the cubic CaAl2 phase for both 
samples and also identify, Ca33Al61Mg6, the pure Mg matrix lying 
around the individual CaAl2 + Mg areas (Fig. 1). This data was further 
analysed using OIM analysis™ (EDAX Inc.) to obtain the Schmid factors 
of the grains used for an approximation of first activated slip systems, 
assuming uniaxial compression along the surface normal. 

For imaging of the plastic zone around the indents, secondary elec
tron (SE) images were acquired by SEM in high-resolution mode 
(CLARA, Tescan, Brno, Czech Republic) with an accelerating voltage of 2 
kV at a current of 100 pA. 

2.2. Nanoindentation experiments 

Continuous stiffness measurement (CSM) nanoindentation tests 
(iNano, Nanomechanics Inc., TN, USA) were performed using a diamond 
Berkovich tip (Synton-MDP AG, CH). Prior to testing, the diamond area 
function (DAF) and frame stiffness of the indenter tip were calibrated 
according to the Oliver and Pharr method [62,63]. The determination of 
hardness and indentation modulus for all investigated areas was per
formed at indentation depths between 350 and 500 nm and assuming a 
constant Poisson’s ratio of 0.3. For Ca33Al61Mg6, eight grains with 
different orientations were indented with two arrays of 5 × 5 indents. 
The two arrays were placed with a relative rotation of 30◦ about the 
surface normal, to investigate the influence of the tip geometry on the 
slip and crack behaviour. All nanoindentation tests were conducted with 
a constant strain rate of 0.2 1/s up to a maximum depth of 500 nm. Slip 
traces observed in the direct vicinity of the indents were analysed by 
correlating the information from EBSD data and corresponding 
SE-images. 

2.3. TEM experiments 

In total three TEM lamellae were milled out in two different orien
tations by site specific focussed ion beam (FIB) milling in both off- 
stoichiometric materials, two for Ca33Al61Mg6 and one for 
Ca36Al53Mg11. All were then analysed by TEM (JEOL JEM-F200 and FEI 

Tecnai F20 TEM) with a double tilt holder. Under two-beam conditions, 

a g→⋅ b
→

analysis, with g→ is the diffraction vector and b
→

is the Burgers
vector of the dislocations, was applied to determine the Burgers vectors 
of the dislocations. In addition, selected area electron diffraction (SAED) 
was applied to confirm the presence of the cubic C15 Laves phase 
structure underneath the indent and acquire orientation information for 
slip plane identification, (cf. Figs. 5 and 6). 

2.4. Atomistic simulations 

The atomistic simulations in this work were performed using the 
software package LAMMPS [64]. The interatomic interactions were 
modelled by a machine-learning moment tensor potential (MTP) [65, 
66] for Al-Ca-Mg [67]. This potential provides more accurate prediction
for the lattice parameter, elastic constants and stacking fault energy of
the C15 CaAl2 Laves phase than a modified embedded atom method 
(MEAM) potential for Al-Ca-Mg [68] when compared with experimental 
data and ab-initio calculations (see Table S1 in the supplementary ma
terial). C15 CaAl2 atomistic samples were constructed using Atomsk 
[69], and off-stoichiometric compositions were generated by randomly 
substituting atoms using five different random configurations for each 
composition. To model a chemical composition close to that of 
Ca33Al61Mg6 in the experiments, the Ca content remains at 33 at.% and 
Mg solutes (3, 6 and 9 at.%) substitute the Al sublattice. For 
Ca36Al53Mg11, the Ca sublattice remains intact and an additional 3 at.% 
Ca and 11 at.% Mg solutes substitute the Al sublattice. 

Generalized stacking fault energy (GSFE) lines and surfaces were 
calculated by incrementally shifting one-half of the crystal across the 
slip direction and plane. Periodic boundary conditions (PBC) were 
applied in the directions parallel to the slip plane. Fixed boundary 
conditions were applied along the slip plane normal, where the outer
most atomic layers with a thickness of 14 Å at both top and bottom were 
fixed. The aspect ratio of the simulation samples is greater than 10. The 
crystal was relaxed in the direction perpendicular to the slip plane after 
each displacement step using the FIRE [70,71] algorithm with a force 
tolerance of 10− 8 eV/Å. Climbing image nudged elastic band (NEB) [72, 
73] calculations were performed on the simulation setup with the same
boundary conditions as mentioned above to find saddle points and
minimum energy paths (MEPs) of slip events. The spring constants for
parallel and perpendicular nudging forces are both 1.0 eV/Å2. Quickmin
[74] was used to minimize the energies across all replicas until the force

Fig. 1. Secondary electron micrographs of the samples containing a) Ca33Al61Mg6. and b) Ca36Al53Mg11. Both samples contain large grains of C15 phase and eutectic 
Mg/intermetallic. 
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norm was below 0.01 eV/Å. 

3. Results

For the evaluation of the effects of chemical composition changes (as
variation of Mg and/or Ca content) on the mechanical properties in the 
cubic CaAl2 Laves phase at ambient temperature, a combination of 
nanomechanical testing with EDX, EBSD and TEM experiments was 
applied. With the employed approach, hardness and indentation 
modulus variations determined from nanoindentation tests were 
compared with local chemical composition, orientation, and resulting 
deformation defects. In particular, EDX and TEM were used to measure 
the chemical composition. The slip traces formed in the vicinity of the 
indents were analysed for the different grain orientations (Table 1 and 
Fig. 2) to statistically reveal the activated slip planes. Moreover, TEM 
investigations were performed in selected areas, where dislocations 
were introduced by the nanomechanical tests, to analyse the Burgers 
vectors directions of these dislocations. Atomistic simulations were 
conducted to investigate the influence of the chemical composition on 
the mechanical properties and slip activation. 

3.1. Nanoindentation 

For Ca33Al61Mg6, the average hardness of the indentation experi
ment is calculated to be 4.6 ± 0.2 GPa, and the average indentation 
modulus is 80.7 ± 3.0 GPa. The average values calculated for 
Ca36Al53Mg11 were determined to be 4.1 ± 0.3 GPa and 71.3 ± 1.5 GPa, 
respectively. 

Because of the large grains for the indented orientations of 
Ca33Al61Mg6, we were able to extract orientation dependent hardness 
and indentation modulus data. Fig. 2 shows all measured grain orien
tations located in an inverse pole figure (IPF). Table 1 gives information 
on the chemical compositions, hardness and indentation moduli of all 
analysed orientations for Ca33Al61Mg6. The hardness values and 
indentation moduli are calculated as an average over both indentation 
experiments for each orientation (random and +30◦ rotated states). This 
was done because of their minor deviation. 

3.2. Surface trace analysis 

For the statistical analysis of the resulting slip and crack planes, a 
total of 7172 surface traces was carefully analysed following the method 
by Gibson et al. [75] using aligned EBSD data and SE images. The 

tolerance angle between the alignment of the identified slip traces and 
the ideal orientation of potential slip plane traces was chosen to be 3◦ to 
account for small deviations from perfect alignment during normal im
aging and EBSD analysis under 70◦. The plastic zones around the 
indentation marks showed three different morphologies: straight lines, 
edges and curves, the same as in the earlier publications of Laves phases 
and µ-phases [12,76,77]. We also encountered areas where only 
cracking occurred or no visible surface traces formed. 

Fig. 2 displays the indentation surfaces with the six different mor
phologies and their orientations in the IPF map (see Fig. 2a). Fig. 2b–f 
shows representative morphologies of the surface traces forming around 
indentations in of Ca33Al61Mg6. Fig. 2b shows straight lines mixed with 
edges around the indent in area I. Fig. 2c presents only cracks appearing 
around the indent in area III, located near {111}. Fig. 2d reveals a 
curved slip trace morphology in area V, oriented most closely towards 
{001}. Fig. 2e shows edges around the indent in area VI and Fig. 2f the 
mixture of edges and curves for area VII. The rotation of the sample does 
not affect any resulting surface traces and morphologies of the tested 
orientation. 

Fig. 2g–i shows representative morphologies of the surface traces 
forming around indentations in Ca36Al53Mg11. In Fig. 2g, only the 
curved slip morphology is evident around the indent in area 1, while 
Fig. 2i illustrates the absence of visible surface deformation in area 3. 
Fig. 2h displays all defined morphology types observed in area 2. 

The analysis of the surface traces can only be performed on those 
traces which contain straight components, such as the straight lines 
(Fig. 2b), cracks (Fig. 2c) and parts of the edges (Fig. 2e). For the curved 
traces, an evaluation of possible slip planes is not feasible, therefore, the 
resulting plasticity of area V as well as area 1 and area 3 (because of the 
absence of slip lines) (Fig. 2d, g, i) is not taken into account for the 
statistical evaluations of the activated slip planes. 

For the statistical analysis of the resulting slip traces forming around 
the indents, we considered in the present work more planes than in a 
previous study [12]: the low index {100}, {110} slip planes as well as 
the {111} and {11n} planes with n = 2, …, 6 and 11. This decision was 
based on new observations of plastic events on these slip planes in the 
TEM analysis in the present work. The alignment of the considered 
planes with respect to the unit cell is shown in Fig. 3a. 

Surface traces related to plasticity were analysed statistically on 
samples of Ca33Al67, Ca33Al61Mg6, and Ca36Al53Mg11, yielding 892, 
3902, and 992 traces, respectively. As in case of the indexation of slip 
planes, considering all possible slip systems within the deviation angle, 
the total number of slip planes over the total number of surface traces in 
percent, which we refer to as activation frequency is around 300 %. This 
suggests multiple potential solutions per slip line due to the tolerance 
angle of the slip trace analysis algorithm and orientations where unique 
solutions may not exist. The activation frequency of slip planes remained 
consistent across different indenter rotations, although the number of 
detected surface traces varied, with more traces generally observed 
around 30◦ clockwise rotated indentations. 

To analyse the influence of the change in chemical composition in 
the C15 phase with respect also to the stoichiometric CaAl2 Laves phase 
without Mg, the results of the slip line analysis of the stoichiometric 
CaAl2 Laves phase [12] were reanalysed and plotted next to the results 
of the off-stoichiometric samples (Fig. 3), where the total amount of 
activated slip systems is represented by blue bars for Ca33Al67, and by 
purple and light red bars for Ca33Al61Mg6 and Ca36Al53Mg11, respec
tively. Overall, all samples have in common, that the highest slip plane 
activation frequency was detected on the new {11n} planes, which, to 
the best of our knowledge, have never been reported in previous work. 
The {110} and {100} were detected less often, irrespective of the 
composition of the Laves phases. 

Differences between the compositions emerge for the activation of 
the {111} plane and the higher order {11n} planes. In the case of the 
{111} plane, activation decreases for both samples containing Mg (from
18.7 % in Ca33Al67 to 13.4 % in Ca33Al61Mg6 and 13.9 % in

Table 1 
Summary of the chemical composition, hardness and indentation modulus for all 
orientations for Ca33Al61Mg6, whereby the orientation numbers relate to the 
numeration of these orientations in the IPF of Fig. 2.   

Chemical composition Hardness 
[GPa] 

Indentation Modulus 
[GPa] 

Mg [at. 
%] 

Al [at.%] Ca [at. 
%] 

I 5.9 ±
0.2 

61.2 ±
0.2 

32.9 ±
0.2 

4.7 ± 0.4 78.3 ± 2.1 

II 5.8 ±
0.2 

61.5 ±
0.2 

32.7 ±
0.1 

4.6 ± 0.2 80.8 ± 1.9 

III 6.2 ±
0.2 

61.1 ±
0.2 

32.8 ±
0.2 

5.5 ± 0.4 89.5 ± 1.9 

IV 5.9 ±
0.2 

61.5 ±
0.2 

32.5 ±
0.1 

4.8 ± 0.1 77.1 ± 1.5 

V 5.9 ±
0.2 

61.1 ±
0.3 

33.0 ±
0.2 

4.8 ± 0.2 81.7 ± 1.6 

VI 5.8 ±
0.3 

61.2 ±
0.3 

33.0 ±
0.1 

4.8 ± 0.6 78.9 ± 1.8 

VII 5.9 ±
0.1 

61.2 ±
0.1 

33.0 ±
0.1 

4.8 ± 0.3 80.4 ± 1.5 

VIII 6.0 ±
0.1 

60.9 ±
0.2 

33.1 ±
0.2 

4.6 ± 0.3 78.6 ± 1.9  
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Ca36Al53Mg11). Furthermore, the activation of the {11n} planes hovers 
at or above 40 % (with the sole exception of {114} in Ca36Al53Mg11) in 
the Ca-Al-Mg alloys. 

Regarding the crack planes, the same procedure as for the slip planes 
was used. The general activation frequency for the resulting orientations 
is shown in Fig. 3c. As the indented areas around the indents of 
Ca36Al53Mg11 were crack free, this sample is not included in Fig. 3c. The 
dominant crack planes in terms of activation frequency were the {11n} 
planes. In total, Ca33Al67 showed 394 cracks for 144 indents, while 
Ca33Al61Mg6 revealed 992 cracks for 400 indents, resulting in a similar 
propensity for crack formation of 2.7 and 2.5 cracks per indent, 
respectively. Again, the indexation resulted in 3 times as many potential 
crack planes as indexable cracks in the micrographs, given a total acti
vation frequency of the order of 300 % in both cases. 

Both compositions show a similar distribution of crack planes with 
the {11n} planes at the higher activation frequencies and, as seen in the 
activation of slip, crack propagation on the {100}, {110} and {111} 
planes were also detected, but comparable to the {11n} planes at a 

significantly reduced frequency. For a better visualisation of the origin 
of multiple assignments of slip planes and the difficulty in distinguishing 
{11n} planes, in Fig. 4 an example for orientation IV of Ca33Al61Mg6 of 
two parallel surface traces is given, where, in addition to the (113), 
(114), (115) planes, the (011) plane could be found. The (011) plane 
exhibits a deviation angle of 2◦ (from the ideal trace assuming perfectly 
accurate determination of the surface plane and crystal orientation), a 
deviation angle of (114) was calculated to be 3◦, whereas the {113} and 
{115} can be assigned twice with deviation angles of approximately 2◦. 

3.3. TEM analysis 

Detailed investigation of the deformation microstructure in both 
non-stoichiometric Ca(Al,Mg)2 Laves phases was performed by TEM 
analysis. Electron transparent FIB Lamellae were prepared from the 
material volumes located next to or directly beneath of the selected 
indents presented in Fig. 2. 

Fig. 2. Different morphologies of the plastic zones around the indents, where the square symbols with Roman numbers represent the resulting morphology for 
Ca33Al61Mg6, and circles with Arabic numbers represent the morphology for Ca36Al53Mg11. In the IPF in a), the pink squares/circles indicate the orientation where 
curved slip lines were observed in d) for area V and g) for area 1 The black square shows the orientation where only cracks occurred, comparable with the SE images 
of area III in c). Green squares mark the orientations where edge slip traces formed, shown for areas VII and VI in e), f). Light blue squares highlight the orientations 
where straight slip lines are visible, which only occurred together with edge slip lines for area I. Examples are indicated in b), where the light blue lines correspond to 
the line traces and the green lines highlight surface traces of edge type. The orange circle denotes the case where only a few surface features were observed, as in area 
2 in h). Lastly, the red circle corresponds to the orientation of area 3 in which no surface signature was identified, as shown in i). 
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Fig. 3. a) Alignment of the identified slip planes in the cubic C15 CaAl2 Laves phase. b) Activation of these planes from indentation slip trace analysis. c) Indexed 
crack planes from indentation considering the same plane families. Data for the binary Ca33Al67 phase taken from [12] (slip) and [24] (cracking). The black lines 
visualise the relative number of available planes of each family and would therefore correspond to the expected relative activation in case of equal resistance to 
dislocation slip or cracking. 
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A TEM lamella was milled from orientation V in Ca33Al61Mg6 to 
identify the curved slip planes (cf. Fig. 2d), which cannot be identified 
by the surface trace analysis. Here, the TEM lamella was milled to obtain 
the foil plane possibly parallel to one of the {110} planes. In this way, six 
zone axes were accessed for this TEM analysis: the [101], [111], [323], 
[312], [213] and [312] zone axes. 

The image taken at the [111] zone axis is shown in Fig. 5a. The dis
locations located just under the indent are found to be confined onto 
specific planes. A region of interest is highlighted by a yellow square in 
Fig. 5a and presented in Fig. 5b at a higher magnification. The three 
“main” slip bands are highlighted in Fig. 5b by the numbers 1, 2 and 3. 
The activated slip planes of the slip bands can be determined from the 
TEM images taken at different zone axes when the slip planes are edge- 
on, i.e. the slip planes are oriented parallel to the electron beam direc
tion and therefore observed as thin lines in the TEM images. Some 
segments of slip bands 1 and 2 are found to be close to edge-on in the 
[111] zone axis, (Fig. 5-1)), and show the same behaviour under the 
analysed two beam conditions. Slip band 3 was found to be close to 
edge-on at the [312] zone axis orientation. In order to determine the 
orientations of the slip bands precisely, the lamella was tilted to different 
zone axes, as mentioned in the previous section. The lamella (foil) plane 
was determined by calculating the tilting angles between the foil normal 
direction and different zone axes to be (75 2 69). The intersection lines 
of the possible slip plane and the lamella plane within the unit cell are 
labelled by differently coloured lines in Fig. 5. These coloured lines 
(intersections) were compared with the slip band orientations on the 
TEM images taken at different zone axes. The indexed slip planes are 
given in Fig. 5c-i next to the images taken in the [111] zone axis and 
[312] zone axis (Fig. 5-1) and 2), respectively). 

With multi-beam diffraction conditions, dislocation contrast was 
found to obscure the slip plane orientations. Slip band 1 consists of 
segments with variating habit plane orientation. The bottom segment of 
slip band 1 was found to be parallel to the (111) plane (trace indicated 
by the blue line in Fig. 5e). The middle segment of slip band 1 appears 
parallel to the (211) plane (orange trace in Fig. 5d), while the top 
segment lies parallel to the (311) plane (purple line in Fig. 5c). 

Fig. 5-2) shows slip band 3 imaged at the [312] zone axis. This slip 

band consists of different segments, which lie on different slip planes. 
The left segment lies parallel to the (141) plane (shown in red in Fig. 5g), 
while the right segment aligns with the (151) plane trace (shown in pink 
in Fig. 5i). In addition to slip band 3, two other slip bands on both the left 
and right sides were also analysed (Fig. 5f and h) and assigned to the 
(211) and (112) slip planes, respectively. 

The deformation structures below an indent in orientation 1 in 
Ca36Al53Mg11 were also examined by TEM (Fig. 6). The lamella was 
milled to align its orientation close to that of the lamella from 
Ca33Al61Mg6 in Figs. 5 and 6 where the lamella plane coincides with one 
of the {110} planes. The overview TEM BF image of this lamella from 
Ca36Al53Mg11 is displayed in Fig. 6a, where the dashed square shows the 
region of interest containing dislocation structures investigated further 
in detail. This region is also shown at a higher magnification in Fig. 6b at 
the [101] zone axis. The microstructure under the indent is similar to 
that of the first lamella of Ca33Al61Mg6 with a homogenous plastic zone 
in which multiple slip systems are activated. Slightly away from the 
indent, deformation is again found to be confined to specific planes. 
Some of the slip bands are seen close to edge-on, while many of them are 
not edge-on. To characterise the orientations of the slip bands, the 
lamella was tilted to six zone axes, [101], [112], [211], [213], [111], 
and [103]. The slip bands have a higher visible density of dislocations in 
some zone axes in Fig. 6b as well as under many two-beam conditions 
(shown in Fig. 6). This makes it difficult to determine the slip active 
planes in these slip bands and indicates that there may be more than one 
set of dislocations on the slip bands. Therefore, a more in-depth analysis 
was performed under different two-beam conditions and will be shown 
in the following sections. 

The slip bands imaged along the [101] zone axis and the corre
sponding selected area electron diffraction (SAED) pattern are displayed 
in Fig. 6b. At the [101] zone axis, some slip bands are observed to be 
close to edge-on. The upper two slip bands are found to be parallel to the 
(131) plane (Fig. 6c), while a (121) plane (Fig. 6d) appears between the 
two (131) slip bands. In the middle of the image, several parallel slip 
bands can be seen. These bands again consist of segments with slightly 
different orientations (Fig. 6e), which are indexed to be on the (161) and 
(1 11 1) planes (illustrated in Fig. 6e and f, respectively). This feature of 

Fig. 4. Exemplary visualisation of the surface analysis, showing in a) the SE image taken from orientation IV with the analysed surface trace with edge character 
marked with the white dashed line. In b) the CaAl2 unit cell shows the possible solution taken from the slip line detection results, but only plotting one for every plane 
family. The colours underlying the indices are those used to draw the planes in the unit cell, taking VESTA [91]. 

M. Freund et al.                                                                                                                                                                                                                                 



Acta Materialia 276 (2024) 120124

9

Fig. 5. Dislocation structure beneath the indent zone in Ca33Al61Mg6 from area V. a) Overview TEM BF image taken at [111] zone axis. The yellow square highlights 
the region of interest and is displayed in b) at a higher magnification and a difference of 0.6◦ in tilting angle. Moreover, the numbers 1 to 3 show different slip bands, 
which were further analysed. TEM BF images taken at the 1) [111] zone axis and 2) [312] zone axis. Some segments of slip bands 1 and 2 are close to edge-on at [111]
zone axis. A segment of Slip band 3 is close to edge-on at [312] zone axis. c) – e) show the unit cell, lamella plane (grey plane) and the indexed slip plane (colour 
plane) using VESTA [78]. The colour lines are the intersections of the lamella plane and the slip plane and they are shown next to the slip bands for guidance. In 1), 
the slip band is observed to have segments with various orientations: the upper (purple), middle (orange) and lower (blue) sections, which are indexed to be on the 
(311), (211) and (111) planes, respectively. Slip band 3 in 2) consists of two segments parallel to the (141) plane (red, f)) and the (151) plane (pink, i)). The orange 
lines are determined to be lie parallel to the {112} planes on (211) and (112) planes, respectively. 
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Fig. 6. Deformed microstructure beneath the indent zone in Ca36Al53Mg11. a) TEM BF overview image of the lamella at [101] zone axis, of area 1 (Fig. 2). The area 
marked by the dashed square is shown at b) a higher magnification. The assignment of the slip bands is additionally visualised with coloured lines, and these are 
shown in c)-f) orientated in the CaAl2 unit cell, shown with VESTA [78]. The applied two-beam conditions in g)-j) belong to I) the [101] zone axis, k) was taken at II) 
the [103] zone axis, and l) and m) were recorded in III) the [211] zone axis., whereby the g→-vectors are shown in the zone axis image with the different colours and 
also in the BF images, the corresponding g→-vectors are: a) (202) in light pink (I), b) (040) in yellow (I),c) (151) in blue (I) and d) (131) in white (I). The visibility (+) 
or invisibility (-) of the dislocations, dislocation A (indicated by red rectangle) and B (blue rectangle), are listed under the images. 
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the slip band is the same as observed in Ca33Al61Mg6, which indicates 
that a similar deformation mechanism may have taken place in both 
samples. 

As noted above, there is often more than one set of dislocations on 
the slip bands and the images taken exactly along the zone axes have a 
high strain contrast resulting from all of the dislocations. Therefore, two- 
beam conditions were applied to selectively view individual sets of 

dislocations based on their Burgers vector b
→

. There are two sets of 
dislocations, which are named “dislocation A” (Fig. 6 red rectangle) and 

“dislocation B” (Fig. 6 blue rectangle), on a given slip plane. In the g→⋅ b
→

analysis, it was found that under two-beam conditions: g→=(202), (040), 

(151) and (131), dislocations with b
→
=[101] are all invisible (disloca

tions A). The (1n1) slip planes containing b
→
=[101] are all edge-on. 

However, there is still a strain field visible along some of the slip 
bands (in Fig. 6g), h), i) and j)). This indicates that on some of the slip 
bands, there may be more than one slip plane with different Burgers 
vectors in close proximity or with direct overlap. Therefore, it is 
considered that there is another set of dislocations with different Burgers 

vectors (dislocations B) on another slip plane. According to the g→⋅ b
→

analysis (the visibility/invisibility criterion), the Burgers vector of dis

locations B is indexed to be b
→
=½ [110] or ½[011], which is on the (11n) 

and (n11) plane, respectively. However, finding out all the slip planes of 
different dislocations is not the main focus of the present study, and 
consequently, no further experiment was carried out on finding out the 
slip plane of dislocations B. 

At the bottom part of the lamella, some SFs were observed (Fig. 7) 
which presumably did not contribute to or originate from the plastic 
deformation during indentation. They present as straight lines arranged 
in parallel and at a relative angle of 70◦ viewed along the [101] zone 
axis, as indicated in Fig. 7. The alignment of these lines is visualised in 
the cubic CaAl2 unit cell; they correspond to the (111) and (111) planes. 

3.4. Atomistic simulations 

The effects of the chemical composition on the elastic properties of 
C15 Ca-Al-Mg Laves phases, including Young’s modulus E, bulk modulus 
B, shear modulus G, and Poisson’s ratio ν, were investigated using 
atomistic simulations. For the stoichiometric C15 CaAl2 phase, B = 52.5 
GPa, E = 91.7 GPa, G = 37.9 GPa, and ν = 0.209. As the Mg content 
increases to 6 at.% (corresponding to the chemical composition of 
Ca33Al61Mg6), the values of B, E, and G decrease to 51.7, 88.1, and 36.2 
GPa, respectively, as shown in Fig. 8. By the introduction of an over- 
stoichiometric Ca content, corresponding to the experimentally stud
ied sample Ca36Al53Mg11, the reduction of elastic moduli becomes more 
prominent, i.e., the values of B, E, and G decrease to 50.4, 81.3, and 33.0 
GPa, respectively. 

The influence of the orientation-dependent behaviour of the me
chanical properties is listed in Table 2 for the resulting Young’s modulus 
and universal anisotropy index AU [79]. Values for the [111], [110] and 
[100] oriented Young’s moduli for the tested compositions are given. 
Overall, the decreasing values can be seen for every composition, 
starting from [111] → [110] → [100], and from Ca33Al67 → 
Ca33Al61Mg6 → Ca36Al53Mg11. Additionally, with increasing Mg content 
the anisotropy index increases from 0.009 to 0.022. However, it remains 
at a low level of anisotropy, consistent with the experimental results of 
C15 CaAl2 (Au = 0.0005) reported in [80]. 

In order to form a direct connection between the experimental and 
computational results, we further investigated the energy changes dur
ing many different potential slip events on the experimentally observed 
slip systems. To this end, we first compare all slip systems in Ca33Al67 
before approaching the effect of chemical composition for a subset of 
these planes. The experimentally identified slip systems were assessed 
by calculating the corresponding GSFE lines (Fig. 9a and γ-surfaces 
(Figure S2) as well as the correlated minimum energy paths via the NEB 
calculations (Fig. 9b) in C15 CaAl2. The energy barriers for all slip sys
tems are summarized in Table S 2 in the supplementary material. For the 
GSFE calculation of the 1/6 [211] partial slip on the (111) triple layer, 
the rigid-body shift was interpolated according to the path of the 

Fig. 7. {111} stacking fault structures in a TEM BF image of the lower part of the Ca36Al53Mg11 lamella in [101] zone axis, having two different orientated parallel 
assigned lines with a 70◦ rotation between them. In a) these lines are shown in the unit cell, being parallel to the (111) and (111) plane, visualised using VESTA [78]. 
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synchro-shear slip mechanism [27]. The energy barriers based on the 
GSFE lines for all slip systems range from approximately 1000 to 1600 
mJ/m2, where the (001) [110] exhibits the highest barrier (1570 
mJ/m2) and (111)tk[110] slip, that is slip between the triple and Kagomé 
layer (index tk) exhibits the lowest (1081 mJ/m2) energy barrier among 
all slip events. The slip events along the minimum energy path (MEP) 
were obtained via the NEB calculation. The synchro-shear slip event 
(111)t[110], index t to indicate synchro-shear taking place in the triple
layer) exhibits the greatest change in energy level with the activation
energy of this mechanism becoming the lowest (907 mJ/m2) among all
calculated slip events, as shown in Fig. 9b and Table S1. Notably, (001)
[110] slip retains the highest activation energy (1564 mJ/m2) along the
MEP, followed by (110) [110] slip (1210 mJ/m2). The energy barriers

along the MEP for other (11n) [110] slip events range from 983 to 1190 
mJ/m2. Among all slip events considered here, stable stacking fault 
states exist only along the MEP of the synchro-shear slip event 
((111)t[110]). 

The investigation into the effects of chemical composition on plas
ticity involved the calculation of GSFE lines for selected slip systems, 
varying solute concentrations and distributions in C15 Ca-Al-Mg Laves 
phases. Across all considered slip systems, the energy barriers decrease 
in off-stoichiometric compositions with an increase in Mg content and 
the lowest values are again obtained for the Ca36Al53Mg11 composition 
(with over-stoichiometric Ca content), see Fig. 10. 

Additionally, the synchro-shear-induced {111} stacking fault energy 
dramatically decreases by 50 % from 123.2 mJ/m2 in the stoichiometric 
composition to 60.4 ± 9.6 mJ/m2 in the off-stoichiometric 

Fig. 8. Elastic properties calculated through atomistic simulations on C15 Ca-Al-Mg Laves phases. a) Bulk modulus (B), b) Young’s modulus (E), c) shear modulus (G) 
and d) Poisson’s ratio (ν). 

Table 2 
Calculated orientation dependent Young’s modulus and anisotropy factor (AU) for the three compositions.  
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Ca36Al53Mg11 composition as shown in Fig. 11. 4. Discussion 

4.1. Phase analysis 

We confirmed the presence of the cubic C15 Laves phase for both 

Fig. 9. Assessment of [110] slip systems in C15 CaAl2 Laves phase. a) GSFE (γ) lines of full or partial [110] slip on different slip planes. b) Excess energy (ΔE) versus 
reaction coordinate of [110] slip calculated using NEB. 

Fig. 10. Energy barriers (Emax) in GSFE lines of [110] slip in stoichiometric and off-stoichiometric C15 Ca-Al-Mg Laves phases. a) Partial [110] (1/6 211) slip on the 
(111) triple layer along the synchro-shear slip path. b) Full [110] slip on the (111) triple-Kagomé layer along the crystallographic slip path. Full [110] slip on c) (112)
and d) (114) planes. 
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samples, Ca33Al61Mg6 and Ca36Al53Mg11, using both SAED and EBSD, 
with chemical compositions for the C15 grains determined by SEM-EDX 
to 61.4 ± 0.2 at.% Al, 32.9 ± 0.2 at.% Ca and 5.7 ± 0.2 at.% Mg and 
52.9 ± 0.7 at.% Al, 36.3 ± 0.1 at.% Ca and 10.8 ± 0.8 at.% Mg, 
respectively. Amerioun et al. [33] and Tehranchi et al. [81] used first 
principles calculations to estimate the stability range of CaAl2-xMgx, i.e. 
for a stoichiometric Ca content. They proposed a stability limit for the 
C15 phase near 8 at.% and 13 at.% Mg, respectively at 0 K, that is either 
below or above in terms of the Mg content found here in the C15 phase, 
with the 13 at.% Mg both compounds fit. At 0 K Tehranchi et al. [81] 
conclude from their data that the C36 phase should directly decompose 
into a mixture of C15 + C14 phase as the C36 phase remains above the 
hull at 0 K. Hallstedt and Moori [82] note in their work on the Mg-Al-Ca 
ternary phase diagram that the energy difference between C15 and C36 
is often small and the phase stability window therefore remains uncer
tain in particular for the C36 phase, which they also propose de
composes into C15 + C14 for temperatures below 200 ◦C. Zubair et al. 
[83] considered the three Laves polytypes as part of a 
metallic-intermetallic composite and found phase transitions between 
as-cast and heat-treated conditions. Most of their Laves phase pre
cipitates proved under-stoichiometric in terms of Ca, however, the 
highest Ca-content of 34.2 at.% was found in a C15 precipitate (after 
heat treatment for 48 h at 500 ◦C and subsequent slow cooling) with a 
4.6 at.% Mg and 61.2 at.% Al. These work on phase stability of the C15 
Ca(Al,Mg)2, together with our results, indicate that the Mg content 
investigated here is stable in the C15 phase and that the slightly 
increased Ca content also appears to be contained within the same phase 
width. In the present work, we do not observe any indication of a bulk 
phase transformation to any of the hexagonal Laves phases. Although 
individual SFs on {111} planes were observed in the Ca36Al53Mg11 and 
the stacking fault energy was found to drop with the addition of Mg and 
Ca in our atomistic simulations, consistent with expectations based on 
the first principles studies [33], no transition in the form of e.g. massive 
stacking fault formation could be observed. In terms of the mechanical 
properties, we therefore interpret all our data in the context of the C15 
phase, but with the influence on the plastic deformation of the phase 
stability and the phase transformation path via synchro-shear in the 
triple layer in mind [5,30,31,57]. 

4.2. Mechanical properties 

We obtained indentation data for various orientations and three 
compositions when including the related binary C15 Ca33Al67 [12]. 

Average hardness and modulus decreased slightly, albeit not statistically 
significantly through addition of Mg in Ca33Al61Mg6 and a notable 
decrease was found for Ca36Al53Mg11, with hardness and indentation 
modulus each approximately 16 % lower than Ca33Al67. 

Atomistic simulations corroborate the experimental findings and 
demonstrate that a substitution of Al for Mg decreases hardness and 
elastic moduli values. The trend in calculated bulk elastic properties 
follows a pattern with increasing Mg content (Fig. 8), which is very 
consistent with the experimental findings. The observed softening is 
consistent with the dielastic effect, characterized by a reduction in 
modulus, and solute/vacancy-assisted dislocation motion, as reported in 
previous atomistic simulations [29]. 

The trend identified in this study aligns with the measurements of 
Luo et al. [23], who also found a softening behaviour, that is a decrease 
in hardness, with the deviation from the stoichiometric NbCo2 C15 
phase by increasing either Nb or Co content [23]. 

In addition to the dielastic effect, this softening behaviour can be 
interpreted by considering the effect of lattice distortion caused by 
introducing misfit solute atoms on plastic deformation. For the current 
phase, with the atomic radius of Mg being 17pm larger than that of an Al 
atom, taking the atomic radius forming in the Laves phase [84], the 
incorporation of Mg atoms into the sublattice of Al would lead to a 
change of Laves phase structure and may cause lattice distortion. The 
atomistic mechanisms of the softening effects by anti-site defects in the 
C14 CaMg2 Laves phase have been demonstrated using atomistic sim
ulations [29]. The activation energy of kink-pair nucleation, which 
serves as the rate-limiting step of synchro-Shockley dislocation motion 
on the basal or {111} plane, can be lowered by the presence of CaMg or 
MgCa anti-sites at the dislocation core region. This softening behaviour 
in off-stoichiometric compositions was also demonstrated for other 
{11n} slip systems (see Fig. 10), the mechanisms through which anti-site 
effects influence dislocation motion and the associated activation en
ergies require further investigation. 

Previous studies on the influence of ternary element additions have 
shown that the hardness and modulus typically remain stable or are 
minimally affected until surpassing a certain threshold of the additional 
element [23,34,38,39,58,59,85]. For instance, the addition of V to 
NbCr2 at low concentrations (3 and 5 at.%) did not significantly alter 
mechanical properties, despite an increase in lattice parameter due to 
the replacement of smaller Cr atoms by V atoms [39,58]. However, 
higher V concentrations (10, 18, and 25 at.%) elevated the brittle to 
ductile transition temperature (BDTT) [41], indicating that the amount 
of the added element is critical for property changes. In contrast to the 

Fig. 11. Synchro-shear-induced {111} stacking fault energies (γSF) in stoichiometric and off-stoichiometric C15 Ca-Al-Mg Laves phases.  
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RNi2 Laves phases, the C15 CaAl2 phase, having a relatively low rA /rB 
value and therefore is not expect to exhibit structural vacancy. Instead, 
constitutional vacancy at the Al site is found to be more energetically 
favourable than other constitutional point defects, as indicated by 
atomic-scale modelling [29,86]. Thus, introducing additional Ca, can 
lead to an increased concentration of constitutional vacancies at A sites 
in C15 CaAl2 Laves crystal structures, thereby facilitating 
synchro-Shockley dislocation motion more effectively than anti-site 
defects. These factors may explain why the Ca36Al53Mg11 composition, 
with additional Ca and Mg, exhibits more significant changes in hard
ness and modulus compared to Ca33Al61Mg6 with only Mg substitutions. 
Additionally, phase stability influences mechanical properties; for 
example, ab-initio calculations predict the formation of the ternary C36 
phase of Ca(Al,Mg)2 with a specific Mg content, suggesting a transition 
in properties [33]. 

4.3. Orientation dependence of mechanical properties 

We also assessed orientation dependence in two ways: (1) by rotating 
the triangular impression of the indenter by 30◦ around the indentation 
axis and (2) by indenting along different crystal orientations. The first 
gave negligible changes in properties and no qualitative differences in 
the formation of slip traces or the distribution of identified planes apart 
from an overall greater number of slip traces. The assessment of 
orientation-dependent hardness and modulus was carried out in the 
greatest depth on the intermediate sample in terms of composition, 
Ca33Al61Mg6, which allowed the placement of many indents into each of 
the large grains. This is in contrast to the other samples, for example in 
case of the Ca36Al53Mg11 only 4 to 6 indents per orientation could be 
placed. For Ca33Al61Mg6, the hardness and modulus were consistent in 7 
out of 8 areas, with only area III, closest to [111] (Fig. 2) diverging to
wards higher values. This area gave a hardness of 5.5 ± 0.4 GPa and an 
indentation modulus of 89.5 ± 1.9 GPa. We assume that this may be due 
to two reasons. First, for the hardness, the absence of visible slip traces 
around the indent (Fig. 2c), indicating the absence of easily activated 
slip planes for this orientation, which revealed only crack nucleation. A 
similar behaviour was reported for the stoichiometric Laves phase in a 
similar orientation [12], and it will be further discussed in the next 
section. Second, the influence of the anisotropy of this phase. Atomistic 
simulation calculates the modulus for all three compositions (Table 2) 
which shows that Young’s modulus reveals the highest values in [111] 
direction and the lowest at [100], at values of 91.2 GPa and 83.7 GPa, 
respectively, matching with the experimental data for Ca33Al61Mg6. 
Additionally, an increasingly anisotropic fracture with increasing devi
ation from the binary composition was observed. 

4.4. Deformation mechanisms 

For the assessment of the activated slip planes, the activation fre
quencies were plotted for nine slip planes: the {100}, {110}, {111}, 
{112}, {113}, {114}, {115}, {116} and {1 1 11} planes. The alignment 
of these planes is displayed in Fig. 3. All planes were further identified 
and confirmed with TEM investigations in Fig. 6. In addition, the Bur
gers vectors identified by TEM (1

2 [101] on the (1 11 1) and (161) planes 
as shown in Fig. 3) were also confirmed by the atomistic simulations. 
The gamma surfaces and NEB calculations results indicate that no stable 
SF state exists as a result of simple shear or on the MEPs in {11n} planes, 
where n ≥ 2, revealing full dislocation slip as the dominant dislocation 
mechanism on these planes (while partial formation is possible on the 
{111} planes containing the triple layer). 

For Ca33Al61Mg6, two different indentation tests were performed 
(initial state and +30◦ rotated sample) in order to analyse the influence 
of the indenter geometry on the resulting slip activation. 

If we now consider the slip plane activation across all analysed 
compositions, Ca33Al61Mg6, Ca36Al53Mg11 and also Ca33Al67 [12], it can 

be seen that the {11n} planes dominate and not, as initially expected, 
the {111} planes. It is important to note that the activation frequencies 
stated here for Ca33Al67 deviate from those previously reported in [12], 
especially obvious for the reduced activation of {111} planes. This re
sults from a change in the analysis protocol in that here we not only 
allowed double indexation in terms of different slip planes possessing a 
consistent surface trace orientation within the threshold (which 
remained constant), but we also counted individual planes of the same 
family separately. This allows us to not only weigh the relative occur
rence of the different planes but also to assess their activation frequency 
with respect to the number of different available planes within a given 
family of planes, as indicated in the diagrams showing the activation 
frequencies of the different slip and crack planes (Fig. 3b and c). For 
example, for the {11n} plane family with n ≥ 2, the geometric proba
bility of indexation is higher, as there are 12 different {11n} planes, 
compared to 4 for the {111} and 6 for the {100} and {110} plane 
families. A comparison of the relative activation frequencies in the view 
of this number of available slip planes gives a first indication of those 
planes which are easier or harder to activate than the average slip plane, 
as confirmed by a comparison of a slip trace analysis and micro 
compression in other intermetallics including the hexagonal CaMg2 
Laves phase [76,87]. Here, we note that the relative activation of {110}, 
{111} and {11n} follows the number of available slip planes for all three 
samples with the sole exception of the slightly higher activation of {111} 
slip in the binary Ca33Al67 sample, which lies in the error bar. Also 
consistent across all three samples is the reduced activation of slip and 
cracking on the {100} planes, as these lie lower than the {110} plane 
family that offers the same number of slip planes and below half the 
value measured for the {11n} planes with twice the number of inde
pendent slip planes. 

Atomistic simulations confirm the experimental observation of the 
slip line statistics from the perspective of the expected energy barrier for 
slip. The minor detection of dislocation activity on the {001} planes is 
entirely consistent with the highest energy barrier on this plane both for 
simple shear and following the MEP as shown in Fig. 9a and b. Slip on 
the {110} plane may be expected to occur in principle based on the 
atomistic simulations, as the energy barrier is the second highest along 
the MEP, but of the same order of magnitude as for the other {11n} 
planes. However, the plane was not observed in our TEM analysis. This 
finding is consistent with our slip trace analysis when considering the 
sampled orientations and slip trace morphology. Overall, the most 
dominantly activated slip planes are the {11n} planes with n ≥ 2 (Fig. 3), 
showing slight differences that depend on the grain orientation. For the 
activation of the different slip planes differentiated by orientation, the 
reader is referred to Figure S1 in the supplementary materials. 

Fig. 12 is broken down for the analysable orientations, the 
orientation-dependent Schmid factor M of the {11n} slip systems 
(Fig. 12c-h) including the {111} plane (Fig. 12b), is visualised in the IPF 
using a colour code for showing the magnitude of the calculated M. 
Here, the distribution of its maximum shows for the {11n} system 
starting with n = 2 and ending with n = 11, that the corner is shifting 
with increasing n from the location between [011] and [111], where the 
analysable surface traces (edges and straight lines) were located 
(Fig. 12a), to [111]. For all these slip systems the [001] part always 
reveals the lowest M. For the {111}〈110〉 system the maximum of M is 
central between [001] and [011], showing the lowest M at [111] but 
also a relatively low M for [001]. The highest M is present in 〈100〉
orientation. However, the slip trace morphology of indentations 
indented along a surface normal near [100] show curved slip traces, 
indicative of no single easily activated slip system. If {110} were viable 
slip planes with a comparable critical resolved shear stress and highest 
Schmid factor (assuming compression along the indentation axis) 
compared to the other {11n} planes, straight slip traces along {110} 
traces would be expected in this particular orientation, but are not found 
for any of the three compositions. We therefore assume that indexation 
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of both {100} and {110} predominately results from the ambiguity of 
the method with different planes producing identical or closely aligned 
surface intersections depending on crystal orientation [75]. Taking a 
look at the deviation angle between the surface trace and the orientation 
of the plane trace, it is observable, that the counted {110} plane reveals 
a slightly different angle than one of the {11n} planes and lays often in 
the range of the {1 1 11}, {115}, {113} as well as the {112} plane. The 
other {11n} slip systems exhibit similar energy barriers, consistent with 
similar activation frequencies in nanoindentation tests for n ≥ 2 and a 
proportionally lower frequency for {111} with a third of the number of 
distinguishable planes for the two Ca(Al,Mg)2 alloys. 

So far, we have purposefully dealt with the {112} to {1 1 11} planes 
as one group of {11n} planes, as distinguishing these planes is difficult in 
experiments outside of edge-on viewing with correlated diffraction in
formation in the TEM, which revealed the activation of these planes. In 
the slip trace analysis, an additional difficulty arises from the alignment 
of the plane traces and small deviations between these planes. For 
different n in the {11n} index, the angle between these planes contin
uously decreases with increasing n, i.e., the deviation between (111) and 
(112) is 20◦, which decreases to 3◦ between (115) and (116). For the slip
line analysis, the threshold for assignment of a possible slip plane to a
slip trace was set to 3◦, i.e. the same order of magnitude as the difference
in inclination between the planes themselves (not necessarily the surface
traces, which may lie at even more similar angles).

The difficulty of exact slip plane determination is further visualised 
in Fig. 12, in that the distribution of the resolved shear stress becomes 
more similar as the planes’ orientations converge in the higher order 
{11n} systems. The close alignment may of course result in a relative 
overestimation of the higher order {11n} planes where these are coun
ted together perhaps more frequently than low index planes. However, 
we note that while these aspects result in difficulties in the differentia
tion of individual slip planes for large n, neither on its own is sufficient 
to result in indexation of these planes. If the planes possess substantially 
different critical resolved shear stresses, the similar Schmid factor would 
result in clear preferences for those with a lower activation barrier and 
the difference in alignment exceeds the experimental threshold with 
respect to the entire range of planes and in particular the lower order 
{11n} planes in most orientations. 

We therefore conclude that the highest fraction of plasticity is carried 
on the {11n} planes with n ≥ 1. Two further aspects remain to be 
considered: the effect of chemical composition on the activation of these 
planes (and competing planes for fracture) and the likely slip system 
operating on the {111} planes, which is the only plane on which partials 
and the synchro-shear mechanism may operate. 

As TEM confirms the presence of the new {11n} slip planes but 
indentation suggests very similar critical stresses for these planes, we 
refer to atomistic simulations in interpreting and bringing these results 
together to understand the dislocation-mediated plasticity in the Ca-Al- 

Fig. 12. a) Orientation dependent slip morphology from Fig. 3 with the Schmid factor M of the {110} – {1 1 11} slip systems (b)-i)) for deformation along the 
surface normal. 
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Mg Laves phases. The simulation results concerning the related energy 
barriers suggest that for the experimentally detected dominant {11n} 
plasticity, all barriers decrease with the addition of Mg and Ca (see 
Fig. 10) in addition to the drop in elastic moduli (see Fig. 8). Plastic 
deformation therefore becomes easier with increasing off-stoichiometric 
components and the stoichiometric C15 sample (Ca33Al67) exhibits the 
highest energy barriers for all slip events. This potentially explains the 
observed increasing dislocation and slip band densities from the 
Ca66Al67 phase to both Ca33Al61Mg6 and Ca36Al53Mg11. In addition, the 
observation of dislocation dipoles is consistent with more easily acti
vated plasticity the C15 phase containing additional Mg [88,89], as 
dipoles may form more readily when the line energy is comparatively 
lower, allowing the more mobile dislocation structures to interact and 
rearrange. The computational results also reveal that by introducing Ca, 
the energy barriers significantly decrease and deviate from the linearly 
descending trend observed when only substituting Mg. This is entirely 
consistent with the sharper drop in hardness and modulus observed for 
the Ca36Al53Mg11, which in terms of Mg addition increases by about the 
same increment as Ca33Al61Mg6 relative to the binary alloy, but leads to 
a drop in hardness and stiffness that is more than twice as large. 
Furthermore, the finding that the energy barriers drop similarly on all 
systems is consistent with a chemical composition-independent activa
tion of the different slip planes in the statistical indentation slip trace 
analysis, particularly as they all share the same Burgers vector according 
to our TEM and atomistic simulation results, enabling cross-slip between 
them. 

In close relation to these observations of {11n} plasticity and 
orientation dependence of flow, we also note that, for all three compo
sitions, the indented orientation near the [111] direction exhibits no or 
very few surface slip traces. In Ca33Al61Mg6 and Ca33Al67, cracks were 
found instead, but not in Ca36Al53Mg11. In the [111] direction, the 
Schmid factors for the {11n} slip systems are high, with the maximum 
found for the {1 1 11} planes. The fact that no distinct surface plasticity 
is observed leads to the hypothesis that the resolved (normal) stress for 
crack nucleation on easy fracture planes is lower than that for disloca
tion motion. Therefore, the competition between cracking and slipping 
is resolved in favour of cracking. This is consistent with several planes 
lying nearly or, in case of the {112} planes directly, normal to the 
sample surface, giving a high elastic stress release during crack opening 
along the circumferential tensile component of the stress field during 
indentation. 

Moreover, these [111]-like orientations exhibit higher values for 
hardness and indentation modulus as mentioned above (Table 1, area III 
and Table 2). The higher order {11n} planes lie closer together than 
lower index planes, giving overall not as many geometric options for slip 
on high Schmid factor planes in the three-dimensional stress field of the 
indentation along a [111] axis, compared with the centre of the standard 
triangle, where the different lower index {11n} planes are also highly 
stressed. TEM and also the formation of curved surface traces provide 
additional indications that dislocations move under frequent cross-slip 
along the easiest planes around the imprinting indenter tip. In the 
{111} direction, the lack of variability in slip plane orientation coupled 
with the favourable orientation for cracking may therefore give rise to 
the observed transition toward cracking. Interestingly, Ca36Al53Mg11 
showed the same anisotropy in surface traces, but no cracks were 
observed in any orientation (Fig. 2h). This is in contrast to Ca33Al61Mg6 
and Ca33Al67, where only cracks occurred in similar indentation orien
tations [12]. It could be rationalised by the decrease in the energy 
barrier for slip events (as illustrated in the atomistic simulations in 
Fig. 10) in that the barrier for crack nucleation is not reached before 
plasticity takes place beneath the indent. In addition, the higher dislo
cation mobility may be associated with a lower rate of crack nucleus 
formation as dislocations are also found to occur on a greater number of 
slip planes, suggesting that lock formation and subsequent crack open
ing due to pile-up of dislocations is delayed in the Ca36Al53Mg11 
composition. Such an increase in the crack nucleation barrier with 

chemical composition was also demonstrated by previous studies where 
the ternary Laves phase or the deviation from the stoichiometric 
composition results in higher fracture toughness [85,90–93], but not 
related as directly to changes in dislocation mobility and morphology. 

Lastly, we consider the activation of synchro-shear in the cubic Laves 
phase. In the majority of the literature, this mechanism is assumed to 
constitute not just the major but sole dislocation mechanism accom
modating plastic deformation in C15 Laves phases. Here, we find that 
slip among many different {11n} is vital to comprehending the cubic 
Laves phase’s plasticity. Deformation on the {111} planes containing 
the triple layer is, however, also the only mechanism of dislocation 
motion that is associated with the occurrence of SFs or phase trans
formations between the different Laves polytypes. 

Multiple previous studies on the dislocation structures of Laves 
phases with chemical variations reveal that the density of SFs is heavily 
influenced by the chemical composition [23,38,40,58,59]. For the cubic 
C15 NbCo2 Laves phase with a Nb content of 25.6 at.%, SFs occur on the 
{111} planes, whereas with increasing Nb content, the microstructure 
consists of dislocations and low-angle grain boundaries [23]. The same 
microstructural transition was also reported with the addition of ternary 
alloying elements to NbCr2 by Yoshida et al. [38]. The structure remains 
a cubic Laves phase with the addition of relatively smaller atoms, while 
bigger atoms first reduce the stability of the cubic phase and then invoke 
micro-twins and SFs. In C15 Ca-Al-Mg Laves phases, the observation of 
SFs in Ca36Al53Mg11 along the (111) and (111) planes, as shown in 
Fig. 7, correlates well with the atomistic simulations, where a 50 % 
decrease in γSF was obtained in the off-stoichiometric sample with a 
similar composition as Ca36Al53Mg11. 

However, in spite of these observations of planar defect formation 
and dislocations aligned along {111} planes, it has been demonstrated 
that synchro-shear slip on the {111} plane is a thermally activated event 
in the sense that thermal assistance is indispensable for activating this 
slip event [28]. The required thermal fluctuation in atom positions is 
largely suppressed at room temperature in Laves phases with melting 
points much above 300 K, and hence, we tend to consider the {111} 
synchro-shear slip a high-temperature mechanism. This is the reason 
why the activation frequency of the {111} plane is lower than that of 
other {11n} planes despite having a similar energy barrier level. 

5. Conclusions 

The influence of chemical composition on plasticity in C15 Ca-Al-Mg 
Laves phases at room temperature was investigated using a combination 
of nanoindentation tests to obtain a statistical distribution of activated 
slip and crack planes, along with TEM analysis to characterize the 
introduced dislocation structures. Atomistic simulations were employed 
to reveal the energy barriers associated with these slip events. This work 
leads us to the following conclusions:  

• The addition of Mg and Ca leads to a decrease in the hardness and 
indentation modulus relative to the binary composition.  

• The cubic Ca(Al,Mg)2 Laves phases are anisotropic with respect the 
formation of surface traces from plastic deformation.  

• The statistical analysis of the relative activation frequency of the 
surface traces revealed that the {11n} planes were the most activated 
slip planes, and this is rationalised by the comparably low energy 
barriers of these slip events obtained in atomistic simulations.  

• {111} stacking faults were identified in the off-stoichiometric 
composition due to the significant decrease in stacking fault en
ergy. However, it is not clear how this affects plastic properties as 
synchro-shear slip on the {111} plane requires thermal activation 
and, in agreement with this requirement, was found to be less acti
vated compared to other {11n} planes across all compositions in our 
room temperature indentation experiments.  

• Cracking was suppressed in nanoindentation of Ca36Al53Mg11. 
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In summary, we find that the Ca(Al,Mg)2 phase exhibits softening 
behaviour away from the CaAl2 composition that is associated with 
distinct dislocation mechanisms, which we were able to infer using a 
combination of statistical indentation slip trace analysis, TEM and 
atomistic simulations. We believe that, in the future, this approach may 
also help elucidate the many conflicting results found elsewhere in the 
literature on chemical composition-dependent Laves phase plasticity. 
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Short Summary 

The Mg-Al-Ca system has been shown to be a promising alloy system since it combines the 
low density of Mg with a high creep resistance at high alloying contents and a high ductility for 
dilute alloys, while simultaneously avoiding the requirement of alloying with costly rare earth 
elements. Nevertheless, the adequate preparation of the alloy system for subsequent micro-
structural, mechanical, electrochemical and defect analysis is challenging. Therefore, within 
this publication, we present and apply methods for the structural, mechanical, electrochemical 
and defect analysis with a focus on the corresponding required metallographic preparation 
methods in order to support research on the alloy system. 
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A B S T R A C T

The Mg-Al-Ca system has been shown to be a promising alloy system since it combines the low density of Mg with 
a high creep resistance at high alloying contents and a high ductility for dilute alloys, while simultaneously 
avoiding the requirement of alloying with costly rare earth elements. Nevertheless, the adequate preparation of 
the alloy system for subsequent microstructural, mechanical, electrochemical and defect analysis is challenging. 
Therefore, within this publication, we present and apply methods for the structural, mechanical, electrochemical 
and defect analysis with a focus on the corresponding required metallographic preparation methods in order to 
support research on the alloy system.   

1. Introduction

The increasing requirement to improve fuel efficiency in automotive
and aerospace applications leads to a shift in used materials towards 
light-weight alloys. A suitable candidate for light-weight applications is 
Mg, which is frequently alloyed with Al. However, there are several 
shortcomings of these alloys: the wrought alloys with low alloying 
content suffer from low formability due to the prevalence of basal slip 
and many successful alloying concepts are still based on additional rare 
earth elements; the cast alloys, which may contain higher alloying 
contents to include reinforcing intermetallic phases are still limited in 
their application at higher temperatures as their strength and creep 
resistance are reduced at elevated temperatures (T > 150 ◦C) due to the 
instability of the commonly precipitated Mg17Al12 phase [1,2]. 

A recent approach in both types of alloys to overcome these diffi
culties is the addition of small amounts of Ca to the Mg-Al alloys. This 
leads to an increase in ductility in the solid solution Mg-Al-Ca alloys and 
the formation of an intermetallic skeleton within the Mg matrix of alloys 

with Al and Ca above the solubility limit. Such in-situ composites of 
metallic matrix and intermetallic reinforcement are reported to possess 
improved creep properties [1,3–5]. 

If the Mg-matrix is alloyed with only small amounts of Ca and Al (e.g. 
1 wt.-% Al and 0.1 wt.-% Ca), the strength and formability of the Mg- 
solid solution is increased. These improved mechanical properties are 
reported to stem from the activation of <c + a> slip compared to the 
basal slip and tensile deformation twinning as activated in pure Mg [6]. 
According to a correlative transmission electron microscopy and atom 
probe tomography study by Bian et al. [7], the Al and Ca atoms were 
found to segregate to basal <a> dislocations and were consequently 
hindering them in their free motion. Also, in a study by Cihova et al. [8], 
clusters of Al and Ca atoms have been observed in Mg-Al-Ca-Mn alloys 
by APT (atom probe tomography) analysis. However, the authors could 
not assign these clusters to certain defects. Despite recent efforts to gain 
a deeper understanding of the mechanisms enhancing plasticity in the 
Mg-Ca-Al and Mg-Ca-Zn solid solutions, much remains unknown such as 
the effects of solutes on the nucleation of defects, the competition 
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between the different slip systems and twinning and the underlying 
interactions of the solutes with partial dislocations and the enclosed 
stacking faults or the effect of the solutes on the cross-slip behaviour 
from the basal plane as well as the mobility of grain boundaries during 
recrystallization and grain growth [9–11]. 

Higher alloying contents lead to the precipitation of an intermetallic 
skeleton consisting of different Laves phases, namely the C14 CaMg2, 
C15 CaAl2 and C36 Ca(Mg,Al)2, which can be adjusted in their volume 
fraction, morphology and type by an adjustment of the Ca/Al ratio and 
the solidification rate [12–16]. In principle, a continuous intermetallic 
skeleton improves creep resistance but limits ductility. In tensile and 
creep tests at 170 ◦C, several co-deformation and damage mechanisms 
have been observed, including cracking of the Laves phases, local plastic 
co-deformation via dislocation slip and interfacial sliding [17]. 
Although recent work proposes a possible mechanism of co-deformation 
between the α-Mg matrix and the Ca(Mg,Al)2 Laves phase in Mg-Al-Ca 
alloys [18], there are still further open questions, such as the effect of 
different orientation relationships, type of Laves phases and temperature 
on the mechanisms of co-deformation. Recently, Guénolé et al. [17] 
showed by means of atomistic simulations that the orientation rela
tionship and temperature significantly influences the transfer of plas
ticity across α-Mg/CaMg2 Laves phases. However, so far, these results 
remain only partially experimentally validated [18]. Furthermore, Mg- 
Al-Ca alloys have already been studied extensively regarding 
improved corrosion properties. Especially, secondary phases lead to 
micro galvanic coupling and the formation of an interconnected network 
at high alloy content [19–23]. However, there is still a lack in under
standing the influence of small alloying contents such as in solid solu
tions and the interdependency of additional alloying elements with 
respect to the corrosion mechanism [24]. Due to their two-phase 
structure with intrinsically different mechanical and corrosion proper
ties, the metallographic preparation of these alloys often proves chal
lenging, but is a necessary pre-requisite for studying deformation and 
also corrosion mechanisms in these two-phase alloys. Here, we therefore 
describe successful preparation methods in detail. 

In addition to the deformation and corrosion behaviour of the above- 
mentioned Mg-Al-Ca solid solutions and composites, the mechanisms of 
plasticity and selective dealloying during corrosion [25] of the Laves 
phases themselves also remain to be unravelled. These phases form a 
class of intermetallic compounds combining an AB2 stoichiometry with a 
topologically close-packed structure. They exist in different structural 
types, namely, the hexagonal C14 type, which is represented by e.g. the 
above-mentioned CaMg2, the cubic C15 structure in e.g. CaAl2 and the 
hexagonal Ca(Mg,Al)2 C36 structure [26]. Since Laves phases generally 
combine a high hardness with a high brittleness, the metallographic 
preparation of these phases differs from that of the much softer alloys 
and comes with its own challenges. Therefore, a further focus of this 
study lies on the metallographic preparation of the Laves phases. 

In summary, the ternary system Mg-Al-Ca is of high relevance for 
future applications as the basis of promising alloy systems. However, 
research on the resulting alloys is often impeded by the need to prepare 
the materials for detailed characterisation, which is not always 
straightforward and varies depending on the intended analysis to be 
performed. The successful preparation of Mg-based alloys remains 
challenging not only due to its high softness and quick oxidation, but 
also, in case of the composites due to the mechanical contrast and 
different response to electrolytes of the constituent phases. 

Here, we therefore present different metallographic preparation 
methods which can be used across the ternary system from solid solution 
Mg-Al-Ca alloys over metallic-intermetallic composites to bulk inter
metallic Laves phases Ca(Mg,Al)2. 

There are three main purposes for which we compare and apply these 
methods, namely (1) structural analysis including phase imaging and 
electron backscatter diffraction (EBSD), which requires a particularly 
high surface quality, (2) mechanical testing with often similar target 
surfaces as EBSD but the need for a flat surface, and (3) electrochemical 

investigations to assess corrosion mechanisms including their relation to 
specific microstructural elements, such as precipitates, grain or phase 
boundaries. We hope that the methods and discussions of pitfalls and 
achievable results will support research efforts in other groups starting 
out on these materials or transitioning to different methods of their 
analysis. 

2. Experimental 

The materials metallographically prepared and investigated are all 
from the Mg-Al-Ca system, namely a solid solution Mg-Al-Ca alloy, a Mg 
composite consisting of a Mg matrix and an intra- and intergranular 
eutectic intermetallic skeleton and the CaMg2 and CaAl2 - CaAl4 inter
metallic phases. The following sections are subdivided into these 
different material groups in order to describe their preparation routines 
in detail and discuss potential experimental applications. The solid so
lution, as well as the composite Mg-Al-Ca alloys were synthesised by 
induction melting charges of about 800 g of raw elements in a steel 
crucible under an Argon atmosphere of 10 bar in order to limit oxidation 
and evaporation. The alloys were cast into rectangular copper moulds 
with an internal cross section of 30 × 60 mm2. The composite material 
was investigated in the as-cast state [12] whereas the solid solution 
material was heated to 450 ◦C for 30 min and subsequently hot rolled to 
about 50% reduction in thickness (reduction per pass about 10%, 
reheating between each pass, reheating and water quenching after the 
final pass). The rolling temperature for the solid solution alloys was 
chosen due to preliminary work, where the temperature was found to 
result in superior mechanical properties as well as a homogeneous 
microstructure [6]. 

Synthesis of the intermetallic phases is detailed elsewhere [27,28], 
only the CaAl2 material was additionally annealed at 600 ◦C for 24 h 
under Argon atmosphere to improve chemical homogeneity and reduce 
residual stresses (cooled within the furnace to room temperature). 

2.1. Solid solution Mg-Al-Ca alloys 

In the following, two preparation methods for solid solution Mg-Al- 
Ca specimens will be described and applied to a Mg-1Al-0.1Ca alloy. 
Both methods allow successful preparation of the soft specimens which 
are prone to scratches while simultaneously avoiding the formation of 
twins. However, in order to avoid any chemical modification of the 
specimen surface, no electropolishing step was performed if the speci
mens were analysed for corrosion properties. 

In method I, which is particularly suitable for subsequent EBSD 
measurements and slip trace analyses (Fig. 1), the specimen was 
manually ground and polished. Grinding was performed using SiC 
abrasive paper with a grit size of #2000 and #4000 in conjunction with 
ethanol as a lubricant in order to reduce surface oxidation. The corre
sponding grinding times are given in Fig. 1. The polishing procedure of 
method I was further performed with 6 μm diamond paste on MD-DAC 
cloth by Struers GmbH for 20 min, while rotating the sample concen
trically against the rotation direction of the cloth. The subsequent 3 μm, 
1 μm and 0.25 μm steps were performed on MD-DUR cloth by Struers 
GmbH in the same manner as on MD-DAC, again for approximately 20 
min. The lubricant for all polishing steps consisted of a mixture of 94% 
isopropanol and 6% polyethylene glycol in order to minimize oxidation. 
Furthermore, ultrasonic cleaning in ethanol was repeated after each 
polishing step. 

In a last step, the electrolyte AC2 by Struers GmbH was cooled down 
to − 20 to − 30 ◦C. As the electrolyte decomposes quickly, first a beaker 
with ethanol was cooled down with dry ice to − 30 ◦C. Then the beaker 
with freshly mixed AC2 was placed in the ethanol to be cooled down 
quickly. For the electropolishing procedure, the specimen was placed in 
the AC2 solution and the electropolishing was started immediately for 
30 s. After the process, the sample was removed from the electrolyte and 
cleaned with ethanol. Insufficiently slow handling of the sample might 
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result in an inhomogeneous surface quality of the sample or the start of 
etching, which can negatively affect further analyses. The electro
polishing parameters fitting for the Mg-Al-Ca alloy was found to be 30 V 
for 30 s. Thereafter, the specimen surface was almost scratch free and 
planar. 

The usage of electropolishing in method I has the advantage of a 
better indexing rate for EBSD measurements also post deformation. 
However, if the specimen will be subjected to corrosion experiments, 
electropolishing is not the method of choice since it might lead to po
tential chemical modifications of the surface. Therefore, for corrosion 
experiments, preparation procedure II was applied. 

In preparation procedure II (Fig. 1), a steel sample holder was used to 
ensure plane parallelism without embedding of the sample (Fig. 2). The 
holder applied a constant load of 0.015 MPa on the sample. During the 
grinding processes, SiC abrasive paper with a grit size of #2500 and 

#4000 was used together with isopropanol (99.9%) as a lubricant. The 
corresponding grinding times are again given in Fig. 1. Between all 
grinding steps, the specimen was cleaned in an ultrasonic bath in 99.9% 
isopropanol for approximately one minute. 

After the last grinding step, the sample was directly polished with 3 
μm and 1 μm diamond slurry on MD-DUR cloths rotating the sample 
concentrically against the rotation direction of the cloth. Additionally, 
the waterfree DP Lubricant Blue by Struers GmbH was used as a coolant. 
The final polishing step used water free 0.2 μm fused silica suspension on 
MD-CHEM cloth by Struers GmbH. For this, approximately 5 mL of the 
OP-S suspension was spread on the polishing plate and distributed on the 
cloth with the holder. The specimen was then rotated concentrically 
against the rotation direction of the cloth for two minutes. Immediately 
after polishing, the specimen was cleaned with isopropanol and a further 
cleaning step in ultrasonic bath in isopropanol for one minute was 
performed. The last cleaning step consisted of polishing the specimen on 
a MD-CHEM cloth wetted with isopropanol suspension followed by an 
ultrasonic bath in isopropanol for one minute. 

2.2. Mg-Al-Ca composites 

The specimen preparation methods given below are suitable for 
nearly all different compositions of Mg-Al-Ca alloys at least till the point 
where the total alloying elements (Al + Ca wt.-%.) content stays below 8 
wt.-%. The preparation might also work for higher alloying contents, but 
has not been evaluated by the authors yet. Here, a Mg-Al-Ca-alloy in the 
as-cast condition with the nominal chemical composition listed in 
Table 1 was selected in order to exemplify a suitable preparation routine 
for Mg-composite alloys. 

Fig. 1. Metallographic preparation procedure for the solid solution Mg-Al-Ca alloys: I) EBSD measurements and slip trace analysis, II) corrosion experiments.  

Fig. 2. Specimen attached to a steel sample holder using Crystalbond adhesive.  

Table 1 
Chemical composition of the investigated magnesium composite.  

Al [wt.-%] Ca [wt.-%] Ca/Al Mg [wt.-%] Sec. Phases 

5.5 1.7 0.3 92.8 Ca(Mg,Al)2  
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For the metallographic preparation of this alloy, a square shaped
sample with a surface area of approximately 1 cm2 was wet cut using a 
corundum blade. In the following, two metallographic preparation 
methods will be introduced (Fig. 3). Method III is well suited for EBSD 
measurements and is therefore suited for a surface/slip line analysis 
after macro- and micromechanical testing whereas method IV allows to 
perform corrosion experiments (e.g. potentiodynamic polarization, 
linear polarization and electrochemical impedance spectroscopy). 
Similar to the preparation of the solid solution Mg-Al-Ca sample, elec
tropolishing should be avoided for the magnesium composites if corro
sion experiments were to be conducted after preparation due to 
potential chemical modifications induced in the specimen. 

For method III, the grinding process involved manual grinding on SiC 
abrasive paper with a grit size #2000 and #4000 using ethanol as a 
lubricant. The following polishing procedure was performed using a 
diamond suspension of 3 μm and 1 μm together with 99% ethanol and 
1% PEG 400 for ten minutes each. In order to further improve the sur
face quality, electropolishing with AC2 at ~ − 20 ◦C was performed at 
15 V for 60 s followed by polishing using an OP-U suspension by Struers 
GmbH (colloidal suspension of SiO2 of 0.04 μm) for one minute. After
wards, the specimen was cleaned on a polishing cloth with isopropanol 
for three minutes and a last cleaning step in isopropanol in an ultrasonic 
bath for two minutes. 

For method IV, the specimen was hand ground using a SiC abrasive 
paper with a grit size of #500 and #1000 and water as a lubricant for 
1–2 min. During the next grinding step at a grit size of #4000, the 
lubricant was changed to 99.9% isopropanol. In a further step, the 
specimen was hand-polished with waterfree diamond suspension of 3 
μm and 1 μm using a waterfree DP Lubricant Blue by Struers GmbH on a 
MD-Dur cloth. The final polishing step was conducted using a waterfree
fumed silica suspension of 0.2 μm on a MD-Chem cloth by Struers
GmbH. Each polishing step was carried out for approximately five mi
nutes. The specimen was further subjected to a cleaning process with
99.9% isopropanol in an ultrasonic bath for two minutes after each
polishing step. The specimen was then cleaned for approximately four
minutes on the rotating and cleaned polishing cloth combined with a
frequent wetting using isopropanol which was followed by two minutes

in isopropanol in an ultrasonic bath. 

2.3. Laves phases of Mg-Al-Ca alloys 

Specimens of the intermetallic C14-CaMg2 and the C15-CaAl2 Laves 
phase were analysed in the as-cast condition. Both samples were cut into 
small pieces using electric discharge machining and attached to a sample 
holder using CrystalbondTM adhesive, as it was also performed for the 
solid solution Mg-Al-Ca alloys (Fig. 2). Mechanical grinding for both 
specimens was performed using a grid size of #800, #1000, #2400 and 
#4000 on a SiC abrasive paper with water as a lubricant. Each grinding 
step was finished once the grinding grooves of the former grinding step 
disappeared. The approximate grinding times are given in Fig. 4. For the 
polishing procedure, 3 μm diamond DP-Suspension, 1 μm diamond DP- 
Suspension and 0.25 μm DP-Suspension by Struers GmbH were used 
with ethanol as lubricant agent for the CaMg2 phase, whereas for the 
CaAl2 phase, the above-mentioned suspensions were used alongside the 
diamond solution as a lubricating agent. Similar results could be ob
tained by using another solution containing 96% ethanol and 4% 
polyethylene glycol. A further deviation in the polishing procedure 
occurred for the CaMg2 phase, which was electropolished. Electro
polishing was avoided for the CaAl2 phase due to an undesired resulting 
topography but could be successfully applied to the CaMg2 phase. Here, 
electropolishing was performed using AC2 for 20 s at 5 V followed by a 
cleaning step of 5 s, whereas the CaAl2 specimen was polished using an 
OP-U 0.04 μm colloidal silica suspension. This last polishing step was 
subdivided in a 20 s polishing step with OP-U suspension on a DUR cloth 
and an immediately following polishing step with water and dish
washing liquid. 

The entire metallographic preparation procedure pursued for the 
intermetallics is given in Fig. 4. The specimens were afterwards suitable 
for EBSD measurements as well as for micromechanical testing and 
electron channelling contrast imaging (ECCI) measurements. 

Fig. 3. Metallographic preparation procedure for the Mg-Al-Ca composites: III) this method is well suited for EBSD measurements, macro- and micromechanical 
testing and slip trace analysis, whereas method IV) is well suited for corrosion experiments. 
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3. Results and discussion

3.1. Solid solution Mg-Al-Ca alloys

The first preparation method described for the solid solution Mg-Al- 
Ca alloys, which underwent a rolling procedure after casting to break the 
cast structure and reach a homogeneous microstructure, is well suited 
for EBSD measurements and following surface analysis such as slip 
traces after plastic deformation and leads to a high indexing rate which 
can still be achieved after several months when stored in vacuum, 
whereas the second method is well suited for corrosion experiments due 
to the missing electropolishing step preventing from strong surface-near 
dealloying effects. 

The image quality (IQ) map (Fig. 5 a)), which provides a measure of 
the pattern quality and, thus, can be used to qualitatively estimate the 
strain distribution within the material gives further insights on the 
preparation quality. As evident from Fig. 5 a), the IQ map of the Mg-1Al- 

0.1Ca alloy prepared using method I reveals a homogenous contrast for 
all grains, representing a homogeneous pattern quality and therefore 
also a homogeneous strain distribution and topography within the 
grains [29]. The dark spots in Fig. 5 a) correspond to oxides. The cor
responding confidence index (CI) map reveals an average indexing rate 
above 0.1 (Fig. 5 b)). The high indexing rate corresponds to a correct 
indexing of 95% of the Kikuchi pattern [30], which is also due to the 
high signal-to-noise ratio within the measured Kikuchi patterns (Fig. 5 
c)). The high indexing rate did not significantly deteriorate approxi
mately half a year after the preparation if stored in a desiccator under 
vacuum. These factors all indicate the suitability of the performed 
preparation routine for the given alloy system. All given EBSD maps 
within this publication correspond to raw data and did not undergo any 
clean-up procedure. 

The specimen was further subjected to macroscopic compression 
tests (Zwick testing machine) at a strain rate of 10− 3 s− 1 until a 
maximum strain of ~3% at ambient temperature and afterwards imaged 

Fig. 4. Metallographic preparation procedure for Laves phases: V: the CaMg2 phase and VI: the CaAl2 intermetallics.  

Fig. 5. a) IQ map of the as-cast Mg-1Al-0.1Ca solid solution sample, b) the CI map generated from EBSD data on the same microstructural region and c) repre
sentative Kikuchi pattern. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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in a scanning electron microscope (SEM) (Helios Nanolab 600i, FEI) 
using an acceleration voltage of 15 kV. The subsequent surface analysis 
allowed a correlation between the visible slip traces on the specimen 
surface and possible slip planes using EBSD orientation data. In the 
image given in Fig. 6, the slip traces marked in yellow correspond to 
basal traces and can be distinguished from 1st order pyramidal (marked 
in green) and 2nd order pyramidal slip planes (marked in blue). 

Secondary electron (SE) images taken at an acceleration voltage of 
10 kV using a Supra 55VP, Carl Zeiss AG of the specimen surface of the 
Mg-1Al-0.1 alloy after metallographic preparation according to method 
II and subsequent surface corrosion in pH = 8.0 \pm 0.1 for 30 min are 
given in Fig. 7 a-b). An increase in OPS polishing time from a) 3 min to b) 
5–10 min reduced the density of residual artefacts and led to a more 
uniform dissolution but did not affect the appearance of corrosion 

groves. These (Fig. 7 a-b)) are not related to polishing artefacts but 
rather correlate to material inherent defects, such as grain boundaries. 

The above-described preparation methods are suitable for the 
investigated material system since slip traces on the specimen surface 
are successfully identified and the applied preparation method exhibits 
straightforward results on studying the influence of corrosion on, e.g. 
selective dissolution at grain boundaries. 

3.2. Mg-Al-Ca composites 

The Mg-4.55Al-2.91Ca alloy, which was metallographically pre
pared according to preparation routine III underwent an EBSD mea
surement (FEI Helios Nanolab 600i) at an accelerating voltage of 15 kV 
and a step size of 0.2 μm. The resulting inverse pole figure (IPF) map, 
Kikuchi patterns, IQ map and CI map are given in Fig. 8. The IPF map 
(Fig. 8 a)) visualises the crystallographic orientation of the α-Mg matrix. 
However, care should be taken in determining the orientation rela
tionship existing between the α-Mg matrix and the C36-Ca(Mg,Al)2 
Laves phase. A sufficiently good Kikuchi pattern for the C36-Ca(Mg,Al)2 
Laves phase (Fig. 8 b)) is observable only from a small fraction of the 
total intermetallic phases. The IQ map has a homogeneous grayscale 
distribution within each α-Mg grain indicating a good pattern quality, 
while a darker colour along the phase boundaries indicates a rather poor 
pattern quality of the C36-Ca(Mg,Al)2 Laves phase. This observation is 
based on the low indexed C36-Ca(Mg,Al)2 Laves phase struts in the Mg- 
Al-Ca ternary alloys due to their small sizes (~ ≤ 1 μm). The C36 Laves 
phase patterns overlap with the pattern from the α-Mg matrix, thus 
leading to a significant difficulty in their indexing. This is further evident 
from the CI map (Fig. 8 d)), where the intermetallic skeleton reaches a 
small confidence index and is thus represented by blue. All other 
microstructural regions exhibit a CI of above 0.1, which represents the 
threshold of a 95% correct indexing of the Kikuchi bands [30]. Never
theless, one single intra- or intermetallic C36-Ca(Mg,Al)2 Laves phase 
strut appears to be one grain of the C36-Ca(Mg,Al)2 Laves phase, as 
indicated by the white arrows in Fig. 8 a). Therefore, the used prepa
ration routine is suitable for obtaining good quality diffraction patterns 
for this material system. 

The SE-images of an indent made in a Mg-3.7Al-3.8Ca alloy up to a 
load of 500 mN at ambient temperature highlight the advantages of the 
metallography scheme III with regard to the visibility of surface fea
tures, see Fig. 9 a-b). These images were taken at an accelerating voltage 
of 10 kV using a Zeiss LEO1530 SEM. As can be seen in Fig. 9, the 

Fig. 6. SE-image of the compressed Mg-1Al-0.1Ca alloy revealing distinct slip 
traces on the specimen surface. (For interpretation of the references to colour in 
this figure legend, the reader is referred to the web version of this article.) 

Fig. 7. SE-images of the Mg-1Al-0.1 alloy after metallographic preparation according to method II reveal varying amounts of selective dissolution (residual artefacts) 
depending on the applied OPS polishing time: a) 3 min and b) 5–10 min. The corrosion groves are independent of the preparation. 
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deformed area around the indent reveals deformation features in the 
vicinity of the indent. In this case, the deformation features represent 
cracks in the Laves phase (highlighted in red) as well as basal slip traces 
(highlighted in yellow) and twins in the Mg phase (highlighted in blue). 
Therefore, this polishing scheme is also suitable to analyse deformation 
mechanisms on the specimen surface. 

After preparation procedure IV, the Mg composite specimen was free 
from scratches and exhibited no corrosive pre-damage, as evident from 
the SE-image in Fig. 10 a). The specimen topography was further ana
lysed using atomic force microscopy (AFM) (Dimension Icon XR, Bruker 
Corporation, Massachusetts, USA) in the tapping mode equipped with a 
PFQNE‑silicon nitride tip (Bruker Corporation, Massachusetts, USA). 
The resulting topography scan in Fig. 10 b) reveals, that the 

comparatively softer Mg matrix was subjected to higher material 
removal during the preparation routine compared to the hard Laves 
phase. The height difference was <50 nm, but it might be relevant for 
any subsequent material analysis and evaluation methods. 

The specimen further underwent an electrochemical measurement 
on the free corrosion potential for an immersion time of 30 min in a 
sodium borate buffer (pH = 8 \pm 0.1). The corresponding back
scattered electron (BSE) image of the specimen surface after the elec
trochemical measurement is given in Fig. 11. 

The Mg-matrix, at a distance of 1–2 μm from the interface to the 
secondary phases, exhibits homogeneously distributed corrosion, which 
is assumed to arise as a consequence of a uniform corrosion process of 
the Mg-matrix under the immersion conditions. Therefore, the local 

Fig. 8. a) IPF map of the α-Mg and C36 (0.93Mg1.07AlCa) Laves phase in an as-cast Mg-4.55Al-2.91Ca alloy, with struts of the C36 phase having the same 
orientation, as indicated by white arrows, b) IPF legends and Kikuchi patterns for α-Mg and C36 Laves phase, c) IQ map of the same region and d) CI map generated 
from EBSD data on the same microstructural region. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 

Fig. 9. a) SE-image of the indent performed at room temperature on as-cast Mg-3.7Al-3.8Ca alloy and b) magnified image of the region bounded by blue rectangle in 
(a). (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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corrosion reactions seem to be unaffected by preparation-related arte
facts and represents the material’s inherent electrochemical corrosion 
properties. The different morphology of the corrosion products near the 
interface between the Mg-matrix and the secondary phases, might arise 
due to the formation of microgalvanic elements. 

3.3. Laves phases of Mg-Al-Ca alloys 

The C14-CaMg2 Laves phase studied consists of 68.7 ± 0.5 at.-% Mg, 
corresponding to a deviation of 2 at.-% from the ideal stoichiometric 
composition according to energy dispersive X-Ray (EDX) analysis. 
Nanomechanical testing could be conducted on the metallographically 
prepared specimen surface (method V) and allowed to perform 

micropillar compression experiments [28]. The example shown in 
Fig. 12 a) corresponds to an SE-image taken at an acceleration voltage of 
10 kV. 

Nanomechanical tests could also be conducted after the metallo
graphic preparation of the C15-CaAl2 phase according to method VI. 
These allowed to identify e.g. slip traces in the vicinity of the indent 
(Fig. 12 b)), which are taken at an acceleration voltage of 5 kV. 

The C15-CaAl2 phase was analysed for its chemical composition 
using electron probe microanalysis (EPMA) and EDX measurements on 
the metallographically prepared specimen. The EPMA analysis was 
performed at an acceleration voltage of 10 kV and the resulting chemical 
composition was averaged over 12 areas of interest per phase. The 
analysis reveals the existence of the CaAl2 phase as well as the CaAl4 
phase in the microstructure (Table 2). 

The subsequent EDX analysis, which was performed at an accelera
tion voltage of 10 kV, revealed a dual-phase structure consisting of a 
CaAl2 matrix and a CaAl4 skeleton, Fig. 13. 

The phase distribution is also evident from the BSE-image in Fig. 14, 
taken at 5 kV. Here, the heavier CaAl2 matrix phase appears brighter, 
whereas the lighter CaAl4 phase appears in darker grey in the grain 
boundary regions. 

EBSD measurements were conducted in a Zeiss Auriga SEM at 20 kV 
and a step size of 0.3 μm and resulted in a scratch free surface with no 

Fig. 10. a) SE-image of the metallographically prepared specimen surface of the Mg-composite at an acceleration voltage of 3 kV of and b) AFM topography scan of 
Mg-composite revealing a height difference of <50 nm between the intermetallic skeleton. (For interpretation of the references to colour in this figure legend, the 
reader is referred to the web version of this article.) 

Fig. 11. BSE-image at an acceleration voltage of 10 kV of the Mg-composite 
specimen surface after electrochemical measurement at the free corrosion po
tential for 30 minutes in a borate buffer electrolyte. 

Fig. 12. SE-image of a) a plastically deformed micropillar of the CaMg2 C14 phase and b) a nanoindent with slip traces in its vicinity of the CaAl2 C15 phase.  

Table 2 
EPMA analysis CaAl2-CaAl4 sample composition after annealing of the 
intermetallic.  

Phases Al [at.-%] Ca [at.-%] 

CaAl2 65.86 ± 0.15 34.14 ± 0.15 
CaAl4 79.03 ± 0.35 20.97 ± 0.35  
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strain inhomogeneities, as evident from the IQ map in Fig. 15 a). The CI 
map (Fig. 15 b)) reveals a high CI of above 0.1 for the entire micro
structural region, except for the intermetallic CaAl4 phase, which is 
represented in blue. The high CI of the C15 CaAl2 phase stems from the 
good recognition of the band structure in the Kikuchi pattern, as given in 
Fig. 15 c). Due to a small deviation of the crystal structure of the CaAl4 
phase from its ideal structure in conjunction with its small volume 
fraction, resulting in a pattern overlap, it was not possible to refine its 
crystal structure. Consequently, only low CI values were obtained for the 
CaAl4 phase. 

The high surface quality of the specimen using the described 

preparation route VI, further allowed electron channelling contrast 
imaging (ECCI) measurements. Using ECCI, the underlying defects in the 
microstructure close to the surface of the bulk specimen could be 
investigated by a slight tilting of the specimen so that a specific grain 
fulfilled Bragg’s Law. Since lattice defects such as dislocations disturb 
the electron channelling, a brighter contrast is obtained as in the image 
[31–33]. An example of the gained dislocation substructure close to a 
second phase particle is given in Fig. 16 and taken at 30 kV and a probe 
current of 2 nA. 

Fig. 13. SEM-EDX mapping of the intermetallic specimen with a) an elemental map of Al and b) an elemental map of Ca. Both maps reveal a skeleton structure 
consisting of CaAl2 and a CaAl4 skeleton. 

Fig. 14. BSE-image of the dual-phase CaAl2-CaAl4 intermetallic specimen, with 
the darker phase being the CaAl4 phase and the brighter phase being the 
CaAl2 phase. 

Fig. 15. a) IQ map of the as-cast CaAl2-CaAl4 intermetallic, b) CI map of the same microstructural region, generated from EBSD data and c) Kikuchi pattern obtained 
from the CaAl2 phase. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 16. ECC image of the dislocations underneath the specimen surface close 
to the second phase in the C15-CaAl2 phase. 
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4. Conclusion

Several methods for the metallographic preparation of the Mg-Al-Ca
alloy system have been presented and can be applied on solid solution 
Mg-Al-Ca alloys, Mg-Al-Ca composites and intermetallic Laves phases of 
the Mg-Al-Ca system. The described preparation procedures are suitable 
for the following characterisation methods: Corrosion experiments, 
EBSD measurements, macro- and micromechanical testing including a 
subsequent slip trace analysis and ECCI. For the solid solution Mg-Al-Ca 
alloy and the Mg-Al-Ca composites, the metallographic preparation 
included an electropolishing step if EBSD measurements, a slip trace 
analysis or micromechanical tests were performed afterwards since 
electropolishing did not only improve the indexing rate for EBSD mea
surements even after deformation, but also allowed EBSD measurements 
after longer storage times. However, if corrosion testing followed the 
preparation, no electropolishing was applied to avoid potential selective 
dealloying of the surface. In case of the intermetallic phases, the use of 
electropolishing has to be considered on an individual basis. While 
electropolishing was successfully applied for CaMg2 for subsequent 
EBSD measurements and micromechanical testing, the same routine 
induced an undesired topography if applied to CaAl2. 
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Short Summary 

The influence of temperature on the deformation behaviour of the C15 CaAl2 Laves phase, a 
key constituent for enhancing the mechanical properties of Mg alloys up to service tempera-
tures of 200 °C, remains largely unexplored. This study presents, for the first time, the na-
noscale brittle-to-ductile transition (BDT) of this intermetallic phase through in situ testing in-
cluding nanoindentation, scratch testing, and micropillar splitting conducted at elevated tem-
peratures. By correlating observations from these techniques, changes in deformation of CaAl2 
were identified in relation to temperature.  

High-temperature nanoindentation quantitatively determined the temperature range for the 
BDT, and revealed that CaAl2 undergoes a BDT at ~0.55Tm, exhibiting an intermediate region 
of microplasticity. A noticeable decrease in nanoindentation hardness was observed at ~450-
500 °C, accompanied by an increase in residual indent size, while indentation cracking was 
not observed above 300 °C. Results from high-temperature micropillar splitting revealed crack-
ing and brittle pillar splitting up to 300 °C, with an increase in apparent fracture toughness from 
0.9 ± 0.1 MPa⋅m-1/2 to 2.8 ± 0.3 MPa⋅m-1/2, and subsequent crack-free plastic deformation from 
400 °C. Transmission electron microscopy analysis of the deformed material from nanoinden-
tation revealed that the BDT of CaAl2 may be attributed to enhanced dislocation plasticity with 
increasing temperature. 
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A B S T R A C T

The influence of temperature on the deformation behaviour of the C15 CaAl2 Laves phase, a key constituent for
enhancing the mechanical properties of Mg alloys up to service temperatures of 200 ◦C, remains largely unex-
plored. This study presents, for the first time, the nanoscale brittle-to-ductile transition (BDT) of this intermetallic
phase through in situ testing including nanoindentation and micropillar splitting conducted at elevated tem-
peratures. By correlating observations from these techniques, changes in deformation of CaAl2 were identified in
relation to temperature. High-temperature nanoindentation quantitatively determined the BDT temperature
range, and revealed that CaAl2 undergoes a BDT at ~0.55 Tm, exhibiting an intermediate region of micro-
plasticity. A noticeable decrease in nanoindentation hardness was observed at ~450–500 ◦C, while indentation
cracking was not observed above 300 ◦C. Results from high-temperature micropillar splitting revealed cracking
and brittle pillar splitting up to 300 ◦C, with an increase in apparent fracture toughness from 0.9 ± 0.1 MPa⋅√m
to 2.8 ± 0.3 MPa⋅√m, and subsequent crack-free plastic deformation from 400 ◦C. Transmission electron mi-
croscopy analysis of the deformed material from nanoindentation revealed that the BDT of CaAl2 may be
attributed to enhanced dislocation plasticity with increasing temperature.

1. Introduction

Laves phases constitute one of the largest class of intermetallic
compounds and are usually present as fine precipitates in various en-
gineering alloys such as Mg alloys, steels, Ni-based superalloys, etc.
[1–3]. They have been found to be important for improving the strength
and high-temperature creep resistance of structural materials [1]. Laves
phases are categorised into three polytypes depending on their crystal
structure – cubic C15, hexagonal C14, and dihexagonal C36 type [1,4].
These crystals have topologically close packed structures with very high
space filling, and therefore possess a high barrier to plastic deformation
by dislocationmotion at room temperature [1,5–7]. Hence, Laves phases
are generally brittle under ambient conditions [1,5]. Additionally, and
similar to other intermetallics [8,9], Laves phases can undergo a brittle-
to-ductile transition (BDT) accompanied by a decrease in strength as the
temperature increases [4]. A precise knowledge of the BDT temperature
(BDTT) is important for Laves phase-strengthened alloys, in order to

predict their high-temperature mechanical response for design purposes.
A common intermetallic precipitate present in binary Mg-Al alloys is

Mg17Al12 (Tm = 458 ◦C [10], where Tm is the melting temperature),
which undergoes a marked decrease in hardness from ~3.5 GPa to ~0.7
GPa at 150 ◦C [11]; a much lower temperature than the desired service
temperature of 175–200 ◦C for Mg alloys [12]. The C15 CaAl2 Laves
phase is commonly found inMg-rich ternary alloys containing Al and Ca.
It has garnered interest for its potential to withstand higher service
temperatures compared to other intermetallics in Mg-Al alloys, such as
Mg17Al12, attributed to its high melting point of 1079 ◦C [13,14]. Tuning
the Al-Ca ratio in ternary Mg-Al-Ca alloys can therefore favour the for-
mation of higher melting point intermetallics such as the C14 CaMg2 and
C15 CaAl2 Laves phases [15–17], leading to improved high-temperature
mechanical properties. Nevertheless, the CaMg2 phase has been noted
for its inadequate creep properties attributed to its hexagonal structure
[14]. This underscores the need for a detailed investigation of the high-
temperature deformation behaviour of the C15 CaAl2 Laves phase.
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Recent nano- and micromechanical studies have shown that C15 CaAl2
possesses high hardness and strength [18], but a low fracture toughness
at room temperature [19], typical of Laves phases. In situ microcanti-
lever fracture tests on single-phase cast specimens of C15 CaAl2 revealed
a fracture toughness of ~2 MPa⋅√m, with {110} and {112} as pref-
erential cleavage planes [19]. Freund et al. performed nanoindentation
and micropillar compression of the same cast CaAl2 material, and re-
ported a room temperature hardness of ~4.8 GPa and yield stress ~2–3
GPa [18]. In that study, it was possible to introduce plasticity in the
brittle CaAl2 during microcompression at room temperature due to the
small length-scales involved, which favours dislocation plasticity over
crack initiation as commonly observed for brittle materials [20–22].
While there is some understanding of the micromechanical properties of
CaAl2 at room temperature, knowledge regarding its elevated temper-
ature deformation and fracture behaviour, and potential BDT is
currently limited. In the sole study to the authors’ knowledge investi-
gating the high-temperature deformation of CaAl2, Rokhlin et al. re-
ported from microhardness tests that CaAl2 was the hardest among the
intermetallics in the ternary Mg-Al-Ca system, where the microhardness
was observed to decrease ~20 % between 20 and 300 ◦C [14]. However,
detailed insights into temperature-induced deformation changes, such
as cracking and slip activity, or a possible BDT, were not discussed.
Furthermore, the microhardness measurements in Ref. [14] were con-
ducted on CaAl2 precipitates embedded within the Mg alloy, where the
compliance of the surrounding matrix could also influence the obtained
results.

High-temperature deformation and the BDT, however, have been
extensively investigated in high melting-point transition metal Laves
phases such as NbCo2, FeCo2, NbCr2, or TaCo2 using hardness testing
[23] or macroscale compression testing [4,24,25]. These studies
revealed that while the intermetallics exhibited brittleness at room
temperature, they experienced a decrease in hardness or significant
reduction in yield strength (at 0.2 % strain), accompanied by an increase
in creep deformation above the BDTT of ~0.65 Tm. Additionally, the
presence of pre-existing defects in the cast specimens, such as micro-
cracks and pores, was found to limit ductility and adversely affect
plasticity and fracture behaviour during macroscale testing, thereby
impeding the accurate determination of the BDTT. Small-scale testing
methods may offer a viable alternative to overcome this limitation for
determining the BDTT of Laves phases.

Advances in nano- and micromechanical testing have opened up new
possibilities to investigate small-scale mechanical properties across a
wide range of temperatures. This allows for examination without the
material being influenced by fabrication defects such as pre-existing
flaws which affect fracture measurement [26]. Notched microcanti-
lever bending and micropillar splitting techniques [27] have been used
to determine the temperature-dependent fracture toughness of ceramic
coatings [28,29] and BDT behaviour at small length-scales for Si [30,31]
andW [32]. Nanoindentation has been widely used to study the elevated
temperature mechanical properties for a variety of brittle materials and
monitor plasticity changes with temperature [26]. Complementary to
indentation testing, scratch testing has also been employed to probe the
plasticity and cracking behaviour at small length-scales [33,34], and to
determine orientation dependent changes in brittle and ductile defor-
mation at room temperature due to changes in crack formation and
scratch depth with crystal orientation [35,36]. In the context of Laves
phases, indentation-based testing has been employed to examine the
high-temperature mechanical properties of C14 CaMg2 [37], where the
indentation hardness decreased above 0.59 Tm. High-temperature
nanoindentation and micropillar compression were also used to deter-
mine the temperature-dependent hardness and critical resolved shear
stress (CRSS) of the activated slip systems in C14 CaMg2 between
25–250 ◦C (0.53 Tm) [38], where no change in the mechanical properties
was observed within the temperature range. These studies suggest the
versatility of small-scale testing methods to obtain meaningful fracture
and plasticity properties of brittle materials over a wide range of

temperatures, without the limitation of premature fracture induced by
pre-existing flaws in the material.

In this context, the present study aims to determine the elevated
temperature deformation behaviour and BDT of a cast single-phase C15
CaAl2 Laves phase intermetallic specimen using a nano- and micro-
mechanical testing approach. For this, high-temperature testing using a
commercial in situ nanoindenter is employed for precise quantitative
determination of the BDTT from changes in hardness and fracture
toughness using high-temperature nanoindentation and micropillar
splitting, respectively. The mechanical properties measured at various
temperatures are then correlated with their corresponding structural
changes concerning crack formation and slip activity through subse-
quent examination of the deformed specimens using scanning and
transmission electron microscopy (SEM and TEM, respectively).

2. Materials and methods

2.1. Sample fabrication and microstructural characterisation

Bulk single-phase specimens of the C15 CaAl2 Laves phase were
prepared by casting individual high purity elements of Al (99.999 %
purity, HMV Hauner GmbH & Co. KG, Germany) and Ca (98.8 % purity,
Alfa Aesar, Germany) in a cylindrical mould. The cast sample was then
annealed at 600 ◦C for 24 h in an Argon atmosphere to homogenise the
microstructure and relieve any residual stresses from the casting pro-
cess. Small pieces of the specimen were machined using electric
discharge machining and metallographically polished from 4000 grit
SiC paper down to 40 nm colloidal silica to obtain a good surface finish.
Further details of the sample preparation procedure can be found in
Ref. [39]. Composition analysis of the same CaAl2 Laves phase material
was performed using electron probe microanalysis in Ref [19]. Fig. S1 in
the Supplementary Information shows the representative microstructure
of the annealed C15 CaAl2 Laves phase where the grains had the CaAl2
phase with the desired target composition of 67 at.% Al and 33 at.% Ca,
with a skeleton network of CaAl4 phase formed along the grain bound-
aries (chemical analysis of the respective phases from electron probe
microanalysis is detailed in Ref. [19]). The grain orientation was char-
acterised using electron backscattered diffraction (EBSD) performed
with an EDAX system equipped with Hikari CCD camera mounted inside
Zeiss Auriga dual beam focused ion beam/scanning electron microscope
(FIB/SEM) and data collection was done using TSL OIM v7 software.

2.2. High-temperature mechanical testing

The effect of temperature on the deformation of CaAl2 Laves phase
was investigated using in situ high-temperature nano- and micro-
mechanical testing. Measurements of BDT and high-temperature frac-
ture behaviour of CaAl2 was obtained from in situ nanoindentation and
micropillar splitting. All in situmechanical tests were performed inside a
Zeiss Gemini 500 SEM under high vacuum conditions (<5 × 10-6 mbar)
using a Hysitron PI-88 (Bruker, USA) testing system equipped with high-
temperature module. Active heating of both the indenter tip and sample
was used to ensure temperature matching and minimise thermal drift.
The tip holder was affixed to a small ceramic sleeve to minimise heat loss
and improve thermal insulation. For each type of test, the CaAl2 spec-
imen was positioned on the sample heating stage and fixed using three
Mo pins. The sample and indenter tip temperatures were measured
independently using two separate thermocouples, in close contact with
the tip and sample heater for all tests.

2.2.1. High-temperature nanoindentation
High-temperature nanoindentation was performed within a single

grain of the CaAl2 intermetallic with ~(536) surface plane, determined
a priori using EBSD. Grain orientations close to ~(111) in CaAl2 have
shown a propensity for indentation cracking at room temperature [38],
and were thus chosen to monitor changes in cracking behaviour with
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temperature. A high temperature diamond cube corner tip (Synton-MDP
AG, Switzerland) was used in order to facilitate investigation into crack
formation as a function of temperature. Prior to testing, the tip area
function calibration was carried out on fused quartz. The nano-
indentation tests were performed at eight different temperatures from
25 to 580 ◦C, with an average of 7 to 8 indents at each temperature. This
was followed by another set of indentations made at 25 ◦C after cooling
the sample down from the maximum temperature to check for repeat-
ability before and after the heating excursion. Both the sample and
indenter were heated during the indentation experiments. Care was
taken to ensure that the indents were made inside the grain, away from
grain boundaries, and the spacing between the indents was maintained
at greater than three times the lateral dimension of the indents to avoid
the influence of overlapping plastic zones between adjacent indents
[40]. The tests were performed in load-controlled mode, wherein the
load was ramped up to a maximum value of Pmax = 9 mN followed by
holding at the peak load for 10 s (and 30 s at temperatures higher than
450 ◦C to minimise transient plasticity effects during initial unloading).
A drift correction segment of 30 s was introduced during unloading at
10 % of Pmax. The drift correction load was sufficiently low to ensure
linear drift without time-dependent plasticity. The thermal drift rate was
calculated from the drift correction segment for every indentation test at
each temperature and the drift corrected load–displacement curves were
subsequently obtained. The indentation hardness H was calculated for
each case as [41]:

H =
Pmax
A

(1)

where the contact area A depends on the contact depth of penetration
according to the calibrated area function of the cube corner indenter tip.
Post-nanoindentation, the residual indent impressions were observed in
the SEM in secondary electron mode to visualise changes in the indent
size and microstructural features such as cracks and slip lines around
indents at different temperatures.

2.2.2. High-temperature micropillar splitting
Micropillar splitting was performed to determine the effect of tem-

perature on the fracture toughness of CaAl2 Laves phase. In total, 17
cylindrical micropillars were fabricated by FIB milling in a Zeiss FIB-
SEM. It is to be noted that as a sufficiently large grain with (111)
orientation to accommodate a full set of pillars was not found, the
micropillars were fabricated in a grain with surface orientation ~(5 3
13). The final milling was performed at 30 kV, 3 nA Ga+ ion beam
current down to a final pillar diameter of 10 µm and aspect ratio ~1.4.
The dimensions of the pillars (i.e. the pillar diameter and height) were
measured after FIB milling. An overview image of the micropillar and
the surface orientation of the grain are given later in Section 3.3.
Recently, Lauener et al. [30] reported that for pillars with diameter
greater than 10 µm, ion beam damage has limited influence on the pillar
splitting fracture toughness [28,29]. The effect of ion beam and pillar
size on the room temperature fracture toughness of CaAl2 has also been
investigated by the authors [19], where no observable differences be-
tween the apparent fracture toughness of 10 µm diameter pillars milled
with either Ga+ or Xe+ ions were observed. Furthermore, in the same
study, CaAl2 micropillars of 5 and 10 µm diameter fabricated by Ga+ FIB
were found to have similar toughness values [19]. Hence, the pillar size
and fabrication procedure used in this study will not lead to ion beam
induced damage effects on toughness measurement. To facilitate frac-
ture of the micropillars and also maintain consistency with the nano-
indentation tests, the pillar splitting tests were also performed using a
high temperature diamond cube corner indenter (Synton-MDP AG,
Switzerland) at 25, 150, 300, 400 and 500 ◦C. Pillar splitting tests were
conducted in pseudo-displacement-controlled mode at 20 nm/s. The
tests were terminated once either a load drop occurred or pillar splitting
was visually observed during testing. The load–displacement behaviour

was recorded and the maximum load at which splitting occurred was
identified to calculate the pillar splitting fracture toughness. Since drift
correction cannot be conducted during the pillar splitting tests, separate
nanoindentation tests with a drift hold segment were performed
immediately before and after the pillar splitting tests at each tempera-
ture to ensure temperature matching between the tip and sample and to
minimize thermal drift rates. However, it is also important to note that
for displacement-controlled testing thermal drift will mainly cause error
in displacement measurements and not the load values [30]. During
pillar splitting it is the critical load which is required for fracture
toughness calculation, and hence thermal drift is not a critical factor
here unlike in nanoindentation. Post-mortem microscopic examination
was performed in a Zeiss Gemini500 SEM to observe the fractured
pillars.

2.3. TEM investigation

To characterise the deformation structure underneath the indents
using TEM, cross-sectional specimens were prepared from the nano-
indents using a Thermo Fisher Scientific Scios 2 FIB equipped with a Ga+

ion source. To understand the effect of temperature on deformation,
TEM specimens were extracted from an indent made at room tempera-
ture (after cooling down from 580 ◦C) and an indent made at 450 ◦C, for
which the indentation testing was stopped at this temperature without
exposing the deformed microstructure to higher temperatures. TEM
imaging and selected area electron diffraction (SAED) were performed
on a JEOL JEM 2100+ operated at 200 kV and a Cs image-corrected
Thermo Fisher Scientific Titan Themis 60-300 equipped with the Ceta
CMOS camera operated at 300 kV. To identify Burgers vectors of dis-
locations, TEM imaging was carried out in JEOL JEM F200 at 200 kV
under different two-beam conditions followed by g⋅b extinction analysis
(where g is the diffraction vector and b the Burgers vector).

3. Results

3.1. Effect of temperature on nanoindentation hardness

Hardness variation with temperature was determined through
nanoindentation tests to enhance understanding of how deformation
behaviour changes with temperature in the C15 CaAl2 phase. Fig. 1a
shows the EBSD IPF map of the region where nanoindentation was
performed, and the surface orientation of the tested grain has been
marked. Fig. 1b shows the representative thermal drift-corrected
load–displacement curves at temperatures from 25 to 580 ◦C. The
load–displacement behaviour at 25 and 300 ◦C is also shown separately
in the inset of Fig. 1b. With increasing temperature, clear differences are
observed in the load–displacement behaviour in terms of: (i) progressive
increase in indentation depth at the beginning of load-hold segment at
the peak load from 500 ◦C; (ii) higher time-dependent displacement and
maximum depth of indentation at the peak load from 450 ◦C. Both ef-
fects suggest that plastic deformability of CaAl2 increases from~450 ◦C,
and is in broad agreement with the deformation changes observed from
our preliminary scratch testing analysis of CaAl2 (refer to the Supple-
mentary Information). This implies that nanoindentation hardness of the
material varies with temperature, as observed in Fig. 2. The hardness at
room temperature was ~4.5 GPa, similar to that recently reported for
CaAl2 [18]. The hardness remained constant at ~4.5 GPa up to 400 ◦C,
and dropped by 22 % at 450 ◦C to 3.5 GPa. This was followed by a more
pronounced decrease at 500 ◦C to ~1 GPa. Subsequently, the hardness
further reduced and was nearly constant at ~0.6 GPa between 550 to
580 ◦C. Thus, the temperature range between 450 to 500 ◦C marks the
region where a significant enhancement in plastic deformation of CaAl2
occurs in the cube corner nanoindentation tests. The elastic modulus
(determined from the unloading segment of the load–displacement
curves) was constant between 25 and 400 ◦C with an average value
~140 ± 6 GPa, while at higher temperatures the modulus values were
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affected by increasing transient deformation and could not be reliably
interpreted. The observed time-dependent displacement during the hold
segment (Fig. 1b) is attributed to creep deformation, influenced by high
temperature and pressure in the centre of the plastic zone, as well as
stress gradients from the cube corner geometry. This is distinguished
from thermal drift, where displacement would vary linearly with time
(discussed in Section 4.2). Comparison of hardness at different hold
times (Fig. 2) reveals no significant difference at 500 ◦C. Longer hold
times in the high-temperature regime slightly reduce hardness without
altering the overall trend of saturation to lower values. A slight but
consistent drop in hardness of ~12 % is observed at 150 ◦C with
enhanced pile-up around the residual indent (Fig. 3b), although the
reason for this is unclear.

Increased plastic deformation with temperature was also observed
from the post-mortem SEM analysis of the residual indents. Fig. 3 shows
representative secondary electron images of the indents performed at

various temperatures. The size of the residual indent impression is
similar below 450 ◦C and then increases from 450 ◦C and above. A larger
size of indent impression for fixed maximum load is consistent with the
lower hardness at higher temperatures shown in Fig. 2. Notable changes
in deformation features around the indent can also be observed with
temperature. Slip steps and material pile-up are visible in the low tem-
perature indents, along with cracks (indicated by white arrows)
extending from the corners of the indents. No slip lines or cracks are
visible in the transition and high temperature regime above 300 ◦C. Pile-
up diminishes noticeably at 450 ◦C and is not observed at ~500 ◦C.
Surface features appear less defined in post-cooling images due to sur-
face oxidation at elevated temperatures. It must be emphasised that even
with high vacuum level (5 × 10-6 mbar) in the SEM, surface oxidation of
CaAl2 cannot be avoided (see presumed oxide scale of ~60 nm thickness
observed from the TEM cross-section of an indent made at RT after
exposure to 580 ◦C in Fig. 7a). These changes in deformation features
with temperature, in conjunction with the significant decrease in
hardness, suggests that the deformation behaviour of the CaAl2 Laves
phase changes at ~450 ◦C and is facilitated by higher plastic deform-
ability with the absence of cracking. To further correlate the changes in
hardness with changes in fracture behaviour across this transition zone,
high-temperature micropillar splitting tests were conducted.

3.2. Effect of temperature on the pillar splitting fracture toughness

Fig. 4a shows an overview of micropillars fabricated on a single
CaAl2 grain, whose surface orientation is marked in the inset IPF. A
representative high-magnification image of a micropillar is also shown
in the inset in Fig. 4a. Fig. 4b shows a micrograph of the in situ config-
uration with cube corner indenter prior to testing, while Fig. 4c shows
the representative load–displacement response of the pillar splitting
tests at various temperatures. The load–displacement curves maintain a
consistent shape up to 300 ◦C, showing minimal variation in slope and
indicating negligible effects from indenter positioning and thermal drift.
The maximum load at which pillar splitting occurs (identified by a sharp
load drop) increases only slightly from 25 to 150 ◦C, and then increases
significantly at 300 ◦C. A transition is observed at 400 ◦C, wherein the
peak load increases slightly, but pillar splitting does not occur. Above
400 ◦C, the peak load at the pre-set maximum indentation depth
decreased, signifying that the CaAl2 intermetallic becomes more plas-
tically deformable. Due to lack of pillar splitting at 400 and 500 ◦C, a
load drop was not observed up to the maximum set displacement value
of 2.5 µm, where the tests were terminated. Hence, the apparent fracture
toughness was determined only up to 300 ◦C. The critical stress intensity
factor for splitting was evaluated using Eq. (2) [27]:

Fig. 1. High-temperature nanoindentation of CaAl2. (a) Orientation map of CaAl2 obtained from EBSD showing the grain orientation where nanoindentation tests
were conducted. (b) Representative load–displacement curves at different temperatures obtained from nanoindentation; the inset in (b) shows separately the zoomed
in version of load–displacement curves at 25 and 300 ◦C. In (b) the data for 25 to 500 ◦C correspond to 10 s hold at Pmax, while those at 550 and 580 ◦C correspond to
30 s hold at Pmax.

Fig. 2. Variation of nanoindentation hardness with temperature for the C15
CaAl2 Laves phase. The filled circles denote the data for 10 s hold time and open
circles are for 30 s hold time at peak load. Error bars indicate the standard
deviation of hardness values at each temperature and for cases where it is
invisible the error bar was smaller than the symbol size. The blue shaded region
represents the transition temperature range where the hardness values decrease
significantly from the upper plateau region before saturating to lower values.
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Kc = γ
Pc
R1.5 (2)

which assumes an isotropic material volume. Kc is the apparent fracture
toughness, Pc is the critical load at which pillars split, R is the radius of
the pillar, and γ is a factor which depends on the geometry of the
indenter and E/H ratio of the material. A constant elastic modulus E of
140 ± 6 GPa was used between 25 and 400 ◦C, based on modulus values
obtained from unloading segment of the nanoindentation experiments.
It is to be noted that no positive displacement due to creep occurred
during unloading up to 400 ◦C. Using the hardness values at each tem-
perature obtained from nanoindentation measurements in Section 3.1,
the E/H ratio was obtained within the constant γ range for a cube corner
indenter geometry reported from Ref. [42] (i.e. ~31), and therefore γ ≈

0.85 was applied over the studied temperature range of 25 to 300 ◦C.
Fig. 4d shows the variation of apparent fracture toughness from pillar
splitting as a function of temperature along with the maximum load Pmax
for all temperatures. Pmax corresponds to Pc for the case where pillar
splitting occurred from 25 to 300 ◦C, whereas at 400 and 500 ◦C it was
the maximum load till the displacement set-point was reached. The Kc
calculated from Eq. (2) was 0.94 ± 0.05 MPa⋅√m at 25 ◦C, and
increased slightly to 1.2 MPa⋅√m at 150 ◦C, whereas at 300 ◦C it
increased significantly to 2.76 ± 0.26 MPa⋅√m with a commensurate
increase in the critical load for splitting. Pillar splitting was observed
again after cooling back to 25 ◦C with Kc ~0.9 ± 0.1 MPa⋅√m, implying
that exposure to high temperature did not induce any major structural
changes in the material to influence the toughness, and that surface
oxidation did not severely impact the toughness measurement, similar to
the nanoindentation results in Section 3.1.

Fig. 5 shows post-mortem images of the pillars after the splitting tests
at different temperatures. From 25 to 300 ◦C straight cracks predomi-
nately extend from the corner of the indents, leading to 3-way splitting
of the pillars. In few cases, due to inaccuracy in indenter positioning, an
ideal 3-way splitting did not occur wherein two of the cracks extending

from the indenter corner reached the edge of the pillar while the third
did not. At 400 and 500 ◦C no critical crack initiation for pillar splitting
was observed, although some isolated tortuous cracks are present on the
surface of the deformed pillars. Such surface cracks could be due to
stresses arising from accommodation of the larger plastic zone below the
indent, or cracking of the surface oxide layer. However, these surface
cracks do not lead to pillar splitting. Crack formation was not observed
during nanoindentation at similar temperatures due to the hydrostatic
constraint from the surroundingmaterial, which is reduced in the case of
a micropillar volume. For the lower temperatures where pillar splitting
did occur, the crack planes were indexed using the method used for
surface trace analysis discussed in Ref. [18]. Some of the crack planes
have been marked in Fig. 5 and belong to low index planes. However, it
is not possible to discern any possible change in crack plane with tem-
perature in this case, as cracking would primarily be driven by the
cleavage planes which are aligned with the sharp corners of the
indenter. In our earlier study [19], the fracture toughness values of
different low index cleavage planes in C15 CaAl2 were found to be
similar. Hence the grain orientation and alignment of the cleavage
planes with indenter diagonal will likely not significantly impact the
pillar splitting fracture toughness value of C15 CaAl2.

4. Discussion

4.1. BDTT of C15 CaAl2 Laves phase: Comparison of test methods

The results presented in Section 3 highlight a clear change in the
deformation behaviour of C15 CaAl2 Laves phase with increasing tem-
perature, and is supported by three distinct changes: (i) significant drop
in nanoindentation hardness at 450–500 ◦C; (ii) absence of cracking at
the corners of indents at 300 ◦C and above; (iii) brittle pillar splitting
between 25 to 300 ◦C, followed by no splitting from 400 ◦C. These
changes imply an overall transition from brittle to a more ductile

Fig. 3. Secondary electron post-mortem images of nanoindents made at various temperatures showing changes in slip lines and crack formation (marked with white
arrows) around indents. From 25 to 450 ◦C all images were taken at the same magnification, whereas from 500 to 580 ◦C a lower magnification was used to capture
the larger indents.
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behaviour of CaAl2, accompanied by a higher contribution of plasticity
to fracture. Disappearance of cracks at ~300 ◦C during cube corner
nanoindentation suggest that crack tip shielding due to local dislocation
activity is already operative at these lower temperatures, which together
with the hydrostatic constraint from the surrounding material may limit
crack extension. This is consistent with the increase in pillar splitting
fracture toughness at 300 ◦C. During micropillar splitting, unstable
crack initiation and extension occurs at the critical load for instability.
Enhanced dislocation activity under the indenter tip at higher temper-
atures can better accommodate local stress thereby affecting the critical
load for crack initiation during the splitting process. However, brittle
splitting fracture of the micropillars is still observed at 300 ◦C, implying
that CaAl2 remains brittle at this temperature.

The influence of local plasticity is more evident as temperature in-
creases to 400 ◦C, where the maximum load reaches a peak value (see
Fig. 4), however no splitting occurs, indicating that CaAl2 becomes less
brittle at this temperature. Ast et al. [43] reported that for crack
nucleation and pillar splitting to occur within a micropillar volume size
which can be typically achieved by FIB milling, the Kc/H ratio should be
less than 0.8 for a cube corner indenter. For our system at 300 ◦C the
ratio is 0.61, whereas at 400 ◦C it would increase to 0.88 if one assumes
that the Kc increases with temperature following a linear extrapolation
beyond 300 ◦C (see green arrow in Fig. 4d). Since pillar splitting is
limited to materials which fail in a brittle manner, it is unsuitable for

obtaining a high-temperature toughness for which alternate elastic–-
plastic fracture mechanics approaches are required. Interestingly, while
local dislocation activity can blunt the crack tip, increase fracture
toughness and even prevent pillar splitting at 400 ◦C, no decrease in
indentation hardness or increase of the residual indent size was observed
(see Figs. 2, 3). Only at and above ~450 ◦C does the hardness drop and
dislocation plasticity becomes more dominant (see TEM analysis dis-
cussed in Section 4.2). The transition zones between brittle and ductile
behaviour of CaAl2 are shown in Fig. 6, where both the temperature-
dependent variation of hardness and pillar splitting toughness have
been compared. Up to 300 ◦C, CaAl2 exhibits brittle behaviour with
constant hardness and brittle failure due to cracking. Between 300 and
400 ◦C a microplasticity zone is present where although the hardness
does not change, cracks at indenter edges are not observed during
nanoindentation, while significant local dislocation activity at the
indenter apex and possible crack tip shielding effects increase the
toughness to an extent that a critical fracture initiation could not be
determined from micropillar splitting tests. The microplastic region
above 300 ◦C compares well with the morphological changes in wear
tracks from high-temperature nano-scratch testing of CaAl2 (refer to
Supplementary Information). At approximately 450 ◦C and above, CaAl2
exhibits enhanced plasticity due to dislocation activity, as evident from
the significant drop in hardness together with absence of pillar splitting,
thereby transitioning into a more ductile behaviour. The close

Fig. 4. (a) Secondary electron overview image of micropillars fabricated in a single grain whose surface orientation is indicated in the IPF (inset) together with a high
magnification tilt-corrected image of a single micropillar at 45◦ tilt angle; (b) Micropillar loaded with a cube corner indenter prior to testing at 300 ◦C; (c)
Representative load–displacement curves for pillar-splitting at various temperatures; (d) Variation of pillar-splitting fracture toughness and maximum load Pmax with
temperature. The filled red squares in (d) indicate the maximum load for the cases where no splitting occurred. The green arrows in (d) indicate that apparent
fracture toughness would increase with temperature above 300 ◦C.
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correspondence in the temperatures where plasticity prevents the brittle
failure of pillars (~400 ◦C) and decreases nanoindentation hardness
(~450 ◦C) suggests that a prominent change over into the ductile regime

will occur from 450 ◦C (~0.55 Tm).
The nanoscale BDTT (~0.55 Tm) of C15 CaAl2 determined here is

lower than the macroscale BDTT of ~0.65 Tm typically reported for
other C15 Laves phases via macro-compression testing [4], where BDTT
was defined as the temperature at which a compressive strain of 1–2 %
could be achieved without specimen fracture. However, from Vickers
indentation of C15 NbCr2 a BDTT of ~0.55 Tm was obtained [44], equal
to that obtained for C15 CaAl2 in this study. Further, to contextualise the
BDT behaviour of CaAl2 determined here using small-scale testing
methods in relation to macroscale testing, the microplasticity zone at
small length-scales suggests a wider temperature range for complete
transition into the ductile regime. In comparison, during macroscale
tests a more abrupt BDTT could occur for intermetallic compounds
[9,45,46].

Method and length-scale-dependent BDTT differences are evident in
other literature examples, where various testing methods were
employed. The toughness reported from Si micropillar splitting
increased at ~175 ◦C due to local crack tip shielding possibly facilitated
by dissociation of dislocations into partials [30,47], whereas the
microhardness decreased at higher temperatures of 500 ◦C due to
enhanced dislocation activity [48]. Additionally, high-temperature
microcantilever fracture tests on Si demonstrated a progressive in-
crease in mode I fracture toughness from~300 ◦C to 600 ◦C [31]. On the
other hand, macroscale testing using pre-cleaved Si single crystals
revealed a sharp increase in fracture toughness at 705 ◦C [49]. This
supports our observation that small-scale toughness increases at lower

Fig. 5. Post-mortem secondary electron micrographs, showing the top view after pillar splitting tests at (a) 25 ◦C, (b) 300 ◦C, (c) 400 ◦C, (d) 500 ◦C and (e) after
cooling back to 25 ◦C. (f) Crystal orientation of the grain showing potential low-index planes for cracking; the in-plane orientations of pillars in (a-e) are indicated in
(f). The yellow lines in (a), (b) and (e) indicate crack planes for which two possible solutions were obtained and hence could not be assigned unambiguously.

Fig. 6. Comparison of nanoindentation hardness and pillar splitting fracture
toughness with temperature, highlighting brittle and ductile deformation zones.
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temperatures when compared to the indentation hardness. Similar
length-scale effects have been observed for tungsten [32], where the
BDTT obtained frommacroscale testing of three- and four-point bending
specimen geometries was ~150 to 200 ◦C [50,51], while microcanti-
lever fracture tests revealed a BDTT of ~0 to 75 ◦C [32], with a gradual
increase in fracture toughness and change from brittle-cleavage to
micro-cleavage fracture due to increasing dislocation activity. These
studies suggest that the onset of BDTT, facilitated by dislocation activity
enhancing fracture toughness and promoting ductile behaviour, may
occur at lower temperatures on small length scales. Differences based on
the testing method, evident in case of CaAl2, can also arise.

Regarding surface oxidation challenges for CaAl2 at high tempera-
tures, if small-scale techniques sensitive to surface deformation are used,
as for nano-scratching, the formation of an oxide scale can obscure slip
trace observation near the wear track and quantitative insights into
elastic and plastic wear depth or friction coefficient with temperature
may become unreliable [36]. Additionally, it must be noted that due to
the observed oxidation, BDTT determination using notched micro-
cantilever tests is not possible due to the changing stress/chemistry at
the notch root, which can strongly affect the measured fracture tough-
ness [52]. Moreover, the plastic zone size rp ahead of the crack tip of
notched microcantilevers can increase with temperature and exceed the
cantilever dimensions, leading to size effects on cantilever fracture
toughness. As such, microcantilever fracture tests were not performed
here, and our nano-scratch tests (in the Supplementary Information)
were interpreted with a degree of caution.

4.2. Mechanistic insights into the thermally-activated deformation

The deformed microstructure beneath the indents made at RT, and at
the BDTT, were analysed to examine the effect of temperature on
dislocation structure. Site-specific lamellae were extracted from below
two representative indents made at 25 ◦C after cooling, and 450 ◦C, and

examined by TEM. Both indents were not exposed to higher tempera-
tures than the temperature of indentation. A schematic representation of
the orientation in which the TEM lamella was extracted from indents has
been given in Fig. S3 of the Supplementary Information. Fig. 7a,b show
the bright-field TEM (BF-TEM) and BF-scanning TEM (BF-STEM) images
of the deformed region underneath the indent at 25 ◦C, respectively.
Straight parallel slip bands are visible, as indicated by the solid red ar-
rows, along with dislocation entanglement in the plastic zone of the
indent at 25 ◦C (refer to Fig. S4 for TEM images obtained from weak
beam imaging by tilting to different two beam conditions). Similar slip
bands in the deformed microstructure below nanoindents in the same
C15 CaAl2 sample were observed by Freund et al. [18] for Berkovich
indents at RT. Furthermore, a crack is visible at the bottom of the indent
(indicated by a dashed yellow arrow), which is consistent with SEM
observation of surface cracks around the RT indent shown in Fig. 3.
Fig. 7c shows the BF-TEM image of the plastic zone below a nanoindent
at 450 ◦C. In contrast to the RT indent, no straight slip lines or cracks are
observed. Rather, a high density of homogenously distributed disloca-
tions, forming a network of curved dislocation lines, is present in the
vicinity of the indent, with some isolated dislocations extending to
farther regions. The absence of slip lines and cracks supports the SEM
observations of homogeneous deformation without formation of slip
traces on the indent surface at 450 ◦C in Fig. 3d, and the lower hardness
due to more uniform dislocation activity. It is noted that due to the load-
controlled nanoindentation tests performed here, the deformation zone
of the indents at 25 and 450 ◦C were not of equivalent maximum depth.
It is reported for the same C15 CaAl2 sample used in this study that a/
2〈110〉 (where a is the crystal lattice parameter) type perfect disloca-
tions, as well as stacking faults on {111} planes are present within the
slip bands at RT [18]. The latter were thought to stem from themotion of
a/6〈112〉 dislocations. The TEM images of Fig. 8 show that in case of the
high temperature (i.e. 450 ◦C) indent lamella (of Fig. 7c), tilting to
different zone axes and two-beam conditions also revealed similar a/

Fig. 7. TEM images showing the cross-section of the deformed region under nanoindents performed at different temperatures. (a) BF-TEM and (b) BF-STEM images
of indent at 25 ◦C taken in the [0 1 1] zone axis. The orientation of the specimen is seen by the SAED pattern shown. The red arrows in (a) and (b) show the activated
slip planes and the yellow arrows mark the crack observed at 25 ◦C; the green arrows in (a) and (b) indicate presumed oxide layer formed on the surface of indent
after exposure to 580 ◦C. (c) The BF-TEM image of indent at 450 ◦C shows no slip plane activation or crack formation and the SAED pattern shows that the BF-TEM
image was acquired at the [101] zone axis. In (a) and (c) the theoretically computed plastic zone has been shown by the solid magenta curve for f = 1 and green
dashed curve for f = 2.4 (see main text for more details). The dark region above the indented surface in (a-c) is the Pt layer.
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2〈110〉 perfect dislocations (indicated with solid white arrows) and
partial dislocations of a/6〈112〉 type (indicated with dashed arrows).
These dislocations were identified by performing a g⋅b analysis on
visible/invisible dislocation sets obtained from different two-beam
conditions. A set of visible dislocations for zone axis [101] (in
Fig. 8a) and g = (131) are shown in Fig. 8b, while the dislocations
become invisible with g = (222)as shown in Fig. 8c. Refer to Fig. S5 in
the Supplementary Information for further TEM images of dislocation
structure below this indent for other two beam conditions. Although
resolving the partial dislocations in the RT sample may simply be
impeded by the overlapping strain fields where they are concentrated in
planes of high defect density, the observation of partial dislocations at
elevated temperature is consistent with synchroshear requiring sub-
stantial thermal activation to operate [53] and previous TEM in-
vestigations on the structurally related Nb-Co µ-phase, which also
exhibits a transition from full to partial dislocation slip [54] within the
Laves phase building block of its larger unit cell, also associated with a
change in slip plane that cannot be resolved by conventional TEM [55].

Fig. 7 highlights that the microstructural features within the
deformed region changes with temperature, accompanied by an increase
in plastic zone size. To compare between the observed plastically
deformed region below the indents with the theoretical prediction, the
plastic zone size apz was calculated according to the modified Nix-Gao
model [56,57], where apz = f⋅ac, (where ac = h/tanθ, and θ is the
angle between surface and indenter and h is the indentation depth). The
factor f (equal to 1 in the original Nix-Gao model [58], and greater than
1 in the modified one [56,57]), relates the contact radius to the plastic
zone size, and depends on the material and its crystallographic orien-
tation. From finite element simulations of cube corner indentation of f.c.
c. Cu in Ref. [57], f = 2.4 was estimated. The theoretically predicted
plastic zone regions, according to apz = f⋅ac, are indicated for both
temperatures in Fig. 7a,c, for both f = 1 and f = 2.4 and with θ = 47.7◦
for the cube corner indenter. It is observed that for f = 2.4 (where apz =
1280 nm at 25 ◦C and 1580 nm at 450 ◦C), the theoretically predicted
plastic zone size matches reasonably with the deformed zones observed
from TEM, although it appears slightly larger for the indent at 25 ◦C. It is
to be noted that some differences can occur due to slight misalignment of
the lamella with respect to the indent centre, the effect of stresses at the
corner of the indent and also due to the tendency of the intermetallic
phase to highly concentrate deformation onto individual planes at
ambient temperature. This increase in the plastic zone size with depth of
indentation of CaAl2 Laves phase, equivalent to the behaviour of f.c.c.
metals, confirms that the observed decrease in hardness and the BDT of

CaAl2 intermetallic is controlled by enhanced dislocation mediated
plasticity at elevated temperatures which can blunt the cracks and
restrict brittle failure.

The limited plasticity of Laves phases below the BDTT is generally
attributed to restricted dislocation activity within their complex close-
packed structures. Initially, synchroshear was proposed as the sole
dislocation mechanism [59–61]. A high lattice friction for dislocation
glide has also been considered to hinder dislocation activity at RT for
Laves phases [62,63]. From the room temperature activation volume of
C15 CaAl2 (~3.75b3, where b is the Burgers vector) [18], it was not
possible to definitively determine if the deformation was governed by
overcoming Peierls resistance. Here, the RT lattice friction stress of
CaAl2 intermetallic was estimated from the nanoindentation hardness
data in Section 3.1 by following the method proposed by Qui et al. [64],
as outlined in the Supplementary Information. Considering a perfect a/
2〈110〉 dislocation with b = 0.5656 nm for this analysis in CaAl2, the
friction stress is estimated as 580 MPa, which lies in the range of values
of friction stress (0.4 to 5.6 GPa) reported for other C15 Laves phases
[65].

The enhancement of plasticity above the BDTT for many transition
metal C15 Laves phases has been attributed to increased dislocation
motion due to thermally activated processes such as creep deformation
[4], while for some Laves phases it has been attributed to a Peierls
mechanism due to high strain rate dependence and low activation vol-
ume [25,66]. The BDTT of the CaAl2 Laves phase (~0.55 Tm) in the
present case as well as other transition metal C15 Laves phases [4], is
above a homologous temperature of 0.5 Tm consistent with temperatures
required for thermally-activated creep process. Noticeable creep defor-
mation in CaAl2 can be observed in Fig. 1b from the increased time-
dependent displacement during the constant load hold segment in the
nanoindentation tests at high temperatures (450 ◦C and above). The
indentation creep behaviour of CaAl2 was analysed for the highest
temperatures (i.e. 550 ◦C and 580 ◦C with the longest holding times)
from the corresponding indentation strain rate and hardness from
nanoindentation results, and is presented in Fig. S6 of the Supplemen-
tary Information. The time-dependent increase in displacement and
decrease in hardness during the constant load hold segment at 550 ◦C
and 580 ◦C resembles typical creep behaviour (see Fig. S6a). The
indentation strain rate was computed at these temperatures as the ratio
of indentation velocity dh/dt to the indentation depth h [67]. After an
initial rapid decrease, the strain rate varied almost linearly with hard-
ness (see Fig. S6b), proportional to the contact stress. Interestingly, the
indentation stress exponent (i.e. the slope of the indentation strain rate

Fig. 8. Dislocation structure under different two-beam conditions underneath the nanoindent at 450 ◦C. (a) Diffraction pattern of [101] zone axis, and weak-beam
dark field images under (b) g = (131)where the dislocations are visible and (c) g = (222)where the dislocations are invisible. Solid white arrows indicate perfect
dislocation whereas dashed arrows of same colours denote partial dislocations identified from the g⋅b analysis.
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versus hardness curve in Fig. S6b) obtained for CaAl2 of ~3 to 3.2 is
similar to the creep stress exponent of approximately 3.5 reported from
compression creep tests of other C15 Laves phases [4], and is indicative
of dislocation creep [68]. Decoupling additional effects of temperature-
dependent critical resolved shear stress and effect on high temperature
plasticity would require further studies using micropillar compression.
Overall, the high BDTT of 450–500 ◦C obtained for CaAl2 suggests that
this intermetallic will not undergo a loss in its strength due to enhanced
plasticity at the elevated temperatures of ~200 ◦C desired for Mg-rich
alloys [12], thereby maintaining the overall alloy strength.

5. Conclusions

• Indentation-based testing using nanoindentation and micropillar
splitting were used to estimate the nanoscale BDTT of the C15 CaAl2
Laves phase and provide quantitative insights into the high-
temperature deformation behaviour of this material.

• A significant decrease in nanoindentation hardness occurred at
~450–500 ◦C, with distinct changes in the deformation features
around the indents due to increase in size of the residual impression
at and above 450 ◦C and disappearance of surface cracks around
300 ◦C. This implies a change in the deformation behaviour with
temperature for the CaAl2 Laves phase.

• Elevated temperature micropillar splitting revealed brittle pillar
splitting up to 300 ◦C, with straight crack propagation from the
centre to the edge of the pillar. The apparent fracture toughness
remained nearly constant up to 150 ◦C, followed by a sharp increase
at 300 ◦C. No pillar splitting occurred at 400 ◦C and above due to
considerable plastic deformation.

• A comparison of the nanoindentation and micropillar splitting re-
sults indicate that CaAl2 remains brittle up to 300 ◦C, followed by
increasing microplasticity between 300–400 ◦C which can cause
crack tip shielding but not affect the nanoindentation hardness.
Finally, at ~450 ◦C and above a transition to a more ductile
behaviour occurs with a pronounced decrease in hardness due to a
more uniform dislocation activity and the absence of brittle pillar
splitting.

• TEM examination of the deformed microstructure below the indents
revealed slip bands and small cracks in the deformed zone under an
indent made at 25 ◦C. At 450 ◦C, the deformation zone extends ~25
% further and reveals a more uniformly distributed entanglement of
dislocations.

• Nanoindentation hold segments reveal creep above the BDTT with
creep stress exponents indicative of dislocation creep at the highest
test temperatures, suggesting that the BDT of CaAl2 can be driven by
thermally-activated effects on dislocation motion leading to creep.
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Short Summary 

Mg-based alloys are industrially used for structural applications, both as solid solutions alloys 
and as composites containing intermetallic compounds. However, a further development in 
terms of mechanical properties requires the investigation of underlying causalities between 
synthesis, processing and microstructure to adjust the mechanical and the corrosion proper-
ties, ideally down to the near atomic scale. Such fundamental scientific investigations with 
high resolution characterisation techniques require model materials of exceptionally high pu-
rity and strictly controlled microstructure e.g. with respect to grain size, morphology, chemical 
homogeneity as well as content and size of oxide inclusions. In this context, the Mg-Al-Ca 
system appears exceptionally challenging from a metallurgical perspective due to the high 
reactivity and high vapor pressures, so that conventional industrial techniques cannot be suc-
cessfully deployed. Here, we demonstrate the applicability of various scientific synthesis 
methods from arc melting over solution growth to diffusion couples, extending to effects and 
parameters for thermo-mechanical processing. Suitable pathways to overcome the specific 
challenges of the Mg-Al-Ca system are demonstrated, as well as the persistent limitations of 
the current state of the art laboratory metallurgy technology.  
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ORIGINAL RESEARCH ARTICLE

Metallurgical Synthesis Methods for Mg-Al-Ca
Scientific Model Materials

W. LUO, L. TANURE, M. FELTEN, J. NOWAK, W. DELIS, M. FREUND, N. AYEB,
D. ZANDER, C. THOMAS, M. FEUERBACHER, S. SANDLÖBES-HAUT,
S. KORTE-KERZEL, and H. SPRINGER

Further improving the mechanical and corrosion properties of Mg-based alloys requires the
investigation of underlying causalities between synthesis, processing, and microstructure, ideally
down to the near atomic scale. However, such investigations with high resolution character-
isation techniques require model materials of exceptionally controlled chemical composition
and microstructure. In this context, the Mg-Al-Ca system, being attractive for offering
significant improvement of the inherent brittleness of Mg alloys, is exceptionally challenging
from a metallurgical perspective due to the inclusion of components with high reactivity and
vapor pressures. Here, we demonstrate the applicability of various synthesis methods from
arc-melting over solution growth to diffusion couples, extending to parameters for thermome-
chanical processing. Suitable pathways to overcome the specific challenges of the Mg-Al-Ca
system are demonstrated, as well as the persistent limitations of the current state-of-the-art
metallurgical laboratory technology. Solid solution sheet or wrought materials are ideally
produced by induction melting in steel crucibles and casting under elevated pressure, with
intermittent annealing steps between hot rolling passes to ensure homogenous chemical
composition without excessive grain growth. Composite microstructures strongly depend on the
solidification rate, and special care needs to be taken with regards to crucible reactions with
increasing Al concentrations. Binary intermetallic compounds can be successfully produced in
bulk by a variety of techniques, but the interplay between reactivity and evaporation of the melt
when both Ca and Al are present required more complex approaches such as the Bridgman
method for the synthesis of ternary compounds.

https://doi.org/10.1007/s11661-024-07655-7
� The Author(s) 2024

I. INTRODUCTION

THE application of lightweight components in the
aeronautic and automotive industry has both environ-
mental and economic benefits.[1] Mg-based alloys are
especially attractive due to their low density compared

to steels, aluminium, and even some polymer-based
materials. The most common industrial production
method for structural Mg materials is casting[2] after
electric melting (either inductive or conductive) using
steel crucibles and Cl-F-based flux protection. While fast
and cost effective once the required tooling is set-up, the
presence of typical casting artefacts such as inhomoge-
neous grain size distribution and porosity is often
resulting in comparatively low mechanical performance,
leading to the application of Al-Zn alloyed compositions
or even composite structures optimized for effective
processing. Wrought alloys on the other hand,[3] often
based on Mn and rare earth element additions, generally
offer an improved property profile, and are typically
shaped by hot extrusion techniques—sometimes coupled
with additional cold-rolling and ageing treatments—into
profiles and shaped slabs for further machining opera-
tions. However, most of the commercial Mg alloys
typically still suffer from limited strength and low
ductility inherent to the hexagonal crystal structure of
Mg.[4] Recent studies show that Mg-based solid solution
alloys with a small amount (typically below 1 wt pct) of
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Ca and Al exhibit improved formability and ductility
due to the activation of hcþ ai slip.[5] With increasing
the Al and Ca content, different types of intermetallic
phases precipitate in the Mg-Al-Ca alloys, resulting in a
composite structure.[6] The precipitates change from
Mg17Al12 to the C15-CaAl2, C36-Ca(Mg,Al)2 and
C14-CaMg2 Laves phases with increasing Ca/Al
ratio.[7,8] A continuous Laves phase network reinforces
the soft Mg-matrix and improve the creep resistance of
the Mg-Al-Ca alloys.[9–11] However, the knowledge of
the impact on mechanical[12–14] and corrosion proper-
ties[15–17] of the Laves phase is still limited, motivating
further investigations based on suitable samples and
model materials. However, such fundamental investiga-
tions require the application of high resolution charac-
terisation techniques such as transmission electron
microscopy, micropillar compression testing and atom
probe tomography, which in turn necessitate model
materials of exceptionally controlled chemical composi-
tion and microstructure, e.g., with respect to the grain
size, morphology, and chemical homogeneity, as well as
the content and size of oxide inclusions.

The main challenges in the production and processing
of Mg-Al-Ca alloys are related to the high reactivity[17]

and the high vapor pressures[3,18] especially of Mg and
Ca. Although the synthesis of solid solutions and
Mg-Al-Ca composites on an industrial scale is feasi-
ble,[19,20], it is more challenging to prepare the Mg-Al-Ca
alloys for specific scientific purposes, i.e., achieving a
desired chemical composition and precisely controlling
the microstructure with regards to constitution, grain
size and morphology of the intermetallic phases. Induc-
tion melting for example under a protective atmosphere
with elevated pressure can reduce the evaporation of Mg
and Ca, while steel crucibles can be utilised by exploiting
the low mutual solubility and difference in melting
temperature between Mg and Ca with Fe, respectively.
However, this does not hold true when Al is added to
the melt.[21] Ceramic crucibles, on the other hand, are
typically not suitable as they are severely attacked by the
highly reactive Mg and Ca. While a limited lifespan of
crucibles due to chemical interactions with Mg-Al-Ca
melts is not a direct problem for synthesizing scientific
model materials (albeit increasing the cost of sample
production substantially), it does lead to undesired
contamination of the melt, for example with oxide
inclusions, and additional elements affecting microstruc-
ture and properties thereafter, for example by the
formation of Fe-aluminides. Furthermore, independent
of the utilized melting technology and crucible material,
phenomena such as grain boundary precipitation and
intergranular segregation need to be addressed by
subsequent thermomechanical processing for as-cast
Mg-based solid solution materials. However, the
reduced ductility of composites—induced by the inter-
metallic compounds which in parallel increase the
strength—typically renders such procedures
unfeasible.[22]

The underlying phenomena of plasticity as well as the
co-deformation processes with the surrounding Mg-ma-
trix illustrate the motivation for the investigation of
binary and ternary[23–27] intermetallic phases of the

Mg-Al-Ca system. Similar basic considerations apply as
those for the synthesis of solid solution and composite
materials: while induction melting using a steel crucible
under Ar atmosphere is applicable to the synthesis of
C14-CaMg2 Laves phase, it is not suitable for the
synthesis of the C15-CaAl2 Laves phase due to the
Al-induced contamination with Fe. On the other hand,
the absence of Mg with its low boiling point now allows
for considering arc-melting without an expected severe
evaporation by its extreme local temperatures. However,
the inherent brittleness of the Laves phases[28] needs to
be considered as well for all liquid metallurgical tech-
niques, as the stresses from solidification and further
cooling might lead to their cracking up to total
disintegration of the solidified ingot, even after the
melting procedure itself could be performed successfully.
Casting into a pre-heated alumina crucible followed by
slow cooling for example was reported to reduce thermal
stress during cooling.[29] However, alumina crucibles
cannot be used in synthesis of the C14-CaMg2 and
C15-CaAl2 Laves phases synthesis due to the high
reactivity of Ca. It has also been reported that the
Mg17Al12 intermetallic phase with a small amount of a
second phase can be produced using an electrical
resistance melting furnace in a graphite crucible under
protective Ar atmosphere, but the potential formation
of porosity and Al-carbides needs to be considered.[28]

The majority of these challenges, i.e., excessive crucible
reactions and unwanted solidification phenomena,
might be avoided using solid state synthesis techniques.
Powder metallurgy, however, appears not favourable for
the specific alloy system here, as the huge surface area of
the Mg, Al and Ca powder particles substantially
increases the risk of oxide inclusions and also poses a
considerable health and safety risk by spontaneous
combustion. More interesting are solid state diffusion
couples, which are comparatively straightforward to
fabricate for binary compounds, but appear more
challenging for the most complex intermetallic com-
pound of this system from a metallurgical perspective,
namely the C36-Ca(Mg,Al)2 Laves phase, due to its high
Mg and Ca contents coupled with a narrow composi-
tional and temperature range.[25,29]

Together with the published overview of respective
metallographic preparation methods,[30] we explore the
challenges and pitfalls in the corresponding synthesis
procedures—ranging from induction melting, diffusion
couples, flux-growth and Bridgman methods—of
Mg-Al-Ca bulk materials in solid solution, composite
and purely intermetallic configuration in the current
study.

II. MATERIALS AND METHODS

The chemical compositions of the investigated mate-
rials in conjunction with the deployed synthesis tech-
niques are summarized in Table I. The Mg-Al-Ca alloys
were prepared from pure Mg (99.95 wt pct), Ca (98.8 wt
pct) and Al (99.999 wt pct). The chemical analyses of the
starting materials and the synthesized alloys were
performed by inductively coupled plasma optical
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emission spectroscopy (ICP-OES). The metallographic
preparation methods for characterizing the obtained
Mg-Al-Ca alloys are explained in details elsewhere.[30]

Selected samples were colour-etched with a picric
acid-based solution for optical microscopy (OM; Leica
DMR, Leica AG) observations. Microstructures of the
alloys were characterized using scanning electron micro-
scopy (SEM; Helios Nanolab 600i, FEI Inc.). The
compositions of the phases in the alloys were determined
by energy dispersive X-ray spectroscopy (EDS; EDAX
Inc.). Phase analyses were carried out by electron
backscatter diffraction (EBSD; Hikari, EDAX Inc.).

III. RESULTS AND DISCUSSION

A. Mg-Al-Ca Solid Solutions

The limited amount of Al within the solid solution
materials (max. 2 wt pct) led to very low Fe contam-
ination of the melt (< 0.0068 wt pct) despite the use of
steel crucibles, which offered the additional benefit of
being heated by the inductive field of the furnace coil,
facilitating rapid heating and melting of the base
materials. The elevated pressure of 15 bar was found
to be beneficial for reducing the Mg evaporation by
local overheating and simultaneously minimising
shrinkage porosity during solidification after casting.
As shown in Figure 1(a), the Mg-1Al-0.05 Ca alloy cast
under high pressure Ar exhibit only a small amount of
pores, which translated into a higher strength as well as
ductility compared to materials prepared under conven-
tional lower pressure (0.8 bar) conditions. A detailed
analysis on the pore formation, size and dispersion—for
example by X-ray tomography—as a function of atmo-
spheric pressure during solidification of Mg alloys
would be worth of future investigations. Microstructure
and resulting mechanical properties of solid solution
materials can be substantially improved by thermome-
chanical treatments (TMTs) such as hot rolling and
subsequent annealing procedures, as they generally
minimize porosity remaining in as-cast materials, reduce
or at least homogenize the grain size, and reduce
segregations by recrystallization and diffusion processes.
The corresponding parameters, especially the tempera-
ture, has to be chosen based on the Mg-Al-Ca phase
diagram.[25,29] On the one hand, the temperature should
be as high as possible to facilitate recrystallization and
diffusion processes, as well as dissolving any (here
unwanted) intermetallic phases, which becomes espe-
cially for alloys close to the solubility limit of Mg. On
the other hand, too high temperatures can cause grain
growth, localized melting of segregated areas, and
generally enhance surface oxidation when the TMT is
performed in a non-protective atmosphere.
We found that a temperature of 450 �C ensured an

optimum balance for the investigated alloy composi-
tions. As with all other metallic structural materials, the
other parameters such as reduction per pass, rolling
diameter and speed, as well as surface preparation
including the use of lubricants need to be carefully
adjusted for the given geometries and targets of the
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Fig. 1—(a) SEM overview of an Mg-1Al-0.05Ca (wt pct) alloy cast under Ar atmosphere with pressure of 15 bar. (b) Corresponding tensile
testing results, illustrating the beneficial effects of limiting porosity by increasing the pressure within the melting and casting furnace. (c) Porosity
in fractured tensile samples from material cast under 0.8 bar, causing the observed reduction in ductility. Parts of this Figure are being
reproduced from Ref. [37] under license CC-BY-4.0.

Fig. 2—Thermomechanical processing of a Mg-2Al-0.2Ca (wt pct) alloy. (a) hot rolling sequence and (b) corresponding OM overview image and
(c) SEM-EDS map of Al (the areas in red and yellow indicate high concentrations of Al) showing traces of remaining segregations as well as
Al-rich precipitates (TEM insert). After additional annealing at 500 �C for 24 h (d) significant grain growth can be observed (e) as well as
successful improvement of chemical homogeneity (f). Parts of this Figure are being reproduced from Ref. [37] under license CC-BY-4.0.
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TMT processing. Figure 2 outlines the effect of a final
annealing treatment at 500 �C after hot rolling the
Mg-2Al-0.2Ca (wt pct) alloy at 450 �C in five passes
with 10 pct thickness reduction per pass, with reheating
for 10 minutes between the individual passes. After the
final pass the alloy was annealed at 450 �C for 15
minutes followed by quenching in water [Figure 2(a)].
The corresponding hot-rolled microstructure [Fig-
ure 2(b)] shows well recrystallised grains with an average
size of 74 ± 6 lm, but with traces of intragranular
segregations and most probably intermetallic precipi-
tates visible in the EDS mappings [Figure 2(c)]. These
detrimental phenomena—both from a mechanical as
well as a corrosion perspective—could be successfully
mitigated by additional annealing at 500 �C for 24 h
followed by water quenching [Figures 2(d) through (f)].
However, this subsequent annealing also caused a
significantly enlarged grain size. These finding suggest
that a combined strategy consisting of (i) initial hot
rolling to break up the as-cast microstructure, reducing
the diffusion length and recrystallizing coarse dendritic
structures followed by (ii) a prolonged homogenization
annealing step, and (iii) final hot rolling—maybe even
with additional cold-rolling beforehand—to refine the
grain size would produce optimal mechanical properties.
For that purpose, the initial dimensions of the cast
blocks must be of sufficient size to allow for the required
rolling reduction, while not getting too thin for both
later testing procedures as well as too strong heat loss to
the cold forming tools (rolls) during the TMT
procedure.

B. Mg-Al-Ca Composites

Similar to the solid solution materials, Mg-Al-Ca
composites consisting of a Mg solid solution matrix
containing a network of Laves phases were successfully
synthesized by induction melting using a steel crucible
under protective Ar atmosphere. While Fe-Al inter-
metallic layers forming at the crucible wall can hinder
the diffusion of Fe into the Al-containing melt,[31] the Fe
contamination remained negligible (0.002–0.018 wt pct
Fe) when the Al content was below 6 wt pct. The types
of intermetallic phases formed within the composites
can be modified by adjusting the alloy composi-
tion.[4–7,21]. With increasing Ca/Al in the range of 0 to
1, the intermetallic phases change from Mg17Al12 to the
C15-CaAl2, C36-Ca(Mg,Al)2 and C14-CaMg2 Laves
phases.[5,6] Moreover, the precipitates become more
interconnected and form a skeleton structure.[6,7] Rep-
resentative images of the as-cast Mg-6Al-2Ca,
Mg-5Al-3Ca and Mg-4Al-4Ca (wt pct) alloys are shown
in Figures 3(a) through (c), respectively. The respective
Ca/Al ratios of the Mg-6Al-2Ca, Mg-5Al-3Ca and
Mg-4Al-4Ca (wt pct) alloys are 0.21, 0.41 and 0.65. It
has been confirmed that their main types of intermetallic
phases are C15-CaAl2, C36-Ca(Mg,Al)2 and
C14-CaMg2, respectively. After heat treatment at
500 �C for 48 h, the interconnectivity decreases and
the Laves phase morphology changes to more isolated
and spherical particles.[32] Interestingly, the porosity
observed within the solid solution materials (Figure 1)

was strongly reduced in the composite materials despite
the use of sub-atmospheric pressure during melting and
casting. This effect is most probably linked to the closer
positioning of the alloy composition to eutectic ridges as
the alloying content is increased, which reduces the
solidification interval.

C. Mg-Al-Ca Intermetallic Phases

The Mg-Al-Ca ternary system as well as the Mg-Al,
Mg-Ca and Al-Ca binary systems show various types of
intermetallic phases. The ternary C36-Ca(Mg,Al)2 Laves
phase and the binary C14-CaMg2, C15-CaAl2 and
Mg17Al12 intermetallic phases are in focus of the present
work. In order to synthesize the C14-CaMg2 Laves
phase, Mg-45Ca (wt pct) alloys were successfully pro-
duced from pure Mg and pure Ca by induction melting
using a steel crucible. In order to avoid increasing
Fe-contaminations, the Al-42Ca (wt pct) alloys were
prepared by arc-melting on a water-cooled copper
hearth to synthesize the C15-CaAl2 Laves phase. After
arc-melting, the Al-42Ca (wt pct) alloy was heat treated
in a glass tube furnace at 600 �C for 24 h under Ar
protection. A Mg-Al diffusion couple was prepared
from two blocks of pure Mg and Al, targeting the
formation of the Mg17Al12 intermetallic phase. The two
5 9 5 9 5 mm3 blocks of Mg and Al were ground up to
#4000 grit using SiC paper and polished to 1 lm using
diamond paste and ethanol lubricant. The blocks were
subsequently cleaned in an ultrasonic bath in acetone,
dried and lightly pressed together using a molybdenum
clamp. Thereafter, the clamped blocks were placed in
the furnace, evacuated and purged with Ar, and then
annealed at 400 �C for 1 week, followed by furnace
cooling.
The obtained microstructures of the C14-CaMg2 and

C15-CaAl2 Laves phases are shown in Figures 4(a) and
(b), respectively. While a high density of pores can be
observed in the C14-CaMg2 Laves phase [Figure 4(a)],
the C15-CaAl2 Laves phases [Figure 4(b)] exhibits a
more homogeneous microstructure and a comparatively
coarse grain size. The synthesis of Mg17Al12 intermetal-
lic phase using the diffusion couple technique was not
successful. As shown in Figure 4(c), neither a concen-
tration gradient indicating measurable interdiffusion nor
the formation of intermetallic phases could be achieved
despite numerous trials. This is most probably due to
rapid re-oxidation of the polished Mg surface despite
only few minutes between the last polishing step and
evacuation of the furnace. This result highlights the
requirement of materials preparation in an oxygen-free
atmosphere (such as a glovebox) and transport of the
samples in vacuum containers to the diffusion bonding
furnace.
However, several other pathways remain for the

synthesis of intermetallic compounds of the Mg-Al-Ca
system, especially for the ternary C36-Ca(Mg,Al)2 Laves
phase, which combines all three elements and thus also
their specific limiting factors of reactivity (Ca), vapor
pressure (Mg) and solubility (Al). While it has been
reported that the Mg-Al-Ca intermetallic phases can be
synthesized by combinatorial sputtering, desorption of

METALLURGICAL AND MATERIALS TRANSACTIONS A



Fig. 3—Image of as-cast composite materials (a) Mg-6Al-2Ca, (b) Mg-5Al-3Ca and (c) Mg-4Al-4Ca (wt pct) alloys synthesized by induction
melting. The corresponding intermetallic compounds were identified as C15-CaAl2, C36-Ca(Mg,Al)2 and C14-CaMg2 Laves phases, respectively.
ImageJ analysis gave the following volume fractions of the intermetallic compounds: Mg-6Al-2Ca 5.5 vol pct, Mg-5Al-3Ca 6.8 vol pct,
Mg-4Al-4Ca 8.7 vol pct. This Figure is reproduced from Ref. [37] under license CC-BY-4.0.

Fig. 4—Synthesis of intermetallic phases. SEM images of the (a) C14-CaMg2 Laves phase synthesized by induction melting showing high
number of porosity, (b) C15-CaAl2 Laves phase synthesized by arc-melting, and (c) an unsuccessful attempt at fabricating an Mg-Al diffusion
couple after heat treatment at 400 �C for 1 week, showing no sign of interdiffusion or intermetallic phase formation. This Figure is reproduced
from Ref. [37] under license CC-BY-4.0.
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Fig. 5—SEM images of the trials for fabricating bulk C36 ternary Laves phase: (a) Mg-30Al-44Ca (wt pct) alloy synthesized by manual
induction melting, and (b) reaction zone of a Mg-CaAl2 liquid-solid diffusion couple. This Figure is reproduced from Ref. [37] under license
CC-BY-4.0.

Fig. 6—(a) A schematic illustration of the set-up of the solution growth method. (b) After heat treatment, the primary phase was separated from
the remaining liquid phase by centrifugation. (c) An alumina crucible encapsulated in a quartz tube filled with Ar. (d) After cooling the quartz
tube was blackened on the inside and showed radial cracks. (e) Only one ingot was obtained in the crucible and no materials were left on the
grid. This Figure is reproduced from Ref. [37] under license CC-BY-4.0.
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volatile film-forming species during sputtering at ele-
vated temperatures demonstrates the challenges in this
process routine for the C36-Ca(Mg,Al)2 Laves phase.

[33]

We therefore investigated the feasibility of alternative
approaches: induction melting of a Mg-30Al-44Ca (wt
pct) using a graphite crucible with boron nitride spray
proved unfeasible to rapid disintegration of the crucible,
while both sintered boron nitride and aluminumtitanite
crucibles repeatedly fractured during heating. As it
allows for more gentle heating of the base materials and
does not require any additional crucible material,
manual induction melting on a water-cooled Cu finger
within an Ar filled quartz tube was performed (‘‘copper
boat’’ furnace by Edmund Bühler GmbH, 12 kW
power). However, Mg evaporation could not be avoided
entirely, and the resultant microstructure [Figure 5(a)]
predominantly consists of the here undesired C15-CaAl2
Laves phase with small amounts of Mg. Utilizing a
Mg-Al-Ca diffusion multiple with a 50 lm thin Ca foil

between two polished blocks of pure Mg and Al failed as
the oxidation of Ca—even more rapid than that of
Mg—precluded any interdiffusion in a similar manner as
for the Mg-Al binary diffusion couple. Cold rolling Ca
foils in between Al and Mg did not lead to a successful
bond due to the vastly different rates of deformation of
the three materials involved. Another approach relied
on positioning a block of Mg on top of a C15-CaAl2
Laves phase alloy, placing the stack in an Ar filled
annealing furnace and bringing it to 700 �C (above the
melting point of Mg). Although liquid/solid interdiffu-
sion could be achieved, the desired formation of the C36
Laves phase could not be observed [Figure 5(b)].
In view of these unsuccessful attempts, the flux

solution growth method[34] was used to synthesize the
targeted C36-Ca(Mg,Al)2 Laves phase. Figures 6(a) and
(b) show a schematic illustration of the utilized setup.
The starting materials of a Mg-28.4Al-43.2Ca (wt pct)
alloy were mixed and placed in an alumina crucible with

Fig. 7—Results from synthesising the C36-Ca(Mg,Al)2 Laves phase using the Bridgman method. (a) overview of the obtained ingot with SEM
images of the (b) top right of the sample. EBSD allowed us to identify the grain orientation of the cubic CaAl2 phase (c) as well as the
hexagonal CaMg2 phase (d). Parts of this Figure are being reproduced from Ref. [37] under license CC-BY-4.0.
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a mesh fixed at a position above the alloy for decanting
the melt at the end of crystal growth. The entire crucible
was encapsulated in a Quartz tube filled with Ar
[Figure 6(c)]. The quartz tube was heated up to 870 �C
and annealed for 2 h to melt the starting materials. After
melting, the quartz tube was cooled down to 850 �C at
10 oC/h and then slowly cooled down to 750 �C at 1�/h,
followed by centrifugation to separate the remaining
liquid phase from the solidified material. According to
the phase diagram,[25,29,35], at the used composition the
C36-Ca(Mg,Al)2 Laves phase is in equilibrium with the
liquid phase at 750 �C. Therefore, after removing the
liquid phase, the crystal of the C36-Ca(Mg,Al)2 Laves
phase should be obtained.

However, after cooling the quartz tube was blackened
on the inside and showed radial cracking at the position
where the crucibles met [Figure 6(d)]. After opening the
tube one ingot was found in the crucible and no material
was left on the grid [Figure 6(e)]. This suggests that the
entire melt solidified above 750 �C, with no liquid left to
be centrifuged into the upper crucible. The fact that no
liquid phase was present at 750 �C could either hint at
inconsistency with the existing phase diagram, be linked
to a significant change in melt composition due to
evaporation losses, or caused by a temperature offset
between the thermocouple and the actual temperature in
the crucible. Lastly, the feasibility of synthesizing the
C36-Ca(Mg,Al)2 Laves phase by the Bridgman method
was investigated. Pure elements were positioned in a
cylindrical Ta crucible of 14 mm in diameter and 70 mm
in length. The crucible was sealed containing an Ar
atmosphere of 0.6 bar, and placed on a water-cooled
cold finger in a Bridgman apparatus After temperature
equilibration at 900 �C, the growth was carried out by
lowering the crucible out of the hot zone at a velocity of
5 mm/h. As shown in Figure 7(a), the obtained alloy
contained two parts and a large void of yet unknown
origin in the center. The microstructures of the top and
the bottom parts of the sample are shown in Figures 7(b)
through (d), with average compositions (at. pct) of
Mg-45.37Al-38.63Ca and Mg-2.27Al-39.40Ca, respec-
tively. At least three phases are present in both top and
bottom regions. EBSD analyses showed that the right
top regions consists predominantly of the targeted
C36-Ca(Mg,Al)2 phase [Figure 7(b)], but with inclusions
of eutectic regions containing the C15-CaAl2 Laves
together with Mg solid solution. On the left top, the
main region revealed the C15-CaAl2 Laves phase and
small eutectic regions [Figure 7(c)]. The bottom is
mainly consisting of the C14-CaMg2 phase, with traces
of other components of the compositions of
Mg-53Al-36Ca (at. pct) as indicated by the white arrow
in Figure 7(d). While the resultant size of the
C36-Ca(Mg,Al)2 domains in the right top of the ingot
are not large enough for bulk mechanical testing, they
allow for micromechanical testing such as micropillar
compression or nanoindentation testing after f.e.
focussed ion beam preparations. While surely represent-
ing substantially increased effort compared to other
laboratory scale synthesis methods, the Bridgeman

technique thereby offers at last the possibility to probe
the mechanical properties of the C36 Laves phase,
thereby elucidating its contribution to Mg-Al-Ca com-
posite materials. Another potential strategy to overcome
the outlined difficulties would be to follow a powder
metallurgical route, blending either elemental or pre-al-
loyed binary powders and sintering them—preferably
under isostatic pressure—at elevated temperature in the
solid state into a bulk specimen. However, close
attention would have to paid to the formation of oxide
inclusions potentially originating from the large surface
area of the powder particles. Larger samples with
surface areas in the order of 100 mm2 to facilitate
corrosion studies are as of yet not feasible with current
metallurgical laboratory techniques.

IV. CONCLUSIONS

Due to the high reactivity and high vapor pressures of
Mg and Ca, and the mutual solubility of Al with Fe, the
synthesis of bulk materials of Mg-Al-Ca solid solutions,
composites and intermetallic phases is a complex met-
allurgical challenge. Different bulk metallurgical meth-
ods were investigated, demonstrating their specific
challenges and pitfalls, and the following conclusions
can be drawn:

(1) Solid solutions can be synthesized by induction
melting using a steel crucible under Ar atmo-
sphere. Elevated pressure was found to minimize
evaporation and porosity within the solidified
sample. Intermetallic precipitations and intra-
granular segregation can be significantly reduced
by subsequent hot rolling and homogenization
annealing, with careful selection of temperatures
and processing sequence to minimise grain
growth.

(2) Composites can also be synthesized by induction
melting under Ar atmosphere, ideally using
Mg-Ca master alloys instead of pure elements to
minimize evaporation and oxidation. When the
Al content is low (£ 6 wt pct), the Fe contami-
nation in the Mg-Al-Ca composites is negligible,
and thus steel crucibles can be used. Porosity
formation and thus the need for high pressure
solidification seems to be less pronounced than
for solid solution materials.

(3) The intermetallic C14-CaMg2 Laves phase can be
readily synthesized by induction melting, while
the C15-CaAl2 Laves phase can be prepared by
arc-melting. The Bridgman method was identified
as the most promising pathway for synthesizing of
the C36-Ca(Mg,Al)2 Laves phase, albeit in small
amounts only suitable for micromechanical
testing.

(4) Solid state diffusion couples require extreme care
to avoid oxidation of Mg and especially Ca,
which otherwise inhibits interdiffusion and inter-
facial phase formation.

METALLURGICAL AND MATERIALS TRANSACTIONS A



ACKNOWLEDGMENTS

We thank Mr. Jürgen Wichert and Mr. Michael
Kulse for their technical supports in alloy synthesis.
This work was supported by the German research
foundation (DFG) within the Collaborative Research
Centre SFB 1394 ‘‘Structural and Chemical Atomic
Complexity—From Defect Phase Diagrams to Materi-
als Properties’’ (Project ID 409476157). H. Springer
wishes to acknowledge funding through the Heisen-
berg-program of the Deutsche Forschungsgemeinschaft
(Project ID 416498847).

AUTHOR CONTRIBUTIONS

L. Tanure and H. Springer conceived and designed
the experiments. W. Luo wrote the manuscript. M.
Felten, J. Nowak, D. Zander and W. Delis analysed
the microstructures of Mg-Al-Ca solid solutions. N.
Ayeb performed characterizations of the Mg-Al-Ca
composites. M. Freund contributed to the characteri-
zations of the Mg-Al-Ca intermetallics. C. Thomas
and M. Feuerbacher contributed to the synthesis of
the C36-Ca(Mg,Al)2 Laves phase. S. Sandlöbes-Haut
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9. M. Zubair, S. Sandlöbes, M.A. Wollenweber, C.F. Kusche, W.
Hildebrandt, C. Broeckmann, and S. Korte-Kerzel: Mater. Sci.
Eng. A, 2019, vol. 756, pp. 272–83.

10. D. Amberger, P. Eisenlohr, and M. Göken: Mater. Sci. Eng. A,
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