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Abstract 
In steels, solid-state phase transformations are key to achieving and understanding diverse microstructure 

evolution and desired mechanical properties. These phase transformations are usually accompanied by 

the partitioning of elements from one phase to another. When studying quaternary systems (Fe-Mn-Al-

C) with interstitial (C) and substitutional alloying elements (Mn, Al), addressing the drastically different 

diffusivity of elements is of prime importance. The difference in diffusivity becomes even more critical 

during thermal processing at low temperatures, where the diffusion of substitutional elements may 

become the rate-controlling step. Low-temperature treatment usually results in a spike in the concentration 

of partitioning elements at the phase boundary, commonly referred to as enrichment at the phase boundary 

in conventional literature. Although the thermodynamics and kinetics of phase boundary enrichment are 

widely reported, the details associated with the different decoration states are scarce. This thesis focuses 

on establishing and understanding the fundamentals of the enrichment and decoration states of partitioning 

elements (Manganese; Mn, and Carbon; C) at the phase boundaries in medium manganese steels 

An Fe-10Mn-3Al-0.2C wt.% alloy medium Mn alloy was subjected to complete austenitization followed 

by water quenching and subsequent intercritical annealing, producing a laminated microstructure with a 

Kurdjumov-Sachs (KS) orientation relationship existing between adjacent austenite and ferrite. The 

intercritically annealed sample was then subjected to low-temperature tempering (450°C) for 2, 50, and 

200 hours to study the effects on Mn and C enrichment. 

An investigation into the effect of grain boundaries on the enrichment of C at the phase boundary revealed 

that grain boundaries act as extracting agent for C from phase boundaries when they exist in a triple 

junction. Furthermore, no difference in C enrichment at the phase interfaces of KS and near-KS oriented 

phases was witnessed, ruling out that such phase boundary character difference as a primary cause for 

such an observation and confirming that the grain boundary is the primary source for C extraction from 

phase boundaries. 

Further studies to comment on the solute decoration states at the phase boundaries of tempered samples, 

revealed in-plane linear segregation of Mn. These decorations are misfit dislocations in straight phase 

boundaries and superledges in curved phase boundaries. Misfit dislocations, having a mixed character, 

and superledges, characterized by one set plane arrangements inَGT’َ typeَorientationَandَotherَ setَ

belonging to index planes with multiatomic facets, attracting Mn due to their strain energy and facet 

junction configurations. Over the timescale of tempering, it was observed that superledges at 450°C were 

fastest in approaching equilibrium with the surrounding matrix at 200 hours, while the same could not be 

said for misfit dislocations. However, phase boundary portions without distinct features have not yet 
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achieved local equilibrium partitioning values as predicted by DICTRA, though they are approaching it. 

This discrepancy is attributed to the initial quasi-paraequilibrium mode of partitioning, transitioning to 

local equilibrium over time. 

Finally, to study the effect of an external magnetic field on Mn segregation at ferrite grain boundaries, an 

experiment was designed using a 50% cold rolled Fe-8Mn wt.% alloy and annealing at 450°C for 5.5 

hours with and without a 9 Tesla magnetic field. It was found that no effect of the magnetic field on Mn 

segregation is observed. This can be understood by the fact that, in the absence of an external magnetic 

field, at 450°C the bulk ferrite is in a ferromagnetic state while the grain boundary is in a paramagnetic 

state. And the external magnetic field does not quite alter this state. To witness a change in segregation 

behaviour, both the bulk and the grain boundary would need to transition to a paramagnetic state, altering 

the segregation energy from -0.40eV (ferro bulk + para grain boundary) to -0.1eV for a completely 

paramagnetic system. Neither the annealing temperature used was not sufficient to bring about that change 

nor the magnetic field used is strong enough to shift the system to complete ferromagnetic state to see a 

change in segregation energy (-.42eV). 

This thesis provides valuable insights into solute (Mn and C) decoration states and associated mechanism 

in medium manganese steels and highlights the complex relationship between thermal processing, 

crystallographic features at the phase boundary and external fields on the solid-state phase transformations 

and solute redistribution. 
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Zusammenfassung 
Bei Stählen sind Festkörper-Phasenumwandlungen der Schlüssel zum Verständnis der Entwicklung 

unterschiedlicher Mikrostrukturen und der gewünschten mechanischen Eigenschaften. Diese 

Phasenumwandlungen gehen in der Regel mit der Umverteilung (Partitionierung) von Elementen von 

einer Phase in eine andere einher. Bei der Untersuchung von quaternären Systemen (Fe-Mn-Al-C) mit 

interstitiellen (C) und substituierenden Legierungselementen (Mn, Al) ist es von größter Bedeutung, die 

drastisch unterschiedliche Diffusionsfähigkeit der Elemente zu berücksichtigen. Der Unterschied in der 

Diffusionsfähigkeit wird bei der Wärmebehandlung bei niedrigen Temperaturen noch kritischer, da die 

Diffusion der Substitutionselemente zum geschwindigkeitsbestimmenden Schritt werden kann. Die 

Behandlung bei niedrigen Temperaturen führt in der Regel zu einem Anstieg der Konzentration der 

Elemente an der Phasengrenze, was in der Fachliteratur allgemein als Anreicherung an der Phasengrenze 

bezeichnet wird. Obwohl über die Thermodynamik und Kinetik der Anreicherung an der Phasengrenze 

viel berichtet wird, sind die Details im Zusammenhang mit den verschiedenen Dekorationszuständen 

selten. Diese Arbeit konzentriert sich auf die Erforschung und das Verständnis der Grundlagen der 

Anreicherung und der Dekorationszustände von partitionierenden Elementen (Mangan; Mn, und 

Kohlenstoff; C) an den Phasengrenzen in Stählen mit mittlerem Mangangehalt 

Eine Fe-10Mn-3Al-0,2C-Legierung mit einem Gewichtsprozentanteil von 10 % Mangan wurde einer 

vollständigen Austenitisierung unterzogen, gefolgt von einer Wasserabschreckung und einem 

anschließenden interkritischen Glühen, wodurch eine laminierte Mikrostruktur mit einer Kurdjumov-

Sachs-Orientierungsbeziehung (KS) zwischen benachbartem Austenit und Ferrit entstand. Die 

interkritisch geglühte Probe wurde dann 2, 50 und 200 Stunden lang bei niedriger Temperatur (450 °C) 

angelassen, um die Auswirkungen auf die Anreicherung von Mn und C zu untersuchen. 

Eine Untersuchung der Auswirkungen von Korngrenzen auf die Anreicherung von Kohlenstoff an der 

Phasengrenze ergab, dass Korngrenzen als Senke für Kohlenstoff aus Phasengrenzen fungieren, wenn sie  

an Tripellinien miteinander verbunden sind. Darüber hinaus wurde kein Unterschied in der 

Kohlenstoffanreicherung an den Phasengrenzen von KS- und KS-nahen Phasen festgestellt, was 

ausschließt, dass solche Unterschiede im Phasengrenzcharakter die Hauptursache für eine solche 

Beobachtung sind, und bestätigt, dass die Korngrenze die Hauptquelle für den Entzug von Kohenstoff 

aus Phasengrenzen ist. 

Weitere Studien zur Untersuchung der Zustände der gelösten Dekorationen an den Phasengrenzen der 

getemperten Proben ergaben eine lineare Segregation von Mn in der Ebene der Phasengrenze. Diese 

Dekorationen findet an Fehlpassungsversetzungen in geraden Phasengrenzen und Superleisten in 
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gekrümmten Phasengrenzen statt. Fehlpassungsversetzungen haben einen gemischten Charakter und 

Super-ledges sind durch eine Anordnung in einer Ebene in GT-Typ-Orientierung und eine andere 

Anordnung in Indexebenen mit mehratomigen Facetten gekennzeichnet, die Mn aufgrund ihrer 

Spannungsenergie und Facettenübergangskonfigurationen anziehen. Im Laufe der Zeit wurde beobachtet, 

dass Superledges bei 450 °C nach 200 Stunden am schnellsten ein Gleichgewicht mit der umgebenden 

Matrix erreichten, während dies nicht für Versetzungsfehlpassungen galt. Allerdings haben 

Phasengrenzbereiche ohne eindeutige Merkmale noch nicht die von DICTRA vorhergesagten Werte für 

die lokale Gleichgewichtsverteilung erreicht, obwohl sie sich ihnen annähern. Diese Diskrepanz wird auf 

die anfängliche Quasi-Paraequilibrium-Verteilung zurückgeführt, die im Laufe der Zeit in ein lokales 

Gleichgewicht übergeht. 

Schließlich wurde ein Gedankenexperiment durchgeführt, um die Auswirkungen eines externen 

Magnetfelds auf die Mn-Segregation an Ferritkorngrenzen zu untersuchen. Dazu wurde eine 50 % 

kaltgewalzte Fe-8Mn-Legierung verwendet und bei 450 °C 5,5 Stunden lang mit und ohne ein 9-Tesla-

Magnetfeld geglüht. Es wurde festgestellt, dass das Magnetfeld keinen Einfluss auf die Mn-Segregation 

hat. Dies lässt sich dadurch erklären, dass sich der Ferrit ohne externes Magnetfeld bei 450 °C in einem 

ferromagnetischen Zustand befindet, während sich die Korngrenze in einem paramagnetischen Zustand 

befindet. Das externe Magnetfeld ändert diesen Zustand nicht wesentlich. Um eine Veränderung im 

Segregationsverhalten zu beobachten, müssten sowohl der Ferritkörper als auch die Korngrenze in einen 

paramagnetischen Zustand übergehen, wodurch sich die Segregationsenergie von -0,40 eV (Ferritkörper 

+ paramagnetische Korngrenze) auf -0,1 eV für ein vollständig paramagnetisches System ändern würde. 

Weder die verwendete Glühtemperatur reichte aus, um diese Veränderung zu bewirken, noch war das 

verwendete Magnetfeld stark genug, um das System in einen vollständig ferromagnetischen Zustand zu 

versetzen und eine Veränderung der Segregationsenergie (-0,42 eV) zu bewirken. 

Diese These liefert wertvolle Einblicke in die Dekorationszustände von gelösten Stoffen (Mn und C) und 

die damit verbundenen Mechanismen in Manganstählen mittlerer Zusammensetzung und hebt die 

komplexe Beziehung zwischen thermischer Verarbeitung, kristallografischen Merkmalen an der 

Phasengrenze und externen Feldern auf die Festkörper-Phasenumwandlungen und die Umverteilung der 

gelösten Stoffe hervor.
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1. Introduction 

1.1 Introduction 

Solid-state thermal processing of steel is a key step in achieving multiphase microstructure and 

diverse mechanical properties [1, 2]. The transformation from the FCC austenite phase to the 

BCC ferrite phase is particularly significant. This is because these phases are common in a 

wide range of steels and studying this transformation can provide insights into other related 

phase transformations, such as bainite or martensite transformations [1-4]. The diffusional 

mechanism involved in the growth of transformation products is characterized by the 

partitioning of solute elements, which significantly influences ferrite growth kinetics. 

Depending on the solubility and diffusivity of solutes, they partition from one phase to another. 

For example, carbon, being the most prominent solute in steels due to its low solubility and 

high diffusivity in ferrite, is expelled to the neighboring austenite and must be accounted for 

when modeling ferrite growth kinetics. However, steels with substitutional alloying 

(Manganese and Aluminum) elements exhibit an added layer of complexity. The low 

diffusivity of substitutional species prevents their long-range diffusion, but they do exhibit 

short-range diffusion near the migrating phase boundary. Various models have been proposed 

to understand the partitioning of solute elements, namely, local equilibrium negligible 

partitioning (LENP), local equilibrium partitioning (LEP), and paraequilibrium (PE). The LEP 

model exhibits full equilibrium at the interface and diffusion of all alloying elements, while the 

PE model considers no partitioning of substitutional species [5-8]. Furthermore, the energy 

dissipation caused by the interaction of substitutional species with the phase boundary and their 

subsequent cross-boundary diffusion retards the boundary migration, a phenomenon termed 

the solute drag effect. Thus, ferrite growth kinetics is governed by the combined effects of 

carbon diffusion, crystal structure rearrangement, and the solute drag effect of substitutional 

elements. It is important to address the contribution of each factor, particularly the influence of 

substitutional elements on the transformation and kinetics. 

One of the most important observations of partitioning behaviour is the presence of a distinct 

spike in the concentration of diffusing species at the phase boundary [9, 10]. This enrichment 

at the phase boundary can have multiple origins. Firstly, similar to grain boundary segregation, 

the driving force for such a spike at the interface is tَheَminimizationَof tَheَsystem’s tَotalَGibbsَ

energy [11]. Secondly, forced equilibrium at the interface can cause an enrichment of solutes 
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at the interface. Lastly, the low diffusivity of solutes in either phase leads to a build-up of 

solutes next to the interface, appearing as enrichment. This nonequilibrium enrichment of 

solute elements at the phase boundary is called kinetic freezing [10].   

Conventional characterization techniques like atom probe tomography (APT) and transmission 

electron microscopy (TEM), which are generally used to study phase boundary composition, 

cannot distinguish between the underlying mechanisms governing the enrichment. As a result, 

composition profiles from region of interest (ROI) analysis in APT or energy dispersive 

spectroscopy (EDS) in TEM are not sufficient to comment on the phase boundary segregation 

states. Consecutively, the relative contributions of different mechanisms to boundary 

enrichment still remain an unexplored subject. 

In studies of phase transformations in ferrous alloys, it is widely reported that phase stability 

can be altered by applying an external magnetic field [12-16]. The ability to manipulate the 

stability of the parent and product phases presents an intriguing opportunity to control and alter 

the microstructure for desired strategic applications. Therefore, the combined effect of thermal 

processing and an external magnetic field has proven to be a robust approach to achieving 

homogeneous and reproducible microstructures. With the imposition of an external magnetic 

field, the Gibbs free energy change of the parent phase causes the phase boundaries in the 

composition vs. temperature space to become a function of the external field strength. Using 

modern high magnetic field magnets, with flux densities as high as 30T, a free energy change 

of 360 J/mol can be achieved. Besides the free energy change being comparable to the energy 

of mixing and ordering energies, crystalline defects with associated small energies, such as 

stacking faults, twinning, and antisite defects, can also be influenced by strong magnetic fields. 

In practical applications, magnetic processing has proven beneficial in achieving parallelly 

spaced rods aligned along the magnetization direction when processing is undertaken close to 

the intersection of the Curie temperature and the spinodal instability boundary[17]. 

Furthermore, an external field promotes the spheroidization of cementite and prevents its 

directional growth. Additionally, due to the magnetic ordering effect of the field, the recovery 

of ferrite is delayed [18].  

Although significant strides have been made in understanding the effect of external magnetic 

fields on material properties [19-32], atomic-scale analysis of magnetic processing remains an 

avenue worth exploring, especially when the alloy contains solutes that favor the product phase 

while the external magnetic field stabilizes the parent phase.  
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1.2 Research Objective: 

1. To identify chemical decoration states and corresponding thermodynamics in a phase 

boundary and distinguish the dominant mechanism contributing to enrichment: This 

will be achieved by comparing the average composition trend obtained from 

experimental techniques (APT) and comparing it with the diffusion module prediction 

from DICTRA. The experimental observation will account for both kinetic freezing and 

equilibrium contribution to segregation values while the simulation form DICTRA will 

only account for the kinetic freezing and local equilibrium partitioning tendency. This 

can provide us with comparison and a possible explanation to this conundrum.  

2. An experiment to comment on the effect of external magnetic field on the segregation 

ofَMnَatَα/αَgrainَboundaries: The aim is to anneal a medium Mn binary alloy with 

and without the presence of magnetic field and study random high angle grain 

boundaries under atom probe tomography instrument for segregation of Mn and its 

variation with introduction of magnetic field.  

1.3 Thesis Outline 

This doctoral thesis is dedicated to understand the fundamentals of Mn and C enrichment at 

the interfaces in medium Mn steels. Experimental and simulation techniques have been utilized 

and the outcomes are described as follows: 

1. Chapter 1 introduces the motivation behind undertaking this research project. It 

provides a brief introduction to the established knowledge regarding partitioning in 

ferrite growth and magnetic processing and explores possible avenues for 

enhancements. It also highlights open questions within the existing framework and the 

approach adopted to address them. 

2. Chapter 2 discusses previously reported works and the prerequisite knowledge needed 

to understand the subsequent results. Special focus is given to the crystallography of 

the product phase and the partitioning modes 

3. Chapter 3 briefly describes the experimental techniques utilized for conducting 

experiments and analyzing the obtained results. 

4. Chapter 4 details the effect of interface character on the enrichment of carbon (C). It 

observes that the presence of a grain boundary, in conjunction with phase boundaries, 

has a depleting effect on C enrichment at the phase boundaries. Therefore, it maintains 
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that commenting on phase boundary enrichment behavior without considering its 

crystallographic environment can lead to erroneous conclusions. 

5. Chapter 5 deals with phase boundary segregation states where manganese (Mn) is 

observed to segregate in distinct crystallographic features in the phase boundary plane. 

For further analysis, diverse characterization techniques and crystallographic analyses 

are employed. Mn tends to segregate along the misfit dislocations and superledges on 

straight and curved phase boundaries, respectively. The evolution of segregation along 

these features over time helps in understanding the partitioning kinetics. Boundaries 

without any distinct features appear to have the slowest approach to local equilibrium 

concentration predicted by DICTRA, while the superledges exhibit fast kinetics in 

achieving local equilibrium concentration. 

6. Chapter 6 describes how an external magnetic field has no influence on the segregation 

of Mn on ferrite grain boundaries. This is due to the combined effect of annealing 

temperature and magnetic field strength. Without an external field, the bulk and grain 

boundary exhibit different magnetic characters; the bulk is ferromagnetic, and the grain 

boundary is paramagnetic. The introduction of a magnetic field does not change the 

magnetic state, and consequently, the segregation energy does not change. As a result, 

no influence on Mn segregation is observed. 

7. Chapter 7 summarizes the outcomes of the experiments and highlights the main 

conclusions of this research project. Furthermore, it presents an outlook delineating the 

possible scope of future work, including theories that I plan to explore in the future. 
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2. Literature Review 

2.1 Fe-Mn-Al-C low density steels 

Fe-Mn-Al-C steels, originally developed in the 1950s as a replacement for Fe-Cr-Ni steels, are 

currently garnering significant interest for potential applications in structural components of 

the automotive industry due to their lighter weight [33]. This class of steels exhibits an 

impressive combination of superior mechanical performance (ultimate tensile strength: 0.6-2.0 

GPa, yield strength: 0.4-1.0 GPa, elongation: 30-100% [34-37]) and density reduction (1.3% 

density reduction for every 1 wt.% Al [36]). Furthermore, these alloys demonstrate high 

strength and toughness at both room and cryogenic temperatures [34-37], impressive fatigue 

properties [38, 39], and improved oxidation resistance at high temperatures [40].  

Medium Mn steel is an alloy belonging to the Fe-Mn-Al-C system, characterized by a Mn 

content of 3-11 wt.% [41, 42]. The stringent regulations concerning weight reduction, fuel 

economy, and vehicle safety make medium Mn steel a potential candidate for automotive 

applications [43]. Medium Mn steels offer an improved strength-ductility combination and 

lower cost. The addition of aluminum aims to suppress the precipitation of cementite and 

modify the stacking fault energy of the retained austenite, which is present in high fractions in 

medium Mn steel. The stability and properties of this retained austenite can be altered by 

alloying element partitioning during the intercritical annealing stage and by the Mn content of 

the bulk alloy. This further helps in circumventing the overaging of bainite or the quench and 

partitioning treatment of martensite [42, 44].  

Subsequent sections will cover the thermal processing of medium Mn steels, transformation 

crystallography, and mechanisms associated with the nucleation and growth of transformation 

products. 

2.2 Phase Transformation  

Solid-solid phase transformations in steels are categorized into two types: diffusional and 

displacive transformations. Diffusional transformations are reconstructive in nature, involving 

the breaking of atomic bonds and their reorganization into a new crystal structure. Displacive 

transformations, on the other hand, are diffusionless and involve an orderly rearrangement of 

atoms to form a new crystal structure [2, 3]. 
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When a plain carbon steel is heated, it undergoes the following phase transformation: Ferrite 

(α-iron) exists below 912°C and has a maximum C solubility of 0.022 wt.% at 727°C. Austenite 

(γ-iron) can contain up to 2.14 wt.% C at 1147°C and exists between 727°C and 1493°C. For 

iron (Fe)-C alloys with a C content greater than 0.022 wt.%, the austenite start temperature 

(Ae1) remains constant at 727°C, while the austenite finish temperature (Ae3) varies from 

912°C for pure Fe to 727°C for steels with a C content of 0.8 wt.% [3, 45]. It is worth 

mentioning that Ae1 and Ae3 are equilibrium transformation temperatures, while the respective 

non-equilibrium temperatures are denoted as Ac for heating and Ar for cooling. All four 

temperatures (Ac1, Ac3, Ar1, and Ar3) depend on the alloy composition as well as the heating 

and cooling rates [3, 46].  

During the slow cooling of steels with less than 0.8 wt.% carbon, ferrite is the first phase to 

nucleate at the triple junctions of austenite grain boundaries through a reconstructive 

mechanism. It then grows anisotropically along the grain boundaries with an aspect ratio of 1:3 

in length,َresultingَinَtheَformationَofَallotriomorphicَα-ferrite [47]. 

During rapid cooling, when austenite transforms at low temperatures, a displacive mechanism 

dominates,َ resultingَ inَ differentَ morphologies.َ Theseَ includeَ Widmanstättenَ α-plates, 

intermediate bainite morphology consisting of ferrite plates with embedded cementite particles, 

and martensite at the lowest temperatures, where no nucleation or growth takes place [47-51]. 

Subsequently, when martensite is further heated what is achieved is called reverted austenite 

which nucleates preferentially at the prior austenite grain boundaries and sub-block boundaries 

[52]. 

2.2.1 Intercritical annealing 

To achieve an extraordinary balance of strength and ductility in medium Mn steel, retention of 

large amount of austenite is essential. The higher manganese content in medium Mn steel 

compared to low C TRIP or Q&P steel significantly enhances the thermal stability of austenite, 

allowing it to be easily retained at room temperature via a robust annealing process. Intercritical 

annealing (IA), also known as, austenite-reverted-transformation (ART) annealing, is a simple 

yet effective method for this purpose. This process eliminates the need for subsequent bainite 

overaging or martensite quenching-partitioning, making it a straightforward and efficient 

treatment [53-55]. The IA process is currently the most widely used method for heat treating 

such steels, with a large fraction of retained austenite, as high as ~70%, typically achievable 

by controlling IA parameters [56-58]. 



7 

 

A martensitic structure is preferred before intercritical annealing to achieve a duplex 

microstructure with ultrafine grain size. Generally, for hot-rolled samples, martensite is usually 

achieved through quenching [59]. For medium Mn steels, due to their high hardenability, even 

slow cooling can produce martensite [60]. Prior to cold rolling, samples often possess a diverse 

combination of features, including ferrite, tempered martensite, retained austenite, or quenched 

martensite, requiring additional processing steps [61]. After cold rolling, the samples primarily 

comprise martensite formed from the deformation-induced transformation of austenite [62]. 

During subsequent annealing treatment, recovery of deformed martensite occurs. If the 

intercritical annealing temperature is high enough, recrystallization, can also take place. This 

coupled with increased fraction of austenite result in a decrease in strength and enhanced 

ductility. One report indicated an intercritical annealing of 1 hour, for medium-Mn steel 

resulted in 15.7% reversed austenite, appreciable ductility (total elongation of 23%), increased 

strength (ultimate tensile strength of 815 MPa), and no signs of yield point elongation [63]. 

2.2.2 Alternate thermal processing methods for medium Mn steels 

Apart from intercritical annealing, alternate thermal processing methods have also been 

proposed, including quench and partitioning (Q&P) [64-67], interrupted quenching followed 

by intercritical annealing [68], and multi-step annealing [69, 70].  

Q&P processing involves four stages: complete or partial austenitization, quenching to form 

martensite alongside retained austenite, elevated temperature partitioning to enrich the retained 

austenite with carbon, and a final quench to retain the carbon-enriched austenite. Extending 

this technique to medium Mn steels promises better strength and ductility, as the high Mn 

content ensures an increased fraction of the austenite phase rich in carbon. 

Authors of references [69, 70] applied multi-step annealing to medium Mn steels by employing 

repeated martensite formation and reversion of austenite. This routine involved full 

austenitization followed by quenching to achieve an entirely martensitic microstructure. The 

steel is then intercritically annealed at a low temperature, followed by fast annealing at a high 

temperature, a subsequent quench, and finally tempering as the last stage. The aim of these 

stages was reported as follows: low-temperature annealing enriches the austenite with Mn; 

high-temperature annealing makes the austenite lean of Mn, which can transform to martensite 

upon quenching; and tempering enriches the retained austenite with carbon. 

As for interrupted quenching and annealing treatment [68], the steel is quenched from 

austenitization temperature to between Ms and Mf temperature to form martensite and retained 
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austenite. The retained austenite usually has a lower Mn content than the austenite reversed 

from martensite during the annealing stage. Upon final quenching, the retained austenite 

transforms to martensite, while the reversed austenite, enriched with Mn, remains stable. Thus, 

the final microstructure contains fresh martensite, ferrite, and Mn-enriched austenite.  

2.3 Crystallography of transformation products 

For low undercoolings, allotriomorphic ferrite exhibits a distinct orientation relationship (OR) 

with one of the austenite grains [71]. The most commonly observed OR is the Kurdjumov-

Sachs (KS) relationship, which follows: (111)𝛾||(110)𝛼 and < 110 >𝛾 || < 111 >𝛼 [3, 72]. 

Another frequently observed OR is the Nishiyama-Wasserman (NW) relationship, 

characterized by: (111)𝛾||(110)𝛼 and < 110 >𝛾 || < 001 >𝛼 [73, 74]. Generally, the 

nucleated ferrite has either a KS or NW OR with one of the austenite grains and a random 

orientation relationship with the other grain. The latter is more mobile at higher temperatures, 

while the former is dominant at lower temperatures [3]. This results in the allotriomorphs 

having a curved, incoherent phase boundary with one grain and a faceted, partially coherent 

boundary with the other [75, 76]. For the case of reverted austenite, it is reported to have a 

sharp surface relief, and maintains a KS OR with the martensite [77, 78]. In the subsequent 

section different orientation relationships will be discussed in more detail. 

2.3.1 The KS orientation relationship 

The Kurdjumov-Sachs orientation relationship: 

• (111) FCC|| (110) BCC 

• [110] FCC|| [111] BCC 

 

The KS is most commonly observed ORs in experimental analysis of FCC to BCC 

transformation. It describes a special alignment where the closed pack plane (111) in FCC 

aligns perfectly parallel to the closed packed plane (110) in the BCC, and the closed packed 

direction [110] in FCC parallel to the closed packed direction [111] in the BCC (figure 1.1). 

Both BCC and FCC structures have high symmetry. Owing to this high symmetry, multiple 

alignments of FCC and BCC structure exist, in which the KS orientation relationship is 

preserved. As a result, there exists 24 variants of KS orientation relationship: 4 (111) FCC planes 

and 6 (110) BCC planes and corresponding direction in these planes that can be aligned. 
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Variant Parallel Plane Parallel Direction 

V1 (111)𝐹𝐶𝐶||(011)𝐵𝐶𝐶 [1̅ 0 1]𝐹𝐶𝐶||[1̅ 1̅1]𝐵𝐶𝐶 

V2 [1̅ 0 1]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V3 [0 1 1̅]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V4 [0 1 1̅]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V5 [1 1̅ 0]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V6 [1 1̅ 0]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V7 (11̅1)𝐹𝐶𝐶||(011)𝐵𝐶𝐶 [1 0 1̅]𝐹𝐶𝐶||[1̅ 1̅1]𝐵𝐶𝐶 

V8 [1 0 1̅]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V9 [1̅ 1̅ 0]𝐹𝐶𝐶||[1̅ 1̅1]𝐵𝐶𝐶 

V10 [1̅ 1̅ 0]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V11 [0 1 1]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V12 [0 1 1]𝐹𝐶𝐶||[1̅ 1 1̅ ]𝐵𝐶𝐶 

V13 (1̅11)𝐹𝐶𝐶||(011)𝐵𝐶𝐶 [0 1̅ 1]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V14 [0 1̅ 1]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V15 [1̅ 0 1̅]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V16 [1̅ 0 1̅]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V17 [1 1 0]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V18 [1 1 0]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V19 (111̅)𝐹𝐶𝐶||(011)𝐵𝐶𝐶 [1̅ 1 0]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V20 [1̅ 1 0]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V21 [0 1̅ 1̅]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V22 [0 1̅ 1̅]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

V23 [1 0 1 ]𝐹𝐶𝐶||[1̅ 1̅ 1]𝐵𝐶𝐶 

V24 [1 0 1 ]𝐹𝐶𝐶||[1̅ 1 1̅]𝐵𝐶𝐶 

Table 2.1 The KS orientation relationship with 24 variants  

 
Figure 2.1 Schematic diagram illustrating KS orientation relationship. 
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2.3.1.1 Mathematical representation 

FCC (γ) orientation matrixَ‘A’َcanَbeَexpressedَas: 

𝐴 = [[1 1 1]FCC    [1̅ 0 1]FCC    [1 2̅ 1]FCC] 

 

The BCC (α)َorientationَmatrixَ‘M’َcanَbeَexpressedَas: 

𝑀 = [[0 1 1]BCC    [1̅ 1̅1]BCC    [2 1̅ 1]BCC] 

 

The unit vectors for FCC: 

[1 1 1]FCC =
1

√3
[
1
1
1
] , [1̅ 0 1]FCC =

1

√2
[
−1
0
1

] , [1̅ 2 1]FCC =
1

√6
[

1
−2
1

]   

 

The unit vectors for BCC: 

[0 1 1]BCC =
1

√2
[
0
1
1
] , [1̅ 1 1]BCC =

1

√3
[
−1
−1
1

] , [1̅ 2 1]BCC =
1

√6
[

2
−1
1

]   

 

Thus, the FCC (A) and BCC (M) orientation matrix becomes: 

𝐴 =

[
 
 
 
 
 
 
1

√3

−1

√2

1

√6
1

√3
0

−2

√6
1

√3

1

√2

1

√6]
 
 
 
 
 
 

, 𝑀 =

[
 
 
 
 
 
 0

−1

√3

2

√6
1

√2

−1

√3

−1

√6
1

√2

1

√3

1

√6]
 
 
 
 
 
 

 

In order to calculate the transformation matrix, T1=MA-1 

𝑇1 =

[
 
 
 
 
 
 0

−1

√3

2

√6
1

√2

−1

√3

−1

√6
1

√2

1

√3

1

√6]
 
 
 
 
 
 

[
 
 
 
 
 
 

1

√3

1

√3

1

√3
−1

√2
0

1

√2
1

√6

−2

√6

1

√6]
 
 
 
 
 
 

=

[
 
 
 
 
 
 
 √6 + 3

3√6

−2

3

√6 − 3

3√6

2√6 − 1

6

√6 + 3

3√6

−1

6

1

6

3 − √6

3√6

2√6 + 1

6 ]
 
 
 
 
 
 
 

 

Similarly, translation matrix can be identified for other 23 variants as well.  

In practice, a sample seldom possess KS orientation relationship in entirety, Austenite grains 

are found to have from ideal KS to NW and Pitsch orientation relationship as well. Table 1.1 

describes different orientation relationships observed between FCC and BCC crystals.  
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Name Orientation 

Relationship 

Number of 

Variants 

<Axis>angle 

Bain (B) [79] {100} γ|| {100} α 

<100>γ||<110>α 

3 <100>45 

Kurdjumov-Sachs (KS) 

[80] 

{111} γ|| {110} α 

<110>γ||<111>α 

24 <0.97 0.18 0.18>42.85 

Nishiyama Wasserman 

(NW) [81] 

{111} γ|| {110} α 

<112>γ||<111>α 

12 <0.98 0.08 0.20>45.98 

Pitsch (P) [82] {100} γ|| {110} α 

<110>γ||<111>α 

12 <0.08 0.20 0.98>45.98 

Greninger-Troiano 

(GT) [83] 

{111} γ|| {110} α 

<123>γ||<133>α 

24 <0.97 0.19 0.13>44.23 

Greninger-Troiano’َ

(GT’)َ[83] 

{110} γ|| {111} α 

<133>γ||<123>α 

24 <0.19 0.97 0.13>44.23 

Table 2.2 Different orientation relationship with their characteristics: parallel plane and directions, 

variants and angle axis constraint.  

Bain OR represent the simplest OR in material systems, but it is never observed for steels. As 

a result, is it used as a first approximation when FCC to BCC transformation is studied. KS and 

NW ORs are most commonly observed and widely studied, but considering a small angular 

difference between these two orientations, experimental validation on which is the most 

dominant OR is a bit difficult. Greninger-troianoَ(GT)َandَGT’َareَirrationalَORs. When an 

orientation relationship cannot be expressed by low index {hkl}<uvw>, it is termed as an 

irrational orientation relationship [84].  

2.4َKineticsَofَausteniteَ(γ)َnucleation and growth 

Austenite formation is a diffusion-controlled phenomenon, that involves nucleation and growth 

[85-90]. The nucleation site depends on the starting microstructure of the steel. For 

hypoeutectoid steels, the pearlite/ferrite phase boundary hosts the austenite nuclei [85, 90]. In 

martensitic steels, martensitic laths or packets [87-89] and prior austenite grain boundaries aid 

in nucleating the fresh austenite nucleus [88, 91]. In steels with a tendency to form carbides, 

the carbide particles themselves form the nuclei for austenite [86, 90]. However, this 

phenomenon is limited to grain boundary carbides, while carbides within the grain interior 

dissolve into the matrix to supply carbon for austenite [90]. 

When it comes to austenite growth, it further comprises three steps [85, 86, 92-95].  

1. Nucleation of austenite and growth aided by carbide dissolution. 

a. Experimentally not resolvable as pace of growth is very rapid. 
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b. Characterized by high C diffusivity 

2. Austenite growth into neighboring ferrite to attain partial equilibrium. 

a. Intermediate speed of growth 

b. Rate controlling step:  

i. High temperature: C diffusion in austenite 

ii. Low temperature: Mn diffusion in ferrite 

3. Complete equilibrium between austenite and ferrite 

a. Glacial growth  

b. Rate controlling step: sluggish diffusion of Mn in austenite  

The formation kinetics of austenite also strongly depend on the initial microstructure. The 

austenitization rate increases in the following range of microstructures: ferrite with carbide 

precipitates, ferrite/pearlite, martensite, and cold-rolled microstructure [96]. 

2.5َKineticsَandَthermodynamicsَofَferriteَ(α)َformation 

Since nucleation of ferrite has been widely discussed, in this section main focus will be given 

on ferrite growth.  

2.5.1 Interface controlled growth 

During ferrite growth stage, lean alloyed steels exhibit interface-controlled growth, where the 

mutually exclusive atomic transfer across the interface takes place [97]. The interface itself as 

a result becomes a barrier to transfer and needs overcoming through an activationَenergyَ∆Gَ

[97].   

For atomic jump frequency F, by which an atom crosses the interfaces is expressed as: 

𝐹𝛼𝛾 = 𝑣𝑒𝑥𝑝(
∆𝐺

𝑘𝑇
)                  

𝑣 isَtheَcharacteristicَfrequency.َFrequencyَofَjumpَinَtheَoppositeَdirectionَi.e.َfromَαَtoَγَ

phase is given by equation: 

𝐹𝛾𝛼 = 𝑣𝑒𝑥𝑝(−
∆𝐺∗ + ∆𝐺αγ

𝑘𝑇
) 

The difference between the two equations gives the net transfer rate of atoms across the 

interface. By using the width of the interface db, the velocity of interface cab be obtained. For 

very low transformation driving force, ∆𝐺αγ ≪ 𝑘𝑇, the equations take the form [97]: 
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𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒 = 
𝑣𝑑𝑏∆𝐺𝛼𝛾

𝑘𝑇
exp (

−∆𝐺∗

𝑘𝑇
) 

This can be further simplified to [4142]: 

𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒 = 𝑀𝐵∆𝐺(𝑇) 

𝑀𝐵 corresponds to mobility of the interface and ∆𝐺(𝑇) is the free energy change per atom. 

This further help us conclude that velocity of the interface is a product of mobility and driving 

force [97]. The mobility is dependent upon the temperature and assumes the following form:  

𝑀𝐵 = 𝑀𝑜exp (
−𝑄

𝑅𝑇
) 

𝑀𝑜 stands for preexponential factor, Q is atomic jump activation energy, R is gas constant and 

T is the temperature in consideration.  

2.5.2 Diffusion controlled growth  

In alloys with a considerable quantity of solute elements having differing solubilities in 

adjacent phases, the diffusion of elements away from the interface becomes the rate-controlling 

step [97]. The earliest model for understanding diffusion-controlled growth was proposed by 

Zener [98] for the growth of spherical precipitates. Diffusion-controlled growth is quite 

straightforward to explain for binary alloys, where it is assumed that local equilibrium is 

maintained at and near the interface. Hence, the tie-line operations provide the composition of 

phases on either side of the interface. However, this treatment is insufficient when the alloying 

elements have significantly different diffusivities. Various models have been proposed to 

understand the growth of ternary or quaternary alloy systems, which are discussed below. 

2.5.2.1 Paraequilibrium (PE) 

Alloys with composition Fe-C-X-Y, requires defining the diffusion of C (interstitial) and 

element X and Y (substitutional) simultaneously and the diffusion equation becomes [3, 6]: 

(𝐶𝑖
𝛾

− 𝐶𝑖
𝛼)𝑣 = −𝐷𝑖∇𝐶𝑖 

i = C, X or Y. Difference in the diffusion coefficient between C and other elements results in a 

situation where selecting correct tie lines on a phase diagram becomes complex [6]. In order to 

simplify the understanding, one element is considered to diffuse rapidly (C in this case, as it is 

interstitial) and other element (most probably a substitutional) has sluggish diffusion 

throughout the experiment. This phenomenon of partial equilibrium is termed as 

paraequilibrium (PE). The tie lines depicted in figure identify equal Fe/X ratio compositions 
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and chemical potential of C staying stagnant across the phase boundary [7, 99]. Subsequently, 

diffusion of C or other interstitial elements becomes the rate determining step [8].  

 
Figure 2.2: Schematic diagram of phase boundary composition, and diffusion profile for 

paraequilibrium condition from a plane of a quaternary system Fe-C-Mn-Al. 

2.5.2.2 LEP (Local equilibrium with partitioning) and LENP (local equilibrium 

with negligible partitioning)  

The approach is to find the tie line such that at the migrating interface mass balance of C and 

X is preserved [5, 100]. For this, the isotherm is divided into two section namely LEP and 

LENP with the boundary defined as zero partition envelope [101].َAboveَtheَline, tَheَαَgrowthَ

is associated with long-rangeَredistributionَofَCَandَXَinَbothَαَandَγ.َSubsequentlyَgivingَ

growingَαَphaseَtheَnameَpartitionedَαَasَtheَdiffusionَkineticsَisَcontrolledَbyَmobilityَofَ

substitutional element (X). The composition of X identified by LE approach is used in mass 

balanceَequationَandَαَgrowthَkineticsَdefinedَbyَthisَwayَisَknownَasَlocalَequilibriumَwithَ

partitioning.  

For the section below the zero-partitioning envelope, is usually considered for high 

undercoolings, where maintaining LE is thermodynamically feasible but only C exhibits a long-

range redistribution. Since substitutional elements are redistributed, C diffusion becomes the 
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rateَcontrollingَfactorَforَαَgrowth.َTheَCَcontentَatَtheَphaseَboundaryَcan be obtained by 

using the tie-line and by employing the mass balance equation to understand non-partitioned 

α-growth kinetics [102].   

 
Figure 2.3: Schematic diagram of phase boundaries and composition and corresponding diffusion 

profile for LEP and LENP condition from a plane of a quaternary system Fe-C-Mn-Al. 

2.6 Partitioning of solutes and interface enrichment 

A common observation made during partitioning is a spike in the concentration of diffusing 

species, at the phase boundary [9, 103-107]. This concentration spike has multiple origins and 

its subsequent effects. Firstly, the most general approach to understanding the spike stems from 

the idea of grain boundary segregation, which is the Gibbs energy minimization of the system, 

also termed equilibrium segregation. This solute enrichment at the phase boundaries is further 

dependent upon the element in question and the phase boundary character, i.e. coherent, semi-

coherent and incoherent. More details regarding boundary character and its relationship to 

segregation is discussed in chapter 4. Secondly, a less widely discussed mechanism, is non-

equilibrium segregation originating from solute-vacancy complex formation. Lastly, a 

combined effect of the requirement to maintain thermodynamic equilibrium at the phase 

boundary and slow diffusivity in at least one of the adjacent phases results in an elemental 
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composition at the interface, that is much higher than the equilibrium concentration of solutes 

in either phase. This phenomenon of incomplete partitioning kinetics, is also known as kinetic 

freezing [10].  

2.6.1 Effects of solute enrichment 

2.6.1.1 As Solute drag effect 

One of the most interesting outcomes of solute enrichment at phase boundaries is the solute 

drag effect (SDE), which further slows down the transformation kinetics [71, 108-112]. The 

SDE is an extension of the theory developed to describe the retardation of grain boundary 

velocity by the addition of solute elements [113, 114]. Subsequent theories by Purdy and 

Brechet [115] explained SDE in terms of energy dissipation and its relation to interface 

velocity, asserting that energy dissipation is maximum at intermediate interface velocity. Later 

theories by Enomoto [116], incorporated the co-segregation concept into the SDE model and 

reported the enhancement of the enrichment of X (substitutional elements) due to the attractive 

interaction between X and carbon [71]. The parameters used in defining the solute drag effect 

(SDE) in moving boundary problems include dissipation energy, segregation energy of C, X, 

and Y, diffusivity of X and Y at the phase boundary, phase boundary thickness, velocity, and 

the mutual interaction parameter between solute elements. Accurate prediction of these 

parameters is still required. Therefore, even though these models hold considerable credibility, 

proper calibration with experiments is very important. 

2.6.1.2 In practical applications 

In practical experience, if manganese (Mn) segregation at the grain boundaries is sufficient to 

initiate the nanoscale nucleation of austenite, it helps release the elastic stresses in martensite 

and aids in achieving tough and ductile martensite [117]. In the case of phase boundaries, 

carbon (C) segregation at the phase boundary obstructed the emission of phase boundary 

dislocations, thereby increasing the activation stress for dislocation nucleation and 

subsequently affecting plastic deformation [9]. Dislocations in the ferrite grain interiors also 

exhibit Mn segregation, with compositions corresponding to the equilibrium concentration of 

Mn in austenite at that temperature. Multiscale model-based thermodynamic calculations 

concluded that this austenite is defect-stabilized and subcritical, and can be referred to as 

complexions [118].  

As opposed to grain boundaries, where literature concerning segregation and associated 

thermodynamics and kinetics is widely available [114, 119-137], the same cannot be said for 
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phase boundaries, and studies on the decoration states of these boundaries are even more 

limited. The primary objective of my research is to enhance the existing framework and expand 

the current literature by providing new insights and findings. 
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3. Materials and methods 
 

3.1 Alloy synthesis 

The casting of Fe-10Mn-3Al-0.2C wt.% medium Mn steel was performed in a vacuum 

induction furnace. The steel ingots were then reheated to 1,230°C and hot rolled to ~3 mm to 

above 750°C, followed by air cooling to room temperature. The hot-rolled plates consisted of 

a predominantly martensitic structure. The hot-rolled plates were then tempered at 500°C for 

2 hours to soften the material, after which cold rolling with a thickness reduction of 

approximately 50% was performed. 

The casting of Fe-8Mn wt.% binary alloy was done in a vacuum induction furnace. Hot rolling 

was conducted at 1100°C from 60 to 6 mm, followed by oil quenching. The hot-rolled plates 

were subsequently solution annealed at 1100°C for 3 hours. The solution-annealed samples 

were cold rolled to achieve a 50% reduction in thickness. 

3.2 Methods 

3.2.1 Electron backscatter diffraction (EBSD) 

The heat-treated samples were cut in half, and the center of the specimens was ground using 

carbide sandpaper (400-1200 grit size). Subsequently, the samples were subjected to diamond 

paste polishing with 3µm size particles. Final polishing was carried out with an oxide polishing 

suspension. 

A Zeiss Sigma 500 field emission scanning electron microscope (SEM) with a Hikari EBSD 

detector and a Zeiss Gemini 450 equipped with a Velocity EBSD detector were used for 

analysis. OIM Analysis 8 software was used for post-processing the EBSD scans. 

3.2.2 Scanning electron microscope-focused ion beam (SEM-FIB) 

Tips for atom probe analysis and transmission electron microscopy (TEM) were prepared using 

a FEI Helios NanoLab 660i SEM-focused ion beam. 

3.2.4 Atom probe tomography (APT) 

Composition analysis was conducted using a LEAP 5000XR HR with a reflectron and a 

5000XS (Cameca instrument) at 60 K, in laser pulsing mode with a frequency of 200 kHz and 
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a pulse energy of 40 pJ. The reconstruction of the raw data was done using AP Suite, version 

6.3.1. 

3.2.5 Transmission electron microscopy (TEM) 

TEM studies were conducted in a probe-corrected Titan Themis 80-300 (Thermo Fischer 

Scientific) with an accelerating voltage of 300 kV. Composition analysis was done using four 

in-column Super-X detectors with a beam current of 120 kV. The instrument was operated by 

Dr. Vivek Devulapalli. 

3.2.6 Thermodynamic calculations 

Thermodynamic parameters, such as chemical composition and Gibbs energy of phases for 

different annealing or tempering temperatures, were extracted by Thermo-Calc (2024b) using 

the TCFE9 database. The composition evolution during the tempering and annealing process 

was simulated using the MOBFE6 mobility database in DICTRA, Thermo-Calc 2024b. 

3.2.7 Magnetic measurements 

Annealing in the presence of a magnetic field was conducted using the Quantum Design 

Magnetic Property Measurement System (MPMS) with the standard Vibrating Sample 

Magnetometry (VSM) option. 
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4. Effect of interface character and 

misorientation on C and Mn 

segregation 

 

4.1. Introduction 

Solute segregation in metallic materials is often described as the local enrichment in the 

composition at interfaces (typically grain and phase boundaries), defects, or free surfaces [9, 

118, 138, 139] . Thermodynamically, the interaction of solute atoms with various lattice defects 

lowers the Gibbs free energy of the system, thus facilitating the segregation of solutes. Such 

segregation can be controlled through specific thermomechanical treatments, which can result 

in substantial changes in mechanical properties such as strength and fracture toughness [117, 

131].َ Theَmicrostructureَ strategyَ ofَ utilizingَ chemicalَ segregationsَ toَ improveَmaterial’sَ

mechanical performance is termed as segregation engineering. One typical metallic material 

that can benefit from such microstructure approach is steel which represent ~90% of the global 

metallic alloy market. To give an example, C segregation at ferrite grain boundaries has been 

reported to be beneficial for grain boundary strengthening due to is increasing effect on the 

Hall-Petch coefficient [119, 140, 141]. Segregation of manganese (Mn) at the martensitic grain 

boundaries of a Fe-9Mn steel was established to induce nano-scale austenite nucleation which 

thereby improved ductility and toughness [117]. 

There are some distinct differences between phase boundaries and random high-angle grain 

boundaries. Firstly, while a grain boundary (GB) is an interface separating two crystals of the 

same lattice structure and composition, a phase boundary (PB) is the junction of two crystals 

of dissimilar crystal structures and compositions [142]. This discrepancy in the environment of 

the interfaces influences their chemistry and structure, which further affects the solute 

decoration state at these interfaces. Secondly, unlike random high-angle grain boundaries, 

phase boundaries present a higher concentration of stress/strain owing to usually considerable 

mechanical contrast between the abutting phases [143-145]. These two differences are likely 

to result in different segregation driving forces and thus different segregation amount and 

kinetics for certain elements, which might give rise to solute competition when the two types 
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of interfaces coexist in one material. These points are yet to be investigated to enable a better 

control of interface segregation for improved mechanical properties.  

Coherency at the phase interface has been traditionally used to distinguish among different 

boundary types. The presence of identical atomic arrangements both at the interface plane and 

throughout the continuous atomic planes across the boundary, either naturally or through 

imposition (in case of small misfit), resulting in a coherent interface. For large misfits the 

boundary comprises of regions of both coherency and disregistry. When the regions of 

disregistry are sufficiently close that coordination between interfacial atoms is lost, and the 

arrangement of atoms at the boundary resembles that of a liquid state, it is termed an incoherent 

interface. A fully coherent phase boundary can be differentiated from a semi-coherent phase 

boundary by identifying a linear misfit defect, usually a dislocation loop. This can be further 

understood by the fact that coherent precipitates cease to produce a strong diffraction contrast 

when a set of dislocation misfit dislocation loops is inserted at the phase boundary [97, 142, 

146-148]. 

The energy of the boundary varies as its coherency changes. In the case of a phase boundary, 

this energy is defined as the difference in free energy between a system consisting of two 

adjacent crystals with different compositions and crystal structures and the average free 

energies of the two phases, each occupying the same volume as the system including the 

boundary [142]. As is the case with surface energy influencing the heats of sublimation and 

grain boundary energy affecting heat of fusion, energy of phase boundary will inevitably be 

influenced by solute segregation in the semi and incoherent boundaries [149]. In practical 

applications, not all the interfaces exhibit a semi-coherent or coherent character, but rather have 

a spectrum of orientation relationships or even random orientation relationships. Reported data 

shows significant scatter around KS OR [150, 151]. This scatter in habit plane and OR is 

smaller in fcc/bcc interfaces in substitutional alloys than for interstitial ones [152-155]. The 

reasons for observed scatter in orientation relationship (OR) within a sample can stem from the 

minimization of interfacial energy, the interaction between the critical nucleus and the 

nucleation site, as well as elastic and plastic constraints imposed on the interfaces when they 

form under non-equilibrium conditions [156-158]. With the scatter and deviation from perfect 

OR, it is safe to say that the phase boundaries can present a wide range of interfacial energy 

associated with their surfaces. This varying interfacial is likely to cause varying segregation 

driving forces, leading to different segregation amounts and kinetics for certain elements. Thus, 
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the study of orientation dependent segregation is more valuable as it can help in correlating the 

reported phase boundary energies and elemental segregation tendencies. 

Here, C and Mn segregation behavior at the ferrite/austenite phase interface of a two-phase 

medium Mn steel will be presented. By employing correlative TKD-APT and 4D-STEM-APT 

techniques, a significant difference in enrichment behavior of the two elements was observed 

based on ORs.  

4.2. Methods 

A medium Mn steel with a chemical composition of Fe-10Mn-3Al-0.2C (wt.%) was selected 

for this investigation. After austenitization (1000°C-30min), followed by intercritical annealing 

(700°C-30min) and tempering (450°C-2h) treatments, an ultrafine ferrite-austenite laminated 

microstructure is obtained (as shown in figure. 4.1a) in which almost all, if not every, phase 

boundary possesses a Kurdjumov-Sachs (KS) orientation relationship (OR), as depicted in 

figure. 4.1(b). I used atom probe tomography (APT) to study the carbon (C) segregation 

behavior at different types of interfaces which primarily occurs during the tempering treatment.   

 
 Figure 4.1 (a)  Electron backscatter diffraction (EBSD) phase plus image quality map showing the 

microstructure of the investigated medium Mn steel heat treated at 450°C for 2 hours; (b) Interface 

plus IQ map showing highlighted phase boundaries possessing  a Kurdjumov-Sachs (KS) orientation 
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relationship (blue) and no specific orientation relationships (red), (c) Austenite phase map showing γ/γ 

high angle grain boundaries (black), (d) Magnified phase map taken from the rectangular frame 

marked in (a), showing a detailed microstructure of laminated austenite and ferrite microstructure and; 

(e) Pole figure confirming the existence of KS orientation relationship between austenite and ferrite 

phases shown in (d). Scale in (a,b,c) is 5µm and in (d) is 500nm.  

4.3 Results and discussion 

4.3.1 Phase boundary composition analysis 

Figure. 4.2(a) exhibits the C distribution map obtained from the APT analysis, where C-rich 

regions with a concentrationَofَ~1َat.%َcorrespond tَoَaustenite (َγ iَron),َandَC-depleted regions 

(concentrationَ~0.3َat.%)َcorrespondَtoَtheَferriteَ(αَiron)َphases.َAَclearَCَenrichment is 

observedَatَbothَtheَγ-αَphaseَboundaryَ(PB1)َandَγ-γَgrainَboundaryَ(GB1,َfigure. 4.2 a and 

b). Representative one-dimensional C profiles across these two interfaces reveal a different 

segregating amount: a peak value of 1.71 at.% and 2.75 at.% for the region of interest pertaining 

to PB1 and GB1, respectively (figure. 4.2b). However, we observe that not all the phase 

boundaries are enriched with C. The other phase boundary, marked as PB2 in this APT dataset, 

shows a complete absence of C enrichment (figure. 4.2a and c). 

 
Figure 4.2 (a) APT carbon distribution map; GB represents grain boundary and PB represents phase 

boundary; One-Dimensional dimensional (1D) composition profile along (b) the γ/γ grain boundary 

(GB) and (c) two and α/γ phase boundaries (PB1 and PB2); ø=15nm for the ROIs drawn along PB1, 

PB2 and GB. 

4.3.2 In-plane composition analysis  

The discrepancy in the C segregating amount also exists among different local regions within 

one interface. Such heterogeneous C segregation behavior along interfaces can be visualized 
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through an in-plane C distribution analysis that was conducted using an open-source machine 

learning code [159]. The analysis employed convolutional neural network for recognizing 

interfaces in APT dataset, thereby introducing meshes in the boundaries and computing 

chemical composition within each mesh. The results containing PB1, GB1 and the associated 

triple junction are presented in figure. 4.3. It is visible from the two-dimensional C 

concentration mapping that even though there is an overall enrichment of C at PB1 compared 

to the abutting matrix, a decreasing trend of C segregation can be observed close to the triple 

junction (figure. 4.3b). In order to quantify the in-plane segregation behavior, the interface was 

divided into sections, and the average C content was calculated for each section and plotted in 

figure. 4.3(c). It is shown that the C enrichment level reduces continuously from ~2 at.% at the 

farthest end (~120 nm) away from the triple junction to ~1.15 at.% close to the triple junction. 

In contrast for the grain boundary (GB1), the amount of C enrichment increases when the 

location is closer to the triple junction (figure. 4.3c). 

 
Figure 4.3 (a) Carbon distribution map, (b) 2D representation of in-plane C distribution along the 

interfaces PB1 and GB1, (c) Average C concentration in different sections of the phase and grain 

boundary. 
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The above analysis reveals a rather different and heterogeneous C segregation behavior, not 

only among different interfaces (e.g. GB1 and PB1, PB1 and PB2), but also among different 

locations within one interface. Such phenomenon is attributed to the different interfacial energy 

of different types of interfaces, which leads to different segregating potentials for C and thus 

the competition among different segregation sites. It has been reported in pure Fe, Fe-Cu and 

Ni-Cr alloys that the interfacial energy of semi-coherent interfaces is substantially lower than 

that of incoherent interfaces (250-400 mJ/m2 vs. 500-1000 mJ/m2) [160] [19]. Having 

mentioned that most of the phase boundaries presented in the investigated material have a 

coherent or near-coherent character, it is expected for them to show lower enrichment of C as 

compared to grain boundaries. From the above observation it appears that grain boundary acts 

as an extracting agent of C from the phase boundaries.  

 
Figure 4.4 (a) Carbon distribution map, (b) 1D composition profile along two α/γ phase boundaries 

(PB3 and PB4; ROI: ϕ=10 nm), (c) 2D representation of in-plane C distribution along the interfaces 

PB3, PB4 and GB2, (d) Average C concentration in different sections of the phase and grain 

boundaries. 

The above observation of grain boundary acting as an extracting agent for C is not an isolated 

event. A similar behavior is seen in triple junctions observed in samples that are tempered for 

50 hours as well (figure 4.4). It is evident that PB3 has a clear spike in concentration of Mn at 

the phase boundary but such spike is absent for PB4. Only a concentration gradient is present 

at the interface. In-plane composition analysis further helped in realizing the C distribution 
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along the entire grain boundary plane: It reveals similar to the previous results a higher 

concentration of C near the triple junction. This further supports our hypothesis that the grain 

boundary can act as a sink for C specially when a grain boundary is connected to phase 

boundaries at a triple junction.  

Previous results do pose an important question, is there any difference in the character of PB1 

and PB2? and if so to what extent does it affect the enrichment behavior of C in those phase 

boundaries? Furthermore, how will this enrichment appear after the C has been extracted by 

the grain boundary?  

To understand the dependence of C enrichment on slight deviations in the boundary character, 

a cold rolled (50%) medium-Mn alloy of composition Fe-10Mn-3Al-0.2C (wt.%) was 

subjected to inter-critical annealing at 700°C (30 min-water quenched) followed by tempering 

at 450°C (2 hours-water quenched).  Material characterization revealed a finely distributed 

equiaxed morphology containing ferrite and austenite phases (figure. 4.5a). With respect to the 

orientation relationship, the material exhibited boundaries with and without KS OR. Thus, 

making it a suitable candidate to study the dependence of enrichment on the OR.  

 
Figure 4.5 (a) Electron backscatter diffraction (EBSD) phase plus image quality map showing the 

microstructure of the investigated medium Mn steel heat treated at 450°C for 2 hours; (b) OR plus IQ 

map showing highlighted phase boundaries possessing a Kurdjumov-Sachs (KS) orientation 

relationship (blue), near Kurdjumov-Sachs (KS) orientation relationship (yellow) and no specific 

orientation relationships (red). The scale bar is 5µm. 

To further enhance our knowledge on the enrichment of C and Mn at the phase boundary, the 

specimen was studied under APT. Since the sample had submicron sized grains and phase 
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boundaries with and also without a KS OR, site specific lift out in FIB was not possible. 

Therefore, a random lift out was practiced and each tip had to be analyzed for crystallographic 

information of different phases present prior to studying them in APT. Two different 

techniques were employed crystallographic analysis; TKD and STEM.  

4.3.3 Near K-S orientation relationship 

Figure. 4.6(a) depicts the IPF and phase map of the APT-tip. Presence of both ferrite (BCC) 

and austenite (FCC) is evident from the phase map. Elemental map further helps us identify 

the phases, as can be seen from figure. 4.6(b); A Mn and C lean region corresponds to ferrite 

(α)َwhileَtheَMnَandَCَrichَregionَisَausteniteَ(γ).َTheَmisorientationَcalculatedَwasَ~37°,َ

thus deviating from perfect KS OR by ~6°. Based on the peripheral overlap of poles in the pole 

figure in figure. 4.6(d) and deviation from perfect KS OR this PB is classified as a Near KS PB 

and the two phases depicted in figure. 4.6(a) have a Near KS OR between them. To study the  

 
Figure 4.6 (a) IPF and Phase map obtained from Transmission Kikuchi Diffraction (TKD) analysis; 

(b) Elemental (C and Mn) distribution map in different phases (α and γ) achieved through APT analysis; 

(c) 1-d Composition profile of C and Mn along the ROI1 (ø15nm) depicted through arrows in (b); (d) 

Pole figure analysis showing near KS orientation relationship existing between the two phases. The 

scale is 100nm. 
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enrichment at the interface, an ROI was drawn through the position denoted as ROI1 in figure. 

4.6(b). The obtained composition profile can be seen in figure. 4.6(c). Apart from clear gradient 

ofَMnَandَCَbetweenَtwoَphasesَ(α-Mn~5َat.%َC~0.1َat.%َandَγ-Mn~12 at.% C~1.5 at.%), a 

clear spike in the concentration of both the elements can be seen from the plot. Maximum 

enrichment of Mn and C at the interfaces is 17.57 at.% and 2.3 at.% respectively.   

4.3.4 K-S orientation relationship 

Moving on with subsequent APT studies, figure. 4.7(a) shows IPF and phase map of the 

analyzed tip depicting austenite and ferrite phases. As mentioned earlier and in this case as 

well, Mn and C, lean and rich regions correspond to ferrite and austenite respectively. 

Interestingly, the misorientation between two phases is found to be ~43° which is equal to the 

misorientation of a perfect KS OR. Furthermore, the pole figure analysis shown in figure. 

4.7(d) shows substantial overlap of poles thereby confirming the argument on OR based on 

misorientation angle. The ROI drawn to study the composition variation across the interface in 

either phase is shown in figure. 4.7(b). The resultant composition profile obtained shows 

composition gradient between  

 
 Figure 4.7 (a) IPF and Phase map obtained from TKD analysis; (b) Elemental (C and Mn) distribution 

map in different phases (α and γ) achieved through APT analysis; (c) 1-d Composition profile of C and 

Mn along the ROI2 (ø15nm) depicted through arrows in (b); (d) Pole figure analysis showing KS 

orientation relationship existing between the two phases. The scale is 100nm 
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two phases and an enrichment of both Mn and C at the interphase boundary. The Mn 

concentration measured is ~5 at.% and ~12 at.% in ferrite and austenite respectively. C 

concentration is ~0.1 at.% and ~1.5 at.% in ferrite and austenite respectively. A clear spike in 

the composition of Mn and C was observed at the phase interface depicting enrichment of 

elements at the phase boundary. Mn enriched to about 15.28 at.% and C peaked at 2.3 at.% . 

One important thing to note is that despite significantly deviating from KS orientation 

relationship, there was no significant difference in the observed C enrichment behavior. This 

was not the case for Mn, where enrichment went up from 15.28 at.% at KS OR to 17.57 at.% 

at Near KS OR.  

Theَenergy,َstructure,َandَkineticsَofَα/γ phase boundaries are crucial in phase transformations 

and microstructure development in most steels. These factors are significant for understanding 

the mechanical behavior of specific steel classes, such as duplex and transformation-induced 

plasticity (TRIP) steels [158]. Thus, in this section, an attempt is made to understand the 

character of the boundaries mentioned in previous section and its influence on enrichment 

behavior of C and Mn. 

 
Figure 4.8 Variation in enrichment of (a) Mn and (b) C at the phase boundary based on the 

misorientation angle between ferrite and austenite phase. (The standard deviation is for individual 

phase boundary) 

Figure. 4.8 shows the variation of Mn and C enrichment at boundaries with varying orientation 

relationships viz. KS and near KS OR. For the case of Near-KS oriented boundaries, Mn 
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showed significant difference in enrichment as compared to its KS counterparts. It is a well-

established that the enrichment at grain and phase boundaries is dependent upon the boundary 

structure, and is severely impacted as the coherency at the interface increases [133, 156, 157, 

161]. It is thus expected for K-S and N-W interfaces to present lower Mn enrichment as 

compared to a Near K-S interface. This further suggests that the site density or binding energy 

at the K-S or N-W interfaces is lower as compared to the Near K-S or non-KS interface  [103]. 

Mn is not the only substitutional element to show such a behavior, molybdenum and vanadium 

have also been reported to show varying enrichment tendency with a change in OR (between 

non-KS and near-KS) [103, 162]. 

Although Mn showed difference in enrichment on moving from KS to near KS, C had 

comparatively similar range of enrichment across all the misorientation angles and orientation 

relationships. This observation may appear to contradict the abovementioned theory for Mn 

but it is consistent with reported enrichment behavior of C [103]. The reason for C not showing 

any variation in enrichment behavior with change in orientation relationship stems in the 

observation by Hillert [163] whereَtheyَobservedََcarbonَdiffusedَinَtheَαَphaseَfromَnon-KS 

to near-KS oriented boundaries, thus feeding and enriching the near-KS boundaries with carbon 

as well. The observation was consistent over large diffusion distances as well. The difference 

in enrichment behavior of Mn and other substitution elements helps in understanding the 

influence of orientation relationship on the suppression of carbide formation. It was reported 

that with change in OR from non-KS to near-KS, vanadium carbide precipitates were almost 

absent from the PB after isothermal annealing [164].  

From above observation it is clear that even if the two-phase boundaries at the triple junction 

have a slight or significant difference in their character, it does not necessarily manifest itself 

in the difference in C enrichment.  

4.3.5 DFT calculations (Performed by Dr. Ujjal Saikia) 

To achieve a deeper insight of the C segregation competition between austenite GB and PB, 

DFT calculations [165] were performed to determine the segregation energy of C for the two 

segregatingَsites.َΣ11[110]َ50.48°َ(figure. 4a) were used as the representative austenite GB for 

theَDFTَcalculation.َTheَPBَwasَconstructedَbyَjoiningَaَγَ(111)َslabَwithَaَαَ(110)َslabَ

according to the K-Sَinterfaceَorientationَrelationship,َnamely,َ(111)َγَ||َ(110)َαَandَ<110>َγَ

||َ<111>َαَ(figure. 4.9b). With DFT optimized lattice parameters for bulk phases of Fe (2.83 

˚Aَforَαَandَ3.50َ˚Aَforَγ),َ~3%َandَ~1%َstrainsَwereَusedَtoَmitigateَtheَlattice parameter 
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differenceَalongَtheَinterfaceَbetweenَtheَαَandَγَslabs.َForَadequateَrepresentationَofَatomicَ

relaxation of the paramagnetic (PM) state of the austenite phase of Fe, spin space averaging 

(SSA) relaxation method was adopted as described in Refs. [166, 167]. Within this method, 

instead of an instantaneous force resulting from a static magnetic configuration, the atoms are 

displaced according to the averaged force over several (here 15) different magnetic 

configurations. An electronic structure code SPHInX [168] is used for all DFT calculations. To 

identify the potential segregation sites, we consider three different geometric indicators, 

Voronoi volume, Fe-C bond length and coordination number. Initially, C atom is placed at the 

interstitial sites of the GB and PB planes having the maximum Voronoi volume or Fe-C 

distance or minimum coordination number. Thereon atomic relaxation is performed to achieve 

optimized configuration. Following this strategy, a C atom is placed at different sites of the GB 

and PB plane and calculated the segregation tendency of C to these sites from bulk fcc and bcc 

octahedral sites. The most favorable segregation energy for each scenario is shown as a bar 

plot in figure. 4.9c.َTheَsegregationَenergyَofَCَfromَbulkَγَtoَγ/γَGBَisَ-0.91eV, lower than 

the segregation energy to the phase boundary (-0.74 eV). Thus, it is evident from the plot that 

segregationَofَCَtoَγَGBَisَmoreَenergeticallyَfavorableَasَtoَcomparedَtoَKSَoriented phase 

boundary. 

 
Figure 4.9 Schematic view of (a) Σ11 grain boundary, and (b) fcc-bcc KS interface supercell used for 

DFT calculations, (c) The segregation energy of C from bulk bcc and fcc octahedral sites to the most 

favorable sites at the austenite grain boundary and KS oriented phase boundary. 

The difference in the calculated segregation energy between grain and coherent phase 

boundaries further helps to understand the heterogeneous C segregation behavior observed in 

figure. 4.2. Here it is proposed that the solute segregation of one interface has an effect on the 

segregation behavior of the same solute at adjoining interfaces. Since most of the adjacent 
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phases are KS oriented, resulting in much lower segregation energy compared to high-angle 

grain boundaries, it is expected that the grain boundary will be the preferred region for C 

enrichment, as shown in figure. 4.2. These grain boundaries thus serve as a sink for C, which 

reduces its segregating amount at adjoining phase boundaries. This can be visualized from 

figure 4.3, where PB1 shows a decreasing gradient of C concentration towards the triple 

junction and the austenite grain boundary. This effect is more intensive for the case of PB2 

where it was devoid of any C enrichment. In previous studies aboutَsoluteَsegregationَandَit’sَ

engineering methods [169, 170], the interdependency of grain and phase boundaries in trapping 

solute elements is often overlooked. 

4.3.6. Phase interface with small misorientations 

Figure. 4.10(a)َshowsَaَphaseَmapَdepictingَferriteَ(α)َandَausteniteَ(γ)َphaseَpresentَinَtheَ

APT tip. There appears to be no concentration gradientَinَMnَcontentَonَmovingَfromَα2 toَγ2 

(figure. 4.10b and e).  When compared to previous results where there was clear phase 

separation visible based on composition difference this seems like an anomaly. The hypothesis 

to understand this observation liesَinَtheَfactَthatَtheَregionَhighlightedَasَα2 would have been 

γَ(fcc,َaustenite,َparentَphase)َduringَtemperingَandَtransformedَtoَαَ(bcc,َ ferrite,َproductَ

phase) structure during quenching. The foundation of this hypothesis lies in the C atomic 

distribution, concentration profile and density map (figure. 4.10b and e). The density map 

showsَtheَregionَdenotedَasَα2 depleted of C. This depletion of C can very well be attributed 

to carbide precipitation in the vicinity, which could have acted as a sink for C from the 

highlightedَ regionَ ofَ α2. One such carbide particle is shown in figure. 4.10(c). From 

composition analysis of the carbide shows it to be FexCy type of carbide (figure. 4.10e). 

Detrimental effect of C depletion on the austenite thermal stability is well known [41, 171, 

172]. This depletion of C can locally destabilize austenite and thereby increase the probability 

of its transformation during quenching. There are two possible product phases that could have 

formed from austenite: bainite or massive ferrite. The possibilities of each product will be 

investigated based on crystallographic information available from the STEM and APT analysis. 

Forَα2 to be a bainite phase, it has to satisfy the orientation relationship criteria i.e. NW OR 

with the austenite phase into which it is growing [173-176]. As can be seen from figure. 4.10(d) 

there is no overlap ofَpoles,َalsoَtheَmisorientationَbetweenَα2 andَγ2  is also found to be ~10°; 

which is far away from the ideal NW OR (47°) or KS OR (43°). Therefore, despite having 

sameَMnَcompositionَasَtheَparentَaustenite,َtheَα2 cannot correspond to bainite due to OR 

limitation. Coming to massive ferrite, since there is no specific OR requirement for its  
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Figure 4.10 (a) IPF Map obtained after STEM analysis; (b) Mn and C atomic map and C density 

distribution map in different phases (α and γ) achieved through APT analysis; (c) elemental map 

depicting carbide particle; (d) Pole figure analysis showing non-NW orientation relationship existing 

between the α2 and γ2 phases; Composition profile along the (e) ROI1(ϕ=10nm) and (f) ROI2 (ϕ=3nm), 

The scale in (a) and (b) is 100 nm. 
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formation, its nucleation mechanism needs to be discussed [177, 178]. Massive ferrite 

preferentially nucleates with a hemispherical cap shape at the coherent surface of the boundary 

[179] and grows with an incoherentَboundary.َTheَmisorientationَbetweenَα2 andَγ2 is 10°, 

thus very well lying the domain of a low angle grain boundary and is expected to exhibit small 

patches of coherent atomic matching between misfit dislocations. These coherent parts can 

very well act as a potential nucleating sites for massive ferrite and resulting in a ferrite with 

Mn composition same as the parent austenite grain. The low misorientation also explains why 

there was no pre-transformation enrichment visible. 

4.4 Conclusion 

The study expands the understanding of interfacial solute segregation in multiphase steels by 

revealing the thermodynamic competition among different interfaces and its impact on C 

segregation behavior. Both APT results and DFT calculation showed that high-angle austenite 

grainَ boundariesَ tendedَ toَ trapَ aَ higherَ amountَ ofَ Cَ comparedَ withَ coherentَ α/γَ phaseَ

boundaries upon low-temperature heat treatment of a medium Mn steel. Such discrepancy in 

segregation capacity resulted in a rather heterogenous C segregation behavior within the 

interface plane when two types of interfaces joined together.  
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5.َSoluteَdecorationَstatesَatَα/γَphaseَ

boundary 
 

5.1. Introduction 

Interfaces that embellish the multi-phase microstructure, separating two crystals differing in 

Bravais lattice, composition, or both lattice and composition, are classified as phase 

boundaries. Based on atomic matching, these phase boundaries are further categorized as 

coherent (with a continuous boundary plane and lattice), semi-coherent (featuring periodic 

regions of coherency and dis-registry), or incoherent (exhibiting a disordered atomic 

arrangement with a liquid-like atomic coordination) [142, 146]. The fact that phase boundaries 

have a distinct interface structure and chemistry differentiates them from random high-angle 

grain boundaries [180-182]. Additionally, the existing mechanical contrast between abutting 

phases results in high stress/strain concentration at phase boundaries [143-145]. The compound 

effect of these characteristics of phase boundaries affects the yielding behavior [9, 183], 

damage tolerance [107], and hydrogen susceptibility [184] of AHSSs. These interfaces are 

often considered weak links causing material failure; however, they can be modified with 

respect to fraction, chemistry, and structure to enhance the strength and toughness of the 

material [185, 186]. 

In the same modification scheme, medium Mn steels are often subjected to inter-critical 

annealing to create a two-phase microstructure of ferrite and austenite [41, 187]. This 

microstructure typically possesses an ultra-fine grain size with a high area fraction of ferrite-

austenite phase boundaries, which can become the dominant planar defects affecting the 

mechanical behavior of medium Mn steels [188]. Dislocation emission from these phase 

boundaries in the early yielding stage has been observed, suggesting that the large phase 

boundary area can provide a high density of dislocation sources, leading to the rapid 

multiplication of mobile dislocations and influencing the yielding behavior [9]. 

Inter-critical annealing followed by tempering further modifies the chemistry of phase 

boundaries, often expressed through solute segregation [117], depletion [124], or the 

precipitation of second phases [170].  When considering high-Mn steels, C segregation is 

conducive to Mn-C short-range ordering subsequently increasing the stress for interface 
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dislocation nucleation. Short-range ordering has also been observed to enhance radiation 

damage resistance, although specifically for MPEAs [125, 189]. Apart from segregation at the 

phase boundaries, segregation of interstitial atoms at the dislocation has also been reported to 

increase the yield strength by Cottrell-Bilby interaction, albeit in single-phase ferrite 

microstructure [190, 191].َSegregationَofَCَatَ theَα/γَphaseَboundariesَ increasesَ theَyieldَ

strength for micro-yielding by around 100 MPa [9]. It was hypothesized that the strong 

interaction of C with dislocations and ledges present at the phase boundaries increases the 

energy barrier for dislocation nucleation. As in the case of grain boundaries, where solute 

segregation stabilizes the dislocation and ledges [137, 192, 193], and the Hall-Petch coefficient 

Ky increases [140], subsequently increasing the barrier for dislocation emission, the same 

understanding can be extended to phase boundaries as well [194] [195]. Furthermore, as 

suggested by molecular dynamics simulations, atomic reshuffling takes place at the interface 

to support dislocation emission, which could be obstructed by carbon segregation owing to the 

strong localization of electrons at the iron atoms, resulting in the covalent nature of the bond 

between carbon and iron, thereby increasing the energy barrier for atomic rearrangement [196, 

197]. 

Having maintained the role of inter-facial ledges and dislocations earlier, there is no 

exaggeration in saying that the interface structure is one of the most critical factors influencing 

boundary energy and elemental decoration. Generally, as disorder and compositional 

differences increase, boundary energy tends to rise, while boundary friction, inversely related 

to mobility, decreases with greater in-coherency. The energy of coherent phase boundaries 

typically ranges from 2 to 100 mJ/m2, whereas incoherent boundaries are believed to exceed 

several hundred mJ/m2, with semi-coherent boundaries falling in between. There is a 

significant correlation between the heat of sublimation and surface energies, as well as grain 

boundary energy, which is dependent on the adsorption of solute atoms. Consequently, phase 

boundary energies are also expected to be influenced by solute decorations, especially in semi-

coherent and incoherent boundaries [142, 146]. 

While ample data on solute segregation at grain boundaries exists [117, 129, 133, 139], 

research on the structure of inter-phase boundaries and the solute segregation associated with 

them is scarce and needs a thorough investigation. In this work, the aim is to bridge the gap 

between the observed segregation at the phase boundary and the segregation state of elements 

at the phase boundary. 
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5.2 Methods 

A medium Mn steel with a chemical composition of Fe-10Mn-3Al-0.2C (wt.%) was selected 

for this investigation. After austenitization (1000°C-30min) followed by intercritical annealing 

(700°C-30min) and tempering (450°C-50h) treatments, an ultrafine ferrite-austenite laminated 

microstructure is obtained (as shown in figure. 5.1a) in which almost all, if not every phase 

boundary, possess a Kurdjumov-Sachs (KS) orientation relationship (OR), as depicted in 

figure. 5.1(b). Atom probe tomography (APT) is used to study the Manganese (Mn) segregation 

behaviour at different types of interfaces which primarily occurs during the tempering 

treatment.  

5.3 Results and discussion 

5.3.1 Phase evolution and composition  

 

Figure 5.1 (a) IQ+Phase map showing microstructure obtained after annealing for 50 hours at 450°C, 

(b) IQ map showing highlighted boundaries depicting Kurdjumov-Sachs (KS) interfaces (blue) and 

interfaces with random orientation relationship (red), (c) Pole figure showing overlapping closed 

packed planes and direction for the region marked by square in (b),  (d) Mn distribution map obtained 

from APT analysis, (e) 1-Dimensional composition profile across α/γ phase boundary; ROI: φ: 15nm, 

l=40nm, scale bar in (a) and (b) is 5 µm and in (d) is 25 nm 
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The microstructure obtained after the heat treatment routine is shown in figure. 5.1(a), 

characterized by an alternating ferrite and austenite laminated microstructure. The orientation 

relationship between the two phases is predominantly K-S, as highlighted by the blue color in 

figure. 5.1(b). The Mn distribution map obtained from APT analysis is shown in figure 5.1(d). 

The Mn-lean region in the reconstructed tip (AP Suite 6.3.1) isَtheَαَironَ(BCC)َphase,َwhileَ

the Mn-richَregionَisَtheَγَironَ(FCC)َphase. 

Toَstudy tَheَMnَdistributionَacross tَheَα/γَphaseَboundary,َaَ1-D composition profile is drawn 

and shown in figure. 5.1(e). There is a clear concentration difference between the two adjoining 

phases,َwithَapproximatelyَ12َat.%َMnَinَtheَausteniteَ(FCC,َγ)َphaseَandَaboutَ4.5َat.%َinَ

theَferriteَ(BCC,َα)َphase.َAَclearَspikeَofَ~18َat.%َMnَconcentration at the phase boundary 

is also visible.. 

In the subsequent section, the in-plane distribution of Mn and the associated crystallographic 

features leading to this distribution are correlated. 

5.3.2. Features in straight phase boundary 

Reconstructing one of the APT datasets revealed a straight phase boundary separating two 

chemically distinct phases: ferrite (Mn lean) and austenite (Mn rich) (figure. 5.2a). 

Furthermore, equidistant Mn-enriched tubular and linear features, spaced about ~17 nm apart, 

were observed decorating the plane of the straight phase boundary (figure. 5.2b). As known 

from the EBSD analysis, almost all the boundaries have a K-S orientation relationship (KS OR) 

between adjacent phases (figure. 5.1b). The most probable explanation for such atomic-scale 

segregation is that these tubular and linear features likely correspond to steps or interface 

dislocations. 

A density plot of these proposed dislocations is shown in figure. 5.2(b). Here, a pronounced 

presence of Mn (~55 atoms/nm³) can be seen along the highlighted Mn iso-surface in figure. 

5.2(b). The compositional distribution across the parallelly spaced steps yielded the profile 

depicted in figure. 5.2(d). High enrichment of Mn, approximately 19-20 at.%, is evident exactly 

at the proposed interfacial dislocations.  

Previous reports on Mn segregation to dislocations are limited to either matrix dislocations or 

to dislocations present at low-angle grain boundaries [118, 198-200]. Segregation to interface 

dislocation at the coherent/semi-coherent phase boundary is not a thoroughly researched topic. 

So far there has been only one report (Tungsten and Cobalt) on segregation at phase boundary 
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defects has been reported. However, in that case, the regions of interest were multiple atomic 

layers, as the defect plane corresponded to a stacking fault between the fcc and γL12 phases 

[201].  

Theَionَmapَextractedَfromَtheَαَphaseَofَtheَaptَtipَrevealsَpolesَofَ(110)َfamilyَ(figure. 

5.2e). The plane spacing was adjusted by changing the initial tip radius and the final distance 

between each peak of count vs z plot was exactly 0.203 nm between atomic planes (figure. 

5.2f). This initial tip radius was then used for calibrating the APT tip. The red vector denoted 

in figure. 5.2(g) is parallel to one of the proposed dislocations lines and is found to have ~93°, 

51° and 115° with each (110) poles (figure. 5.2h). By employing pole figure analysis, it is clear 

that the dislocation vector has a line direction of <4-41> on (110) boundary plane. Since (110) 

is a primary slip plane for BCC, this linear feature very well satisfies the criteria to considered 

a lattice dislocation and henceforth termed as misfit dislocation [202]. Considering a/2[111] as 

the dislocation burgers vector for K-S OR [151, 180, 203-205], the dislocation line is identified 

to have a mixed character as it makes ~84.2° angle with the Burgers vector. The observation is 

consistent with the reported results for misfit dislocations at the interface with K-S OR [151, 

180].  

In order to further understand the spacing between misfit dislocations, similar boundaries that 

exhibited a KS OR were studied under transmission electron microscope (TEM measurement 

were performed by Dr. Vivek Devulapalli). Figure. 5.3(a) shows the corresponding bright field 

TEMَimageَdepictingَanَα/γَphaseَboundaryَdecoratedَwithَperiodicَstrainَmarksَwithَaَ~18َ

nm spacing. Energy dispersive spectroscopy (EDS) analysis shows high concentration of Mn 

inَtheَγَphaseَandَaَdepletedَαَphaseَ(figure. 5.3b). Adding on, a preferential enrichment of 

Mn is seen in those strain marks (figure. 5.3a). The crystallographic information obtained from 

the TKD of the lamella helped identify that the boundary has a scatter of +0.2° around perfect 

KS OR (figure. 5.3d). Comparing the APT reconstruction and TEM micrograph it very well 

concludes that these features are transformation structures that are reminiscence of austenite 

reversion during intercritical annealing of martensite [52, 77, 78].  

Commenting on the misfit spacing and deviation from exact KS OR is beyond the scope of this 

work, but a qualitative comparison can be made. Traditionally, the spacing between misfit 

dislocation increases with decrease in deviation from coherent orientation relationship, with 

perfect KS OR having no misfit defects. For a 1° and 3.7° angle between closed pack planes 

and direction respectively, misfit dislocations for every third layer of closed packed planes 
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were reported [180]. Atomistic simulation for 3.11° and 4.75° angle between closed pack 

planes revealed a misfit spacing of ~4 nm and ~2.55 nm [181]. Following the same analogy, 

the deviation for the observed interface in figure. 5.3(a) is only ~0.28° and ~0.27° between the 

close-packed planes and direction. Therefore, it is logical to expect that the misfit dislocations 

will have a larger spacing between them. The observed distance between strain marks is 

approximately 20 nm. If the traditional formula for misfit dislocation spacing, considering 

deviation from perfect coherency orientation, is used, it overestimates the spacing by a factor 

of two (47 nm). This discrepancy is well within the acceptable limit, as the true nature of the 

boundary is not known. It is unclear whether it is a tilt or twist boundary, or if the dislocation 

is full or partial. 

 

Figure 5.2 (a) Mn distribution map obtained from APT analysis showing α and γ phases with 

highlighted phase boundary, (b) Enrichment of Mn along the linear features, (c) Mn density map, (d) 

1-Dimensional composition profile across linear features shown in (b) (ROI ϕ=5nm), (e) Ion hit map 

obtained from α phase in the apt tip showing (110) family poles, (f) Atomic planes obtained from each 
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of the poles,(g) Extracted dislocations from the APT data with dislocation direction, (h) Angle between 

dislocation vector and three poles, (i) Pole figure with three poles and the correspond dislocation 

vector, Scale in (a) and (b) is 25 nm.   

 

Figure 5.3 (a) Bright field TEM image of α/γ phase boundary, (b) EDS phase map of the region enclosed 

in (a), (c) Inverse pole figure of the enclosed region in (a); scale bar is 50nm, (d) Angle-axis 

misorientation. Scale in (c) is 50nm (Measurements performed by Dr. Vivek Devulapalli) 

5.3.3. Features in curved phase boundary 

On analyzing one of the curved phase boundaries, it was observed that the entire phase 

boundary surface had a serrated or stepped appearance (figure 5.4b), unlike straight boundaries. 

These features appear to be interface ledges or facets. Furthermore, apart from an overall 

enrichment of manganese at the phase boundary, a preferential presence of Mn was recorded 

in the density plot exactly at the facet junctions (figure. 5.4c). 

To get a glimpse of the concentration of Mn enrichment in these proposed features, 22 at.% 

concentration surface was observed, which revealed Mn atoms preferentially segregating along 

these junctions (figure. 5.4d). Performing a 1-D concentration analysis along the ROI to get 

concentration variation across the proposed ledges, we found the variation of Mn enrichment 

to range between ~21 and 23 at.%, which is about 3 at.% higher than what is observed for the 

case of dislocations (figure. 5.4e). Unlike grain boundaries, where observing segregation at the 
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interface facets is very common [126, 134, 206-208], the same has not been reported for phase 

boundaries, especially when a coherent or nearly coherent interface is involved. 

 
Figure 5.4 (a) Mn distribution map obtained from APT analysis showing α and γ phases with 

highlighted curved phase boundary, (b) Phase boundary with steps, (c) Mn density map, (d) 

Significantly high Mn atoms along linear features, (e) 1-D composition profile across the ROI (ϕ=5nm) 

shown in (d). Scale in (a) is 25 nm.  

TEM analysis was further performed on a TEM lamella from the same sample to gain insight 

into the nature of these ledges/facets, as depicted in figure. 5.5 (Measurement performed by 

Dr. Vivek Devulapalli). It is evident that as the interphase boundary betweenَtheَγَandَαَphasesَ

starts to change its curvature, steps begin to appear denotedَasَPα1,َPα2,َPγ1 andَPγ2. Since the 

observed phase boundary does not have an edge on orientation, the identification of boundary 

plane indices is not straight forward. By employing boundary trace analysis, planes with up to 

(555) indices were identified and corresponding misorientation tolerance of 2° (M1) was 

considered. As mentioned earlier, the boundary has significant inclination, another parameter 

was considered, angle with vertical axis (V1). Therefore, indices making 70-90° angle with the 

vertical axis were discarded. Another important parameter to be considered is distance in 
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degrees from the trace of the plane inَeachَcrystalَsystemَ(TαَandَTγ).َItَisَevidentَfromَtheَ

Table. 5.1 thatَamongَtheَsetَofَplanesَascribedَforَPα1 andَPγ1, there are two combinations; 

(435)α, (302)γ and (445)α, (504)γ are very close to (111)α and (101)γ. This is in correspondence 

with Greninger–Troiano (GT’) orientation relationship [83, 209], (111)α||(110)γ ; an irrational 

orientation relationship [210].َAsَforَtheَstepَdenotedَbyَPα2 andَPγ2, two set of planes were 

identified and neither of them can be reduced to set of planes known for reported rational or 

irrational orientation relationships.   

 

Figure 5.5 (a) Bright field TEM image of α/γ phase boundary, (b) Magnified image of the curved 

interface with ledges separating the α and γ phases, inset has the diffraction pattern of the interface 

seen along <001>α||<110>γ direction (Measurements performed by Dr. Vivek Devulapalli). 

Pα1 Pγ1 M1 (°) Tα (°) Tγ (°) V1 (°) 

(211) (253) 1.49 9.46 9.06 35 

(435) (302) 1.95 2.06 3.16 55 

(534) (153) 1.13 5.39 5.07 44 

(445) (504) 1.76 8.64 7.6 58 

 

Pα2 Pγ2 M1 (°) Tα (°) Tγ (°) V1 (°) 

(315) (140) 0.58 3.9 3.5 60 

(515) (100) 0.61 3.23 2.94 45 

Table 5.1: Probable indices of the boundary plane and associated misorientation between them, 

distance in degrees from the trace and angle from the vertical axis. 
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This is consistent with the requirement for multiple height facets to exist; multiple height facets 

can only exist if the facets have irrational or high-index planes [202]. In conventional literature, 

such crystallographic features are termed superledges. These should not be mistaken for 

transformation ledges, which are primarily formed during phase transformations to 

accommodate transformation strain due to phase changes. One such ledge is shown in figure. 

5.6. Transformation ledges tend to form in straight phase boundaries where it is easier to 

accommodate shear [211, 212]. Most common example of transformation ledges is seen in 

nucleation and growth of proeutectoid ferrite in steels [213].  Multiple height ledges observed 

on a curved boundary indicate complex interactions between growth processes, impurity 

effects, and strain minimization mechanisms. When a curved boundary exists, the curvature 

leads to variations in local strain, making it energetically favorable for unit steps to bunch 

together, forming superledges to reduce the overall strain energy [202, 214]. 

In crystal growth, superledges provide sites for the incorporation of atoms, facilitating the 

advancement of the growth front. They are particularly beneficial in minimizing surface energy 

during the addition of new atomic layers. These ledges help to reduce the overall energy of the 

system by accommodating local variations in strain and facilitating the movement of the 

interface during growth or transformation. Impurities and extrinsic dislocations can pin unit 

steps, encouraging their aggregation into superledges. These interactions help stabilize the 

interface by reducing local strain concentrations and facilitating smoother transformation or 

growth processes [97, 202]. 

In one reported work [215], curved phase boundary with high index planes are also called as 

quasi ledges. Quasi-ledges are specialized structural features that form at high-energy, curved, 

or irregular interphase boundaries in crystalline materials. Unlike regular ledges, which are 

typically associated with planar and low-energy interfaces, quasi-ledges develop as the 

boundary navigates around obstacles such as precipitates. These obstacles pin sections of the 

boundary, causing it to bow and create a series of steps or quasi-ledges. This bowing action 

and step formation help to accommodate local variations in strain and reduce the overall energy 

of the system. Quasi-ledges are crucial in managing the complex interactions between the 

migrating interface and the precipitates, effectively distributing the strain and stabilizing the 

interface.  
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Figure 5.6 (a) Mn distribution map obtained from APT analysis showing α and ϒ phases with 

highlighted curved phase boundary, (b) Phase boundary with steps with Mn density map showing high 

intensity of Mn at the steps, (c) Significantly high Mn atoms along linear features, (d) 1-D composition 

profile across the ROI (ϕ=5nm) shown in (d). Scale in (a) and (c) is 20 nm.  

Considering the above-mentioned characteristics of superledges, it is reasonable to conclude 

that the observed superledges in figure. 5.4 and 5.5 are primarily associated with diffusive 

transformation [97, 202, 216] rather than a displacive one. Since these ledges were observed in 

the growth direction of austenite lamella, and the temperature of tempering favors ferrite 

growth, it is most probable that these features are remanence of the austenite growth structure 

during intercritical annealing at 700°C.  
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5.3.4. Time dependent evolution of enrichment 

 

Figure 5.7 Heat treatment schedule with microstructure developed after quenching from (a) 1000°C-

30 min, (b) 700°C-30 min (IA), (c) 450°C-2 hours (T2), (d) 450°C-50 hours (T50), (e) 450°C-200 hours 

(T200) 

In order to understand how the enrichment in these features is changing with time and how 

does this relate to the observed enrichment in APT results, sample achieved after intercritical 

annealing (700°C-30min WQ) is subjected to varying tempering time, 2, 50, 200 hours. 

Resulting microstructure is presented in figure. 5.7 (c) through (e). The abbreviations from now 

will used as such: IA-intercritically annealed sample, T2-tempered for 2 hours, T50-tempered 

for 50 hours, T200- temperedَforَ200َhours.َItَisَevidentَthatَtheَphaseَfractionَofَferriteَ(α)َisَ
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increasing with increasing tempering time. This also indicates that partitioning is actively 

taking place between austenite and ferrite.  

 

Figure 5.8 Mn distribution map across α/γ phase boundary for samples (a) IA, (b) T2, (c) T50, (d) T200, 

(e) composition profile across ROIs (ø15nm). Scale is 100nm  

To get an idea on how does the enrichment at the interfaces vary with time, samples were 

extracted from each sample and studied under APT.  The Mn distribution map for varying 

tempering time is show in figure. 5.8. It is evident from figure. 5.8 (e) is that before tempering 

no enrichment of Mn is observed in IA sample. Thereby confirming whatever peak 

concentration will be seen hereon, will be purely an outcome of mechanisms taking place 

during the tempering operation. Furthermore, it can be concluded form figure. 5.8 (e) that as 

the tempering time is increased the peak enrichment at the phase boundary increases. In order 

to account for the peak broadening, the machine learning code used in section 4.3 is employed 

here as well and the average composition at the interface is shown in figure. 5.9. It is important 

to mention here that only those parts of the interface were used to study the concentration where 

distinct crystallographic features like facets or dislocations were not visible.  It is evident from 

the figure. 5.9 that there is a gradual increase in Mn enrichment at the phase boundary.  The 

average Mn enrichment increased from ~14.2±1.56 at.% for T2 to 18.05±2.37 at.% for T50 

samples, and finally for T200 samples the calculated enrichment is 20.25±2.57 at.%.   
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Figure 5.9 Average Mn enrichment at the phase boundary for different tempering time. 

In order to understand the behavior of phase boundaries in terms of Mn enrichment, a DICTRA 

simulation was conducted for a moving phase boundary so that diffusion of elements between 

austenite and ferrite during tempering operation can be studied. Since PE and LENP mode of 

growth are not expected for the current experimental procedure [217], LE growth mechanism 

was used for the simulation. Starting input composition for the running the diffusion simulation 

were extracted from APT composition for IA samples. The obtained diffusion profile is 

depicted in figure 5.10. Prima facie, simulation results do not quite resemble the experimental 

results. With T2 samples showing highest enrichment of ~29.56 at.%, and then a slight decrease 

in peak concentration was observed (~29.3 at.% for T50 and T200 samples). As for T50 and 

T200 samples showed miniscule change in peak enrichment (0.03 mole percent) but the peak 

broadening is observed as well as phase boundary has moved into the austenite phase indicating 

ferrite growth. Since, DICTRA does not consider the equilibrium segregation at the phase 

boundary, the observed peak in concentration at the interface can only be an outcome of either 

local equilibrium or kinetic freezing.  
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There is significant difference in experimental observation and simulation results specially for 

T2 samples. Experimentally it is unviable for Mn, owing to slow kinetics at 450°C to show 

significant partitioning in just 2 hours of tempering. The origin of discrepancy lies in the local 

equilibrium mechanism included in simulation. The DICTRA module forces a local 

equilibrium at the interface and consecutively a sharp peak may appear for Mn even for T2 

samples. Furthermore, the narrow peak observed for T2 sample, is also prone to errors as the 

module does not take the gradient energy into account which prevents peak narrowing [217]. 

Apart from local equilibrium considerations, kinetic freezing may also be playing a significant 

role in peak in Mn composition profile which at this stage cannot be concluded with full 

certainty. 

 

Figure 5.10 DICTRA simulation of Mn profile across the ferrite austenite phase boundary for (a) Local 

equilibrium condition, (b) Magnified portion of red box in (a) 

 

5.3.5 Enrichment at the straight boundary features (misfit dislocations) 

In Section 5.3.2, it is established that the features observed in straight phase boundaries are 

misfit dislocations. This section will discuss the segregation to these features. Dislocations 

provide favorable sites for equilibrium segregation owing to free spacing along the dislocation 

line. Variation of Mn segregation with tempering time, provides an idea on how does 

equilibrium segregation evolve with time. Figure 5.11(a) represents Mn segregation observed 

along misfit dislocations in T2 sample. Composition variation across different misfit 

dislocations is presented along ROI1 and the corresponding graph. It is evident from graph, 
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that for 2-hour tempering, quite weak segregation is seen at the misfit dislocations, i.e. 14.5 

atom% along the enrichment lines. Meanwhile the base concentration is still the same as the 

bulk austenite Mn composition (~12.5 atom% Mn). For T50 samples, both the misfit 

dislocation segregation and the base line composition increase, with ~19 at.% of Mn observed 

a the dislocations, and ~14 at.% Mn at the base line composition. T200 sample showed a further 

increase in Mn segregation at the misfit dislocations (~21 at.%) and the base line composition 

reaching up to 16 at.%. 

 

 

Figure 5.11 Mn enrichment along misfit dislocations in (a) T2, (b) T50 and (c) T200. (ROI ϕ=5nm) 

Scale is 50 nm 

5.3.6 Segregation at curved phase boundary features (Superledges) 

Superledges serve as the building blocks of multiatomic steps, aiding phase boundaries in 

traversing curvature. As mentioned in section 5.3.3 that these features can host Mn atoms either 

on their high index planes or at the facet junctions by the mechanism of equilibrium 

segregations. In this section, variation in Mn segregation in these superledges with tempering 

time will be discussed.  Figure. 5.12 (a) shows a curved phase boundary for T2 sample, and the 

associated superledges and preferential linear Mn segregation with this boundary is shown in  
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Figure 5.12 (a) Mn distribution map obtained from APT analysis showing α and γ phases with 

highlighted curved phase boundary for T2 sample, (b) Phase boundary with steps, (c) Significantly high 

Mn atoms along linear features, (d) Mn density map, (e) 1-D composition profile across the ROI 

(ϕ=5nm) shown in (d). Scale in (a, c, d) is 50 nm.  

 

Figure 5.13 (a) Mn distribution map obtained from APT analysis showing α and γ phases with 

highlighted curved phase boundary for T50 sample, (b) Phase boundary with steps, (c) Significantly 

high Mn atoms along linear features, (d) Mn density map, (e) 1-D composition profile across the ROI 

(ϕ=5nm) shown in (d). Scale in (a) is 25 and (c) is 50nm .  
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Figure 5.14 (a) Mn distribution map obtained from APT analysis showing α and γ phases with 

highlighted curved phase boundary for T200 sample, (b) Phase boundary with steps, (c) Significantly 

high Mn atoms along linear features, (d) Mn density map, (e) 1-D composition profile across the ROI 

(ϕ=5nm) shown in (d). Scale in (a) is 100 nm, (c) is 50 nm and (d) is 25 nm.  

Figure. 5.12 (c) and (d) respectively. To get a better understanding, a density mapping of Mn 

atom is shown figure. 5.12 (b), with high density of Mn exactly at the superledge junction.  In 

order to quantify the segregation an ROI is constructed across the linear Mn segregation and 

the composition profile obtained along the ROI is presented in figure 5.12 (e). Maximum 

segregation of ~18 at.% Mn is observed in the superledge. Meanwhile the base line 

concentration is ~11 at.% Mn. To get a trend of Mn segregation with tempering time, similar 

features were identified for T50 and T200 samples as well and the result is showcased in figure. 

5.13 and 5.14 respectively with legends same as T2 sample in figure. 5.12. The density of Mn 

in super ledges shows a gradual increase, 10 atoms/nm3 for T2 to 57 atoms/nm3 in T50 and 

finally 164 atoms/nm3 for T200. To quantify the segregation in superledges, ROI across linear 

features were constructed. It is evident from figure. 5.13 (e) and 5.14 (e), there is an increase 
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in peak Mn segregation along superledges (23 at.% for T50 and 29 at.% for T200). Apart from 

Mn segregation along the superledges, base line Mn concentrations is also witnessed to have 

increase from 18 at.% for T50 sample to 22 at.% for T200 sample.   

5.3.7 Equilibrium segregation Vs Kinetic freezing 

Since equilibrium segregation at the phase boundary is expected to increase with tempering at 

lower temperature and time [9], comparing the increase in segregation to these features can 

provide with an insight into segregation states and their respective mechanism.  

 
  Figure 5.15 Variation of Mn enrichment with tempering time for different crystallographic feature 

observed experimentally and the peak composition extracted from, DICTRA module. 

In figure 5.15, a compilation of enrichment values for different features (misfit dislocations, 

superledges, baseline, DICTRA prediction, and average values calculated from boundaries free 

from distinct dislocations or superledges) and conditions with time is presented. It is important 

to note that at 450°C, the diffusion of Mn in austenite is very slow. This low mobility primarily 

contributes to the accumulation of Mn at the phase boundary instead of its diffusion away. 
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The discrepancy between DICTRA predictions and the experimental observations can be 

understood as follows: the continued increase of Mn enrichment at the phase boundary with 

increasing time hints towards a kinetic transition from paraequilibrium (PE) - where there is no 

partitioning of substitutional elements - to a quasi-paraequilibrium partitioning mode (QPE). 

QPE is a condition where the system, constrained by kinetic limitations, exhibits slow 

diffusivity of substitutional elements, thus hindering the complete homogenization of solute 

distribution across the phase boundary or within the phase itself. The system is in a state 

between nonequilibrium and full equilibrium. Therefore, it is understandable why the 

experimental Mn enrichment is low in the early stages of tempering. During PE mode, no 

partitioning would have taken place, and with the kinetic transition, it starts increasing slowly, 

approaching the simulation value by 200 hours [218]. This also explains the rise in the 

enrichment baseline for both misfit dislocations and superledges, as well as for the composition 

obtained from feature-free portions of the phase boundary. 

Another question may arise: although the diffusion of Mn is slow, why does diffusion away 

from the interface not increase significantly as tempering time approaches 200 hours? This can 

be understood by considering that the ferrite-austenite interface is moving throughout the 

experiment, which means a continuous flux of Mn atoms moves towards the interface, thereby 

maintaining the Mn peak. Thus, a metastable state exists where the phase boundary continues 

to accumulate Mn due to the ongoing phase transformation. Theoretically, if the timescale of 

the experiment were indefinitely extended and no additional Mn were introduced to the 

interface, the Mn peak would eventually disappear as diffusion away from the interface would 

then balance the concentration gradient. However, in practical scenarios, this time could be 

quite long. 

As for the segregation in dislocations and superledges, Mn segregation in these features tends 

to stabilize the concentration profile by acting as sinks and trapping Mn because of their strain 

fields and binding energy. These dislocations can also act as additional pathways for Mn 

diffusion, behaving as a persistent source of Mn for the phase boundaries and continually 

feeding Mn to them. It is important to note that maximum segregation of Mn is witnessed at 

the superledges for T200 samples. This means that the superledge’s concentration is fast 

approaching the steady-state condition specific to the local environment of the phase boundary 

and is achieving local thermodynamic balance with the surrounding matrix. 
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5.4 Conclusion 

In this research, an investigation was conducted to study the behavior of Mn segregation in Fe–

C–Mn-Al medium Mn steel at 450°C, focusing on the role of phase boundaries features on the 

enrichment behavior of alloying elements. The study reveals several important observations 

regarding the thermodynamic and kinetic processes governing the solute redistribution in this 

system. 

1. The straight phase boundaries contain misfit dislocations with a mixed character. These 

dislocations serve as effective sites for Mn segregation. 

2. Curved phase boundaries are characterized by the presence of superledges. These 

superledges are decorated by Mn segregation, although the true position of this 

segregation is not known (i.e. is it at the junction or at one of the facet planes). Notably, 

the Mn segregation at superledges approaches near-local equilibrium with the matrix, 

highlighting their importance in achieving localized thermodynamic balance. 

3. Mn segregation is observed in both misfit dislocations and superledges and at the phase 

boundaries without any distinct crystallographic feature. The extent of segregation is 

influenced by the feature that decorate the phase boundaries. While Mn segregation at 

superledges reaches near-local equilibrium, the overall phase boundary does not attain 

local equilibrium due to kinetic constraints at 450°C. 

4. The phase boundary as a whole exhibit a quasi-paraequilibrium state. This state is 

characterized by partial equilibrium where fast-diffusing species like carbon may attain 

local equilibrium, but slower-diffusing Mn remains kinetically constrained. This results 

in an Mn spike at the Phase boundary that is lower than the local equilibrium 

partitioning peak value. 
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6. Effect of external magnetic field on 

Mnَsegregationَatَα/αَgrainَboundaries 
 

6.1 Introduction 

Grain boundaries are two-dimensional defects where two or more regularly arranged atomic 

lattices meet. When the abutting crystals have different orientations with respect to each other, 

there exist a local structural disregistry due to the lattice mismatch and a resultant excess energy 

which is generally reduced by equilibrium segregation [219-221]. Segregation at grain 

boundaries usually leads to varying outcomes. To begin with, enhanced cohesion at the 

interface can be achieved through dislocation pinning or stabilization of the boundary, such as 

when boron occupies high-energy sites. Furthermore, segregation at the grain boundary can be 

a precursor to phase transformation. Additionally, segregation may promote formation of 

second phases at the enrichment boundary (complexion, precipitation or boundary phase 

formation). Segregation at the grain boundaries is conceivable through following measures: 

inherent elemental decoration from previous thermomechanical processing (enrichment in 

prior austenite grain boundaries) or upon tempering after quenching (at ferrite grain 

boundaries) [117, 128, 133, 139, 222].  

In recent years, annealing in tandem with magnetic field (MF) with or without in synergy with 

strain has gained significant importance. Inherent material characteristics like susceptibility, 

lattice structure etc. react differently to external field which helps in realizing a multitude of 

interesting microstructural features and enhanced mechanical properties [223-226]. Monte 

Carlo simulations of HCP systems revealed that susceptibility difference between basal plane 

and c-axis influence the microstructure evolution albeit qualitatively [227].  It was further 

reported that permeability difference between matrix and product phase has an effect on the 

precipitation of the latter. Lower permeability of the product phase than the matrix inhibits its 

precipitation and vice versa [29]. High external magnetic field (120-kOe) presents an 

opportunity to increase the tensile strength (~6%) and Brinell hardness, by increasing the 

carbon content of the matrix and inhibiting primary cementite precipitation [228]. It was 

reported for ferromagnetic substitutional alloying elements (Co, Ni), external field reduces the 

diffusion coefficient as with magnetic field, ordered arrangement of atoms makes the atomic 
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jump difficult [27]. For carbon, annealing above the Curie temperature the diffusion coefficient 

and distance both increased with increasing field strength [24].  

Lately, the concept of magnetic annealing has been extended to grain boundaries as well [229]. 

Magnetic field processing has been reported to increase the frequency of low Σَandَlowَangleَ

grain boundaries. Furthermore, a field of 8T resulted in an increased sharpness in texture which 

furtherَenhancedَtheَoccurrenceَofَlowَΣَboundariesَ[230-232]. In Ni with a nanocrystalline 

microstructure, magnetic annealing successfully helped suppress the abnormal grain growth 

[233, 234].  

Considering the significant impact of magnetic annealing in altering grain boundary properties 

and the crucial role of boundary segregation in enhancing the mechanical performance, the 

field effect on boundary segregation is worth investigating. So far there has been only one study 

reported for the field effect on tin segregation in Fe-Sn alloy, and it reported that segregation 

decreases with the introduction of a field during annealing [235]. But a similar study is missing 

for Fe-Mn alloys. Several articles do study the effect of a field on the transformation 

temperature in Fe and Fe-C alloys and associated energetic study [23, 28, 29, 228, 236-238], 

but the effect of a field on segregation that eventually forms the precursor for transformation 

is still required. In subsequent sections, an investigation is made to understand experimental 

observation by complimenting it with reported energetics analysis.  

6.2 Methods 

6.2.1 Experiment 

The Fe-8Mn wt% alloy was subjected to an annealing process at 450°C for 5.5 hours, both in 

the presence of a 9 Tesla magnetic field and without the field. The heating and cooling rate 

used was 20 K/min. After the annealing treatment, the subsequent segregation of Mn at the 

ferrite grain boundaries was studied using Atom Probe Tomography (APT). 

The magnetic response was evaluated using the Quantum Design Magnetic Property 

Measurement System (MPMS) equipped with a standard Vibrating Sample Magnetometry 

(VSM) option. For these measurements, cuboid specimens with dimensions of 3 mm × 2 mm 

× 1 mm (length × width × thickness) were used. 
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6.2.2 Calculations 

6.2.2.1 Magnetization 

Application of a magnetic field, aligns the magnetic moment of a ferromagnetic material in a 

direction parallel to the applied external field. This increases the exchange interaction and 

further enhances the magnetization. Using Weiss molecular field theory [28, 238, 239], 

magnetization (M) can be expressed as:  

                                                        𝑀 = 𝑁𝑚𝐵𝑗(𝛼)                                           (1) 

where 

                                 𝐵𝑗(𝛼) =  
2𝑗+1

2𝑗
coth (

2𝑗+1

2𝑗
𝛼) −

1

2𝑗
𝑐𝑜𝑡ℎ(

1

2𝑗
𝛼)                    (2)              

                                                         𝛼 =
𝑚(𝐻+𝜆𝑀)

𝑘𝑇
                                             (3) 

                                                     𝜆 =
3𝑗𝑘𝑇𝑐

𝑁𝑚2(𝑗+1)
                                                 (4) 

In above equations,َNَcorrespondsَ toَAvogadro’sَconstant,َHَisَ theَ intensityَofَanَappliedَ

externalَmagneticَfield,َλَisَtheَmolecularَfieldَconstant,َkَisَtheَBoltzmannَconstant,َTc is the 

Curie temperature, T is the temperature of annealing, m is magnetic moment of the phase and 

j is the quantum number referring to atomic angular momentum. Referring to previous reported 

values j will be used as 1 [238, 239]. 

For paramagnetic phase, the magnetization is given by [240]:   

  𝑀 = 𝑁𝜇𝜇𝑏𝐵𝑗(𝑥)                                            (5) 

Where x takes the form [241],  

𝑥 =  
𝜇𝜇𝑏𝐻

𝑘𝑇
                                                     (6) 

For small x, the Brillouin function can be approximated  𝐵𝑗(𝑥) ≈ 𝑥 [242].َNَisَAvogadro’sَ

number, µ is Bohr magneton number, µ𝑏 is Bohr magneton, H is applied external field, k is k 

is Boltzmann constant and T is annealing temperature. 

6.2.2.2 Thermodynamic calculation 

The Gibbs free energy of a ferromagnetic material consists of two components: Chemical 

contribution and magnetic contribution. 
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                                              𝐺𝑇𝑜𝑡𝑎𝑙
𝜙

= 𝐺𝑐ℎ𝑒𝑚
𝜙

+ 𝐺𝑚𝑎𝑔
𝜙

                                      (7)                                                               

The magnetic field energy further can be described as a combination of external and internal 

magnetic free energy. 

                                         𝐺𝑚𝑎𝑔
𝜙

= 𝐺𝑚𝑎𝑔,𝑖𝑛
𝜙

+ 𝐺𝑚𝑎𝑔,𝑒𝑥
𝜙

                                      (8)  

Where 𝐺𝑚𝑎𝑔,𝑖𝑛
𝜙

 is expressed as (by Hillert et al. [243]):  

                                          𝐺𝑚𝑎𝑔,𝑖𝑛
𝜙

= 𝑅𝑇𝑙𝑛(ẞ + 1)𝑓(𝜏)                                     (9)                                                              

Here 𝜏 =  𝑇/𝑇𝐶 and ẞ concerns with gross magnetic entropy and will be considered to be molar 

Bohr magnetic moment.  For 𝜏 ≤ 1 the function 𝑓(𝜏) takes the following form [243]: 

                          𝑓(𝜏) =  1 −
1

𝐴
[
79𝜏−1
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+
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(
1

𝑃
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6
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𝜏15
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)]                 (10)    

and for  𝜏 > 1 it becomes: 

                                       𝑓(𝜏) =  −
1

𝐴
(
𝜏−5

10
+

𝜏−15

315
+

𝜏−25

1500
)                                       (11)    

                                          𝐴 =  
518

1125
+ (

11692

15975
)(

1

𝑃
− 1)                                         (12)    

For bcc, P is 0.4 and for other structures 0.28. As for 𝐺𝑚𝑎𝑔,𝑒𝑥
𝜙

 the energy can be approximated 

as [238]:  

                                               𝐺𝑚𝑎𝑔,𝑒𝑥
𝜙

= −∫ 𝑀𝑑𝐻
𝐻

0
                                           (13) 

 

6.3 Results  

6.3.1 Influence of magnetic field on segregation  

The influence of a magnetic field on the segregation behavior of Mn during annealing can be 

understood by studying the APT reconstruction of the analyzed tips. Figure. 6.1(a) shows an 

IPF map depicting a random high angle grain boundary. The respective Mn distribution map 

across the entire volume of the tip and with the grain boundary highlighted with segregation of 

Mn is presented in figure 6.1(b). This data set belongs to sample annealed at 0T. To 

quantitatively estimate the composition an ROI was constructed across the highlighted Mn iso-
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surface and the segregation value turns out to be ~18 at%, whereas it was around 7.5 at%. in 

grain interiors (figure. 6.1c). For samples annealed with a field of 9T, the results are depicted 

in figure. 6.1(d) through (e), where (d) shows the IPF map of the apt tip highlighting the random 

high angle grain boundary and its corresponding Mn distribution map with Mn segregation at 

the grain boundaries depicted using iso-surface. The 1-d concentration profile to study the 

concentration across the boundary, was drawn along the ROI2 and result is shown in figure. 

6.1(f). The peak enrichment of ~17 at% is observed and the bulk composition observed is ~8 

at%. In order to get an in-plane composition values, similar steps were taken as mentioned 

earlier (section 4.3) for previous APT analysis. The average in-plane composition for 0T 

sample is 18.10±1.23 at%, for 9T sample, it is 18.3±1.2 at%. It is clear from comparison 

between samples annealed at 0T and 9T that the segregation in both conditions is almost similar 

(within margin of error) in both the conditions. 

 

Figure 6.1 IPF map showing random high angle grain boundaries in samples annealed at (a) 0T and 

(d) 9T. Mn distribution map achieved through APT analysis for (b) 0T and (e) 9T; (c) and (e) 1-d 

Composition profile of Mn along the ROI1 (ϕ=15nm) and ROI2 (ϕ=15nm) depicted through arrows in 

(b) and (e) respectively. The scale is 50nm 
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To have a better statistic and understanding of segregation trends, several other tips were 

studied. The in-plane Mn concentration analysis is conducted using an open-source machine 

learning code [159] [159]. Figure. 6.2 shows the average in-plane Mn concentration at the grain 

boundaries. There is significant scatter in the data not just between different field strengths but 

within one field strength as well. While it is evident that the average Mn concentration from 

0T varied from 11.74±1.8 at.% to 24.46±6.13 at.%, for 9T it varied from 11.36±2.28 at.% to 

23.71±1.19 at.%. The average boundary segregation of Mn for 0T is 17.78±2.96 at.% and for 

9T it is 16.68±1.9 at.%. From initial observations it appears that a magnetic field has no 

influence on the segregation tendency of Mn at the random high angle grain boundaries. This 

observation is contrary to what was observed for Fe-0.8 at.% Sn, where annealing in presence 

of magnetic field (6T) resulted in a decrease in segregation [235]. 

 

Figure 6.2 Variation in in-plane enrichment of Mn at the grain boundary based on the misorientation 

angle and field strength. (The standard deviation is for individual phase boundaries) 
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6.3.2 Highly enriched Mn phase 

Figure. 6.3(a) shows a highly enriched Mn phase precipitating at the grain boundary which had 

irregular shape and appeared as a perturbation in the grain boundary. Even after the iso surface 

value is increased, the particles are still visible and maintained their irregular shape (figure. 

6.3b).  For through thickness composition of the particles an ROI was drawn across one of the 

particles and the composition profile is shown in figure. 6.3(c). Mn composition of the  

 

 

Figure 6.3 (a) Mn distribution map of sample annealed at 450°C for 5.5h under a 9T magnetic field, 

(b) Magnified image of α manganese particles shown enclosed in (a), (c)1-d composition profile across 

the α manganese particle (ROI:ϕ=2nm). The scale is 25nm. 

particle is as high as ~60 at%, and most probable explanation for observing these particles is 

precipitationَofَα-Mn which also tend to have such high concentration of Mn albeit at much 

lower temperature (250°C) for this alloy composition.  
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6.4 Discussion 

6.4.1 Effect of external field on Mn segregation 

To better understand segregation behavior, the effect of an external magnetic field on the Gibbs 

energy of individual phases is compared with the free energy curves obtained without an 

external field. The magnetization of each phase is calculated according to their magnetic 

character: equation (1) for the ferromagnetic phase and equation (5) for the paramagnetic 

phase, as presented in figure. 6.3 (a) and (b). It is evident that only ferrite exhibits a change in 

free energy, and that change is minuscule. The external magnetic field reduces the free energy 

of ferrite in Mn-rich regions, but the effect diminishes with increasing Mn content. While 

ferriteَ showsَ someَ differences,َ theَ Gibbsَ energyَ ofَ austeniteَ andَ α-Mn remains largely 

unaffected by the external field. 

A question arises: how does the external magnetic field affect grain boundary energy, which 

further influences segregation tendencies? Currently, there is no theoretical model available to 

study the effect of the magnetic field on grain boundary energy. The understanding is further 

complicated by the increase in magnetic moments due to the free volume in the grain boundary. 

It is worth mentioning that, due to its structure, the grain boundary is bound to have different 

magnetic characteristics than the bulk, especially the Curie temperature. Hegde [141] 

established that the Curie temperature of the grain boundary in an Fe-Mn binary alloy is 

approximately 208°C lower than that of the bulk and decreases at a rate of 12°C per Mn%. 

Considering this rate of Curie temperature reduction, the annealing temperature is well above 

the Curie temperature of the grain boundary for all observed segregation values. Thus, we are 

in a situation where the grain boundary is paramagnetic, and the bulk is ferromagnetic. 

An important factor in understanding this outcome is the Curie temperature of the bulk ferrite. 

The applied 9 Tesla magnetic field was insufficient to significantly alter the Curie temperature 

of the bulk ferrite, changing it by only about 3°C. Since the change in the magnetic properties 

of the ferrite bulk drives the segregation behavior at the grain boundaries, the minimal impact 

on the Curie temperature means that the segregation energy conditions at the grain boundaries 

remained largely unchanged. 

The underlying reason for this lack of effect lies in the magnetic character of the system. The 

reported [244] segregation energy for a completely paramagnetic system (paramagnetic bulk + 

paramagnetic grain boundary) is -0.1eV (figure. 6.4b). Whereas for the case of ferromagnetic 

bulk and paramagnetic boundary (0T), it is -0.40 eV (figure. 6.4b). As mentioned earlier for 
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applied annealing temperature, the bulk and grain boundary have ferromagnetic and 

paramagnetic character. Therefore, for a noticeable change in segregation behaviour to occur, 

both the bulk ferrite and the grain boundary would need to transition to a paramagnetic state. 

Such a transition would alter the segregation energy conditions at the grain boundary, 

potentially affecting Mn segregation. However, the annealing temperature, field strength, and 

alloy composition are not favourable for such a transition. For the given annealing temperature, 

the minimum bulk Mn composition should be approximately 22% for its transition to a 

paramagnetic state (Curie temperature 445°C). As a result, both bulk and grain boundary would 

have paramagnetic characteristics. To transform the bulk into a ferromagnetic state, the 

external field strength should be at least 20T, resulting in a Curie temperature increase of 6°C. 

Thus, there is a possibility that an external field could change the overall character of the 

system, with the bulk becoming ferromagnetic and the grain boundary remaining paramagnetic, 

as opposed to the absence of the field. Hence, the difference in segregation energy between the 

two cases (-3eV) will come into effect and manifest as Mn segregation at the grain boundaries. 

Another possibility to witness a change in segregation behaviour for the same alloy as used in 

earlier experiments is by increasing the annealing temperature to 648°C (the Curie temperature 

for Fe-8Mn wt.% is 647°C; para bulk + para grain boundary). If an external field of 9T is 

applied, an increase in Curie temperature can be observed, transforming the bulk to a 

ferromagnetic state and changing the segregation energy. However, a higher annealing 

temperature requires much shorter annealing times to prevent austenite nucleation, which 

would absorb Mn from neighbouring ferrite grain boundaries, making it difficult to comment 

on the segregation behaviour of the grain boundaries and its relation to the magnetic field. 

Additionally, the proximity of the annealing temperature to the Curie temperature of the bulk 

presents added complexity, as oscillations are commonly observed during the holding time of 

annealing. While oscillations themselves do not pose problems, the risk is that during holding, 

the bulk may alternately be in a ferromagnetic or paramagnetic state. Therefore, it would be 

very difficult to comment on the segregation behaviour of such a sample. 

Considering above mentioned scenarios, the only possible way to witness a change in 

segregation with the application of an external field is by increasing the field strength. A high 

field strength will also help in selecting a much higher annealing temperature for a given alloy 

composition. Since with increasing field strength the Curie temperature is also increased. 

Thereby avoiding the associated problem of temperature oscillations witnessed during the 

holding time.  
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Figure 6.4 (a) Gibbs energy change with magnetic field and Mn content, (c) Change in Curie 

temperature with Mn content and external field in Mn-rich region of ferrite.(Primary data is extracted 

from Thermocalc, database TCFE11) 
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Figure 6.5 (a) Change in the curie temperature of bulk and grain boundary with Mn content, (b) 

Segregation energy for Mn segregation with different magnetic character of bulk and grain boundary 

[244]. 

6.4.2َα-Mn precipitation 

α-Mn is stable only up to 249°C, which is around 200°C below our annealing temperature. 

Observingَα-Mn particles in samples annealed at 9T at this temperature contradicts Thermocalc 

calculations, which predict that only austenite and ferrite can exist at 450°C. The Gibbs energy 

plotَclearlyَshowsَthatَα-ferrite can only be in equilibrium with austenite (figure. 6.6a). Even 

the introduction of a magnetic field decreases the free energy by a negligible amount, which is 

insufficient to stabilizeَα-Mnَwithَα-ferrite. 

However,َ ifَ weَ considerَ thatَ austeniteَ hasَ notَ yetَ nucleated,َ thenَ α-ferrite can be in 

equilibriumَwithَα-Mn, and the observed composition is very close to what is predicted by 

Thermocalcَ(i.e.,َ8َwt.%َMnَinَα-ferrite and ~54َwt.%َMnَinَα-Mn; figure. 6.6b). This is also 

evident from the phase evolution in the presence and absence of austenite (figures. 6.6b and c). 

Withَausteniteَincludedَinَtheَcalculation,َα-Mn vanishes above ~247°C, while when austenite 

isَexcluded,َα-Mn is seen to exist until 450°C, albeit in near-zero quantity. 

Consideringَtheَheatingَrateَ(20َK/min)َduringَtheَannealingَprocess,َitَisَpossibleَthatَα-Mn 

could have nucleated during the early stages of heat treatment and became susceptible to 

dissolution as the annealing progressed. Currently, there is no information available regarding 

the effect of external fields on interface and boundary energy and subsequently on the kinetics 

of austenite nucleation. Therefore, to comment on austenite nucleation, triple junctions are 
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studied, as they have been reported to be one of the primary sites for nucleation [198]. Figure. 

6.7 shows the triple junction for samples annealed with a field strength of 9T. The Mn 

enrichment was around 20 at.% at the triple junction, much lower than what is expected for 

austenite nucleation, even for a grain boundary phase [198]. In the absence of austenite, it is 

possibleَthatَlocally,َα-Mn could have remained stable even at 450°C withَα-ferrite, albeit in 

very small quantities. 

 

 

Figure 6.6 (a) Gibbs energy plot for different phases, (b) Gibbs energy plot in the absence of austenite, 

(c) Phase evolution with temperature, (d) Phase evolution with temperature without austenite. 
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Figure 6.7 Mn distribution map for sample annealed at 9T field, (b)Composition profile across ROI1 

(ϕ=5nm). Scale in (a) is 50 nm. 

6.5 Conclusion 

The effect of a magnetic field on the annealing of an Fe-8Mn (wt.%) binary alloy at 450°C was 

investigated. The results indicate segregation of Mn at the ferrite grain boundaries under both 

conditions (0T and 9T); however, no change in the intensity of segregation was observed due 

to the applied external magnetic field. 

This observation is attributed to the magnetic properties of the bulk and the grain boundaries 

at the annealing temperature. At 450°C, the bulk is in a ferromagnetic state, while the grain 

boundaries are in a paramagnetic state. The only possible way to witness a difference in 

segregation is by employing really strong field strength (~30T) and a higher annealing 

temperature than use in the present experiments. The higher annealing temperature will help in 

avoiding the oscillations near the Curie temperature. Thus, it will be possible to have a 

paramagnetic system without field and a ferromagnetic bulk and paramagnetic grain boundary 

with introduction of external magnetic field. Which in turn will manifest itself in a much 

negative segregation energy for magnetically annealed samples and subsequent increase in Mn 

segregation at the ferrite grain boundaries.  
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7. Conclusion and outlook 
 

7.1 Conclusion 

The thesis aimed to identify and understand the solute decoration state at the phase boundary, 

along with the associated thermodynamics and kinetics, in a Fe-10Mn-3Al-0.2C (wt.%) 

medium manganese alloy. The alloy was fully austenitized, followed by intercritical annealing 

(700°C for 0.5 hours) and low-temperature annealing at 450°C for 2, 50, and 200 hours. To 

assess the effect of an external magnetic field on the segregation of paramagnetic solute (Mn) 

in a ferromagnetic system (Fe), annealing was conducted on a Fe-8Mn (wt.%) binary alloy 

with and without a 9T field. The results of these investigations are divided into three separate 

chapters, and a brief summary is presented below: 

1. Chapter 4 addressed the heterogeneity in solute enrichment within a microstructure 

characterized by laminated austenite and ferrite with a Kurdjumov-Sachs (KS) 

orientation relationship between them. For a triple junction with two phase boundaries 

(PB) and a grain boundary (GB), one of the PBs was observed to be depleted of carbon 

(C), while the other PB exhibited depletion near the triple junction. This behaviour can 

be understood as follows: 

a. The observations indicate that GB acts as an extracting agent for C, effectively 

depleting C from the adjacent phase boundary.  

b. To determine if there is any difference between the character of the two PBs, a 

separate study was undertaken on a microstructure that exhibited diverse OR 

between phases, ranging from KS to near KS. It was observed that even though 

the OR between adjacent phases varied, it did not affect the enrichment of C at 

these boundaries. Thus, the C depletion observed in the PB is primarily due to 

its direct connection to a GB at the triple junction.  

c. This idea is further supported by ab-initio calculations, which predicted that the 

segregation energy of C, at austenite/austenite grain boundaries (-0.91 eV) is 

much more negative than at the austenite/ferrite phase boundary (-0.74 eV). 

d. A peculiar observation was made regarding phase boundaries with 

misorientation as low as ~10°. Although the TKD of the APT tip showed two 

different phases, there was no observed difference in the Mn composition in 
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either grain. It was found that this boundary was originally a low-angle grain 

boundary between two neighboring austenite grains, and due to one grain being 

depleted of C, it transformed into massive ferrite during quenching after 

tempering.  

2. Chapter 5 discusses in detail the Mn distribution states at the phase boundary, as well 

as the associated crystallography, thermodynamics, and kinetics of the observed 

enrichments. Following tempering, it was observed that Mn segregated linearly and 

periodically in the plane of the phase boundary. Crystallographic analysis of these linear 

features revealed the following observations: 

a. The linear segregation of Mn present at the straight phase boundaries is 

associated with misfit dislocations having mixed character. These dislocations 

exist due to the deviation from the parallel configuration of close-packed planes. 

b. At phase boundaries with curvature, Mn is observed to have segregated along 

the superledges composed of multiatomic facets. These facets are characterized 

by one set of high-indexَ planesَ andَ anotherَ setَ belongingَ toَ theَ GT’َ typeَ

irrational plane configuration.  

c.  As for the average Mn enrichment at the phase boundary, it increased with 

increasing tempering time. This is because the partitioning in the early stage of 

tempering followed a quasi-paraequilibrium mode, and as time progressed, it 

began to approach local equilibrium partitioning. Consequently, an increase in 

Mn enrichment was observed. 

d. Superledges presented a unique situation where the Mn concentration at these 

defects approaches equilibrium with the surrounding matrix faster than at other 

defects, thereby stabilizing these defects relative to the surrounding matrix. 

3. Furthermore, the magnetic field does not cause a variation in Mn segregation at the 

ferrite grain boundaries. The ineffectiveness of the magnetic field arises from the fact 

that, at the annealing temperature, the grain boundary exhibits paramagnetism while the 

bulk ferrite experiences ferromagnetism. For the annealing temperature in 

consideration, the magnetic field strength does not alter the magnetic state of the 

system. Any change in grain boundary segregation can only be observed if the 

temperature is high enough for the bulk to transition to a paramagnetic state and the 

field strength is high enough to transform just the bulk to ferromagnetic state thereby 

making the segregation energy more negative.  This study is important in understanding 
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the magnetic and thermal behavior of metal and alloys where the matrix and alloying 

element have different magnetic character. Furthermore, such an investigation can aid 

in potential application of magnetic field in various industrial processes.    

7.2 Outlook   

Several models have been proposed to explain the diffusion governing the growth of a phase 

during solid-state phase transformation. These models include paraequilibrium partitioning, 

local equilibrium partitioning, and negligible partitioning local equilibrium. While these 

models have had some success in predicting the diffusion of elements during partitioning, they 

often fail when the diffusing species have significantly different diffusivities, such as in the 

case of C and Mn partitioning. In such situations, C may achieve local equilibrium due to its 

high diffusivity, but the same cannot be said for substitutional elements like Ni and Mn. 

In experiments, especially during low-temperature tempering (~450°C), it has been observed 

that Mn begins to diffuse but does not achieve local equilibrium, as noted in my experiments. 

This situation falls between the paraequilibrium and local equilibrium partitioning 

mechanisms. 

To understand such a situation, a quasi-paraequilibrium model was proposed where 

substitutional elements like Ni and Mn are expected to exhibit partitioning behaviour. They do 

partition, but with limited diffusivity, and consequently, do not achieve local equilibrium. So 

far, I have only provided a theoretical explanation of the quasi-paraequilibrium model to 

explain my results. Proper computer-based modelling of these parameters is necessary to 

further comment on the diffusion process. 

The superledges exhibited near-local equilibrium segregation values, but the exact location of 

Mn segregation is still unknown. Although it might appear that a certain specific set of planes 

should host the segregating species [126], numerous other studies have concluded that facet 

junctions host them [134]. Meanwhile one article reported that carbides segregate at the low 

index semi-coherent planes [215]. Under such circumstances, it is important to have a thorough 

understanding of the energetics of these superledges and the corresponding segregation of 

species in these crystallographic features. Since the observed superledges are never edge on 

with the beam direction, it becomes difficult to do compositional analysis as the inclination 

tends to smear out the preferential segregation behavior. The next step should be coupling APT 

study with machine learning for proper analysis of dataset and corresponding correlation with 

the embedded crystallographic information which usually goes unnoticed.  
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