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Abstract 

Magnesium (Mg) and its alloys, known for their low density and high specific strength, are increasingly explored as lightweight structural 
materials across a broad range of industrial applications. However, their widespread application remains constrained by intrinsic mechanical 
limitations, fundamentally rooted in the nature of crystallographic defects. Atomic-scale modeling techniques are transforming our ability to 
unravel the structures, energetics, and dynamics of these defects and to explore their complex interactions, thereby guiding defect engineering 
in Mg alloys. However, the growing body of available data can make it difficult for researchers to identify critical knowledge gaps and 
promising areas for further exploration. To address this challenge, we highlight key research domains with significant potential for impactful 
advancements, aiming to illuminate these areas while inspiring innovative approaches and encouraging deeper exploration of pivotal topics 
that may shape the future of Mg alloy development. This review presents a comprehensive overview of the state-of-the-art in atomic-scale 
modeling of defects in Mg and its alloys. We introduce key simulation methodologies, including density functional theory and atomistic 
simulations, and highlight their applications to defect distribution, defect dynamics, and defect-defect interactions. By bridging fundamental 
insights in defects with alloy design strategies, this review aims to support and inspire the broader Mg research community and to underscore 
the growing impact of atomic-scale modeling in the accelerated development of high-performance Mg alloys. 
© 2025 Chongqing University. Publishing services provided by Elsevier B.V. on behalf of KeAi Communications Co. Ltd. 
This is an open access article under the CC BY-NC-ND license ( http://creativecommons.org/licenses/by-nc-nd/4.0/ ) 
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. Introduction 

Among structural metals, magnesium (Mg) alloys stand out
ue to their excellent strength-to-weight ratio. In recent years,
hey have received considerable attention for engineering ap-
lications focused on weight reduction, particularly in the au-
omotive industry where minimizing mass is crucial [ 1,2 ]. In
he race for greener and more efficient mobility, automak-
rs turn to Mg alloys to lighten vehicle structures, boost fuel
conomy, and lower CO 2 emissions [ 3,4 ]. Aerospace engi-
eers also capitalize on its high specific strength and natu-
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al vibration-damping properties to build quieter and lighter
ircraft [ 5 ]. Furthermore, Mg alloys are also making strides
nto unexpected fields: shielding electronics from electromag-
etic interference [ 6 ] and even serving as bioresorbable im-
lants for bone healing [ 7 ]. From roadways to outer space
nd laboratories to operating theaters, Mg alloys are pioneer-
ng a new era of high-performance materials in strength and
ightness. 

While Mg alloys offer many benefits, their Achilles’ heel
emains their fundamental mechanical limitations. In particu-
ar, their inherently low ability to accommodate plastic strain
uring the processing of wrought products such as sheets
nd extrusions limits both ductility and formability. Addi-
ionally, the unidirectional nature for twinning activation in
-axis extension or contraction introduces a marked asymme-
ry between tensile and compressive responses, resulting in
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neven yielding and work-hardening behavior [ 8–11 ]. These
imitations are inherently tied to the hexagonal close-packed
HCP) crystal structure of Mg, which restricts the activa-
ion and stability of non-basal prismatic 〈 a〉 and pyrami-
al 〈 c + a〉 slip [ 12 ]. To accommodate plastic strain along
he c-axis, Mg commonly activates deformation twinning,
referentially { 101̄ 2} extension twins, which reorients the
rystal lattice by approximately 86 

◦, leading to pronounced
hanges in crystallographic texture. The activation of twin-
ing can either facilitate or hinder further deformation, de-
ending on factors like grain orientation, processing route
nd loading conditions [ 13,14 ]. Twinning not only contributes
o strain accommodation and ductility but can also act as
 barrier to dislocation motion or promote crack initiation
ig. 1. Computer-aided design of Mg alloys use a bottom-up approach, from ato
echniques, including ab-initio calculations [ 23,24 ] and atomistic simulations [ 25 ]
otentials such as the embedded atom method (EAM) [ 26 ] and modified embedde
MLIP)[ 28 ] have been developed and widely used in atomistic simulations. (b) At
nd material properties in Mg and its alloys, by capturing the thermodynamics a
islocations, GBs, precipitates) and defect-defect interactions. (c) Atomistically in
nd crystal plasticity simulations [ 30 ], have provided significant insights into the 
n Mg alloys, aimed at reducing plastic anisotropy and modifying texture, are inc
n pure Mg and Mg-3Y, showing enhanced stability of pyramidal dislocations i
nd twinning is notably suppressed compared to pure Mg and other Mg alloys [
g alloys [ 20 ]. Bottom-right: Resulting improvement in mechanical properties d

ermission from publishing houses. 
nder certain circumstances [ 15 ]. In addition, grain bound-
ries (GBs) and second-phase precipitates influence plastic
eformation by serving as obstacles for dislocation motion
nd twin propagation, as well as preferential sites for het-
rogeneous nucleation of defects [ 16 ]. Consequently, tailor-
ng defect behavior through alloying and thermomechanical
rocessing has therefore become a central focus to over-
ome the mechanical limitations of Mg alloys [ 17–22 ]. A
omprehensive understanding of defect structures and dynam-
cs, and their interactions with solute additions, is essential
or developing effective strategies in the Mg-based materials
esign. 

Fig. 1 illustrates a bottom-up design strategy for Mg alloys,
here atomistic insights form the foundation for understand-
mistic understanding to microstructural tailoring. (a) Atomic-scale modeling 
, have been extensively applied to Mg research. Semi-empirical interatomic 
d atom method (MEAM) [ 27 ], and machine learning interatomic potentials 

omic-scale modeling enables the decoupling of defect-mediated mechanisms 
nd kinetics of crystallographic defects from 0D to 3D (e.g., point defects, 
formed continuum modeling approaches, such as dislocation dynamics [ 29 ] 
deformation behavior of Mg and its alloys. (d) Defect engineering strategies 
reasingly informed by atomic-level insights. Top-left: Dislocation structures 
n Mg-Y alloys [ 22 ]. Top-right: In Mg-0.75Gd, the activation of basal slip 
 18–21 ]. Bottom-left: Texture modification achieved through Y additions in 
ue to RE-induced texture modification in Mg alloys [ 17 ]. Reprinted with 
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ng defect-mediated mechanisms and their influence on mate-
ial properties. Atomic-scale modeling plays a central role in
ecoupling the contributions of crystallographic defects rang-
ng from 0-dimensional (0D) to 3D and in revealing how their
ehavior evolves with solute additions and thermodynamic
ariables, see Fig. 1 (b). These atomistic insights also serve
s essential input for mesoscale and continuum models that
onnect microstructural features to macroscopic mechanical
esponses, as illustrated in Fig. 1 (c). Ultimately, this cross-
cale computer-aided framework could support the design of

g alloys with enhanced mechanical performance, such as
eakened plastic anisotropy and controlled texture, through

argeted defect engineering strategies ( Fig. 1 (d)). 
In this review, we summarize recent progress in the atomic-

cale modeling of defects in Mg and its alloys. We begin by
ntroducing the widely used simulation techniques and their
apabilities and limitations ( Section 2 ). We then focus on ma-
or defect types in Mg and its alloys that are intrinsically
inked to mechanical properties, including solute distributions
 Section 3 ), dislocations ( Section 4 ), twinning ( Section 5 ),
rain boundaries ( Section 6 ), and dislocation-defect interac-
ions ( Section 7 ), emphasizing the underlying defect mecha-
isms and their implications for mechanical properties. Stud-
es on free surfaces, which are critical to understanding oxida-
ion and corrosion phenomena in Mg, are not covered here, as
hey are considered extrinsic to mechanical properties within
he scope of this review. Finally, we conclude with perspec-
ives on future challenges and opportunities in this rapidly
volving field ( Section 8 ). We hope this review will inform
nd inspire the broader Mg research community by showcas-
ng the expanding role and potential of atomic-scale mod-
ling in driving both fundamental understanding and alloy
esign. 

. Atomic-scale modeling techniques 

Atomic-scale modeling techniques have become indispens-
ble for understanding the fundamental mechanisms that gov-
rn material behavior at the atomic level. In recent years,
hese techniques have enabled in-depth investigations into the
tructures, energetics, and dynamics of crystallographic de-
ects from 0D to 3D, which critically influence the macro-
copic properties of Mg and its alloys. In this section, we
rovide a brief introduction to the most widely used atomic-
cale simulation approaches, focusing on their capabilities,
pplications, and limitations in defect studies of Mg-based
ystems. For readers seeking a more comprehensive introduc-
ion to atomic-scale modeling techniques, several excellent
extbooks are recommended [ 31–34 ]. 

.1. Density functional theory 

Density functional theory (DFT) is a quantum mechanical
ethod that provides highly accurate predictions of material

roperties by solving the electronic structure of atoms and
heir interactions. In the context of Mg and its alloys, DFT
as played a central role in calculating both fundamental bulk
roperties, such as lattice constants and elastic moduli, and
efect properties, including stacking fault energies (SFEs),
islocation core structures, GB structures and energies, and
olute segregation energies. However, due to its high com-
utational cost, which scales approximately as O(N3 ) , DFT
alculations are typically limited to systems containing only
 few hundred atoms and are often applied under static (zero-
emperature) conditions. As a result, its application is gener-
lly restricted to modeling highly symmetric defects in Mg,
uch as specific coincidence site lattice (CSL) GBs [ 35,36 ]
nd twin boundaries (TBs) [ 37,38 ]. Another challenge arises
n the treatment of rare-earth (RE) elements in DFT, which are
idely used alloying elements in Mg alloys. RE elements are

ypically modeled using pseudo-potentials that treat the highly
ocalized 4 f electrons as part of the atomic core, referred to as
he “frozen 4 f ” approximation [ 39,40 ]. While this approach
ignificantly reduces computational complexity, it may com-
romise the accuracy in describing chemical bonding involv-
ng RE elements. Despite these constraints, DFT remains the

ost reliable method for capturing energetics and electronic
ffects, and the results can also serve as a critical reference
or developing and validating semi-empirical and machine-
earned interatomic potentials used in larger-scale atomistic
imulations. 

.2. Classical atomistic simulations 

Classical atomistic simulations provide a powerful and
omputationally efficient means of studying large systems (up
o millions of atoms) and accessing dynamic processes at fi-
ite temperatures over timescales ranging from picoseconds
o microseconds. These simulations rely on predefined in-
eratomic potentials or force fields that approximate the in-
eratomic interactions based on semi-empirical or machine-
earned functional forms. This approximation significantly re-
uces the computational cost, allowing simulations to scale
inearly with the number of atoms ( O(N ) ). These capabili-
ies make classical atomistic simulations an essential tool for
ridging atomic-scale mechanisms to experimentally observed
efect phenomena in Mg and its alloys. 

.2.1. Interatomic potentials 
Interatomic potentials are at the core of atomistic simula-

ions, as they define how atoms interact based on simplified
epresentations of quantum mechanical forces. Their accuracy
irectly determines the reliability of simulations in predict-
ng defect structures and energetics at the atomic scale. For

g and its alloys, a variety of interatomic potentials have
een developed to capture key bulk and defect properties.
hese potentials vary in complexity, from classical physics-

nspired empirical forms to modern machine learning-based
pproaches. For a broader overview of interatomic potentials,
he reader is referred to several comprehensive review papers
 52–54 ]. 

• Embedded atom method (EAM) [ 55 ] is one of the most
widely used empirical potential frameworks for metallic
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Fig. 2. Radar plots showing the performance of various Mg interatomic potentials across five basic material properties: lattice parameters (Lattice), elastic 
constants (Elast.), basal I1 and I2 stacking fault energies (SFE), tensile and compression twin boundary energies (TBE), and vacancy formation energy (Vac.). 
Each property is normalized against corresponding experimental [ 41,42 ] or DFT [ 43,44 ] reference values, with a value of 1.0 indicating perfect agreement. 
The dashed grey pentagon denotes the ideal reference level. Three categories of potentials are compared: (a) EAM [ 26,45,46 ], (b) MEAM [ 27,47,48 ], and (c) 
MLIP [ 49–51 ]. The closer the shape is to the reference pentagon (grey dashed), the better the overall predictive accuracy of the potential. 
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systems. It models atomic interactions by combining pair-
wise interactions with an embedding energy that mimics
the effect of the local electron density. EAM potentials of-
fer a good compromise between computational efficiency
and accuracy for modeling bulk and defect properties in
metals like Mg. However, their limited flexibility can lead
to reduced accuracy when dealing with complex or low-
symmetry crystalline and defect configurations, such as the
bulk properties of Mg-based intermetallics [ 56 ] and the
core structures and dynamics of pyramidal dislocations in
Mg [ 57 ]. 

• Modified embedded atom method (MEAM) [ 58 ] is an
extension of the EAM formalism by incorporating angular
dependencies into the interaction terms. This enhancement
allows MEAM to better capture directional bonding and
more complex atomic environments, which are especially
important in Mg and its alloys. The incorporation of an-
gular terms also increases computational complexity, mak-
ing MEAM roughly an order of magnitude more expen-
sive than EAM potentials. The added complexity improves
the potential’s transferability across different crystal struc-
tures and defect types, making it particularly well-suited
for simulations involving dislocations, GBs, and precipi-
tates in Mg-based systems. 

• Machine learning interatomic potentials (MLIPs) use
data-driven models trained on DFT calculations to predict
interatomic forces and energies. Common MLIP frame-
works include neural network potentials (MLIP_NNP)
[ 59 ], atomic cluster expansion (MLIP_ACE)[ 60 ] potentials,
and moment tensor potentials (MLIP_MTP) [ 61 ]. These
models can achieve near-DFT accuracy while being sig-
nificantly faster than first-principles methods, making them
powerful tools for simulating structurally and chemically
complex systems with high fidelity. However, their reliabil-
ity is highly dependent on the quality and representative-
ness of the training dataset. Additionally, despite substan-
tial speed-ups over DFT, MLIPs remain orders of magni-
tude more computationally demanding than classical semi-
empirical potentials, which can limit their practical use in
simulations involving large numbers of atoms and/or time

scales. t  
Selecting an appropriate interatomic potential is crucial for
nsuring the reliability of atomistic simulations and should
e guided by the specific research questions and the criti-
al material properties of interest. Different potentials vary in
heir ability to reproduce key physical quantities. Therefore,
t is essential to choose a potential that has been validated
gainst the relevant properties for the system and phenomena
nder investigation. Fig. 2 provides a comparative overview
f several widely used Mg potentials, illustrating their per-
ormance across a set of benchmark properties relative to
xperimental and DFT reference values. The benchmarking
ethodology and reference data are described in detail in
ang et al [ 57 ]. All interatomic potentials benchmarked in

his work exhibit good accuracy in predicting lattice param-
ters and elastic constants, indicating that elastic deforma-
ion behaviors, including the pronounced elastic anisotropy
f Mg, can be well captured by these models. However, no-
iceable differences arise in the prediction of SFEs. Specifi-
ally, all EAM potentials tend to overestimate the basal SFEs
I1 and I2), whereas all MEAM-type potentials underestimate
hem, particularly MEAM_Wu and MEAM_Jelinek. Among
he MLIPs, MLIP_NNP_Stricker shows the best agreement
ith ab-initio reference data, followed by MLIP_MTP_Poul.
he I2 basal SFE directly affects the dissociation width of
asal dislocations and consequently the corresponding Peierls
tress. A more detailed discussion of the performance of these
otentials, particularly the limitations of EAM potentials in
odeling non-basal dislocations, such as unstable pyramidal

onfigurations and artificial intermediate states in prismatic
islocations, is provided in Section 4 . For twin boundary (TB)
ormation energies ( { 101̄ 1 } and { 101̄ 2} TBs), all tested po-
entials show reasonable agreement with ab-initio data, with

LIPs performing particularly well. The semi-empirical po-
entials also demonstrate consistent trends in predicting the
ariation of formation energies as a function of the misori-
ntation angle of 〈 c〉 -axis tilt GBs [ 57 ]. This suggests that
emi-empirical potentials could be applied to effectively re-
uce the parameter space of microscopic degrees of freedom
n GB studies, before applying more accurate MLIPs for
etailed investigations of specific boundaries. In contrast to
heir generally good performance in other material properties,
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Table 1 
Comparison of commonly used interatomic potentials for Mg and its alloys, summarizing their key characteristics and recommended application domains in 
atomic-scale modeling of defects. 

Potential Key characteristics Recommended application domains 

EAM Well-established for metallic bonding; 
computationally efficient 

Basal dislocation motion; twinning; GB structures and energies; initial 
screening of defect configurations 

MEAM Incorporating angular dependence to better capture 
directional bonding; moderate accuracy at relatively 
low computational expense 

Non-basal dislocation motion; dislocation cross-slip; GB motion; solute 
effects on defect dynamics; defect-precipitate interactions; 
nanomechanical testing 

MLIP Data-driven potentials trained on ab-initio datasets; 
provide near-ab-initio accuracy but high 
computational cost 

Solute clustering; dislocation cores; slip mechanisms; interphase 
boundaries; solute-defect interactions; metastable defect phases; 
validation of semi-empirical potentials 
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ost MLIPs, except MLIP_MTP_Poul, exhibit limited accu-
acy in predicting vacancy formation energies compared with
emi-empirical potentials. This indicates that caution should
e exercised when applying these MLIPs to model vacancy-
elated processes, such as vacancy diffusion and dislocation
limb. Incorporating more vacancy-related ab-initio reference
ata into MLIP training datasets would likely improve their
ransferability and predictive reliability for vacancy diffusion
henomena. Overall, MLIP_MTP_Poul demonstrates the most
alanced and reliable performance across the various proper-
ies examined in this work. 

While the benchmarking results highlight the varying lev-
ls of accuracy among different interatomic potentials, it is
qually important to consider their practical trade-offs and
uitability for specific simulation tasks. The marginal gains in
ccuracy offered by MLIPs are often most justified in stud-
es where precise defect energetics and structures are critical,
uch as investigations of dislocation core or solute cluster-
ng and segregation. In contrast, well-validated MEAM or
AM potentials remain preferable for large-scale atomistic
imulations where computational efficiency is essential, for
nstance, in modeling defect dynamics, defect-defect interac-
ions, or nanomechanical testing involving millions of atoms.
he choice of potential should therefore balance fidelity and
fficiency according to the targeted phenomena and relevant
ength- and time-scales. To aid this selection, Table 1 summa-
izes the recommended application domains and key strengths
f EAM, MEAM, and MLIP potentials. This comparative per-
pective underscores that no single potential universally out-
erforms others; rather, each serves best within its optimal
egime defined by the physical complexity, accuracy require-
ents, and computational constraints of the problem under

tudy. 

.2.2. Molecular statics 
Molecular statics (MS) is a computational approach that

etermines the minimum energy configuration of a system by
elaxing atomic positions, without accounting for time evolu-
ion or physical atomic trajectories. By minimizing the sys-
em’s potential energy, e.g., using damping algorithms [ 62 ],

S enables the identification of stable or metastable atomic
tructures, including various crystallographic defects, under
pecified boundary or loading conditions. It is particularly
ell-suited for quantifying binding energies, defect formation
nergies, and solute segregation energies. 

In addition to static relaxation, quasi-static simulations of-
er a useful extension of MS for exploring the mechanical
esponse of materials under incremental loading. In this ap-
roach, the system is gradually deformed in small steps, with
nergy minimization performed after each increment to trace
he equilibrium deformation path. This method is particularly
seful for calculating the Peierls stress, namely the critical
esolved shear stress required to move a dislocation at zero
emperature. By incrementally applying shear and relaxing the
ystem after each step, the onset of dislocation motion can
e identified [ 63 ]. Quasi-static simulations have been widely
sed to study defect mobility and mechanical thresholds under
thermal conditions. 

Another powerful extension of MS is the nudged elas-
ic band (NEB) [ 64,65 ] method, which is used to determine
he minimum energy path and associated activation barriers
or atomic-scale transition events, such as dislocation glide,
ross-slip, or point defect migration. NEB works by inter-
olating a series of intermediate images between initial and
nal atomic configurations and iteratively optimizing them

o map the most energetically favorable transition pathway.
he resulting energy barrier, when combined with transition
tate theory (TST), provides insights into the thermally acti-
ated nature of defect evolution, facilitating connections be-
ween atomistic mechanisms and macroscopic deformation
ehavior. 

Although molecular statics cannot capture dynamic or
emperature-dependent behavior, it remains an efficient and
idely used method for determining ground-state defect

tructures and formation energies, especially when anhar-
onic effects are minor compared to the overall structural

tability. 

.2.3. Molecular dynamics 
Molecular dynamics (MD) simulations track the time evo-

ution of atomic systems by solving Newton’s equations of
otion, providing a dynamic view of defect nucleation, evo-

ution, and interaction at finite temperatures. MD allows for
he direct observation of dynamic processes such as so-
ute diffusion, dislocation glide, twinning, GB migration,
nd phase transformations, which are particularly valuable
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r  
or studying temperature and rate-dependent phenomena and
ritical for understanding material behavior in Mg and its
lloys. 

However, MD simulations are inherently constrained by
ccessible time and length scales, typically covering tens to
undreds of nanoseconds and system sizes up to few hun-
red nanometers. These constraints arise from the need for
xtremely small time steps to accurately resolve atomic vi-
rations governed by the characteristic phonon frequencies
on the order of femtoseconds), as well as the computa-
ional cost associated with large-scale massively parallel sim-
lations. As a result, many processes that occur over mi-
roseconds or above micrometers in experiments are chal-
enging to model directly. Despite these limitations, MD re-

ains a powerful and widely used tool for investigating
tomic-scale mechanisms. Its impact is further enhanced when
oupled with other simulation techniques, such as ab initio
alculations for improving accuracy, Monte Carlo methods
or extending time scales, and continuum-scale simulations
or bridging to larger length scales, enabling a more com-
rehensive understanding of defect behavior in Mg and its
lloys. 

.3. Monte Carlo 

Monte Carlo (MC) is a stochastic sampling technique
o explore the configurational space of atomic systems
nd is particularly effective for modeling thermodynam-
cs within the framework of statistical mechanics. MC
ethods are grounded in the minimization of the Gibbs

ree energy, where configurational sampling allows the sys-
em to explore a broad ensemble of atomic arrangements.
he stochastic sampling inherent in MC effectively cap-

ures the configurational entropy, which is crucial in de-
ermining phase stability at finite temperatures. By effi-
iently sampling thermodynamically relevant configurations,
C methods provide direct access to equilibrium states with-

ut explicitly resolving kinetic pathways. Therefore, they
re particularly valuable in scenarios where thermodynamic
quilibrium states under varying chemical potentials are
he primary focus, and where kinetic barriers are not of
nterest. 

In Mg alloys, MC simulations are widely applied to inves-
igate solute distributions in equilibrium, such as solute seg-
egation, short-range chemical ordering, and the formation of
uinier–Preston (GP) zones or ordered intermetallic phases.
hese insights are critical for understanding and predicting
hase stability and the thermodynamic driving forces behind
icrostructural evolution. 

.4. Hybrid techniques 

To overcome the time scale limitations of classical MD
nd improve the accuracy of atomistic simulations, hybrid
tomic-scale techniques integrate the strengths of different
omputational approaches, such as quantum mechanical accu-
acy, classical simulation efficiency, and enhanced sampling
ethods, into unified frameworks. These multiscale and hy-
rid strategies allow us to capture defect phenomena that are
naccessible to any single technique. 

.4.1. Quantum mechanics/molecular mechanics 
Quantum mechanics/molecular mechanics (QM/MM)[ 66 ]

s a multiscale simulation method that combines the accuracy
f quantum mechanical (QM) calculations with the efficiency
f classical molecular mechanics (MM) simulations. In this
pproach, a small region of interest, typically where ener-
etic accuracy is essential, such as solute occupation sites,
islocation cores, or crack tips, is treated using DFT, while
he surrounding environment is modeled using a classical
nteratomic potential. The QM and MM regions are cou-
led through boundary conditions that ensure consistency of
tomic forces and energies across the interface. QM/MM of-
ers a practical framework for exploring complex and sensi-
ive phenomena where fully quantum mechanical treatments
re computationally prohibitive. QM/MM has been employed
o investigate solute segregation at crystallographic defects in
etals, which allows for accurately capturing the chemical

pecificity and local bonding environments of solute atoms,
hile still considering their interaction with extended defect

tructures [ 67,68 ]. 

.4.2. Hybrid MC/MD 

Hybrid MC/MD methods couple the strength of both con-
gurational sampling and lattice dynamics to more effectively
imulate chemically complex systems. In hybrid MC/MD
chemes, MC steps, involving atom-type exchanges, are in-
erleaved with MD runs that evolve the system at finite tem-
eratures. The semi-grand canonical (SGC) and variance-
onstrained semi-grand canonical (vc-SGC) ensembles are
he most widely used schemes [ 69 ]. The SGC ensemble
xes the chemical potential difference between species, per-
itting atom transmutations that mimic chemical fluctua-

ions and phase separation under constrained average com-
osition. The vc-SGC ensemble, introduced to address chal-
enges in convergence and control of local composition, im-
oses an additional constraint on compositional variance.
his modification stabilizes fluctuations and improves sam-
ling efficiency, particularly important in systems exhibit-
ng strong phase separation tendencies or near miscibility
aps. 

In Mg alloys, hybrid MC/MD simulations have been ap-
lied to study temperature- and concentration-dependent so-
ute clustering, solute segregation, and defect precipitation
 71,72 ]. These methods provide a powerful framework for
xploring the solute enrichment landscape of Mg alloys as a
unction of chemical potential, offering valuable insights into
hermodynamic driving forces behind structural transforma-
ion in compositionally inhomogeneous systems. 

.5. Structural characterization 

Analyzing atomic configurations generated by simulations
equires robust structural characterization methods, particu-
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Fig. 3. Structural characterization methods applied on a �31 〈 0001 〉 symmetric tilt GB (STGB) ( θ = 50. 57◦) in Mg: (a) Common neighbor analysis (CNA); 
(b) polyhedral template matching (PTM); (c) Ackland-Jones analysis; (d) dislocation extraction algorithm (DXA), with dislocation lines colored in green, 
Burgers vectors illustrated as red arrows, and atoms rendered half-transparent; (e) centrosymmetry parameter (CSP); (f) elastic volumetric strain; (g) Voronoi 
volume; (h) hydrostatic virial stress. The simulation methodology and reference data are described in detail in Zhang et al [ 70 ]. 
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arly for the accurate identification and characterization of
rystallographic defects, such as dislocations, stacking faults,
Bs, and secondary phases, in Mg and its alloys. Structural

nalysis of these defects is essential for understanding their
hermodynamic stability and kinetic behavior, and for estab-
ishing meaningful correlations between atomic-scale model-
ng and experimentally observed phenomena. Several com-
only used tools include: 

• Common neighbor analysis (CNA) [ 73 ] is a geometry-
based method that classifies local atomic environments by
evaluating the bonding patterns of neighboring atoms, dis-
tinguishing structures such as face-centered cubic (FCC),
HCP, and body-centered cubic (BCC). 

• Polyhedral template matching (PTM) [ 74 ] is a structural
analysis algorithm that compares local atomic arrange-
ments to ideal templates, offering improved robustness to
thermal vibrations and rotational invariance. 

• Ackland-Jones analysis [ 75 ] is a method for identifying
common crystalline and other structures based on an anal-
ysis of the distribution of angles formed by the pairs of
neighbors of a central atom. 

• Dislocation extraction algorithm (DXA) [ 76 ] is a compu-
tational method that identifies and characterizes dislocation
lines, including their Burgers vectors and line directions,
directly from atomic positions. 

• Centrosymmetry parameter (CSP) [ 77 ] is a measure of
the local lattice disorder around an atom and can be used
to characterize whether the atom is part of a perfect lattice
or a local defect. 

• Elastic strain [ 78 ] computes the atomic-level elastic defor-
mation gradient tensors, which map ideal lattice vectors
to the actual distorted configuration, allowing analysis of
local elastic strain and crystal orientation without needing
a reference snapshot. 

• Voronoi volume [ 79 ] refers to the space around an atom
that is closer to that atom than to any other, forming a
unique polyhedral cell for each atom in a structure, also
known as Wigner–Seitz cell. It provides a way to esti-
mate the local atomic volume and can be used to ana-
lyze packing efficiency, local density, or detect structural
defects. 

• Virial stress [ 80 ] is a measure of stress on an atomic scale,
computed from the forces and positions of atoms. 

• Laves phase Crystal Analysis (LaCA) [ 81 ] is a struc-
tural analysis algorithm tailored for identifying intermetal-
lic phases, such as Laves phases, by comparing local
atomic motifs to known crystal structures. 

The performance of these tools in the identification of crys-
allographic defects in Mg, i.e., dislocations and GBs, is il-
ustrated in Fig. 3 . CSP, elastic strain, Voronoi volume, and
irial stress describe the local atomic configuration by assign-
ng per-atom values, with defect structures revealed through
olor mapping or by subtracting differences from the matrix
roperties (see Fig. 3 (e-h)). In contrast, CNA and PTM re-
uire predefined parameters but classify atoms into specific
rystal structures (HCP, FCC, or BCC). Compared with CNA
nd PTM, the Ackland–Jones analysis is generally considered
ess robust, particularly when applied to strongly distorted
rystal structures. These tools help bridge atomistic results
ith experimental observations, such as those from atomic-

esolution scanning transmission electron microscopy (STEM)
r atom probe tomography (APT). 
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Fig. 4. Solute distribution in bulk Mg and around crystallographic defects. (a) Schematic illustration of the solute segregation landscape, showing the progression 
from undecorated defects to solute-decorated defects, followed by the formation of metastable defect phases [ 82 ], and ultimately defect-associated precipitation. 
In the matrix, solute behavior transitions from a random solid solution to solute clustering, then to the formation of Guinier–Preston (GP) zones, and finally 
to bulk precipitation. (b) Structural transformation of �7 GBs from the A-type structural unit to the T-type structural unit in Mg alloys with increasing Ga 
content [ 36 ]. The accompanying defect phase diagram summarizes both experimentally observed GB structures and corresponding energies calculated using 
DFT. (c) Formation of dislocation defect phases in a Mg–Zn alloy, including topologically close-packed (TCP) phases and other structurally complex crystals 
associated with an 〈 a〉 dislocation [ 83 ]. (d) GB precipitation in Mg alloys as revealed by atomistic simulations [ 71 ]. (e) Isolated solute cluster containing two 
Nd atoms in Mg, with electron charge density calculated using DFT [ 84 ]. Structural models illustrate substitutional incorporation of two columns of solute 
atoms in the Mg lattice, along with their corresponding binding energies. (f) Formation energies of various GP zones in Mg–Nd alloys as calculated using 
DFT [ 85 ]. (g) Atomistic modeling of interphase boundaries (IPBs) between the Mg matrix and the Mg 17 Al 12 precipitate [ 86 ]. Reprinted with permission from 

publishing houses. 
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. Solute distribution 

.1. Solute enrichment landscape 

The spatial distribution of solutes in HCP Mg plays a cru-
ial role in determining thermodynamic stability and plastic
esponse. It is governed by solute type, concentration, and
hermodynamic variables, thus offering key levers for tailor-
ng strength, ductility, and thermal stability of Mg alloys.
ig. 4 (a) schematically illustrates solute enrichment pathways

n the bulk matrix and at crystallographic defects. Within
he matrix, solute enrichment evolves through a sequence
f stages beginning with a random solid solution, proceed-
ng to solute clustering and short-range order (SRO), ad-
ancing to formation of GP zones and metastable interme-
iate precipitates, and culminating in equilibrium (bulk) pre-
ipitation. Each successive stage imparts distinct contribu-
ions to the macroscopic behavior. Solid-solution strength-
ning arises from local lattice distortions induced by elastic
isfit between solute and solvent atoms, which hinder dislo-

ation motion. The formation of atomic clusters and precip-
tates introduces coherent or semi-coherent obstacles within
he matrix. Depending on their size, spacing, and interfa-
ial structure, they may be sheared by dislocations or by-
assed via Orowan looping, thereby tuning yield strength,
ork hardening, and strain-rate sensitivity [ 16 ]. Meanwhile,

o-clustering and SRO can significantly affect stacking-fault
nergies and dislocation core structures, shifting the relative
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ase of basal versus non-basal slip and influencing twinning
ropensity [ 87 ]. 

Beyond the matrix, crystallographic defects serve as low-
nergy sinks for solute segregation. As shown in Fig. 4 (a),
egregation often initiates by solute decoration of disloca-
ions, TBs and GBs. With increasing chemical driving forces,
ocalized solute accumulation at defects can trigger struc-
ural transformations to metastable defect phases with distinct
hemical and structural configurations from the matrix [ 82 ].
hese phases may be kinetically stabilized by substantial en-
rgy barriers before eventually evolving into thermodynami-
ally stable precipitates anchored at defects. Such localized
hemical enrichments and structural transformations can pro-
oundly alter defect-mediated plasticity, GB mobility, and in-
erfacial cohesion. Through these mechanisms, solute–defect
nteractions offer powerful means for tuning material proper-
ies. Accordingly, a mechanistic understanding of the energet-
cs, kinetics, and pathways of solute segregation and their sub-
equent impact on defect properties remains central to modern
efect engineering and the design of high-performance Mg-
ased materials. 

This section focuses on atomic-scale modeling of solute
nrichment within the matrix, covering solute binding, diffu-
ion, clustering, and precipitation. In Sections 4, 5 , and 6 , we
xtend this discussion to solute segregation at various crys-
allographic defects in greater detail. 

.2. Solute binding 

Recent advances in atomic-scale modeling have shed light
n the fundamental thermodynamics and kinetics underlying
olute distribution in Mg alloys. Solute–solute binding en-
rgies have been systematically evaluated using DFT across
 broad range of binary and ternary Mg alloys, providing
 thermodynamic basis for understanding clustering tenden-
ies and SRO phenomena [ 88,89 ]. Similarly, solute–vacancy
inding energies, particularly those involving RE elements,
ave been calculated using DFT [ 90,91 ]. Saal and Wolver-
on [ 90 ] reported that light RE elements (La to Gd) exhibit
avorable vacancy binding, while heavier RE elements (Tb
o Lu) show weaker or even repulsive interactions. A strong
inear correlation between binding energy and solute-induced
attice relaxation highlighted the role of strain energy mini-
ization in driving solute segregation. More recently, Mouhib

t al. [ 92 ] compared solute–vacancy and solute–solute bind-
ng in Mg–Ca–(Zn) and Mg–Gd–(Zn) systems, finding that
a binds more strongly with vacancies than Gd, while Zn
xhibits stronger co-segregation with Gd than with Ca. These
omputational findings align with APT observations on solute
istribution and offer a mechanistic explanation for observed
egregation patterns and their influence on texture evolution
n Mg alloys. 

.3. Solute diffusion 

The diffusion characteristics of solutes in Mg have been
xtensively investigated through atomic-scale modeling tech-
iques. Migration barriers of solutes in the Mg matrix have
een calculated using DFT [ 93,94 ]. Zhou et al. [ 94 ] esti-
ated diffusion coefficients through TST, showing that tran-

ition metals typically display strong vacancy binding and
igh diffusion barriers. Agarwal and Trinkle [ 95,96 ] devel-
ped a Green’s function model for vacancy-mediated solute
iffusion in Mg, incorporating DFT-based energetics. Using
 self-learning kinetic Monte Carlo (KMC) method, Nandi-
ati et al. [ 97 ] simulated Al diffusion in Mg using on-the-fly
arrier calculations, uncovering anisotropic diffusion behav-
or, with faster transport occurring along the basal plane. Yi
t al. [ 72 ] studied solute interactions with vacancy clusters
sing hybrid MD/MC simulations based on the MEAM_Kim
otential, finding that solutes accelerate mono-vacancy dif-
usion while suppressing cluster mobility, thereby stabilizing
lusters and promoting segregation, a trend validated by APT
f aged Mg–Al alloys. 

.4. Early-stage precipitation 

Solute clustering and GP zone formation in Mg alloys have
een a central focus of recent atomic-scale modeling efforts.
ie et al. [ 84 ] combined atomic-resolution STEM with DFT

o investigate clustering in Mg–Nd and Mg–Y alloys, reveal-
ng solute-enriched monolayer clusters aligned on the basal
lane ( Fig. 4 e). These configurations were shown to minimize
lastic strain energy, explaining their stability and uniform
pacing. Kimizuka and Ogata [ 98 ] employed a multibody
otential parameterized by DFT data to predict solute short-
ange ordering in Mg–Al–Gd alloys, identifying energetically
avorable stacking fault-associated structures resembling
ong-period stacking order (LPSO) motifs. Saal and Wolver-
on [ 99 ] evaluated the thermodynamic stability of LPSO
tructures in Mg–Y–Zn alloys using DFT, showing that while
hese LPSO structures have negative formation energies, they
re metastable relative to the ground-state phase diagram,
uggesting their stability is kinetic rather than thermodynamic.

Natarajan et al. [ 85 ] combined DFT and MC simulations
o model GP zone formation in Mg-Nd alloys, see Fig. 4 (f).
hey proposed a hierarchy of hybrid phases ( β ′′′′ ) that evolve
uring early decomposition. Contrary to earlier assumptions,
heir results indicate that D0 19 -like orderings are better de-
cribed as disordered GP rods, reshaping the understanding
f initial solute clustering. In follow-up work, Natarajan and
an der Ven [ 100 ] employed high-throughput DFT calcu-

ations to study the thermodynamic stability of hierarchical
′′′ phases in Mg–RE binary systems. They revealed that RE
toms can form either zigzag or hexagonal arrangements de-
ending on the element, with these configurations influenc-
ng misfit strains and precipitate morphology, offering key
nsights for alloy design. Further, Natarajan and Van der Ven
 101 ] utilized DFT combined with cluster expansion and MC
imulations to investigate the phase stability of HCP, BCC,
nd FCC-based solute orderings in Mg-Sc alloys. Their work
ncovered a diverse set of ordered and disordered phases,
ith Sc solutes forming rod-like and hierarchical motifs, and
ighlighted the role of phase competition in driving marten-
itic transformations. More recently, Cheng et al. [ 102 ] used
FT combined with cluster expansion methods to predict the
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tomic configurations of ordered monolayer GP zones in Mg–
n–X (X = Ca, Nd) systems, discovering metastable GP zone
tructures composed of Mg 2 X motifs with partial Zn substi-
ution, which agreed well with prior experimental data. 

Atomistic simulations have complemented DFT by en-
bling finite-temperature and larger-length-scale insights.
iang et al. [ 103 ] used KMC based on EAM potentials to
nvestigate early-stage precipitation in Mg–RE alloys, show-
ng that Y atoms preferentially aggregate along the c-axis,
volving from isolated clusters into six-membered rings and
igzag GP zones, consistent with STEM observations. Liao
t al. [ 104 ] applied KMC simulations with an “on-lattice” in-
eratomic potential for the Mg–Y–vacancy system based on
heir DFT to study the nucleation kinetics of β ′′ precipitates
n Mg–Y alloys. They found an optimal nucleation tempera-
ure of 550 K and characterized the early-stage formation of
olute clusters with zigzag and hexagonal motifs. 

.5. Precipitation 

Intermediate metastable precipitates ( β ′ and β1 ) in Mg-
ased alloys, particularly Mg-RE binary and ternary alloys,
ave been investigated via DFT, with a focus on their for-
ation energies, thermodynamic stability, morphologies, and

nterphase boundaries [ 105–118 ]. Issa et al. [ 119 ] investi-
ated the stability and elastic properties of metastable Mg 3 RE
D0 19 ) precipitates, finding that coherency strain energy favors
rismatic over basal habit planes across all Mg–RE systems,
hereby explaining the experimentally observed plate-like pre-
ipitate morphology. Later, Issa et al. [ 120 ] explored the
g/ β ′′ interface and revealed its energetic instability, which

romotes transformation to the more stable β ′ phase, suggest-
ng that β ′′ may act as a transient precursor during aging. Shi
t al. [ 121 ] combined APT and DFT calculations to investi-
ate Ca partitioning in Mg–Nd–Y alloys. Their results show
hat Ca can substitute for RE atoms in both β ′′′ and β ′ pre-
ipitates without altering the precipitation sequence, offering
 cost-effective strategy to reduce rare-earth usage. Hua et al.
 122 ] combined multi-scale characterization with MD and MC
imulations to reveal that atomic-scale Ca–Ce cocoon-like in-
erfacial segregation in a dilute Mg–Mn–Al–Ca–Ce alloy sta-
ilizes β-Mn nanoprecipitates by strain-driven solute redistri-
ution and interfacial energy reduction, ensuring exceptional
hermal stability. 

Atomistic simulations have further advanced the under-
tanding of precipitation behavior at larger scales. Atom-
stic simulations have revealed chemically and structurally
omplex interfacial regions that mediate lattice coherency
nd influence interface strength, as demonstrated in the
g/Mg 17 Al 12 ( Fig. 4 (g)) [ 86,123 ] and Mg/CaMg 2 [ 124 ] sys-

ems. Additional insights into dislocation-precipitation inter-
ctions are reviewed in Section 7 . 

. Dislocations 

The HCP crystal structure of Mg inherently restricts the
umber of independent easy slip systems, leading to pro-
ounced plastic anisotropy and limited ductility at room tem-
erature. Dislocation activity in Mg predominantly occurs on
hree slip systems: basal 〈 a〉 , prismatic 〈 a〉 , and pyramidal
 c + a〉 (see Fig. 5 (a)). Among these, 〈 a〉 dislocations on the
asal plane facilitate easy slip and dominate deformation un-
er most loading conditions. In contrast, 〈 c + a〉 dislocations,
liding on pyramidal planes, are more difficult to activate
ut are essential for accommodating strain along the c-axis,
hereby enabling true three-dimensional plasticity. 

Atomic-scale modeling has been indispensable for eluci-
ating the core structures, energetics, and motion mechanisms
f dislocations in Mg and its alloys. Numerous studies have
xamined the stability and mobility of dislocations across dif-
erent slip systems, often within the theoretical framework
f the generalized stacking fault energy (GSFE). The GSFE
urface characterizes the potential energy surface associated
ith rigid-body displacements along specific crystallographic
lanes, providing critical input for identifying favorable slip
ystems, possible dissociation pathways, and for estimating
eierls stresses via the Peierls–Nabarro model. 

Recent work has moved beyond static characterizations to
robe the dynamics of dislocation motion. Techniques such as
EB calculations and MD simulations have been employed

o determine minimum energy paths and activation barriers,
evealing rate-limiting steps and competing slip mechanisms.
hese atomistic insights provide a foundation for interpreting
xperimental observations and for designing alloying strate-
ies that promote more isotropic plasticity and enhanced duc-
ility in Mg alloys. For a broader introduction to atomic-scale
odeling of dislocations, the reader is referred to several

omprehensive textbooks and review articles [ 63,125 ]. 

.1. Basal and prismatic 〈 a〉 dislocations 

Basal slip, involving dislocations with Burgers vectors of
 a〉 on the (0001) plane, is the dominant deformation mode
n Mg at room temperature. Prismatic 〈 a〉 slip, while less fre-
uently activated, can also accommodate strain, particularly
nder specific crystallographic orientations and loading con-
itions. Yasi et al. [ 126 ] and Shin and Carter [ 130 ] investi-
ated core structures of basal and prismatic 〈 a〉 dislocations in
g using both ab initio methods and empirical EAM poten-

ials [ 26,45 ]. While EAM potentials reproduce basal disloca-
ion properties and SFEs reasonably well (see Fig. 5 (b)), they
end to introduce artifacts when modeling non-basal disloca-
ions. Shin and Carter [ 131 ] extended their DFT calculations
o quantify Peierls stress of dislocations in Mg, revealing low
eierls stress for basal edge dislocation (0.6 MPa) and much
igher stress for prismatic one (35.4 MPa). They attributed
hese differences to the presence or absence of stable stack-
ng faults and the collective atomic motion within dislocation
ores, achieving good agreement with experimental data. Qiu
t al. [ 132 ] calculated the stress-dependent core structures of
asal dislocations in Mg using DFT, finding that the Peierls
tress for basal dislocations can vary by an order of magnitude
epending on the applied stress, demonstrating pronounced
on-Schmid effects in Mg crystal plasticity. More recently,
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Fig. 5. Dislocation mechanisms in Mg and its alloys. (a) Schematic of the predominant slip systems: basal 〈 a〉 , prismatic 〈 a〉 , and pyramidal I and II 〈 c + a〉 . 
(b) Core structure of a basal 〈 a〉 edge dislocation modeled using DFT and the EAM_Mendelev potential [ 126 ], with differential displacement vectors and the 
Nye tensor color map (showing the 〈 11̄ 00〉 component) superimposed. (c) GSFE of prismatic 〈 a〉 slip calculated using DFT and various interatomic potentials 
[ 127 ], along with the atomistic mechanism for prismatic slip via a double cross-slip process of stable basal dislocations under a resolved shear stress on the 
orthogonal prismatic plane, obtained from NEB simulations with the MLIP_NNP potential [ 51 ]. (d) MD simulations on surface nucleation of pyramidal II 
〈 c + a〉 dislocations in a Mg single crystal under c-axis compression [ 128 ]. (e) Out-of-plane 〈 c + a〉 slip mechanisms, including pyramidal-to-basal transitions 
and pyramidal cross-slip [ 22 ]. (f) Peierls stresses of various Mg solid-solution alloys predicted using the Peierls–Nabarro model parameterized by DFT results 
[ 129 ], with the black line indicating the reference value for pure Mg. Reprinted with permission from publishing houses. 
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an and Trinkle [ 133 ] performed first-principles calculations
f core energies for isolated basal and prismatic screw dis-
ocations in Mg using the energy density method. This ap-
roach enabled accurate evaluation of dislocation energetics,
vercoming limitations of classical approaches. 

In addition to DFT-based investigations, MD simulations
ave been widely employed to explore basal and prismatic
islocation dynamics in Mg. Uranagase and Matsumoto [ 134 ]
pplied MD simulations using the EAM_Mendelev poten-
ial [ 45 ] to evaluate the activation free energy of basal and
rismatic dislocation loop nucleation in Mg. By construct-
ng collective variables for the nucleation process, they re-
ealed a linear relationship between enthalpic and entropic
ontributions, highlighting the temperature-dependent differ-
nces between basal and prismatic slip mechanisms. Itakura
t al. [ 135 ] conducted an atomistic study using DFT and MD
o investigate the cross-slip process of a screw 〈 a〉 disloca-
ion from the basal to prismatic plane in Mg. They com-
uted the Peierls energy landscape and applied a line ten-
ion model to estimate the activation enthalpy, showing good
greement with experimental values. Their MD simulations
ith the EAM_Mendelev potential further revealed a tem-
erature dependence of cross-slip behavior, characterized by
erky motion at low temperatures and smoother glide at ele-
ated temperatures. 

It has been noted that many classical semi-empirical inter-
tomic potentials artificially predict a local energy minimum
long the GSFE line for prismatic 〈 a〉 slip [ 57 ]. This results in
he erroneous stabilization of screw dislocations on the pris-

atic plane. In contrast, MLIPs trained on DFT data eliminate
his artifact and correctly predict that prismatic 〈 a〉 screw dis-
ocations are unstable, while edge dislocations remain stable,
s shown in Fig. 5 (c) [ 51 ]. Stricker and Curtin [ 127 ] used a
FT-trained MLIP_NNP [ 51 ] to investigate prismatic slip in
g, particularly focusing on 〈 a〉 dislocations. They showed

hat prismatic slip occurs via a double-cross-slip mechanism
nvolving basal dislocations, where the stress-dependent en-
rgy barrier was calculated using NEB, see Fig. 5 (c). Building
n this work, Liu et al. [ 136 ] investigated a low-temperature
nstability in prismatic slip using the MLIP_NNP potential.
hey found that the simulations reproduce experimental ather-
al flow behavior and identified a critical stress beyond which

rismatic glide dominates over basal-prismatic double-cross-
lip. More recently, Liu and Curtin [ 137 ] proposed a new
echanism for thermally activated prismatic slip based on

ink nucleation at screw-to-non-screw transitions in disloca-
ion loops using MD with the validated MLIP_NNP, repro-
ucing experimentally observed activation barriers and dislo-
ation velocities. 

.2. Pyramidal 〈 c + a〉 dislocations 

Pyramidal slip systems are essential for enabling plastic
eformation along the c-axis, a prerequisite for ductility in
g. These systems involve dislocations with Burgers vec-

ors of 〈 c + a〉 gliding on pyramidal first-order (pyramidal
) and second-order (pyramidal II) planes. Li and Ma [ 138 ]
onducted MD simulations using the EAM_Liu potential to
nvestigate pyramidal I slip in Mg. They discovered an uncon-
entional slip mechanism involving two partial dislocations
ith mixed 〈 c〉 and 〈 a〉 components that glide independently

o form a stacking fault. Nogaret et al. [ 139 ] conducted atom-
stic simulations to study edge and screw 〈 c + a〉 dislocations
n Mg using EAM_Liu and EAM_Mendelev potentials, re-
ealing temperature-dependent transitions in dislocation core
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tructures and a significant decrease in CRSS at room tem-
erature, facilitating dislocation glide. 

As with prismatic slip, semi-empirical EAM potentials
ften introduce artifacts in predicting pyramidal dislocation
ehavior, particularly in dissociation and gliding mechanisms
 57 ]. Ghazisaeidi et al. [ 140 ] studied the core structures
f 〈 c + a〉 edge and screw dislocations in Mg using DFT,
evealing that both dislocations dissociate into two 

1 
2 〈 c + a〉

artials on pyramidal II planes. They assessed the perfor-
ance of MEAM_Kim, EAM_Liu, and EAM_Mendelev

otentials with their DFT results, showing MEAM_Kim
losely reproduced the DFT results. Srivastava et al. [ 141 ]
mployed atomistic simulations using MEAM_Wu and
EAM_Kim potentials to uncover the mechanisms control-

ing plasticity in Mg, focusing on pyramidal I and II 〈 c + a〉
crew dislocations. They discovered a new glide mechanism
nvolving atomic shuffling that leads to the formation of
table super-jogs, which exert a strong drag effect, explaining
he experimentally observed work-hardening, low ductility,
nd anomalous thermal-hardening in Mg. Recently, Sun
t al. [ 142 ] investigated the core structure of edge 〈 c + a〉
islocations on the pyramidal I plane in Mg under the
ombined compressive normal stress and shear using MD
ith the MEAM_Wu potential. They discovered a novel core

econstruction that significantly lowers the Peierls stress and
nhances the mobility of 〈 c + a〉 dislocations. 

The relative importance of pyramidal I vs. II 〈 c + a〉 dis-
ocations in mediating c-axis deformation has been widely
ebated. Fan and El-Awady [ 143 ] conducted MD simula-
ions using the MEAM_Kim potential to investigate the for-

ation and slip characteristics of 〈 c + a〉 dislocations, com-
aring pyramidal I and II planes. Their results suggest that
yramidal I dislocations play a predominant role in c-axis
ompression, challenging previous experimental interpreta-
ions that favored pyramidal II slip. Ding et al. [ 144 ] per-
ormed DFT calculations on the GSFE lines of pyramidal
 c + a〉 slip and investigated their dissociation mechanisms.
hey found that 〈 c + a〉 dislocations form more readily on the
yramidal I plane than on the pyramidal II plane in Mg. In
ontrast, Kumar et al. [ 145 ] combined high-resolution TEM,
FT, and atomistic simulations using the MEAM_Wu po-

ential to investigate pyramidal 〈 c + a〉 dislocations in Mg.
hey showed that pyramidal II dislocations can dissociate

nto two equal partials, which are glissile under stress, while
yramidal I dislocations of similar character become sessile.
heir work confirmed the experimentally observed disloca-

ion configurations and clarified the differences in their mo-
ility. Similarly, Li et al. [ 146 ] utilized MD simulations using
he MEAM_Wu potential to explore the tension-compression
esponse of pyramidal 〈 c + a〉 dislocations in Mg. They dis-
overed that pyramidal I dislocations exhibit strong tension-
ompression asymmetry, originating from their asymmetric
artials, which cause the core to contract under compres-
ion and expand under tension, a phenomenon not observed
or symmetrical pyramidal II and basal dislocations. Nitol
t al. [ 28 ] developed a machine learning MLIP_NNP for
ure Mg to investigate 〈 c + a〉 dislocation slip and found
hat pyramidal II slip is preferred over pyramidal I slip under
tress. 

Atomistic simulations have also been pivotal in interpret-
ng in-situ mechanical testing results. Yu et al. [ 147 ] em-
loyed in-situ TEM tensile tests and MD simulations using
he EAM_Liu potential on Mg single crystals and nanoparti-
les to reveal a pronounced nanoscale size effect on plastic
nisotropy. When sample dimensions were reduced below 100
m, the CRSS anisotropy between basal and non-basal slip
ystems diminished substantially, enabling concurrent activa-
ion of basal, prismatic, and pyramidal 〈 c + a〉 slip. This tran-
ition led to homogeneous plastic flow with ultrahigh strength
 ∼2 GPa) and enhanced ductility (up to ∼30% uniform elon-
ation), attributed to increased dislocation interactions, cross-
lip, and surface nucleation of non-basal dislocations, thereby
vercoming the typical strength–ductility trade-off in Mg. Liu
t al. [ 148 ] utilized in-situ TEM compression tests and atom-
stic simulations using the MEAM_Wu potential to investigate
he compression of submicrometer-sized Mg pillars along the
-axis. They demonstrated that 〈 c + a〉 dislocations can ac-
ommodate large plasticity by gliding on both pyramidal I and
I planes, leading to the “smaller is stronger and more ductile”
henomenon in Mg. Recently, Jeong et al. [ 128 ] combined in-
itu TEM compression tests of c-axis oriented Mg nanopillars
ith atomistic simulations using the optimized MEAM_Wu
otential [ 149 ] to study non-basal plasticity mechanisms at
arge strains, see Fig. 5 (d). They found that initially active
lissile pyramidal II 〈 c + a〉 dislocations become impeded
hrough interactions that form sessile basal stacking faults,
eading to stress accumulation, dislocation avalanches, and
ventual deformation twinning. 

.3. Out-of-plane 〈 c + a〉 slip 

While pyramidal 〈 c + a〉 slip is critical for activating plas-
icity along the c-axis in Mg, it is not always confined to a
ingle crystallographic plane. Out-of-plane mechanisms, such
s transitions between pyramidal and basal planes and cross-
lip between different pyramidal planes, are increasingly rec-
gnized as key factors governing dislocation mobility, work
ardening, and overall ductility in Mg and other HCP metals.
nderstanding these processes at the atomic scale is essen-

ial for interpreting experimental observations and developing
trategies to improve mechanical performance. 

The stability of 〈 c + a〉 dislocations in Mg has been ex-
mined using MD simulations, as illustrated in Fig. 5 (e). Wu
nd Curtin [ 150,151 ] performed long-time MD simulations
ith the MEAM_Wu potential and revealed that 〈 c + a〉 dis-

ocations in Mg can transform into basal-dissociated sessile
onfigurations. They proposed that this intrinsic transforma-
ion explains the work hardening and low ductility of Mg,
uggesting that suppressing the pyramidal-to-basal transition
ould be a promising approach to enhance ductility. Later,
u, Yin, and Curtin [ 152 ] combined anisotropic elasticity

heory with DFT-calculated SFEs to analyze the energetics of
islocation transformations in six HCP metals. They found
hat climb dissociation of 〈 c + a〉 dislocations to the basal
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lane is energetically favorable across all cases, indicating a
ommon mechanism that may limit ductility in HCP systems.
ang et al. [ 153 ] further examined the dissociation behav-

or of edge and screw 〈 c + a〉 dislocations on pyramidal I
nd II planes in Mg using the MEAM_Wu potential. Their
imulations showed that proper energy minimization before
elaxation at finite temperatures is essential to retain in-plane
issociation; otherwise, high local stress concentrations can
rive the dislocations to dissociate onto the basal plane. Nitol
t al. [ 28 ] performed MD simulations using their MLIP_NNP
o investigate 〈 c + a〉 dislocation slip in Mg, showing that
asal-dissociated 〈 c + a〉 dislocation cores are mobile, chal-
enging previous assumptions about their sessility. More re-
ently, Matsumoto et al. [ 154 ] performed MD simulations
sing the optimized MEAM_Wu potential [ 149 ] to examine
he migration behavior of basal-dissociated pyramidal II edge
 c + a〉 dislocations in Mg. They found these dislocations,
reviously thought to be sessile, could migrate via a mecha-
ism involving periodic Shockley partial exchange, highlight-
ng unexpected mobility even at low temperatures. 

The cross-slip mechanisms of 〈 c + a〉 dislocations in
g have been investigated using atomistic simulations, see

ig. 5 (e). Tang and El-Awady [ 155 ] performed large-scale
D simulations using EAM potentials to study 〈 c + a〉

islocation-mediated plasticity in Mg single crystals under c-
xis loading. They found that 〈 c + a〉 dislocations nucleate on
yramidal I planes, mediated by atomic shuffling, and subse-
uently transition to slip on pyramidal II planes via cross-slip
f screw segments or cooperative slip of edge segments. Wu
nd Curtin [ 156 ] examined 〈 c + a〉 dislocation cross-slip in
g using the MEAM_Wu potential based on NEB calcula-

ions. They discovered a unique cross-slip mechanism con-
rolled by partial dislocation behavior and close core energy
ifferences, rationalizing tension-compression asymmetry in
g and similar HCP metals. Buey and Ghazisaeidi [ 157 ]

mployed MD simulations using the MEAM_Wu potential to
xplore the cross-slip behavior of 〈 c + a〉 screw dislocations
n Mg across pyramidal I and II planes at various tempera-
ures. They identified a metastable compact core that enables
ross-slip between the two pyramidal planes and found that
yramidal II slip is preferred at room temperature, suggesting
emperature-dependent cross-slip behavior. Itakura et al. [ 158 ]
onducted ab-initio calculations to investigate the cross-slip
echanism of pyramidal 〈 c + a〉 screw dislocations in Mg.
hey discovered a novel non-planar stacking fault migration
echanism allowing dislocation motion between planes with-

ut classical cross-slip, reconciling experimental observations
f slip traces with computational predictions. Zhang et al.
 159 ] performed atomistic simulations using the MEAM_Wu
otential to systematically examine the slip and cross-slip be-
avior of 〈 c + a〉 screw dislocations on various planes in Mg.
 key finding was the identification of a plausible new slip

ystem on {1̄ 21̄ 1 } planes, which has a low Peierls stress, in
ddition to observing frequent cross-slip among pyramidal I
nd II planes. Recently, Liu and Yin [ 160 ] proposed a force-
orrection method to eliminate the surface effects, thus en-
ancing the accuracy of DFT calculations of screw disloca-
ions in Mg. They revealed that multiple metastable 〈 c + a〉
ore configurations exist on pyramidal planes, suggesting low
nergy barriers for cross-slip. 

.4. Solute effects on dislocation motion 

The influence of solutes on dislocation-mediated plas-
icity in Mg has been extensively investigated using DFT,
hich offers the accuracy needed to resolve atomistic interac-

ions. In particular, solid-solution alloying can either promote
on-basal plasticity or suppress basal slip, thereby tailoring
trength, ductility, and anisotropy. Datta et al. [ 161 ] used DFT
alculations to analyze the stability of different stacking se-
uences in Mg–Zn–Y alloys. They found that Y stabilizes
ong-period stacking structures, while Zn reduces the basal
FE, leading to improvements in the mechanical properties
f the alloys. Yasi et al. [ 162 ] performed DFT calculations
nd developed a predictive mesoscale model for solid-solution
trengthening on the basal plane in Mg, replacing classical
lasticity theory. They proposed a “strengthening design map”
hat includes 29 different solutes, which was validated with
xperimental data for common solutes such as Al and Zn.
ei et al. [ 129 ] utilized DFT-calculated GSFE to develop a
omputationally efficient method to predict basal dislocation
roperties in Mg alloys. They classified solutes into strength-
ning or softening categories based on their impact on Peierls
tress, enabling high-throughput screening for alloy design as
hown in Fig. 5 (f). Yin et al. [ 163 ] used DFT to compute
FEs in Mg–Y, Mg–Al, and Mg–Zn alloys with different so-

ute concentrations. They found that reductions in SFE do
ot directly correlate with enhanced 〈 c + a〉 activity, chal-
enging the prevailing assumption that the basal I1 stacking
ault correlates with ductility and highlighting the need for
ore nuanced mechanistic models for ductility enhancement.
ehranchi et al. [ 164 ] applied a parameter-free model that

ncorporated a misfit strain contribution and a stacking fault
nteraction term into the Peierls–Nabarro framework to predict
olute strengthening of basal slip in Mg alloys. Their model,
alidated by DFT and experiments, enables rapid estimates
f strengthening effects for various solutes. Buey et al. [ 165 ]
sed DFT to investigate solute strengthening in Mg–Y alloys
y computing interaction energies between solutes and 〈 c + a〉
dge dislocations. They modified the solute–dislocation in-
eraction model to account for core structural changes and
emonstrated that Y reduces the CRSS ratio between pyra-
idal and basal slip, thereby enhancing plastic isotropy and

uctility. Fang et al. [ 166 ] employed first-principles calcula-
ions to study interactions between various solutes and basal
crew dislocation cores in Mg alloys. They found RE and Ca
olutes can hinder dislocation dissociation, alter stacking fault
idths, and induce non-planar dislocation cores, contribut-

ng to improved alloy strength and ductility. Fellinger et al.
 167 ] used solid-solution strengthening models parameterized
ith DFT-computed solute–dislocation interaction energies to

dentify solutes that reduce yield strength anisotropies in Mg.
hey identified several RE and non-RE solutes, including
d and Y, that could potentially improve ductility by low-

ring the ratio of non-basal to basal CRSS. More recently,
iazi and Curtin [ 168 ] explored the strengthening of pris-
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atic edge dislocations in Mg–Zn alloys through cross-core
olute diffusion. Using first-principles calculations and solute-
trengthening theory, they found that while cross-core diffu-
ion contributes significantly to strengthening, it accounts for
nly about 30% of the experimentally observed strength in-
rease at high temperatures. 

In addition to DFT-based studies, atomistic simulations
ave also been employed to directly evaluate solute effects
n dislocation mobility using MD and MS approaches. Kim
t al. [ 169 ] performed MD simulations to demonstrate that Y
ddition increases the CRSS of basal slip more than non-basal
lip, thereby reducing the anisotropy and activating 〈 c + a〉
lip in Mg-Y alloys. Later, Kim et al. [ 170 ] proposed that the
nderlying mechanism for the reduction of CRSS anisotropy
s the stronger solute-dislocation binding tendency of solute
toms on basal slip planes compared to non-basal planes,
hich they verified with atomistic simulations and experi-
ents. Similar studies have been conducted by the same re-

earch group [ 171–173 ], in which various binary and ternary
g-based MEAM potentials were developed and applied to

tudy solute effects. These works consistently demonstrated
hat carefully selected solute additions can reduce overall
RSS anisotropy and thus facilitate the activation of non-
asal slip systems. 

Solutes can also promote out-of-plane dislocation motion,
articularly by facilitating cross-slip of 〈 c + a〉 dislocations,
hich plays a critical role in enhancing ductility in Mg al-

oys. Yasi et al. [ 174 ] developed a first-principles statisti-
al model to predict thermally activated cross-slip stresses,
howing that alloys containing Sc, K, and Na could achieve
ower forming temperatures than pure Mg. Following this,
asi et al. [ 175 ] constructed a geometry-based model from
rst-principles data to predict thermal cross-slip stress, which
uccessfully predicted that alloys with Ca, Y, and Zr could
imilarly reduce cross-slip stresses. Wu et al. [ 22 ] proposed a
echanistic theory, supported by DFT calculations and TEM

bservations, that enhanced ductility in Mg alloys stems from
olute-accelerated 〈 c + a〉 cross-slip and multiplication, which
elp prevent the buildup of immobile dislocation structures.
hmad et al. [ 176 ] extended the solute-accelerated cross-slip

heory by including multiple solutes and validating predic-
ions with DFT and experimental data. They identified com-
osition windows for ductile behavior and guided the de-
ign of RE-free high-ductility Mg alloys. Ding et al. [ 144 ]
sed DFT to investigate the origins of 〈 c + a〉 dislocations
nd their dissociation mechanisms, finding that Y additions
romote dissociation on pyramidal II planes, thereby facili-
ating their activation over pyramidal I in Mg–Y alloys. More
ecently, Brodie and Ghazisaeidi [ 177 ] employed DFT com-
ined with the quasi-harmonic approximation to calculate the
emperature-dependent Gibbs Free Energy of stacking faults
n pure Mg and Mg-Al and Mg-Ca alloys. Their findings re-
eal that while pyramidal II SFE is lower than pyramidal I in
ure Mg over a wide temperature range, the addition of Al or
a solutes significantly reduces the pyramidal I SFE, making

t more stable at all temperatures and lowering the cross-slip
nergy barrier. 
MD simulations have also been widely employed to inves-
igate how solutes influence the motion and transformation of
 c + a〉 dislocations in Mg alloys. Ahmad et al. [ 178 ] per-
ormed MD simulations using their MEAM potential [ 179 ]
o investigate 〈 c + a〉 dislocation transitions in Mg-Y alloys.
hey found that while Y lowers the overall dislocation en-
rgy, it does not affect the transition mechanism or barrier,
uggesting that enhanced ductility is not due to stabilization
f pyramidal 〈 c + a〉 dislocations. In a subsequent study, Ah-
ad et al. [ 149 ] analyzed the energetics of double-cross-slip

f 〈 c + a〉 screw dislocations on pyramidal I planes using
EB and MD simulations. They found that at higher solute

oncentrations, pyramidal I becomes energetically favorable,
ltering the dominant slip system and placing an upper limit
n beneficial solute additions. Utt et al. [ 180 ] combined MC
nd MD simulations to explore solute segregation effects on
islocation behavior in Mg-Y alloys using the same MEAM
otential. They reported that random solute distributions have
ittle influence on the pyramidal-to-basal transition, whereas
he formation of solute-rich clouds around dislocations ef-
ectively suppresses this transition, thereby stabilizing glissile
otion and enhancing ductility. More recently, Shi et al. [ 181 ]

ntegrated slip-trace analysis of a polycrystalline Mg–Zn alloy
nder tension with MD simulations using a MEAM poten-
ial [ 182 ]. They observed increased activation of pyramidal
I 〈 c + a〉 slip and secondary mechanisms such as twinning
nd cross-slip at higher strains, which they attributed to the
ultiple deformation pathways enabled by Zn additions. 

. Twinning 

Twinning in Mg and its alloys has long been recognized
s a key deformation mode accommodating strain along the
-axis of the HCP structure, complementing dislocation slip
 185 ]. Upon activation during deformation, twinning induces
ronounced texture evolution, substantial internal stress re-
istribution, and a marked increase in hardening rate that is
ot typically observed in the higher-symmetry cubic metals
 15 ]. As a result, the mechanical behavior of Mg and other
CP crystals is considerably more complex than that of cu-
ic metals, see the schematic of twinning in HCP crystals
 Fig. 6 (a)). Over the past two decades, extensive experimen-
al and theoretical investigations have significantly advanced
ur understanding of twin nucleation, propagation, and inter-
ction with defects, even in three dimensions [ 186,187 ]. In
his section, we focus on twin nucleation and the central de-
ate over twinning mechanisms, while twin thickening and the
ssociated TB migration are discussed in Section 6 (6.1.3) . 

.1. Twin nucleation 

In hexagonal metals, twin nucleation cannot be explained
y the conventional pole mechanism involving the glide of a
ingle twinning dislocation, since an isolated twinning dislo-
ation cannot exist within the HCP lattice. Moreover, homo-
eneous nucleation of twins within a grain is both energet-
cally unfavorable and kinetically constrained, as it requires
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Fig. 6. Twinning mechanisms in Mg. (a) Atomic configurations and four-atom supercell shape of the perfect HCP lattice and the twinned HCP configuration 
during { 101̄ 2} twinning shear deformation [ 183 ]. (b) Nucleation and early-stage growth of { 101̄ 2} twins in Mg nanopillars [ 184 ]. Top: In situ compression tests 
parallel to the basal plane showing twinning events in a truncated wedge-shaped Mg pillar with a 100 nm top surface. Bottom: MD simulations illustrating 
twin nucleation at the top-surface corners, followed by propagation and growth. Reprinted with permission from publishing houses. 
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he activation of a zonal dislocation spanning multiple atomic
ayers. Wang et al. [ 188 ] investigated { 101̄ 2} twin nucleation
n Mg using DFT and a semi-empirical potential, revealing
 glide–shuffle mechanism that involves both the glide of
win dislocations and atomic shuffling in the twinned layer.
ubsequently, Wang et al. [ 189 ] reported an unconventional
ure-shuffle mechanism for { 101̄ 2} twin nucleation at GBs,
ttributed to high stress concentrations and pre-existing GB
islocations. Ishii et al. [ 183 ] employed DFT-NEB calcula-
ions and demonstrated that { 101̄ 2} twin nucleation is likely
overned by local atomic shuffling with a relatively small ac-
ivation volume, making it highly sensitive to temperature and
pplied strain rate. 

In situ microscopy and atomistic simulations have revealed
hat { 101̄ 2} twin embryos form in regions of stress concentra-
ion through heterogeneous nucleation at GBs, prior twins or
islocation pile-ups, followed by rapid propagation mediated
y disconnection motion along the TB [ 188,190–192 ]. Twin
ucleation is believed to occur under applied stress through
he transformation of GB defects into twinning partials, which
ubsequently coalesce to form a stable twin nucleus compris-
ng multiple atomic layers [ 188 ]. The nucleation mechanism
s influenced by both the atomic structure of the GB associ-
ted with its misorientation and the local stress state. Notably,
ow-angle boundaries have been shown by MD simulations
nd EBSD statistical analysis to exhibit a higher probability
f twin nucleation [ 193 ]. Using a probabilistic model, Bey-
rlein and Tomé [ 193,194 ] demonstrated that twin nucleation
nd variant selection are primarily driven by local stresses
t the GBs, whereas twin propagation is governed by the
esolved shear stress within the grain interior. As a result,
t was suggested that grain orientation has a greater impact
n twin propagation than on nucleation itself. The rate of
win nucleation can be described as a stochastic process due
o fluctuations in local stress at the boundaries, arising from
andomly occurring dislocation pile-ups, as well as variations
n threshold stresses for nucleation caused by different local
islocation configurations and GB characteristics [ 190 ]. The
verage density of nuclei per unit boundary area was reported
o increase with rising local stress. Striking examples are the
urface nucleation of { 101̄ 2} twins in single crystalline Mg
 o  
anopillars, revealed by in situ TEM mechanical testing and
upported by MD simulations [ 184,195 ]. Crystal geometry
nd the resulting local stress distributions strongly influence
arly-stage twin growth, which is closely tied to the instabil-
ty of plastic flow, see Fig. 6 (b). Additionally, twin nucleation
roceeds via a pure-shuffle mechanism involving prismatic–
asal transformations [ 184 ]. 

Apart from { 101̄ 2} twin nucleation, other twinning modes
n Mg have also been investigated using atomistic simulations
n detail. Li et al. [ 196 ] studied the nucleation and growth of
 101̄ 1 } compression twins in Mg single crystals using MD
imulations. They revealed that twin embryos can nucleate
t free surfaces through the cross-slip of prismatic 〈 a〉 dis-
ocations onto pyramidal planes, facilitated by basal stacking
aults that reduce the required atomic shuffling. Beyond com-
ression twins, new mechanisms have been uncovered for less
ommon twinning systems. Wang et al. [ 197 ] reported a pre-
iously unidentified mechanism for { 112̄ 2} twinning, which
merges through the interaction of co-zone { 112̄ 1 } variants.
heir atomistic simulations showed that the merging of two
 112̄ 1 } TBs produces a coherent { 112̄ 2} TB, independent of
lassical twinning dislocations. Alloying effects can further
iversify twin nucleation behavior. Xiao et al. [ 198 ] combined
FT calculations and atomistic simulations to reveal that Y

olutes promote the activation of the { 112̄ 1 } twin in Mg, a
ode rarely observed in pure Mg. By enhancing shuffle dis-

lacements along the < 110 0 > direction, Y atoms lower the
nergy barrier for multi-layer twin embryo formation, making
his twin competitive with the { 112̄ 2} extension twin. 

.2. Twinning mechanisms 

A central debate in the literature concerns the atomic-scale
echanisms responsible for twin growth, particularly the role

f atomic shuffling in the migration of TBs vs. the motion
f twinning dislocations along the TB. Li and Ma [ 199 ] per-
ormed MD simulations using the EAM_Liu potential and
roposed that coordinated atomic shuffles in the two { 101̄ 2}
ayers of the parent lattice are responsible for the growth
f { 101̄ 2} twins without the need for dislocation processes
n this twinning plane. This hypothesis sparked intense de-
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ate [ 200,201 ] and underwent subsequent refinements through
igh-resolution TEM and atomic-scale modeling [ 184,202 ].
ore recent studies have demonstrated the coexistence of

hear-dominated disconnection motion with localized atomic
huffles. This suggests that both shear and shuffling contri-
utions are necessary for TB migration, depending on local
tress states and interface structure [ 183,187,203 ]. Advances
n phase-field and crystal plasticity simulations have further
lucidated the collective behavior of twins, including their
nteractions, growth anisotropy, and role in strain hardening
 185,204,205 ]. Internal stresses and strains evolutions, and
lasticity within twin and parent domains were reported in Mg
lloys via double inclusion-based elasto-plastic self-consistent
cheme [ 206,207 ]. Twin–GB interactions play a critical role
n controlling twin propagation and transmission. Atomistic
nd phase-field studies have revealed the influence of struc-
ural facets, stress, and temperature on TB mobility [ 208,209 ].
t the polycrystalline scale, recent investigations showed how

win–GB interactions govern strain hardening and formability,
hile twin transmission propensity decreases with increasing
rain misorientation [ 210,211 ]. 

The integration of atomic-scale insights with mesoscale
odels now provides a first glimpse of a coherent framework

inking disconnection-mediated TB motion to macroscopic
eformation, though open questions remain on the competi-
ion between multiple twin modes and the influence of alloy-
ng [ 197,198,212,213 ]. Overall, twinning in Mg exemplifies
 multiscale deformation process, where atomic shuffling, in-
erfacial disconnections, and long-range stress interactions are
nseparably coupled. 

. Grain boundaries 

GBs are 2D crystallographic defects that separate regions
f differing lattice orientations and play a critical role in
ontrolling the properties of Mg and its alloys, influencing
henomena such as recrystallization, grain growth, and plas-
ic deformation [ 17,214 ]. Depending on their crystallographic
haracter and atomic arrangement, GBs can be broadly cate-
orized into special low-energy boundaries, such as TBs, and
igh-energy general boundaries. While TBs often form dur-
ng plastic deformation via twinning, as introduced in Sec-
ion 5 , and exhibit highly ordered structures with relatively
ow interfacial energies, general GBs encompass a wide va-
iety of symmetric and asymmetric tilt and/or twist bound-
ries with more disordered atomic configurations and higher
nergies. 

Recent advances in high-resolution microscopy, first-
rinciples calculations, and atomistic simulations have en-
bled atomic-scale characterization of GB structures, segre-
ation behaviors, and migration mechanisms in Mg and its
lloys. These studies have revealed that both TBs and general
Bs can undergo solute-induced structural transitions and ex-
ibit distinct migration modes that critically influence macro-
copic mechanical response. 
.1. Twin boundaries 

.1.1. Structures and energies 
The structures and energies of TBs in Mg, particularly the

ommon { 101̄ 2} extension TB and the { 101̄ 1 } contraction TB,
ave been extensively investigated using atomic-scale model-
ng. Wang et al. [ 43 ] performed first-principles calculations
o determine the interfacial energies of four types of TBs in

g, including { 101̄ 1 } reflection TB, { 101̄ 1 } glide TB, { 101̄ 2}
eflection TB, and { 101̄ 2} glide TB. TB energies yield val-
es of 85.5 mJ/m 

2 for the { 101̄ 1 } reflection TB, 81.0 mJ/m 

2 

or the { 101̄ 1 } glide TB, 118.1 mJ/m 

2 for the { 101̄ 2} reflec-
ion TB, and 120.0 mJ/m 

2 for the { 101̄ 2} glide TB. Kumar
t al. [ 219 ] used DFT to study the structures and energies of
 101̄ 1 } , { 101̄ 2} , and { 101̄ 3 } TBs in six HCP metals, including

g. They found that TB formation is generally associated
ith the creation of excess volume. For HCP metals with
/a <

√ 

8 / 3 , the { 101̄ 2} TB exhibits higher formation en-
rgy than { 101̄ 1 } and { 101̄ 3 } TBs, whereas the opposite trend
ccurs in metals with c/a >

√ 

8 / 3 . Pei et al. [ 38 ] combined
FT with atomistic simulations to systematically explore pos-

ible intrinsic { 101̄ 1 } and { 101̄ 2} TB structures in Mg, see
ig. 7 (a). By mapping energetics as a function of shear and
huffle parameters, they assessed mechanical stability against
mall distortions, resolving long-standing discrepancies be-
ween theory and experiment regarding glide versus reflection
B configurations. They found that the absence of glide TBs

n experiments was a consequence of their mechanical insta-
ility, specifically the lack of any metastable configuration,
ather than limitations in nucleation or growth mechanisms.
hu et al. [ 220 ] employed DFT to define a strain-dependent
nergy for the { 101̄ 2} TB, quantifying the effects of external
tress and solute segregation on TB stability under different
train paths. They demonstrated that solute selection based on
lectron work function can be used to deliberately stabilize
r destabilize twins, consistent with qualitative experimen-
al observations. Beyond the commonly reported tensile and
ompressive TBs, Lane et al. [ 221 ] used first-principles cal-
ulations to determine the energy and structure of a { 112 1 }
B in Mg. They demonstrated that this type of TB can form
ia basal dislocation glide without atomic shuffle and linked
ts boundary energy to the elastic constant C44 , as well as to
he low CRSS of basal dislocations that comprise the twin.

ore recently, Zeng et al. [ 222 ] performed atomistic simula-
ions using the EAM_Liu potential to characterize twin facets
ssociated with 3D { 101̄ 1 } twins in Mg. They identified coher-
nt facets bounding non-equilibrium twins and semi-coherent
acets formed after misfit dislocation rearrangement in equi-
ibrium twins. They quantified facet stability and revealed how
winning dislocation line sense and arrangement control facet
rientation, coherency, and mobility. 

.1.2. Solute segregation 

Solute segregation at TBs in Mg alloys has been ex-
ensively investigated using a combination of atomic-scale

icroscopy and modeling, revealing that segregation pat-
erns strongly influence TB structure, stability, and mobil-
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Fig. 7. Atomic-scale investigations of GBs in Mg and its alloys. (a) Structures and energies of the { 101̄ 1 } contraction TB and { 101̄ 2} extension TB modeled 
using DFT and classical atomistic simulations [ 38 ]. (b) Periodic solute segregation at TBs driven by strain energy minimization, calculated with DFT [ 215 ]. 
(c) Migration of faceted { 101̄ 2} TBs in Mg–Y alloys and pure Mg using MD simulations [ 216 ]. (d) Structures and energies of 〈 0001 〉 STGBs in sputter- 
deposited Mg thin films, modeled with the EAM_Liu potential [ 69 ]. (e) Segregation spectrum of Y and Zn solutes at GBs in polycrystalline Mg predicted 
using MEAM_Kim potentials, with comparison to Langmuir–McLean concentrations and experimental data [ 217 ]. (f) Migration of high-angle [11̄ 00] STGBs 
modeled with MD simulations using the EAM_Liu potential [ 218 ]. Reprinted with permission from publishing houses. 

i  

e  

w  

o  

T  

n  

“  

T  

r  

e  

m  

a  

a  

{  

o  

p  

[  

a  

t  

a  

T  

(  

t  

D  

r  

t  

D  

c  

t  

c  

e  

t  

r  

p  

e  

i  

v  

l  

t  

t  

{  

l  

s  

e  

i
a  

l  

(  

t  

p  

r  

i
 

s  

e  

Y  

R  

d  

r  

{  

d  

a  

c  

s  
ty, thereby shaping twinning behavior and mechanical prop-
rties. Nie et al. [ 215 ] combined atomic-resolution STEM
ith DFT modeling to reveal periodic, ordered segregation
f solutes such as Gd and Zn at { 101̄ 1 } , { 101̄ 2} , and { 101̄ 3 }
Bs, as shown in Fig. 7 (b). The segregated solutes formed
anoscale structural units, referred to as “complexions” or
defect phases”, that are thermodynamically stable only at
Bs. These ordered arrangements effectively pinned TBs and

educed their mobility, leading to annealing-induced strength-
ning. Subsequent studies demonstrated similar stabilization
echanisms. Zhao et al. [ 223 ] investigated the energetics of

lternating Nd/Ag columns at TBs in Mg, computing rel-
tive energies for filling compression/extension columns in
 101̄ 2} and { 101̄ 1 } TBs. They showed that the experimentally
bserved co-segregation patterns lower TB energy and im-
ose kinetic drag, thereby reducing TB mobility. Chen et al.
 224 ] used DFT to evaluate Ag segregation at { 101̄ 1 } , { 101̄ 2}
nd { 101̄ 3 } TBs, identifying site-specific motifs: substitu-
ional occupation at compression sites for { 101̄ 1 } / { 101̄ 2} TBs
nd a hybrid substitutional–interstitial arrangement at { 101̄ 3 }
Bs. Their findings rationalized high-angle annular dark-field

HAADF) intensity variations and zig-zag periodic segrega-
ion patterns. Xie et al. [ 225 ] combined HAADF-STEM with
FT to reveal periodic superstructures formed by solute seg-

egation at { 101̄ 2} TBs in Mg alloys, characterized by al-
ernating solute-enriched and solute-depleted columns. Their
FT calculations reproduced the observed periodicities and

onfirmed that energetically preferred solute occupations drive
he self-assembly of ordered TB defect phases. He et al. [ 226 ]
ombined DFT with a quasi-random structure approach to
xamine solute concentration effects on TB energy, showing
hat larger RE solutes such as Gd, Er, Y, and Nd significantly
educe { 112̄ 1 } TB energy by relaxing local strains, thereby
romoting { 112̄ 1 } twinning observed in Gd-rich alloys, which
xplains the experimentally observed profuse { 112̄ 1 } twinning
n Gd-rich alloys. In a follow-up study, He et al. [ 227 ] pro-
ided further insight into segregation mechanisms. By ana-
yzing differential electron charge density and Bader analysis,
hey showed that large p-block solutes (e.g., Bi, Pb) preferen-
ially segregate to compression sites in { 101̄ 1 } TBs but avoid
 101̄ 2} TBs, contradicting simple size-misfit rules but corre-
ating well with the experimentally measured HAADF inten-
ities. They attributed this behavior to chemical bonding and
lectronic configuration effects rather than elastic-strain min-
mization. More recently, Yang et al. [ 228 ] studied a 61 

◦/25 

◦

symmetric tilt boundary on { 101̄ 2} TBs in Mg–Gd–Zn al-
oys. Combining HAADF-STEM with atomistic simulations
MEAM_Wu potential), they showed that the interactions be-
ween 〈 a〉 dislocations and TB can generate this unusual mor-
hology. DFT demonstrated that Gd and Zn preferentially seg-
egate to the cores of aggregated dislocations and interfacial
nterstices, respectively, stabilizing the structure. 

A broader body of DFT studies has systematically explored
egregation across various solute elements at TBs in Mg. Shi
t al. [ 229 ] computed segregation energies of Al, Zn, Ca, Sn,
, Gd, and Nd solutes at { 101̄ 2} TBs using DFT, finding that
E elements and Ca exhibit much stronger segregation ten-
encies than other elements. Zhang et al. [ 230 ] calculated seg-
egation energies and solute-diffusion activation enthalpies at
 101̄ 2} TBs in 21 Mg binary systems, evaluating both thermo-
ynamic segregation driving forces and kinetic accessibility,
nd constructing a “design map” to guide solute selection for
ontrolling twin density and mobility. Pei et al. [ 37 ] calculated
egregation energies for 23 solutes at { 101̄ 2} and { 101̄ 1 } TBs.
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sing Voronoi analysis to separate volumetric contributions,
nd applying the Langmuir–McLean isotherm, they translated
nergies into solute coverages and proposed coverage-based
escriptors for TB strengthening. Chen and Song [ 231 ] devel-
ped a computational two-factor model to assess solute segre-
ation at { 101̄ 2} TBs by combining first-principles segregation
nergy calculations with statistical analysis. They computed
egregation energies for 20 alloying elements and correlated
hem to two key factors: atomic size misfit and electronega-
ivity difference relative to Mg. 

Other DFT works expanded segregation studies into re-
ated property domains, such as corrosion and hydrogen em-
rittlement. Ma et al. [ 232 ] developed a first-principles-based
nodic dissolution model to isolate how { 101̄ 1 } , { 101̄ 2} , and
 101̄ 3 } TBs affect Mg corrosion, showing TBs raise surface
nergy density and accelerate dissolution in proportion to in-
erfacial length per area. They computed that certain alloying
dditions (As, Cd, Hg, Zn, Sn) at TB-containing surfaces can
ower current density and mitigate the rate. Huang and Nie
 233 ] studied solute–hydrogen co-segregation at { 101̄ 2} TBs
nd evaluated the effect on interfacial cohesion. They found
 bonds strongly with Li/Ca/Mn/Zr/REs, forming solute-H

lusters attracted to TBs that reduce cohesion via electron
ransfer, while Al/Sn/Bi/Zn/Ag show weak H bonding and
an discourage H segregation. They connected d − p elec-
ronic interactions to TB strengthening in H-free cases and
uantified embrittlement trends when H is present. 

.1.3. Mechanical responses 
The migration of TBs in Mg has been widely studied us-

ng atomistic simulations with semi-empirical potentials to
ncover the mechanisms governing their motion. Wang et al.
 192 ] performed MD simulations with the EAM_Liu poten-
ial on serrated { 101̄ 2} TBs, comprising alternating coher-
nt TB segments and basal–prismatic plane serrations, mi-
rate via the combined glide and climb of twinning dislo-
ations plus atomic shuffling. The geometry and density of
errations were found to control twinning/detwinning kinet-
cs and hardening behavior. Spearot et al. [ 234 ] used MD
MEAM_Wu potential) to study { 101̄ 2} TB migration in both
D and 3D models. They demonstrated that nucleation, lat-
ral growth, and coalescence of disconnection terraces govern
hear-driven TB motion, where a velocity law was established
s a function of temperature and shear stress. They found
hat 2D models do not capture activation events, emphasizing
he necessity of fully 3D simulations. Chen et al. [ 235 ] re-
orted a reversible local HCP-to-FCC transformation during
 101̄ 2} TB migration, driven by misfit strain, using MD sim-
lations (EAM_Liu potential). They computed transformation
arriers and showed transient FCC layers temporarily hinder
B migration via shear-and-shuffle pathways, supporting a
huffling-dominated twinning mechanism rather than classical
onal dislocation models. Recently, Yu et al. [ 236 ] applied the
EB method using the MEAM_Wu potential to quantify the
igration energy barrier of { 101̄ 2} TBs in Mg under varying

on-glide stress conditions. They discovered that compressive
ormal stresses reduce the migration barrier by modifying the
ost favorable twinning disconnection configuration, whereas
ther non-glide stresses can increase or decrease the barrier
epending on their effect on atomic shuffling. In addition to
mpirical models, Li et al. [ 237 ] applied DFT to map the mi-
ration energy landscape of { 101̄ 1 } and { 101̄ 3 } TBs in Mg.
hey modeled migration as the nucleation and glide of 2-

ayer-height twinning disconnections by simulating rigid-body
hifts of TB planes to determine energy barriers under various
hear strain orientations. They found that nucleation requires
hear components along both the twinning and the normal
irections. Since glide barriers were lower than nucleation
arriers, twinning disconnection nucleation was identified as
he rate-limiting step for these TB migration modes. 

Several studies have demonstrated that solute segregation
xerts a strong pinning effect on TBs. Ge et al. [ 238 ] used
FT to show that Li preferentially occupies interface vacan-

ies and forms coherent Li clusters along { 101̄ 2} TBs in Mg.
omplementary MD simulations with the MEAM_Kim po-

ential revealed that these clusters pin dislocations and in-
rease the critical shear strain for TB migration, in agreement
ith their TEM observations. Tang et al. [ 239 ] performed MD

imulations using the EAM_Liu potential to study the interac-
ion of { 101̄ 2} TBs with point defects in Mg, finding that va-
ancies tend to reduce TB migration resistance (softening ef-
ect), whereas interstitials increase it (hardening effect) by be-
ng absorbed into the TB and forming clusters. Using the NEB
ethod, they found that interstitials have lower migration bar-

iers and therefore higher mobility along TBs compared to va-
ancies. Wang et al. [ 216 ] observed Y segregation at { 101̄ 2}
Bs and basal–prismatic facets in Mg–Y alloys during room-

emperature deformation via HAADF-STEM. MD simulations
sing an EAM potential demonstrated that such segregation
onfigurations minimize local strain energy and create pin-
ing points along the TB, thereby reducing its mobility under
pplied stress as illustrated in Fig. 7 (c). Su et al. [ 240 ] com-
ined atomic-resolution HAADF-STEM with MD simulations
o study the dislocation-assisted evolution of { 101̄ 3 } TBs in

g. Experiments revealed that TB migration is often accom-
anied by the nucleation and glide of partial dislocations at
he interface. MD simulations, based on the EAM_Liu po-
ential, reproduced this process and showed that solute seg-
egation to dislocation cores lowers the system’s total energy
nd can either promote or inhibit TB migration depending on
he segregation site. Somekawa et al. [ 241 ] used DFT to cal-
ulate segregation energies of Al, Zn, Ca, and Y at { 101̄ 2}
Bs. They linked these values to migration barriers obtained

rom NEB calculations, showing that solutes strongly bound
o compression sites (e.g., Ca, Y) significantly raise migra-
ion barriers, while weakly binding solutes such as Al have
inimal influence. 
Beyond mobility, solutes also affect TB cohesion and frac-

ure resistance. Xi et al. [ 242 ] investigated the effect of 21
lloying elements on the cohesion of the { 101̄ 1 } TBs, compar-
ng segregation energies at TBs and free surfaces to identify
olutes that strengthen or embrittle boundaries and propos-
ng a design framework for crack suppression. Tsuru et al.
 243 ] integrated DFT with interfacial fracture mechanics and
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xperimental fracture toughness measurements in Mg binary
lloys, showing that Zr enhances TB cohesion through strong

p − d hybridization with Mg, consistent with improved frac-
ure toughness. Li and Chen [ 244 ] systematically assessed
ow segregation of 16 solute elements affects the toughness
nd strength of { 101̄ 2} TBs in Mg using DFT, finding that
lements like Ba and Li embrittle and weaken the TB, while
a, rare earths, Zn, Al, and Ag toughen and strengthen it.
he pinning effect was strongly site-dependent, with segrega-

ion at compression sites yielding greater strengthening than
t extension sites. 

.2. Other grain boundaries 

.2.1. Structures and energies 
Atomistic simulations enable the investigation of GB sys-

ems containing far more atoms than conventional DFT cal-
ulations, which are typically restricted to a few TBs and se-
ected CSL GBs. Wang and Beyerlein [ 245 ] employed atom-
stic simulations with the EAM_Liu potential to determine the
elaxed atomic structures of [01̄ 10] STGBs in Mg over the full
ange of misorientation angles. They found that all boundaries
xhibit ordered structures that can be grouped into six struc-
ural sets, each defined by a base boundary plane and an array
f discrete intrinsic GB dislocations with a specific Burg-
rs vector. The classification was shown to be robust across
ifferent c/a ratios and interatomic potentials, providing a
rystallography-based predictive framework for GB structures.
n a follow-up study, Wang and Beyerlein [ 246 ] analyzed
12̄ 10] STGBs in Mg, identifying four low-energy coherent
Bs, including basal and prismatic boundaries. Deviations

rom these orientations introduced ordered arrays of edge-
ype dislocations, with abrupt structural transitions occurring
s misorientation switched between different base structures.
ubsequent work expanded these structural maps to additional
B orientations, Liu and Wang [ 247 ] applied atomistic simu-

ations to characterize both 〈 0001 〉 tilt and (0001) twist GBs
n Mg across rotation angles from 0 

◦ to 60 

◦, mapping en-
rgy landscapes and identifying structural units. Both bound-
ry types were described by ordered dislocation models, with
 pronounced energy minimum at 30 

◦. At this orientation, the
ilt GB consists of arrays of Shockley partials on every basal
lane, while the twist GB exhibits a stacking-faulted struc-
ure. Both were found to be highly mobile through collective
artial glide, suggesting their role in promoting strong basal
extures during grain growth. Ni et al. [ 248 ] further studied
01̄ 10] STGBs in Mg using EAM_Liu and EAM_Mendelev
otentials. They reported similar trends in GB energy ver-
us misorientation, with cusps corresponding to specific TBs
uch as { 112̄ 3 } , and identified a unique crystallographic reori-
ntation for the { 112̄ 6 } TB. Experimental validation of these
tomistic predictions was provided by Zhang et al. [ 69 ], who
ombined TEM observations of 〈 0001 〉 tilt GBs in sputter-
eposited Mg thin films with atomistic simulations using the
AM_Liu potential ( Fig. 7 (c)). They classified boundaries

nto type-1 and type-2, based on orientation relative to low-
ndex planes. Type-2 GBs exhibited denser dislocation arrays
nd higher energies. Additionally, Ga from focused ion beam
illing was found to segregate preferentially to dislocation

ores, and simulations confirmed the energetic favorability of
uch segregation. While atomistic simulations reveal structural
nits and energetics across a wide misorientation range, DFT
rovides complementary insights into electronic structure and
ocal stability. Xu et al. [ 249 ] investigated atomic configura-
ions and energies of [11̄ 00] and [12̄ 10] STGBs in Mg using
SL models across the full misorientation range. They iden-

ified special boundaries corresponding to energy cusps and
nalyzed Bader charges, local energies, and stresses. Their
esults linked GB stability to modest charge and stress vari-
tions and revealed that, unlike covalently bonded materials,
g GB energetics are governed more by geometric and dislo-

ation arrangements than by strong electronic heterogeneity. 

.2.2. Solute segregation 

Solute segregation in Mg alloys has been investigated
cross a wide spectrum of GBs, ranging from high-symmetry
SL boundaries to general GBs. Huber et al. [ 35 ] calculated

egregation energies of solutes (Ag, Zn, Ti, Al, Cd, Zr, Y,
a, Nd, Ce, La) to a �7 (123̄ 0)[0001] 21.8 

◦ GB in Mg via
FT. They found that segregation energies scale primarily
ith solute size and local GB site volume, allowing classifi-

ation into “La-like” (large) and “Ag-like” (small) families. A
ressure–volume–based model was proposed, later extended
sing MS with the EAM_Mendelev potential to predict seg-
egation at general GBs beyond DFT reach. Huang et al. [ 250 ]
pplied atomistic simulations with the MEAM_Kim potential
o basal–prismatic interfaces, finding that semi-coherent in-
erfaces are more stable than coherent ones, with segregation
nergies strongly correlated to local hydrostatic tensile stress.
islocation cores at semi-coherent interfaces acted as favor-

ble trapping sites for Y. Several studies combined advanced
haracterization techniques with atomistic modeling to cap-
ure solute-induced GB transformations. Zhang et al. [ 251 ]
ombined HAADF-STEM imaging with DFT calculations to
tudy a newly observed twin-like { 336̄ 4} tilt GBs in a Mg–Y
lloy. They showed that this GB evolved from a { 112̄ 1 } TB
nd stabilized via ordered Y segregation. Pei et al. [ 252 ] com-
ined 3D APT with MS simulations using the MEAM_Kim
otential to investigate solute segregation in Mg–Nd alloys,
evealing pronounced inhomogeneity in Nd concentration not
nly between different GB orientations but also within the
ame GB plane. This work showed that these variations arise
rom local atomic rearrangements and site-specific excess free
olumes, rather than solely from macroscopic GB character,
ighlighting the importance of atomic-level descriptors for
redicting GB segregation in polycrystals. Yang et al. [ 253 ]
ombined atomic-resolution STEM and DFT calculations to
eveal that segregation of RE solutes at partially coherent
ilt GBs can trigger localized interfacial structural transfor-
ations into a Kagome lattice configuration, presumably a
B defect phase. DFT confirmed that solutes segregate pref-

rentially to sites that minimize elastic strain energy, leading
o an atomic shuffling process that converts embedded { 101̄ 1 }
riangular–quadrilateral motifs into topologically hexagonal–
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riangular Kagome networks. Theoretical modeling further es-
ablished the thermodynamic conditions for such transforma-
ions, highlighting solute-driven GB defect phase transitions
s a pathway for interface property tuning. Zhou et al. [ 36 ]
pplied atomic-resolution STEM and DFT to construct GB
efect phase diagrams in Mg–Ga alloys, showing that con-
rolled Ga segregation can induce GB phase transformations
hat enhance cohesion. By triggering and tracking structural
hanges in individual GBs under different chemical condi-
ions, they mapped stability regions for distinct GB defect
hases and related them to improved tensile ductility in ex-
eriments. This approach demonstrates a thermodynamically
rounded, defect-phase-diagram-based methodology for de-
igning GB chemistry in Mg alloys. Xue et al. [ 254 ] combined
xperiments with DFT and MD simulations to reveal that site-
pecific Zn segregation at GBs in Mg–Al–Ca–Zn alloys mod-
lates Al and Ca co-segregation, enhancing solute drag and
ctivating non-basal 〈 c + a〉 dislocations, which collectively
inder dynamic recrystallization and drive lamellar heteroge-
eous structure formation. Ganguly et al. [ 71 ] performed hy-
rid MD/Monte Carlo simulations with the EAM_Mendelev
otential to study GB segregation in basal-textured Mg–Al
olycrystals, calculating per-site segregation energy spectra
nd identifying unique bimodal distributions linked to spe-
ial GB sites such as triple junctions and low-angle GBs.
hey further observed, at finite temperatures and high so-

ute concentrations, segregation-induced GB structural tran-
itions, including the formation of thermodynamically stable
nd metastable intermetallic phases. These atomistic insights
nto segregation spectra and defect phase formation extend
nderstanding beyond dilute limits and have implications for
ailoring GB chemistry and structure in Mg alloys. 

Recent years have seen a rapid growth of machine learn-
ng methods to predict segregation energetics across diverse
Bs. Wagih et al. [ 255 ] trained machine learning models on

arge-scale atomistic segregation datasets with local atomic
nvironments of undecorated GB sites as descriptors to pre-
ict GB segregation energy spectra for polycrystals. They ap-
lied the models to over 250 binary alloys, including Mg al-
oys, creating a database that captures segregation anisotropy
cross GB character space. Messina et al. [ 256 ] performed
tomistic simulations of Al segregation in 30 distinct 〈 0001 〉
TGBs, building a dataset to train machine learning models

hat could predict segregation tendencies directly from GB
ocal atomic environments. Menon et al. [ 257 ] developed a

ulti-step framework for Y segregation at [01̄ 10] , [12̄ 10] , and
0001] STGBs. Using MS with the optimized MEAM_Wu po-
ential [ 149 ] and verifying key sites with DFT, they generated
er-site segregation spectra, incorporated entropic effects via
D-based thermodynamic integration, and trained a surrogate
achine learning model. This approach reproduced experi-
ental segregation trends at 500–800 K, demonstrating the

ole of entropy in GB segregation. Most recently, Xie et al.
 217 ] integrated large-scale atomistic simulations using the
ptimized MEAM_Kim potentials with machine learning to
redict segregation thermodynamics for multiple solutes (Nd,
a, Y, Li, Al, Zn), commonly used in wrought Mg alloy
heets and extrusions, in polycrystalline Mg, see Fig. 7 (e).
y combining energetic (i.e., potential and vibrational free
nergies) and structural descriptors (i.e., atomic and flexibil-
ty volumes), their regression models captured skew-normal
egregation energy and segregation free energy distributions.
omparing predicted Langmuir–McLean concentrations with
xperimental measurements, the study identified Nd as partic-
larly prone to strong GB segregation, underscoring the com-
ined value of physics-based descriptors and machine learning
or GB engineering. 

.2.3. Mechanical responses 
GB sliding and GB migration represent two distinct but

ften interconnected modes of boundary motion in Mg al-
oys. Sliding corresponds to tangential displacement of ad-
acent grains under shear and is strongly influenced by GB
ohesion and solute segregation, while migration involves nor-
al motion of the boundary driven by interfacial energy re-

uction and stored energy differences or shear coupling, gov-
rned by GB character and solute drag. Zhang [ 258 ] per-
ormed MD simulations with the EAM_Mendelev potential
n [101̄ 0] tilt GBs in Mg and found that shear deformation
s dominated by coupled motion, namely tangential sliding
ccompanied by normal migration, mediated by GB twin-
ing. The coupling coefficient matched theoretical predic-
ions, though the detailed shear response varied with GB type,
hear stress, and temperature. Somekawa and Tsuru [ 259 ]
ombined nanoindentation-based damping measurements with
rst-principles calculations to demonstrate that alloying ele-
ents tune GB cohesion: Li, with weak Mg bonding, pro-
oted sliding, while RE elements suppressed it by stabilizing
B structures. Extending this idea, Somekawa et al. [ 260 ]
sed DFT to show that p-block elements such as Sn, Sb,
nd Bi lower GB energy and reduce GB cohesion and en-
ance sliding by weakening Mg–Mg bonds, whereas Al and
i strengthen cohesion and suppress sliding. 

GB migration studies via atomic-scale modeling in Mg
lloys emphasize the role of GB structure, disconnection mo-
ility, and solute drag in texture evolution. Barrett et al.
 261 ] combined EBSD with MD simulations (EAM_Liu po-
ential) and showed that boundaries such as the newly ob-
erved { 134̄ 0} TB possess low energies and high mobilities,
cting as preferential sites for subgrain rotation during dy-
amic recrystallization. MD simulations revealed highly mo-
ile disconnections with wide cores, consistent with orienta-
ion selection observed experimentally. In a follow-up, Bar-
ett et al. [ 262 ] studied how Y segregation affects GB energy
nd mobility during recrystallization in Mg using MD with
he MEAM_Kim potential. They found that Y segregation re-
uces the energy differences between various 〈 a〉 fiber GBs
nd thus the mobility anisotropy, preventing the rapid growth
f specific orientations and weakening texture development.
ahhas and Groh [ 263 ] applied MS simulations with various

emi-empirical potentials to model the mechanical response
f a { 101̄ 1 } STGB in pure Mg and Mg binary alloys, show-
ng that in pure Mg, migration occurs via twinning disloca-
ions, whereas in alloys, solute segregation pins GBs and sup-
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resses migration. Mahjoub et al. [ 264 ] used DFT and NEB to
uantify migration barriers and GB diffusion parameters for
elected solutes, showing that strongly bound solutes reduce
obility while weakly bound ones have negligible effect, pro-

iding atomistic parameters for mesoscale models. Xing et al.
 218 ] mapped transitions between sliding and migration in
11̄ 00] STGBs using MD with the EAM_Liu potential. They
howed that deformation mode depends on the lower of the
wo competing barriers: high-angle GBs favor migration (see
ig. 7 (f)), low-angle ones favor sliding, and increasing tem-
erature expands the sliding regime. The simulations clarified
he atomic-scale disconnection modes involved and linked the
nvariant planes of migration to specific misorientation ranges,
ffering quantitative insight for controlling GB-mediated plas-
icity in fine-grained Mg. 

The GB fracture behavior in Mg alloys has been reported
sing DFT and atomistic simulations. Mahjoub et al. [ 265 ]
erformed DFT calculations to investigate fracture behavior
nd cohesion in both a { 101̄ 2} TB and a non-symmetrical gen-
ral GB in Mg, chosen to match experimentally observed frac-
ure planes. This was the first DFT study of non-symmetrical
Bs in Mg, requiring large supercells. They computed seg-

egation energies for solutes of various sizes and assessed
mbrittlement potency, finding that smaller solutes tend to
oughen GBs, while larger ones tend to embrittle. They
howed that the general GB exhibited more complex cohe-
ive behavior than the TB, emphasizing the need to model
ealistic, non-symmetrical interfaces. Xing et al. [ 266 ] per-
ormed MS simulations with an EAM potential to investigate
rack–GB interactions in Mg, focusing on [21̄ ̄1 0] asymmet-
ic tilt, (011̄ 0) twist, and 〈 0001 〉 asymmetric tilt GBs. They
aried misorientation and found that GB energy strongly in-
uences whether the fracture is transgranular or intergranular,
ith low-energy GBs promoting crack penetration and high-

nergy GBs favoring crack deflection. The critical stress in-
ensity factor for crack propagation was correlated with GB
nergy, and fracture mode transitions were linked to changes
n local plasticity at the GB. 

GBs often serve as heterogeneous nucleation sources of
islocations and twins in Mg. Uranagase and Matsumoto
 267 ] performed MD simulations with the EAM_Mendelev
otential of uniaxial tension and compression in Mg bicrystals
ontaining [11̄ 00] STGBs. Sixteen different misorientation an-
les were examined to correlate GB energy with mechanical
esponse. They found that misorientation angle strongly in-
uences the CRSS and the active deformation mode, with

ow-energy boundaries more prone to nucleating basal dis-
ocations. The study also revealed clear tension–compression
symmetry in yield behavior, which was interpreted in terms
f GB-mediated dislocation nucleation and changes in mis-
rientation under elastic loading. Xu et al. [ 268 ] extended
his to [21̄ ̄1 0] STGBs, showing that GB misorientation gov-
rns whether deformation proceeds via twinning, basal slip,
r mixed modes, again with tension–compression asymmetry
inked to GB dislocations. Ma et al. [ 269 ] proposed a predic-
ive framework for dislocation emission from [21̄ ̄1 0] asym-
etric tilt GBs by combining stress vector analysis with MD
imulations (EAM_Liu potential). Their approach showed that
oth intrinsic GB stress states and external loading vectors
ontrol dislocation emission, providing a physics-based tool
or designing GBs that promote or suppress specific deforma-
ion mechanisms. 

. Defect-defect interactions 

Defect–defect interactions, including dislocation–twin,
win–twin, dislocation–precipitate, and boundary–precipitate 
nteractions, in Mg and its alloys have been extensively stud-
ed using atomistic simulations. These investigations go be-
ond the capabilities of first-principles methods, due to the
arger system sizes and longer timescales required. A fun-
amental understanding of these interactions is critical for
evealing the synergistic effects of multiple defect types on
he overall mechanical behavior of Mg alloys. A compre-
ensive review of dislocation–twin and twin–twin interactions
as been provided by Yuan et al. [ 271 ]. Although a few ad-
itional studies have emerged in this rapidly evolving field
 272–274 ], we refer readers to that review for detailed cov-
rage of twin-related interactions. In this section, we instead
ocus on dislocation–precipitate and boundary–precipitate in-
eractions, which play a pivotal role in precipitation hardening
nd microstructural evolution in Mg alloys (as illustrated in
ig. 8 (a)). 

.1. Dislocation-precipitate 

The interaction between dislocations and Mg 17 Al 12 pre-
ipitates in Mg alloys has been extensively studied using
tomistic simulations to understand their role in strengthening
echanisms. Liao et al. [ 275 ] investigated prismatic disloca-

ion interactions with Mg 17 Al 12 precipitates using MD sim-
lations, revealing that prismatic dislocations can penetrate
recipitates under sufficient applied stress. Building on this
ork, Liao et al. [ 276 ] examined basal dislocations interact-

ng with precipitates using MD, showing that dislocations can
lide through the matrix-precipitate interface without form-
ng classical Orowan loops and the precipitate is only elas-
ically sheared. Frequent cross-slip and jog formation were
bserved, particularly in the presence of smaller precipitates.
roh [ 277 ] employed MS simulations to model edge dislo-

ation bypass of impenetrable Mg 17 Al 12 particles. Successive
islocation interactions were found to transform initial shear
oops into prismatic loops via cross-slip, thereby decreasing
he required bypassing stress and altering the hardening re-
ponse. Esteban-Manzanares et al. [ 278 ] studied the influence
f interface strength and precipitate morphology using MD.
heir findings indicated that strong matrix-precipitate inter-

aces favor Orowan looping, whereas weaker interfaces permit
islocation penetration. Furthermore, precipitates with lower
spect ratios enhanced the strengthening effect by increas-
ng the frequency of dislocation-precipitate interactions. Vaid
t al. [ 86 ] systematically assessed the interactions between
asal dislocations and Mg 17 Al 12 precipitates using atomistic
imulations as shown in Fig. 8 (b). In contrast to earlier find-
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Fig. 8. Atomistic simulations of dislocation- and GB-precipitate interactions. (a) Schematics of dislocation- and GB-precipitate interactions in Mg alloys. 
(b) Atomistic simulations of interactions between dislocations and Mg 17 Al 12 precipitate in Mg matrix revealed that dislocations bypass the precipitates by 
depositing dislocation segments into the disordered interphase boundary, rather than shearing the precipitate or forming Orowan loops in the surrounding 
matrix [ 86 ]. (c) MD simulations of interactions between a low-angle GB and Mg 17 Al 12 precipitate with a rotation angle of 12 ◦ in the Mg matrix revealed 
that the precipitate was sheared by the GB [ 270 ]. Reprinted with permission from publishing houses. 
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ngs, they observed that dislocations tend to be absorbed at
he interface rather than shearing through the precipitate, with
he size, shape, and spacing of precipitates playing a signifi-
ant role in controlling the overall strengthening response. 

Laves phases, which are common intermetallics in Mg al-
oys, have also been investigated through atomistic simula-
ions to assess their strengthening behavior. Guénolé et al.
 124 ] investigated the co-deformation behavior of a dual-
hase Mg-C14 CaMg 2 using atomistic simulations combined
ith experiments. They demonstrated that plasticity can be

ransferred from the Mg matrix to the CaMg 2 Laves phase
ia direct or indirect slip transfer, depending on orientation,
nd highlighted interfacial sliding as a key deformation mech-
nism, consistent with experimental observations. Esteban-
anzanares et al. [ 279 ] performed atomistic simulations to

nalyze the interactions between edge basal dislocations and
14 MgZn 2 precipitates in Mg alloys. They found that dislo-
ations initially bypass precipitates through Orowan looping
nd eventually shear them, with the shearing mechanism de-
ending on precipitate size and temperature. Liu et al. [ 280 ]
tudied dislocation interactions with C15 CaAl 2 Laves phase
articles in Mg-Al-Ca alloys through atomistic simulations.
hey observed shearing in small particles and cross-slip near

arger ones, with strengthening arising from increased CRSS
or larger particles, thereby contributing to improved plastic-
ty. 

Dislocation interactions with other metastable phases in
g alloys have also been investigated. Huang et al. com-

ined in situ TEM with MD simulations to study dislocation
nteractions with β ′′′ precipitates in Mg-Nd alloys [ 281 ]. They
ound that metastable β ′′′ precipitates are sheared directly by
islocations, whereas stable β1 precipitates are bypassed via
ouble cross-slip, contributing to increased strain hardening
nd ductility. Additionally, the strengthening effects of amor-
hous precipitates have been studied using MD simulations
 282,283 ], revealing a range of interaction mechanisms, in-
luding dislocation pinning, cross-slip, and loop formation. 

.2. Boundary-precipitate 

The interactions between GBs, particularly TBs, and
g 17 Al 12 precipitates have been investigated using atomistic

imulations. Li and Mathaudhu [ 284 ] conducted MD simula-
ions to examine the interaction between a Mg 17 Al 12 precip-
tate and { 101̄ 2} TBs in Mg. They found that the precipitate
ould be fully engulfed by the twin without being sheared,
nd that the twinning was mediated by atomic shuffling rather
han dislocations, resulting in zero shear strain. Wang and Li
 285 ] performed atomistic simulations on the interaction be-
ween migrating { 101̄ 2} TBs and Mg 17 Al 12 precipitates. They
iscovered that precipitate deflection occurs due to differen-
ial strain states and internal relaxation rather than twinning
hear, offering new insights into twin-precipitate interactions.
an et al. [ 286 ] investigated the effect of Mg 17 Al 12 precipi-

ate orientation on { 101̄ 2} twinning using MD, showing that
arallel-oriented precipitates offer stronger resistance to twin
ropagation, and blocking effects decrease with increasing
isorientation. Fan et al. [ 287 ] also analyzed how precipi-

ate morphology affects { 101̄ 2} twinning in Mg alloys using
D. They found that TBs absorb Mg 17 Al 12 precipitates with-

ut shearing them, leading to elastic deformation and rotation.
ater, Fan and El-Awady [ 288 ] investigated the shape effect
f Mg 17 Al 12 precipitates (plate-, cube-, and rod-like) on TB
igration using MD. They found that plate-like and cube-like

recipitates exert similar and strong blocking effects on TBs,
hile the hardening effect of rod-like precipitates decreases as

heir aspect ratio increases. More recently, Fan and co-authors
 289 ] explored the interaction of sheared plate-like Mg 17 Al 12 
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recipitates with { 112̄ 1 } TBs in Mg alloys via MD. They pro-
osed an analytical hardening model, showing that blocking
ffects depend on precipitate geometry, with larger and thicker
recipitates providing stronger barriers to twinning. They also
tudied the interaction of low-angle GBs with Mg 17 Al 12 pre-
ipitates via MD [ 270 ], finding that precipitates are sheared
y boundaries with misorientation angles ≥ 9◦ (see Fig. 8 (c)).
dditionally, they also explored how Mg 17 Al 12 precipitates

nfluence twin nucleation, propagation, and growth in Mg-
l alloys using MD [ 290 ]. Their findings suggest that while
recipitates do not significantly affect twin nucleation, they
ct as obstacles during twin growth, exhibiting a clear size-
ependent blocking effect, where larger precipitates are more
ffective in hindering twinning. 

. Future prospects 

Despite significant advances in the atomic-scale modeling
f defects in Mg and its alloys, several important challenges
nd opportunities remain open. These future directions span
eeper mechanistic understanding and methodological devel-
pments. 

.1. Defect phase engineering 

Defects can exist in multiple structurally and chemically
istinct configurations, each stable within specific thermody-
amic and kinetic constraints. These distinct defect states, of-
en referred to as defect phases, represent localized equilib-
ium configurations whose physical properties vary smoothly
ith intensive control variables such as temperature, chemi-

al potential, and external stress [ 82 ]. Analogous to conven-
ional bulk phases, defect phases can coexist and transform,
et they remain spatially confined to the vicinity of the defect.
he concept of defect phase engineering thus extends tradi-

ional thermodynamic phase engineering to the defect scale,
ntegrating thermodynamics, chemistry, and mechanics into a
nified framework [ 82 ]. By constructing and interpreting de-
ect phase diagrams, which map the stability and transitions
f these confined defect states, it becomes possible to pre-
ict and tailor how solute segregation, strain, or temperature
ontrol the structural and chemical complexity of defects. 

A growing body of evidence suggests the presence of
etastable defect phases in Mg alloys, such as dislocation-

nd GB-associated structures, which exhibit chemical and
tructural configurations distinct from the surrounding matrix
 36,71,83 ]. These metastable configurations can have a sig-
ificant influence on mechanical behavior, distinct from sim-
le solute decoration or defect-associated thermodynamically
table phases, by mechanisms such as pinning dislocations
r hindering GB motion. Despite their potential impact, a
ystematic investigation for identifying and predicting these
efect phases is still lacking. Constructing defect phase di-
grams that map stable and metastable defect structures and
heir energetics as a function of chemical potential would pro-
ide a valuable framework for alloy design [ 82 ]. Achieving
his vision will require data-driven approaches that integrate
igh-precision atomic-scale calculations with advanced ex-
erimental characterization. In parallel, dynamic simulations
re essential to develop deformation mechanism maps that
ccount for the presence of defect phases and to establish
echanism–property relationships that can guide defect engi-

eering strategies in Mg alloys. 

.2. Early-stage solute configurations 

While solute enrichment behavior has been widely studied
sing atomic-scale modeling, the interactions between glis-
ile dislocations or mobile GBs and early-stage solute con-
gurations, such as short-range order clusters or metastable
recipitates, remain poorly understood. These interactions are
ssential for elucidating the mechanisms of dislocation pin-
ing and solute drag in Mg alloys. Further atomistic sim-
lations are needed to elucidate how these transient solute
tructures influence defect mobility and mechanical response.
dditionally, the structural evolution of both defects and so-

ute configurations is often coupled under applied stress and
emperature, resulting in complex feedback mechanisms that
overn plastic deformation. A classical example is dynamic
train aging, where solute diffusion is coupled with dislo-
ation motion, resulting in serrated flow behavior. Capturing
hese coupled dynamics is essential for developing predictive
odels of rate-dependent plasticity and microstructure evolu-

ion in Mg alloys. 

.3. Slip transmission at interphase boundaries 

Classical MD simulations are widely used to study
efect interactions but are constrained by nanosecond
ime scales and therefore high rates. In structurally com-
lex intermetallics, such as TCP phases and CaCu 5 -type
hases [ 291–294 ], dislocation motion involving atomic shuf-
ing or short-range diffusion often requires substantial ther-
al assistance. This implies that typical MD timescales may

e insufficient to capture the full range of dislocation dynam-
cs, particularly thermally activated slip mechanisms. As a
esult, the plastic deformation of these intermetallics in MD
imulations may proceed through alternative athermal path-
ays occurring that require unrealistically high CRSS. Con-

equently, intermetallic precipitates are often observed as im-
enetrable in MD studies, which may not accurately reflect
heir behavior under experimental conditions. Likewise, ob-
erved slip transmission events in MD may not correspond to
he most favorable or dominant mechanisms at experimental
imescales. Therefore, careful consideration is required when
nterpreting MD simulation results and comparing them with
xperimental observations, particularly in the context of dislo-
ation behavior in complex intermetallic systems. To address
his, accelerated MD methods [ 295 ], such as hyperdynamics,
arallel replica dynamics, or temperature-accelerated dynam-
cs, will help access thermally activated pathways and yield
ore experimentally relevant predictions. 
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.4. Machine learning interatomic potentials 

Machine learning-based interatomic potentials have
chieved remarkable accuracy, often approaching the fidelity
f DFT, and have clearly outperformed classical empirical
otentials in capturing bulk and defect energetics in Mg and
ts alloys, as illustrated in Fig. 2 . However, their practical
pplication in large-scale simulations remains significantly
imited. The primary bottleneck is their high computational
ost, typically two to three orders of magnitude more expen-
ive than classical potentials, making them impractical for
odeling extended system sizes and long time scales. Con-

equently, MLIPs are mostly employed in static calculations
r for relatively small system sizes, restricting their broader
mpact on defect dynamics. 

Recent developments on universal interatomic potentials,
uch as the graph atomic cluster expansion (GRACE) poten-
ial [ 296 ], represent a further evolution of the MLIP frame-
ork. These universal MLIPs are trained on a chemically di-
erse dataset and designed to be transferable across a wide
ange of compositions without retraining. This advancement
pens the door to high-throughput exploration of chemical
omplexity in multicomponent Mg alloys, including high-
ntropy systems. With such universal MLIPs, it becomes fea-
ible to simulate realistic chemical effects on precipitation,
egregation, and defect–defect interactions, phenomena that
re difficult to capture using DFT due to system size lim-
tations or with classical interatomic potentials due to their
estricted elemental coverage. These next-generation MLIPs
ark a pivotal step toward data-driven alloy design, combin-

ng quantum-mechanics level accuracy with broader chemical
nd structural applicability. 

. Conclusions 

Atomic-scale modeling has emerged as a powerful and
ndispensable tool for unraveling the complex behavior of
rystallographic defects in Mg and its alloys. By provid-
ng fundamental insights into defect structures, energetics,
nd interactions across multiple length and time scales, these
ethods enable a deeper understanding of the mechanisms

hat govern phase stability, texture evolution, and plasticity
n Mg-based materials. This review summarizes the current
tate of knowledge in atomic-scale modeling of major defect
ypes, including solute distributions, dislocations, twinning,
Bs, and defect–defect interactions, and highlights the role
f various modeling techniques, ranging from first-principles
alculations to large-scale atomistic simulations and hybrid
pproaches. 

Recent developments in interatomic potentials, particu-
arly machine-learning-based models, have significantly im-
roved the fidelity of simulations, enabling increasingly real-
stic modeling of chemically complex systems. At the same
ime, growing evidence for metastable defect phases and so-
ute configurations suggests new opportunities in defect engi-
eering and alloy design for Mg alloys. These advancements
nderscore the evolving synergy between atomic-scale mod-
ling, continuum-level approaches, and experimental obser-
ations. Looking ahead, integrating atomic-scale insights into
ultiscale frameworks and leveraging data-driven methodolo-

ies will be critical for accelerating the discovery and opti-
ization of high-performance Mg alloys. By bridging fun-

amental defect physics with macroscopic materials behav-
or, atomic-scale modeling continues to play a central role in
dvancing our understanding and design of next-generation
ightweight structural materials. 
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