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ARTICLE INFO ABSTRACT

Keywords: This study presents a comprehensive investigation of copper precipitation at ferrite—ferrite grain boundaries
Cu prec'ip'itat'ion (GBs) containing intergranular (IG) cementite (FesC) in a Cu-alloyed 0.2C ferritic steel
IG precipitation (Fe-0.2C-2.0Ni—2.0Cu-0.5Mn, wt.%). The alloy was austenitized at 900 °C and aged at 550 °C for up to 2400 s.
l;z:;?l;t:;elsitgee zone Correlative atom probe tomography (APT) and high-resolution scanning transmission electron microscopy
Ferritic steels (STEM) demonstrate that Cu precipitation at GBs differs fundamentally from that in the matrix. While matrix
precipitates follow the classical martensitic Cu precipitation sequence, C-enriched GBs decorated with IG Fe3C
promote the formation of large disc-shaped FCC Cu precipitates (~50 x 15 nm). Their development generates
Cu- and C-depleted zones (DZs) and precipitation-free zones (PFZs) adjacent to GBs, resulting in an estimated ~
550 MPa loss in local strengthening near the GB, based on conventional models. By integrating experimental
observations, modeled kinetics, IG Fe3C characteristics, and GB chemistry, an evidence-based mechanistic
interpretation is proposed to rationalize the coupled formation of IG Fe3C and FCC Cu discs and their association
with GB softening. These findings provide deeper insight into copper precipitation at GBs and its correlation with

GB chemistry and local strengthening behavior.

1. Introduction

Copper as a steel alloying element has been widely investigated in
the last century due to its ability to enhance the mechanical [1],
corrosion [2,3], and antibacterial properties [4,5] in steels. Recently,
with growing interest in the circular economy, and due to the increasing
concentration of Cu in recycled steels, this attention has grown again, as
the production of future high-strength sheet steels is significantly
dependent on the control of impurities [6,7], as they might cause critical
embrittlement during the processing. Caused by the low solubility of
copper in the ferrite compared to austenite [8-11], Cu tends to form
copper-rich precipitates solely or alongside other alloying elements in
the ferritic matrix [12-15]. Due to its tunability, copper precipitates
(Cu-PPts) have the ability to enhance both static and dynamic me-
chanical properties [16-18]. Various research works focused on copper-
alloyed steels have shown enhanced yield strength and ultimate tensile
strength through precipitation hardening [6,19-21] and enhanced

* Corresponding authors.

toughness and work hardening ability [22,23] attributed to the inter-
action nature between the Cu-PPts and the surrounding dislocations
[24-26]. The positive impact of Cu-PPt on fatigue properties, such as
defect tolerance and fatigue life, was investigated and linked to the
ability of Cu-PPts to extend the work hardening with heavily jogged
dislocation arrangements. Softening is eliminated [27] by (i) replacing
the formation of cell dislocations by vein-like and planar dislocations
structures [28-30], (ii) the tendency of the Cu-PPts to produce a more
homogenous plastic zone, and (iii) the ability to diffuse the strain
localization [31,32]. Interchangeably, increasing the size and the
number density of Cu-PPts extends the fatigue life significantly by
inducing a higher work hardening exponent (|ey |) and increasing the
deformation exponent (R?) [33-35].

The tunability of copper precipitation, which enables the enhance-
ment and control of the desired mechanical properties of the alloy,
evolves from the unique copper precipitation and evolution mechanism
that depends on the surrounding matrix, the copper concentration, and
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the aging time. Thus, the understanding of this precipitation mechanism
is of fundamental importance from the perspective of alloy design
focused on the achievement of desired mechanical properties. In
austenitic steels, the copper precipitation mechanism is induced by the
large positive enthalpy of mixing in the Fe-Cu system [36] and driven by
copper diffusion from the matrix into the copper precipitates. Studies on
this phenomenon have shown that the copper precipitation mechanism
in austenite consists of three stages: (i) nucleation, (ii) growth, and (iii)
coarsening. The first is the nucleation of the compositionally nearly 100
at.% Cu-enriched precipitates with face-centered cubic (FCC) crystal
lattice, later followed by the coarsening of these precipitates [37]. The
coarsening process according to the Ostwald ripening [38] is usually
simulated using the Umantsev and Olsen [39] model, which is based on
the Lifshitz-Slyozov-Wagner (LSW) theory.

Unlike the simple copper precipitation mechanism occurring in the
austenitic matrix, the copper precipitation mechanism in ferrite is more
complex. In ferrite, copper precipitation takes place through a series of
displacive (martensitic) transformations (BCC — 3R — 9R — FCC)
[40,41]. At the beginning of the aging process and due to the low sol-
ubility of the copper in the surrounding ferrite matrix, coherent meta-
stable nano-ordered body-centered cubic (BCC) Fe—Cu precipitates of a
diameter up to approximately 5 nm [41] are formed, manifesting
themselves through super lattice reflections in diffraction patterns dur-
ing the high-resolution transmission electron microscopy (HRTEM)
investigation [42]. With increasing copper diffusion into the core, Cu-
PPts grow in size, become more disordered, and eventually, lose their
coherency [42]. Due to the increased disorder and the lattice misfit
between the Cu-PPts and the surrounding ferritic matrix [41], the BCC
Cu-PPts transform into twinned or untwined 9R crystal structure, which
are known by the “herring-bone” fringes upon transmission electron
microscopy (TEM) investigation and the stacking fault detected by the
HRTEM, reflecting a close-packed structure with a stacking sequence of
ABC-BCA-CAB-A through a displacive transformation [40]. The for-
mation of twins and other stacking faults in the 9R Cu-PPts is found to be
driven by the need to reduce the coherency strain energy of the 9R
precipitates and the adaptation of the lattice transformation from BCC to
9R [40,41,43]. With extended aging time and precipitation growth, the
9R Cu-PPts could transform to 3R Cu-PPts [41] through a Shockley-type
partial dislocation, to the twinned FCC precipitates [40], or directly to
the stable Cu-FCC precipitates through a structure relaxation mecha-
nism where stacking faults are eliminated.

Furthermore, the effect of other alloying elements, such as Ni, Al, and
Mn, on the copper precipitation mechanism has also been widely studied
and found to have an impact on the precipitation kinetics, nucleation,
and coarsening behaviour. When comparing the purely copper-alloyed
steels to those with Ni, Al, and Mn additions, it is found that the cop-
per precipitation nucleation energy decreases, leading to an increased
nucleation rate [44,45]. The higher additions of Ni, Al, and Mn hinder
the coarsening of the Cu-PPts and lower the coarsening coefficient ac-
cording to the LSW theory [44]. The reduced coarsening rate of the Cu-
PPts is caused by the segregation of Ni, Al, and Mn to the Cu-PPts/matrix
interface [12,19,20,45] and the formation of NiAl or NiMn-B2 shells
that act as a barrier against copper diffusion into the Cu-PPts [44].
Additionally, the copper precipitation kinetics have been evaluated
through the application of Monte Carlo simulations [46,47] according to
the LSW theory [48,49], small-angle neutron scattering (SANS) [50],
differential scanning calorimetry (DSC) [51,52], electrical resistivity
[53,54], and hardness [55].

Although the mechanisms of copper precipitation have been exten-
sively investigated with respect to aging time, temperature, and the
influence of alloying elements, very limited attention has been given to
copper precipitation occurring at ferrite—ferrite grain boundaries (GBs),
particularly in the presence of intergranular (IG) cementite (Fe3C) and/
or carbon enrichment. In particular, the precipitation characteristics,
evolution mechanisms, and their impact on the GB strength remain
insufficiently understood.
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Therefore, this research work, for the first time, sheds light on the
copper precipitation phenomena occurring at ferrite-ferrite GB in the
presence of IG FesC, revealing their effects on GB chemical composition
and the consequent changes in boundary strength, based on a correlative
analysis using high-resolution scanning transmission electron micro-
scopy (STEM), atom probe tomography (APT), and MatCalc
precipitation-kinetics modeling. The results are further correlated and
discussed with the goal of explaining the crack initiation behaviour
previously reported for the same alloy system [35]. This work provides a
novel, multi-scale understanding of copper precipitation at ferrite-ferrite
GBs in the presence of IG FesC. It uniquely demonstrates how copper
behaves at GBs under complex local chemistries and establishes a direct
mechanistic framework that describes both its precipitation behavior
and the link between these nanoscale processes and GB weakening,
leading to crack initiation.

2. Experimental details
2.1. Materials and processing

The nominal chemical composition of X21 steel alloy investigated in
this study is listed in Table 1 in weight percentage (wt.%) and atomic
percentage (at.%). The ingot was homogenized at 1250 °C for 2 h before
open-die forging. The blocks were subsequently forged in the Semi-
Product Simulation Centre (SPSC) at IEHK using a 400-ton hydraulic
press (Weidemann) at a ram speed of 40 mm st to produce two billets
with final dimensions of 60 mm x 60 mm x 1000 mm, using a reduction
percent per pass of approximately 26 — 27%. In the first forging stage,
the initial cross-section was reduced from 140 mm x 140 mm x 500 mm
to 90 mm x 90 mm x 1200 mm. This reduction was achieved by
applying two forging rounds to one end of the billet, with each round
consisting of two passes and a 90° rotation of the ingot between passes.
The ingot was then reheated to 1250 °C, and the same procedure was
applied to the opposite end. After reaching a size of 90 mm x 90 mm x
1200 mm, the bar was divided into two pieces and reheated to 1250 °C.
The same forging routine was repeated to further reduce the cross-
section from 90 mm x 90 mm to 60 mm x 60 mm. In this stage, two
forging rounds were applied to one end of the half-bar, followed by
reheating and repeating the procedure on the opposite end.

During forging, the surface temperature was monitored with a py-
rometer, indicating an average drop of approximately 160 °C per forging
round. The forging schedule reported in Table S1 corresponds to one end
of the billet, while the same sequence was subsequently applied to the
opposite end. Further details of the thermal history are provided in
Table S1 in the supplementary material. After forging, the billets were
air-cooled to room temperature for approximately 36 h. In the forging
schedule, the temperature drop per pass is defined as the difference
between the temperature measured immediately before and after each
pass, whereas the cooling per round corresponds to the difference be-
tween the temperature at the beginning of the first pass and the tem-
perature at the end of the second pass, just before reheating. To improve
readability and account for measurement scatter, all recorded temper-
atures were rounded to the nearest 5 °C: values ending in 1-2 °C were
rounded down to 0 °C, and values ending in 3-4 °C were rounded up to
5 °C. To produce the different conditions and states of Cu-PPts and
matrix microstructure, the samples were austenitized at 900 °C for 13
min, then subjected to an isothermal holding temperature of 550 °C for
120 s and 2400 s, respectively (shown in Fig. 2a).

Selected samples designated with a combination of steel grade and

Table 1
Chemical composition of the investigated steel (in wt.% and at.%).

C Mn Si Cr Cu Al Ni Fe

wt.% 0.21 0.52 0.01 0.02 2.01 0.04 2.00 Bal.
at.% 0.97 0.53 0.02 0.02 1.76 0.08 1.89 Bal.
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aging time, specifically 120 s and 2400 s conditions, were subjected to
the multidisciplinary and multi-scale microstructural characterisation
using the scanning electron microscope (SEM).

2.2. Microstructural characterisation

The microstructure of the aged X21 steel was examined using light
optical microscopy (LOM, Leitz Aristomet) and SEM equipped with an
electron backscatter-diffraction (EBSD) detector (Oxford Instruments).
The specimens were ground using SiC abrasive papers up to 4000 grit,
followed by mechanical polishing with 3 ym and 1 pm diamond sus-
pensions. Final surface finishing was performed using an OPS (oxide
polishing suspension) colloidal silica. EBSD measurements were con-
ducted at an accelerating voltage of 20 kV, a step size of 50 nm, and a
working distance of approximately 18 mm. Postprocessing and indexing
were carried out using Aztec software (version 3.3, Oxford Instruments).

2.2.1. Atom probe tomography (APT) measurements

Three-dimensional (3D) characterisation of Cu-PPts and the sur-
rounding matrix chemistry was carried out using APT (LEAP 4000X HR,
CAMECA Instruments Inc.). Data were collected in laser-pulsing mode
(wavelength 355 nm, repetition rate 200 kHz, pulse energy 30 pJ). The
APT specimens (tips) were prepared by site-specific lift-out using the
Easy-Lift method followed by annular milling in a dual-beam focused-
ion-beam/scanning electron microscope (FIB/SEM, FEI Helios Nanolab
660). Data reconstruction and analysis were performed using the AP
Suite software.

2.2.2. High-resolution scanning transmission electron microscopy (HR-
STEM)

A combination of SEM backscattered electron (BSE) imaging, EBSD,
and FIB was used to identify the sites of interest in the microstructure.
Field emission gun (FEG) operated TESCAN Lyra 3 XMU SEM equipped
with FIB was used to extract site- and orientation-specific TEM thin foils
(lamellae) with normal vector of the foil plane parallel to (001) crys-
tallographic directions of the ferrite matrix. These foils were subse-
quently investigated using Thermo Fisher Scientific (TFS) Talos F200i
STEM operating at 200 kV and also image-aberration corrected and
monochromated TFS Titan-Themis STEM operating at 300 kV. The TEM
thin foils were tilted into specific low-index crystallographic zones to
perform atomic resolution imaging of the studied microstructures. Data
were collected with TFS Titan-Themis using a high-angle annular dark-
field (HAADF) detector and low camera length (73 mm) to emphasize Z-
contrast of the phases. Defects and phases were also imaged by low-
angle annular dark-field (LAADF) STEM or by two-beam diffraction
contrast imaging (DCI) using both bright field (BF) and annular dark
field (ADF) STEM detectors [56]. By simply adjusting the microscope
camera length, and thus the acceptance angle of the annular detector, it
was possible to transition from HAADF Z-contrast imaging mode, per-
formed by exclusively collecting electrons that have been scattered to
high angles to the small-angle scattered electrons sensitive to defect
contrast [57]. Chemical composition was analyzed from data collected
by a Super-X energy dispersive X-ray spectroscopy (EDS) detector in TFS
Titan-Themis. The data were collected and processed using the TFS
Velox software. In particular, the raw data in the original spectral maps
were quantified using a standard Cliff-Lorimer (K-factor) fit (default k-
factors available in Velox were used as well as the Brown-Powell
empirical ionization cross-section model), including absorption correc-
tion and background subtraction. The atomic resolution STEM images
were corrected for possible drift and scanning beam distortions using the
drift corrected frame integration (DCFI) function of Velox.

2.3. Precipitation kinetic simulation (MatCalc)

Simulation of precipitate kinetics was performed with MatCalc
software (ver. 6.05.0125) [58,59]. The simulated temperature starts at
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900 °C and decreases from the austenite region down to 550 °C, followed
by isothermal holding for 1 h. An instantaneous austenite-to-ferrite
transformation begins at approximately 790 °C according to the phase
equilibrium diagram shown in Fig. S1 of the supplementary material.
Ferrite grain size was taken from the presented measurement. The model
description contained the FesC and Cu-PPts. The following populations
of Cu-PPts were distinguished in the simulation depending on their
nucleation site:

e BCC-structure clusters forming homogenously in the ferrite grains
(Cu-PPtgcc)

e 9R-structure precipitates forming from Cu-PPtpcc clusters in a size
range of 2-3 nm (Cu-PPtgg)

e FCC-structure precipitates forming from Cu-PPtog precipitates in a
size range of 6-10 nm (Cu-PPtpcc)

e FCC-structure precipitates forming on the FesC precipitate surface
(Cu-PPtpcc-cem)

e FCC-structure precipitates forming on the GBs (Cu-PPtpcc.gp)

FesC precipitates were assumed to nucleate at the ferrite GB edges
(joining lines of at least three grains).

Precipitates were represented with the size distribution consisting of
25 size classes within the framework of the numerical Kamp-
mann-Wagner model [60]. Evolution of the individual class sizes and
chemical compositions was evaluated with the SFFK model [61,62]. The
definition of shape factors (ratio of cylinder height to its diameter) al-
lows the model application for the treatment of the non-spherical pre-
cipitates [63]. Nucleation rates of precipitates nucleating directly from
the matrix (relevant for Cu-PPtgcc, Cu-PPtpec.g, Cu-PPtrcc.cem, and
FesC precipitates) were calculated with classical nucleation theory
(CNT) [64]. Precipitate-matrix interface energies were evaluated with
the generalized broken bond (GBB) model, including the spherical shape
and diffuse interface corrections [65-67]. Furthermore, additional terms
for the evaluation of the critical nucleation energy were used for the
precipitates forming by heterogeneous nucleation (Cu-PPtgcc.gp, Cu-
PPtrce-cem, and Fe3C) [68].

Formation of Cu-PPtgg and Cu-PPtgcc, which are created through
transformation from the precursor phase (Cu-PPtgcc and Cu-PPtog,
respectively), is treated in a different manner, by which some fraction of
the transformation “substrate” (precursor) precipitate size distribution
was transferred to the transformation “product” phase. The fraction of
the transferred “substrate” phase was linearly increasing between some
defined minimum (zero fraction) and maximum (unity fraction) of the
precipitate size class [69]. Moreover, size-class evolution was also
treated with the coalescence model, accounting for the mobility of the
smaller clusters due to their attraction to vacancies [70].

Model parameters for the Cu-PPts in the ferrite grain (Cu-PPtgcc, Cu-
PPtggr, Cu-PPtpcc) were adapted from Stechauner et al [69]. While pa-
rameters for the IG FesC and Cu-PPts (Cu-PPtgcc.gp, Cu-PPtrcc.cem)
found in this work are based on the experimental measurements and
observations, other parameters for FesC kinetics, as shown in Table 2,
were adjusted and optimized according to Fig. 1 to reproduce its for-
mation by austenite decomposition. Chemical potentials and solution
enthalpies were evaluated based on the assessment given in MatCalc
thermodynamic database ME-Fe (ver. 1.4). Diffusion coefficients were
evaluated based on the assessment given in MatCalc mobility database
mc_fe (ver. 2.016).

3. Results
3.1. Microstructure characterisation

To investigate the microstructure in terms of grain size and phase
fraction, LOM and EBSD were employed. The heat-treatment procedure

illustrated in Fig. 2a, comprising austenitisation for thirteen minutes
followed by aging at 550 °C for 120 s and 2400 s, produced a
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Table 2
Parameter set used in MatCalc kinetic simulation for intragranular (matrix) and
IG precipitates.

Intragranular (matrix) precipitates parameters

Parameter Cu-PPtgcc Cu-PPtog Cu-
PPtgcc
Critical temperature for diffuse 2600 N/A N/A
interface energy correction [K]
Coalescence factor 0.01 0.10 0.10
Coalescence exponent —0.2 -0.2 -0.2
Solute diffusion enhancement factor 15 4 1
IG precipitates parameters
Parameter Cu-PPtgcc. Cu- Fe3C
Cem PPtrcccn
Shape factor 0.333 0.333 0.003
Accounting for heterogeneous Yes Yes Yes
nucleation site energy (x; = 0.75) (x; = (xj =
1.00) 1.00)
Nucleation site efficiency factor 100 N/A N/A
Solute diffusion enhancement factor 30 2 N/A

ferritic-pearlitic microstructure containing approximately 95% ferrite
and 5% pearlite, as determined from the LOM observations shown in
Fig. 2b and e.

The EBSD phase maps confirm a predominantly ferritic microstruc-
ture with 0.4% and 0.37% Fe3C located along ferrite—ferrite GBs in the
120 s and 2400 s conditions, respectively, as can be seen in Fig. 2¢ and f.
Grain size evolution was evaluated using the arithmetic mean of the
maximum Feret diameter (MFD), as summarized in Table 3.

The EBSD results indicate that increasing the aging time exerts no
significant influence on grain size, with arithmetic mean values of 4.5
um and 4.7 pym for the 120 s and 2400 s conditions, respectively. The
essentially unchanged grain size and ferrite—pearlite phase fraction
confirm that prolonged aging has no noticeable effect on grain growth or
overall microstructural evolution, consistent with expectations at this
temperature range, where grain growth is not anticipated.

3.2. Atom probe tomography (APT)

APT was employed to analyse the matrix, ferrite—ferrite GBs, and
pearliteferrite interface with respect to elemental partitioning,
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segregation, and precipitation behaviour, using elemental maps, prox-
imity histograms for precipitation analysis, and one-dimensional con-
centration profiles for segregation and precipitation evaluation.

3.2.1. Elemental partitioning and matrix analysis

For a detailed analysis of grain and GB behaviour with respect to
precipitation evolution and elemental partitioning, APT tips were
extracted from the ferrite of the 120 s and 2400 s conditions, as indicated
by the Pt depositions in the SEM images shown in Fig. 3.

In particular, APT analyses of three tips taken from the ferritic matrix
of the 120 s condition, the ferrite—ferrite GB, and the ferrite-pearlite
interface of the 2400 s condition are presented and discussed in this
work. The resulting atomic distributions reveal the partitioning of Fe, C,
Cu, Ni, and Mn within ferrite and pearlite, as well as across the ferri-
te—ferrite GBs and ferrite-pearlite interphase interfaces.

While the pearlite in Fig. 4 is characterised by a high carbon content
and a lower iron content due to the presence of Fe3C lamellae, the ferrite
exhibits a markedly lower carbon concentration owing to the limited
carbon solubility in the ferritic matrix. The ferrite matrices of the 120 s
and 2400 s conditions, shown in Fig. 4.a and c, reveal the presence of Cu-
PPts without any distinct segregation of manganese or nickel, which are
typically known to form core-shell or co-precipitation behaviour with
copper. In contrast, the pearlitic regions exhibit copper depletion
accompanied by manganese segregation towards the ferrite—pearlite GB,
which may be associated with the presence of a prior-austenite GB
(PAGB).

A region of interest (ROI) cylinder was constructed within the ferritic
matrix, in an area free of precipitates to exclude their influence on the
matrix composition, and within the pearlitic matrix to determine
elemental partitioning. As shown in Fig. 5a, the copper content in the
ferritic matrix decreases with increasing aging time from 120 s to 2400 s.
Specifically, the copper concentration in ferrite decreases from
approximately 1.2 at.% to 0.4 at.%. Furthermore, while the ferritic
matrix at 2400 s contains about 0.4 at.% Cu, the copper content in the
pearlitic microstructure is substantially lower, at roughly 0.1 at.%.
Nickel likewise decreases from 1.0 at.% in the ferritic matrix to 0.8 at.%
in the pearlitic matrix at the same aging time of 2400 s Fig. 6.

The reduction in nickel and copper contents in pearlite compared
with ferrite is attributed to their limited solubility in the C-enriched

APT STEM/HRTEM

EBSD Heat treatment

Precipitates lattice
structure evolution in
matrix and at GB and

precipitates distribution
atGB

Precipitates size,
number density, volume
fraction and morphology

Cementite phase
fraction and ferrite grain
size

Thermal cycle
parameters

v

Nucleation and growth kinetics in matrix and GB | m= = == mm =y

Model evaluation and optimization based on
Experimental data

Fig. 1. Schematic workflow for integrated experimental and computational analysis of precipitation in ferritic steels, showing input of key APT, STEM/HRTEM,
EBSD, and heat treatment data into MatCalc modelling to predict nucleation and growth kinetics of matrix and GB precipitates, followed by model evaluation and

optimisation based on comparison with experimental measurements.
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Fig. 2. Illustration of (a) the two-step heat treatment employed in this study; (b, e) optical microscopy images showing the ferrite-pearlite microstructure after aging
at 550 °C for 120 s and 2400 s, respectively; (d) SEM image highlighting the morphology of ferrite and pearlite colonies; and (c, f) EBSD phase maps for 120 s and
2400 s aging, where green indicates BCC ferrite and blue denotes Fe3C phase distribution.

Table 3

Grain size analysis of the 120 s and 2400 s using equivalent circle diameter
(ECD).

Aging time Arithmetic Minimum  Maximum  Standard

(s) mean (um) (um) deviation
(um) (um)

120 4.5 1.5 13.8 1.4

2400 4.7 1.5 13.4 1.6

pearlitic matrix. In contrast, manganese exhibits a homogeneous dis-
tribution in both ferritic and pearlitic regions, as its concentration re-
mains nearly constant in both phases. Comparison of iron and carbon
contents between ferrite and pearlite, as shown in Fig. 5b, reveals a
pronounced decrease in iron from approximately 96.9 at.% in ferrite to
77.1 at.% in pearlite, accompanied by an increase in carbon from about
0.12 at.% in ferrite to 21.1 at.% in pearlite due to the presence of carbon-
rich Fe3C lamellae. While the carbon content detected in the ferritic

phase aligns with established carbon saturation limits, the carbon con-
centration in the FesC phase within pearlite deviates from the ideal
stoichiometry. Several factors may contribute to this deviation in the
carbon content detected by APT. The analysis may be affected by
background noise, while preferential evaporation or ionisation of car-
bon ions can lead to an underestimation of the true concentration.
Furthermore, the thickness of the Fe3C lamellae within the pearlitic
microstructure introduces an additional source of error. The proximity
of the pearlitic-ferrite phase can result in unintentional inclusion of
ferrite within the ROI during APT reconstruction, thereby reducing the
average carbon concentration owing to the substantially lower carbon
content in ferrite compared with stoichiometric Fe3C [71-73]
Fig. 7Fig. 8.

In addition, carbon and nickel exhibit a tendency for segregation at
ferrite—ferrite GBs, whereas copper displays distinct precipitation
behaviour at these boundaries. Due to its low diffusivity in ferrite, car-
bon (C) segregates to the GB. Nickel (Ni) also segregates near the GB, as
shown by the 1.8 at.% Ni iso-concentration surface in Fig. 7e. The Ni

Fig. 3. SEM images showing the microstructure and APT tip lift-out locations for (a) the 120 s and (b) the 2400 s aging conditions, with selected regions corre-
sponding to the ferrite (F) matrix, ferrite—ferrite (F-F) GBs, and ferrite-pearlite (F/P) interfaces, as marked in green.
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Fig. 4. Atom probe tomography maps showing the three-dimensional distribution of Fe, Mn, C, Cu, and Ni in (a) the ferrite matrix after 120 s aging, (b) a region
spanning ferrite, pearlite, and their interface after 2400 s aging, and (c) the ferrite—ferrite GB after 2400 s aging, with each tip revealing the spatial partitioning and
segregation of key solute elements.
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Fig. 5. Quantitative analysis of elemental concentrations in the ferritic and pearlitic regions: (a) Cu, Ni, and Mn atomic percentages measured in 120 s ferrite (120 s-
F), 2400 s ferrite (2400 s-F), and 2400 s pearlite (2400 s-P); (b) comparison of Fe and C contents in the same regions, highlighting distinct compositional partitioning
between matrix and pearlite regions.

segregation is likely associated, based on its spatial location, with the 3.2.2. Precipitation evolution and GB investigation

presence of IG FesC or the Cu-PPtpcc gp detected in APT and STEM an- Due to the nature of copper precipitation kinetics, increasing the
alyses presented in Fig. 7 and Fig. 9. To quantify these phenomena, a aging time influences the size, chemical composition, and lattice-
detailed analysis of copper precipitation behaviour and IG carbon structure evolution of the Cu-PPts. Fig. 6 presents the Cu-PPts visual-
segregation was conducted. ised using the 15 at.% Cu iso-concentration surface in the ferritic matrix

for the 120 s and 2400 s conditions, respectively. At 120 s, the precip-
itate diameter measured from the iso-concentration profiles shown in
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Fig. 6. APT reconstructions of the ferritic matrix shown with 15 at.% Cu iso-concentration surfaces highlighting Cu-PPt for (a) 120 s and (b) 2400 s aged conditions.
The corresponding 1D concentration profiles of Fe (black) and Cu (red) are given for large precipitates in ROI-1 (c) and small precipitates in ROI-2 (d) for the 120 s
condition, and large precipitates in ROI-3 (e) and small precipitates in ROI-4 (f) for the 2400 s condition. The proxigram concentration profiles of Cu and Fe across
precipitate-matrix interfaces are shown for (h) 120 s and (i) 2400 s aging conditions.

Fig. 6.c and d ranges from approximately 2.0-4.0 nm, with the copper
concentration reaching between 40 and 60 at.% within the precipitate
core. Upon increasing the aging time from 120 s to 2400 s, copper dif-
fuses from the ferritic matrix into the precipitate cores, leading to an
increase in size to between 4.0 and 6.0 nm in the 2400 s condition, as
shown in Fig. 6.e and, which illustrate the chemical composition of small
and large precipitates, respectively Fig. 10.

The increase in precipitate size is accompanied by a corresponding
rise in copper concentration, reaching up to 60-80 at.% within the
precipitate core. The increase in copper concentration within the pre-
cipitates, together with a one-order-of-magnitude rise in number density
(as summarised in Table 4), explains the observed decrease in matrix
copper content, as previously discussed and shown in Fig. 5. The copper
depletion in the matrix results from both the nucleation of new Cu-
PPtpcc precipitates and the growth-induced structural transformation of
existing Cu-PPtpcc into Cu-PPtgg, which consumes copper from the
surrounding matrix. These mechanisms are consistent with the number
density increase and the precipitation sequence simulated by the Mat-
Calc as illustrated in Fig. 11. Specifically, the 2400 s condition reflects
the concurrent nucleation of Cu-PPtgcc and the growth and trans-
formation of older precipitates into Cu-PPtgg, as shown in Fig. 11.b,
leading to an increased volume fraction from 0.0015 at 120 s to 0.0085

at 2400 s. The size evolution and copper enrichment within the pre-
cipitates further support this transformation, in agreement with the
simulation results across the extended aging period from 120 s to 2400 s.

To assess the elemental segregation and copper precipitation at the
GB (clearly visible in the videos attached to Fig. S2. of the supplemen-
tary materials), the iso-concentration surfaces of 1.8 at.% Ni, 0.8 at.%
Mn, 3 at.% C and 15 at.% Cu are used as displayed in Fig. 7.a,d, and e.
The iso-concentration surfaces reveal pronounced IG carbon enrichment
accompanied by disc-shaped Cu-PPts distributed along the GB, which
are markedly larger than the rounded Cu-PPts observed within the
matrix. The one-dimensional (1D) concentration profiles illustrated in
Fig. 7.b and c, constructed using ROI-1 and ROI-2, which go through the
IG Cu-PPts and the matrix precipitates respectively, show that while the
large disc-shaped Cu-PPt at the GB has a copper concentration of nearly
100 at.% in its core, the copper concentration in the core of the matrix
precipitates are nearly 80 at.%. Nonetheless, while the matrix Cu-PPts
have an average diameter of about 5 nm, the disc-shaped Cu-PPt
found at the GB exhibits a minor diameter (thickness) of approximately
10 nm and a major diameter of approximately 50 nm.

The distinct increase in copper content and the size of the IG Cu-PPts
are consistent with the typical dimensions associated with Cu-PPtgcc
and with the MatCalc simulation of IG —PPtgcc.gg formed in association
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Fig. 7. APT reconstruction of the 2400 s-aged condition showing (a) a C-enriched GB decorated by IG disc-shaped Cu-PPts, visualized using 3 at.% C and 15 at.% Cu
isoconcentration surfaces; (b) and (c) illustrate the difference between an IG disc-shaped Cu-PPtpccgp and Cu-PPtog in the matrix; (d) and (e) show Mn and Ni
segregation to the GB, respectively; (f) presents a 1D concentration profile across the GB ROI, depicting the localized chemical composition and elemental

partitioning.

with Fe3C and carbon enrichment. According to the MatCalc simulation
results presented in Fig. 11, the IG Cu-PPt is expected to have trans-
formed into Cu-PPtgcc g during cooling, prior to the onset of aging, as
the elevated temperature and IG location promote an accelerated
transformation from Cu-PPtgcc to Cu-PPtgcc.

Due to their position at the GBs, which serve as preferential and
accelerated diffusion paths, the Cu-PPts exhibit evidence of both bulk
and GB-assisted diffusion, leading to the pronounced growth of Cu-
PPtrcc.gs.

The effects of IG carbon enrichment, and Cu, Ni, and Mn segregation
at the GB were further examined using a 1D concentration profile
generated along a region-of-interest (ROI) cylinder traversing the
ferrite-ferrite GB, as illustrated in Fig. 7a. The 1D concentration profile
shown in Fig. 7f reveals a lower copper concentration surrounding the
GB compared with the adjacent matrix. Within the ferritic matrix (G2),
the copper concentration decreases, forming a DZ with less than 0.2 at.%
Cu, compared to an average of approximately 0.4 at.% in the matrix.
Additionally, a PFZ forms near the GB — particularly pronounced in the
second grain (G2) — where minimal or no copper precipitation is
detected. Similar to copper, the carbon concentration in the matrix is

approximately 0.12 at.%, but it drops to about 0.02 at.% on both sides of
the GB. The combined C and Cu depletion and the presence of a PFZ are
further corroborated by the APT heat maps shown in Fig. S3 of the
supplementary materials.

In contrast, the GB itself exhibits significant carbon enrichment,
reaching nearly 3 at.%. This enrichment stands in sharp contrast to the
pronounced carbon depletion in the adjacent regions on both sides of the
boundary. Likewise, Mn and Ni show distinct segregation behaviour at
the GB. While Ni segregates near the boundary shown in Fig. 7e, its
concentration increases from approximately 1 at.% in the matrix to
about 1.5 at.% at the GB. Mn, on the other hand, displays the opposite
trend. As seen in Fig. 7d, its content decreases from roughly 0.5 at.% in
the matrix to 0.25-0.30 at.% within the DZ surrounding the GB, before
rising again to around 0.6 at.% directly at the boundary. The segregation
of Mn and Ni at the GB is potentially correlated with the presence of IG
FesC and the Cu-PPtpcc.gp phase, and their concurrent formation. As C
and Cu atoms diffuse towards the IG Fe3C and Cu-PPtgcc.gp, Ni and Mn
are rejected from the growing IG Fe3C and Cu-PPtgcc gp, producing the
observed segregation profiles.

The formation of the Cu- and C-DZ, marked by the orange colour in
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Fig. 8. (a) Overview showing the characteristic distribution of Cu-rich precipitates in the a-Fe matrix (120 s condition) using two-beam LAADF-STEM DCI condition
with diffraction vector g = [110] and electron beam close to [001] zone axis of the a-Fe BCC matrix. (b) HR-TEM detail of coherent Cu-rich nanoprecipitate and
corresponding FFT diffraction patterns are taken from the a-Fe BCC matrix (region c) and the Cu-rich precipitate (region d) with notable superlattice reflections
indicating BCC-B2 crystal structure (120 s condition). (e) Detail from 2400 s condition showing Cu-rich precipitate exhibiting (f) Moiré-like fringe contrast in HR-
TEM, indicating 9R crystal structure. Corresponding FFT diffraction patterns taken from the a-Fe BCC matrix (region g) and the Cu-rich precipitate (region h). For (b-

h), the electron beam is parallel to the [001] zone axis of the a-Fe BCC matrix.

Fig. 7f, results from the formation of a C-enriched layer and large Cu-
PPts at the GB, marked by the red colour in the same figure. These
features consume the C and Cu atoms from the surrounding matrix and
leave behind a PFZ, as can be seen in Fig. 7. The implications of IG
carbon enrichment and copper precipitation for GB strength are exam-
ined in detail in the Discussion section.

3.3. Scanning transmission electron microscopy (STEM)

The presence of C-enriched GBs, as depicted in Fig. 7, is also corre-
lated with the preferred nucleation sites of IG Fe3C [74]. To investigate
the possible presence of FesC at these C-enriched GBs, as well as to
examine the evolution of copper precipitation and the crystal lattice
structure of copper in both the matrix and GBs at different aging times, a
detailed multi-scale S/TEM-based characterisation was performed on
the matrix and ferrite-ferrite GBs in both the 120 s and 2400 s
specimens.

Using the LAADF-STEM DCI technique under two-beam approxi-
mation, Fig. 8.a presents the characteristic distribution of Cu-PPts in the
a-Fe BCC matrix for the 120 s condition. High-resolution details of the
copper precipitate are revealed in Fig. 8.b using HR-TEM. Comparison of
the corresponding FFT diffraction patterns taken from the o-Fe BCC
matrix (Fig. 8.c) and the Cu-rich precipitate (Fig. 8.d) clearly confirms
cubic crystal structures for both the a-Fe BCC matrix and the Cu-rich
precipitate, and further suggests a coherent cube-on-cube orientation
relationship (OR) between the two lattices. Moreover, the FFT diffrac-
tion pattern obtained from the Cu-PPt exhibits notable superlattice re-
flections, which clearly indicate an ordered BCC-B2 crystal structure.

The presence of such a superlattice diffraction pattern has been reported
specifically for the ordered B2 Cu-PPtgcc, arising from differences in
scattering amplitudes between Fe and Cu atoms. This phenomenon oc-
curs when the Fe:Cu ratio in the Cu-PPts approaches 1:1, consistent with
findings in the literature and with the APT analysis of the 120 s sample,
showing Cu concentrations in the precipitate cores ranging between 40
and 60 at.% and Fe concentrations between 60 and 40 at.% [40,41,75].

The increase in Cu content within the Cu-PPts or clusters with further
coarsening leads to greater structural disorder within the precipitates.
According to earlier studies [42], this occurs as more Cu atoms pro-
gressively replace the Fe atoms on the {110}, resulting in an increased
copper concentration within the precipitate core. This observation is
consistent with the experimentally observed rise in copper content
within Cu-PPts when comparing the precipitates at 120 s and 2400 s
conditions, as shown in Fig. 6.

The free energy generated by the weakened order in the BCC Cu
phase and the compressive stresses acting on the Cu-PPtgcc becomes
sufficiently high to induce a martensitic transformation into Cu-PPtog
[40,76]. Using HR-TEM imaging, Fig. 8e shows the area containing the
Cu-rich precipitate in the 2400 s condition. The FFT diffraction pattern
taken from the matrix (highlighted by a blue dashed rectangle, detail in
Fig. 8g) confirms the BCC crystal structure of the a-Fe matrix. The FFT-
filtered HR-TEM micrograph in Fig. 8f reveals the crystal structure of the
Cu-rich precipitate in detail, showing a distinctive Moiré-like fringe
pattern occurring every three atomic column planes along the [001]
zone-axis viewing direction. This effect is associated with the fact that
the coarsened Cu-rich precipitates in 2400 s condition do not have an
ordered cubic crystal structure anymore. Instead, both HR-TEM (Fig. 8f)
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Fig. 9. A) overview of characteristic gb area for condition “120 s” is shown using BF-STEM DCI with electron beam parallel to [001] zone axis of the a-Fe grain on the
top. (b) Detail of the GB near Fe3C as highlighted by a black dashed rectangle in (a). Corresponding STEM-EDS elemental maps are shown in (c-g). (h) BF-STEM DCI
showing typical GB area for condition “2400 s, electron beam close to [001] zone axis of the a-Fe grain on the top. (i) Detail of the GB near Fe;C as highlighted by a
black dashed rectangle in (h). Corresponding STEM-EDS elemental maps are shown in (j-n). In both conditions, notably coarsened Cu-PPts, and the elemental Cu-

depletion/Ni-enrichment are observed at the GBs.

and the associated FFT diffraction pattern (Fig. 8h) indicate the presence
of a stacking sequence characteristic of the 9R-type crystal structure, in
which the sequence of close-packed planes (ABCBCACAB) repeats every
third layer. This observation is in excellent agreement with similar re-
sults reported for Cu-rich precipitates in [40].

It is important to note that the defect-free FCC equilibrium crystal
structure of Cu is more energetically favourable than the 9R structure;
hence, with increasing aging time or accelerated diffusion from the
surrounding ferritic matrix toward the Cu-PPts, the 9R precipitates
eventually transform into the FCC lattice structure, as discussed later for
larger precipitates at GBs. Overall, the STEM and HR-TEM analyses
demonstrate that copper precipitation in the matrix begins with ordered
B2 Cu-PPtpcc in the 120 s condition and evolves into Cu-PPtgg as the
aging time increases to 2400 s. This result is in excellent agreement with
the APT analyses and MatCalc simulations of precipitation behaviour.

The STEM characterisation of areas surrounding the GBs confirms
the presence of high C concentrations at the boundaries and significantly
larger Cu-PPts than those found in the matrix, as shown in Fig. 9a-b, and
Fig. 9h-i for the 120 s and 2400 s conditions, respectively. The
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corresponding STEM-EDS elemental composition maps further reveal
that, in regions containing large Cu-PPts, the particles are predomi-
nantly depleted in Fe, as clearly observed in Fig. 9.d and k. This result is
consistent with the APT analysis of the Cu-PPtgg which shows a
chemical composition of more than 95 at.% Cu and approximately 5 at.
% Fe.

The large Cu-PPts are detected exclusively at ferrite—ferrite GBs and
within IG FesC. Additionally, the STEM-EDS maps confirm Ni segrega-
tion, as well as Mn and Cu depletion, in the vicinity of the GB —
consistent with APT results (see Fig. 7). The carbon depletion could not
be detected using the STEM-EDS maps because of the inherent limita-
tions of EDS in detecting and quantifying light elements, particularly
when C depletion of only a few at.% occurs in multi-component systems
[77,78]. The size of the Cu-PPts at the ferrite-ferrite GBs detected by APT
matches both the size and chemical composition of the FCC Cu-PPts
characterised by STEM. The micrographs documenting IG carbon
enrichment at ferrite—ferrite GBs with large Cu-PPts after aging for 120 s
and 2400 s are shown in Fig. 9a and h. The STEM-EDS elemental maps
from regions around the GBs indicate that the Cu-PPts consist
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Fig. 10. (a) BF-STEM image of coarsened Cu-PPts at the GB and (b) corresponding STEM-EDS maps of Cu and C from the same area. (c) FFT-filtered HAADF-STEM
image showing detail of the interface between (d) the a-Fe BCC matrix and (e) the Cu-PPt. Experimentally obtained STEM images and corresponding experimental
and simulated FFT diffraction patterns confirm the N-W OR between (f) a-Fe BCC matrix and (g) the Cu-PPtgcc. Unit cells of both crystal lattices in (d) and (e), as well
as diffraction patterns in (f) and (g), were simulated using Crystal Maker Suite software. (h) BF-STEM image of Fe3C precipitates at the GB between two a-Fe BCC
grains. (i) Detail of the interface between the a-Fe BCC matrix and Fe3C, and (j) corresponding STEM-EDS maps of Cu and C from the same area. Comparison of (k)
experimentally obtained and (1) simulated CBED/Kikuchi patterns confirms the orthorhombic crystal structure of the Fe3C. The electron beam was parallel to the

[001] zone axis of the a-Fe matrix in (a-j).

Table 4
Precipitate size, number density, and copper content evolution with increasing
aging time.

Aging time Mean Number Average copper Volume
(s) diameter density content fraction
(nm) (m3) (at.%) (%)
120 3.0 6.7 x 1022 40-60 0.0015
2400 5.0 1.3x 10% 60-80 0.0085

exclusively of copper and lack nickel or manganese contributions (see
also the STEM-EDS compositional line profiles from the Cu-PPt in Fig. S4
of the Supplementary Materials). That is fully in agreement with the
chemical composition measured by APT based on the 1D concentration
profiles in Fig. 6. Although the high carbon segregation detected in
Fig. 10 indicates the presence of a Fe3C phase, and the chemical
composition and size of Cu-PPtgp at the IG Fe3C and GB- determined
through APT in Fig. 7- indicate an FCC lattice structure, experimental
confirmation through simulations was required. Therefore, Crystal
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Maker Suite software was used to simulate the diffraction of the IG C-
enriched phase and the Cu-PPtgp.

An interface containing the C-enriched phase lying between two
ferrite grains and hosting large Cu-PPtgg was investigated. BF-STEM
micrograph in Fig. 10.a shows coarsened Cu-PPt at the GB as
confirmed by the corresponding STEM-EDS map of Cu and C from the
same area (Fig. 10b). FFT-filtered HAADF-STEM image (Fig. 10c) re-
veals the detail of the interface between the a-Fe BCC matrix (Fig. 10d)
and Cu-PPtgccgp (Fig. 10e). Experimentally obtained STEM images and
corresponding experimental and simulated FFT diffraction patterns are
consistent with the Nishiyama-Wasserman (N-W) OR [54,71-73] be-
tween the o-Fe BCC matrix (Fig. 10f) and the large disc-shaped Cu-
PPtpccgp at the GB (FCC, Fig. 10g), where [001].||[011]4,, and
(110)gcc||(111) pec- Unit cells of both crystal lattices (Fig. 10d-e) as well
as diffraction patterns (Fig. 10f-g) were simulated using Crystal Maker
Suite software. Different example in Fig. 10h documents the Fe3C phase
at GB between two o-Fe grains using BF-STEM. Details of the interface
between the a-Fe BCC matrix and Fe3C and corresponding STEM-EDS
maps of Cu and C from the same area are shown in Fig. 10i and j,
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Fig. 11. MatCalc Precipitation-kinetic simulation showing the evolution of (a) Number density, (c) mean radius, and (e) phase fraction evolution. Subplots (b), (d),
and (f) present zoomed-in views of the initial stages corresponding to (a), (c), and (e), respectively, to highlight the early growth behaviour of each precipitate type.

respectively.

The orthorhombic crystal structure of the FesC is confirmed by
comparison of experimentally obtained (Fig. 10k) and simulated
convergent beam electron diffraction (CBED)/Kikuchi patterns in
reciprocal space (Fig. 101).

Multi-scale electron microscopy complemented by Crystal Maker
Suite software simulation results collectively confirm the formation of
IG FesC along ferrite—ferrite GBs/interfaces. These IG FesC and C-
enriched GBs act as preferential sites for Cu-PPtgp formation, serving as
diffusion pathways that enable accelerated Cu-PPtpcc.gp precipitation
during cooling or early stages of aging. This process, which typically
requires thousands of seconds to occur in the matrix during isothermal
aging, is significantly expedited at the GBs. Thus, the STEM observations
are fully consistent with the APT results, validating the proposed

mechanism of
precipitation.

IG Fe3C formation and disc-shaped Cu-PPtgp

3.4. Precipitation simulation kinetics

The simulated evolution of the precipitation phase fractions, number
densities, and mean radius during the cooling from 900 °C (initial 130 s)
and subsequent isothermal holding at 550 °C are shown in Fig. 11.
Precipitation nucleation started already during the cooling period, but
only after ferrite formation (below 790 °C). Fe3C nucleation is
completed almost instantaneously (within 1 s), and the precipitates
reach the size equivalent to a sphere mean radius of roughly 180 nm,
which is interpreted in terms of lamella thickness of about 8 nm and
diameter of about 2 um. The molar phase fraction increases during the
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simulated time of the isothermal stage by about 17% (from 0.0036 to
0.0042). Cu-PPts nucleation on these Fe3C precipitates is completed
above 630 °C. These Cu-PPtrcc.cem Nuclei reach the mean radius of 5 nm
at the onset of the isothermal holding and increase further in size
therein, reaching the radius of 9 nm.

Nucleation of Cu-PPts on the GBs (Cu-PPtgcc.gg and Cu-PPtecc.cem) iS
almost halfway completed during the cooling time, reaching the number
density around 6.4 x 10'°m™3. A further increase towards 1.4 x 102°m™
occurred during the isothermal holding, and the final mean radius of 9
nm was calculated. The comparison of number densities between Cu-
PPtgcc.gp and Cu-PPtgcc.cem Yields the ratio of about 8:1. Nucleation of
Cu-BCC clusters in the ferrite grains starts already during the cooling,
but the most nuclei form during the isothermal stage. This can be clearly
seen when comparing the number density value of 4 x 10*!m™® at the
start of this step with the one after 1000 s (1.4 x 10%m™3). At the
simulation end, the number density of Cu-PPtgc declines towards 6.6 x
10%°m™ due to the coalescence of the smaller clusters and trans-
formation towards Cu-PPtog of the larger ones.

The switch between these two regimes is assumed to be around 1800
s of holding time, when Cu-PPtgcc phase fraction reaches the maximal
value of 0.0028. Past this moment, the phase fraction decrease is
accompanied by the increase of Cu-PPtgr phase fraction value, and the
mean cluster radius stabilizes around a 2 nm range, assumed as the
lower size limit for the Cu-PPtgcc — Cu-PPtog transformation.

While the simulation shows the presence of the first Cu-PPtgr pre-
cipitates at the end of the cooling period, the calculated number density
of 4.9 x 10'>m™ and the mean size in the nanometer range for this
precipitate does not allow for any experimental verification of this
result. With an increasing number of Cu BCC-clusters reaching trans-
formation size, the number density of Cu-PPtop rises to 2.6 x 10%2m™ at
the simulation end, surpassing the number density of Cu-PPtgcc. After
1500 s of holding stage, an increase of Cu-PPtogr phase fraction is
observed, reaching the value of 0.0053 at the simulation end. The mean
radius of the Cu-PPtgg precipitates at the simulation end stays in the
range of 3 nm. Transformation towards the first Cu-PPtgc precipitates is
predicted after 400 s.

4. Discussion

The investigation conducted in this study reveals a distinct and
accelerated IG copper precipitation mechanism occurring at C- enriched
GBs and IG Fe3C associated with a nanosized PFZ. Understanding the
presence of IG FesC and Cu-PPts provides insights into the IG crack
initiation behaviour of medium-carbon copper-alloyed ferritic steel
under fatigue conditions [33,35]. The Cu-PPts found explicitly in the
ferrite matrix differ significantly from those precipitating at the GBs
with regard to their size, chemical composition, and lattice structure.
Those differences, in addition to the potential evolution mechanism of
the IG carbon enrichment/Fe3C and Cu-PPts, are discussed and linked to
their effect on GB chemistry and strength, and how they influence the IG
crack initiation behavior.

4.1. Evolution of copper precipitation in the matrix

Cu-PPts were found to form exclusively within the ferritic matrix.
Upon increasing the aging time, the Cu-PPt followed the well-
established crystallographic transformation sequence [44]. The FFT
diffraction patterns from STEM analysis revealed (i) the initial coherent
Cu-PPtpcc, indicated by the presence of superlattice reflections; (ii) the
subsequent precipitate growth accompanied by a gradual loss of co-
herency, reflected by the disappearance of the superlattice pattern; and
finally, (iii) the martensitic transformation into the 9R structure, as
identified through FFT diffraction patterns in combination with HR-TEM
imaging. Here, the characteristic untwinned 9R structure manifests itself
through a change in the stacking sequence of the close-packed planes
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(ABCBCACAB) [45]. The Cu-PPts transformation sequence corresponds
to the observed size evolution from an average radius of 2-3 nm in the
BCC condition to 4-5 nm in the 9R condition. [8,44,45,49]. The increase
in precipitate size is accompanied by a substantial enrichment of copper
within the precipitate core and a corresponding depletion of copper in
the surrounding ferritic matrix. This is particularly evident when
comparing the copper content in the 120 s ferritic matrix with that in the
2400 s matrix, where the Cu concentration decreases from approxi-
mately 1.2 at.% to 0.4 at.%, according to APT. This reduction in matrix
Cu content arises not only from precipitate growth and transformation,
which require diffusion of Cu from the matrix into the precipitates
[12,13,48], but also due to the ongoing nucleation of new Cu-PPtpcc that
occurs concurrently with the growth of existing Cu-PPts at 2400 s.

Kinetic simulation results reproduce the experimentally observed
formation of BCC clusters and their subsequent transformation toward
the 9R structure. Simulated number densities are within an order-of-
magnitude range of the APT results (3.5 x 10%2m™ for 120 s, 6.8 x
1022m for 2400 s). Simulated number density peak value is observed at
950 s of isothermal holding, which suggests that the nucleation at 120 s
is not yet completed. On the contrary, at 2400 s, the decreasing number
density of BCC clusters (3.8 x 10%2m™3) is almost equal to the one of 9R-
phase (3 x 10??2m™®) indicating the ongoing transformation process. This
observation is in line with the detection of the 9R phase in the respective
sample. Simulated BCC-cluster size for 120 s (mean diameter of 1 nm) is
smaller than the measured clusters, while the one for 2400 s (mean di-
ameters are approximately 3 nm for BCC and 5 nm for 9R) matches the
observed values well. The simulated BCC-cluster size for 120 s (mean
diameter ~ 1 nm) is smaller than the experimentally measured clusters,
whereas the simulated sizes for 2400 s (mean diameters of approxi-
mately 3 nm for BCC clusters and 5 nm for the 9R phase) agree well with
the observed values. The discrepancy at 120 s may be explained by the
limited detectability of very small clusters in APT measurements, as
clusters with very small diameters are typically underrepresented, and
the analysis preferentially captures larger precipitates. Finally, Cu-
PPtgcc are not expected at 120 s, and the predicted number density value
of about 1 x 10®m™ at 2400 s condition remains well below the
detection limit of the APT method.

4.2. Evolution of copper precipitates at the ferrite GB

The Cu-PPts observed at ferrite GBs exhibit distinct characteristics —
particularly in size, distribution, and lattice structure — compared with
those within the ferritic matrix. These differences are attributed to the
influence of IG carbon enrichment and the presence of IG FesC, at which
the Cu-PPts nucleate.

The formation of IG FesC and Cu-PPts may occur either simulta-
neously or sequentially during the austenite-ferrite decomposition,
either as interphase precipitation upon cooling from 900 °C to 550 °C or
as IG precipitation during the aging stage at 550 °C [54,55,79,80]. In
this study, we hypothesise that, following the formation of C-enriched
GBs and IG Fe3C, the IG Cu-PPts form successively. Specifically, FesC
precipitation occurs during the austenite—ferrite decomposition, leading
to the formation of an interphase FesC layer. Subsequently, nuclei of
disc-shaped Cu-PPtpcc.gp form during the later stages of the austeni-
te—ferrite decomposition, during cooling and prior to the onset of aging,
using the IG FesC and the ferriteferrite C-enriched GB as preferred and
accelerated nucleation paths.

Upon cooling from the austenitisation temperature range, the low
solubility of carbon in the ferritic matrix of approximately 0.022 wt%
[81] forces carbon atoms to diffuse from ferrite toward the moving
interphase boundary, eventually leading to the formation of an IG Fe3C
layer at the ferrite—ferrite GB, as revealed by the APT and STEM ana-
lyses. The shape and location of the IG Fe3C phases situated between
ferrite grains provide strong morphological evidence-supported by both
experimental and atomistic studies-that these Fe3C layers originate from
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the austenite—ferrite transformation and maintain an OR with the
interphase boundary [82,83], unlike the FesC or carbides forming
independently of austenite decomposition usually found in discrete
spherical morphologies inside the matrix. This precipitation behaviour
is also consistent with the mechanism described by Morsdorf, where
FesC forms during quenching from the Austenitisation temperature
range [74].

Although IG copper precipitation can form either as a result of
austenite transformation or during subsequent aging, the morphological
and spatial characteristics of the precipitates are distinct, providing
insight into their formation mechanism. Cu-PPt formed during austenite
decomposition — particularly via interphase precipitation or at the
migrating austenite/ferrite interface — typically exhibit disc-shaped or
elliptical morphologies and are arranged in periodic rows or sheets
parallel to the transformation front or GBs. This arrangement arises
directly from repeated nucleation events at the moving interface and has
been documented in both classical and contemporary studies
[8,9,54,79,80]. These precipitates are intimately associated with the
transformation interface and frequently display a crystallographic OR
with the parent phase, serving as a microstructural signature of
transformation-induced precipitation [17,55,84].

In contrast, Cu-PPts formed during isothermal aging — such as
tempering or extended holding after transformation — are generally
distributed more randomly within the matrix or along GBs, lacking any
defined alignment or periodic arrangement [17,55,84]. These aging-
induced precipitates tend to be spherical or ellipsoidal, and their size
and distribution are governed by aging temperature and time, rather
than by the dynamics of a transformation front. Thus, the presence of
disc- or elliptical-shaped Cu-PPts arranged in rows or sheets along GBs is
characteristic of precipitation occurring during austenite trans-
formation, whereas randomly distributed, spheroidal precipitates are
characteristic of isothermal aging. This distinction is consistently
corroborated by detailed TEM and microstructural analyses reported
across the cited literature [54].

Their presence at the FesC — ferrite interface, representing a prior
phase-transformation boundary, together with their parallel alignment
to the Fe3C and GB planes and their comparatively larger size relative to
the Cu-PPts within the matrix, all support this conclusion. These ob-
servations are consistent with previous reports on the formation of
interphase Cu-PPtgcc during austenite decomposition in medium-carbon
hypereutectoid steels [54,79]. While the formation of IG FesC and Cu-
PPtgcc g is believed to occur during cooling upon phase transformation,
the presence of distinct Cu- and C- DZs around the GB containing IG Fe3C
and Cu-PPtgpcc.gp indicates continued growth following the completion
of the austenite — ferrite transformation. This interpretation is sup-
ported by the persistence of the DZ, which remains stationary rather
than being displaced by the migrating phase boundary [54,55,79,84].

In addition to the distinct morphological features identified through
APT, STEM, and HRTEM, which suggest a phase-transformation-induced
precipitation, the detected OR provides further insight into the forma-
tion mechanism, consistent with the probability of transformation-
induced precipitation. The Cu-PPtgcc.gp exhibits an N — W OR with
the neighbouring ferrite matrix. While fine and freshly nucleated
transformation-induced precipitates typically favour coherent Baker —
Nutting (B — N) or Pitsch — Petch (P — P) ORs to minimise lattice misfit
and interfacial energy [85,86], other studies have demonstrated that, as
these precipitates grow and coarsen — either during cooling or pro-
longed aging — coherency with the matrix is progressively lost. The
consequent increase in interfacial and strain energy drives the system to
adopt semi-coherent or incoherent interfaces, manifested as a transition
from B — N and P — P to N — W or Kurdjumov — Sachs (K — S) ORs
[85,871, both of which provide lower overall energies for larger particles
and allow misfit dislocations to accommodate the increasing lattice
misfit mismatch [88].

The chemical complexity of GBs and interfaces strongly influences
not only the phase transformation and the nature of the transforming
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interfaces, but also the ORs, often inducing local shifts in ORs [89,90].
As the GBs in this work show chemical heterogeneity at the GBs man-
ifested in the presence of Fe3C, and Mn, and Ni segregation, a shift from
the usual B-N could be related to the GB heterogeneity. The shift in
interphase — precipitate ORs due to interfacial heterogeneity is consis-
tent with prior studies that link interphase precipitation kinetics and
ORs to the chemical complexity of GBs [89-92]. Accordingly, the N — W
OR between the FCC Cu-PPts at the GBs and the surrounding ferritic
matrix can arise either from a B — N to N — W transformation accom-
panying precipitate coarsening, or directly from the complex interfacial
chemistry of the GBs.

Although determining the precise onset of copper precipitation in the
presence of FesC formation remains challenging due to the competitive
nature of GB precipitation, electrical resistivity measurements of
copper-alloyed medium-carbon steel have confirmed that Fe3C precipi-
tation is completed prior to copper precipitation [84]. Additional evi-
dence supporting this sequential precipitation mechanism — first IG
FesC, followed by Cu-PPtpccgp — arises from the markedly lower
diffusivity of substitutional elements such as copper, compared with
interstitial carbon atoms [79]. While the carbon diffusion rates in
austenite and ferrite are 10! to 10712 m/s and 101! to 107° m/s
respectively, the copper diffusion rates in austenite and ferrite are 1071°
to 1071 m/s and 107'* to 107! m/s respectively [93-95].

Consequently, during the austenite — ferrite transformation and
subsequent cooling or aging, carbon diffuses rapidly from the trans-
forming regions, promoting the early formation of IG carbon enrichment
and FesC along ferrite — ferrite GBs. In contrast, substitutional elements
such as copper require substantially more time to diffuse out of the
ferrite matrix as they diffuse significantly more slowly. These pre-
existing C-enriched regions and IG FesC layers thus act as preferential
nucleation sites for copper atoms that later diffuse from the matrix and
precipitate at these interfaces. Therefore, IG carbon enrichment and
FesC formation occur first, establishing the microstructural framework
that facilitates subsequent Cu-PPtpcc.gp nucleation and growth at the
GBs.

The formation mechanism of IG Cu-PPts may follow pathways
analogous to those observed in the ferritic matrix, where Cu-PPts
transform sequentially from a BCC structure to intermediate 9R and
3R structures before reaching the FCC equilibrium phase [38,42].
Alternatively, as demonstrated in the austenitic phase, copper can pre-
cipitate directly in the FCC structure without intermediate trans-
formations [37]. Given that C-enriched GBs and IG Fe3C provide
preferential nucleation sites for Cu-PPts [54,79,84] owing to their high
interfacial energy, estimated to be 0.25-0.7 J/m? [96-98], and that GBs
act as accelerated diffusion paths for copper precipitation, particularly
considering the extremely low solubility of copper in FesC [50], it is
plausible that the IG Cu-PPts follow a mechanism akin to that in
austenite. In this case, Cu-PPts form directly in the FCC lattice and
subsequently coarsen with increasing aging time, without undergoing
the displacive transformation sequence observed for copper precipita-
tion within the ferritic matrix. This interpretation is further supported
by a comparison between the matrix and IG precipitates: while the Cu-
PPts in the matrix exhibit a BCC structure at 120 s and a mixture of BCC
and 9R structures at 2400 s, the IG Cu-PPtgg consistently display an FCC
lattice irrespective of aging duration, indicating that prolonged aging
primarily promotes their growth rather than any further structural
transformation.

The scenario of direct nucleation of Cu-PPtpcc.gp and FesC precipi-
tation was studied in the presented kinetic simulation. Due to the limi-
tations of the mean field approach, the precipitate nucleation on the
migrating austenite — ferrite could not be represented. Furthermore, the
model architecture required an introduction of the temperature point at
which an instantaneous transformation from austenite to ferrite (pre-
serving the chemical composition) occurred, which was set here to
790 °C, as a reasonable mean transformation temperature of the
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representative volume element in the MatCalc simulation. This
approach allowed us to predict an instantaneous Fe3C formation
reaching a phase fraction value of about 0.4%, which is in excellent
agreement with the EBSD measurement. An increase in this phase
fraction value was observed during the simulation, as the evaluated
equilibrium molar fraction at 550 °C is 3.8%. Nucleation onset for all Cu-
PPts forming without any precursor phase (i.e., intragranular BCC
clusters, GB precipitates, and precipitates at Fe3C) is predicted at the
cooling stage in a rather tight time interval of 4 s, and it does not allow
for any conclusions regarding the nucleation order for these phases. On
the other hand, a comparison of the number density at the end of the
cooling stage with the maximal value observed in the simulation in-
dicates some preferences. At the start of isothermal holding, all pre-
cipitates at FesC, 46% precipitates at the GB, and 3% of BCC clusters had
nucleated. These values suggest a clear preference towards IG nucleation
over the intragranular one. The order can be explained in terms of the
lower nucleation barrier for precipitates formed during the heteroge-
neous nucleation model as discussed by Miesenberger et al. [68]. This
approach accounts for the fact that a newly formed precipitate replaces a
part of the microstructure defect (e.g., dislocation, GB, precipitate/
matrix boundary), thus releasing the energy stored therein. Undoubt-
edly, an exact parametrization of the remains approximate and would
need further calibration, e.g., the extent of diffusion enhancement for
solutes towards the precipitates at FesC, as these FesC precipitates are at
the GB, where the diffusion proceeds faster. Nevertheless, the simulation
suggests the lower nucleation barrier for the intragranular precipitates
to be an important factor in the competition between copper precipi-
tation in the ferrite grains and the one next to these. The effect of carbon
enrichment at GBs was not addressed in the presented model, but an
extension with the available treatments describing solute trapping (e.g.
[99]) could be possible.

Based on the MatCalc simulations, together with comprehensive in-
sights obtained from experimental observations and prior literature on
the morphology of interphase Fe3sC and Cu-PPts, a mechanistic hy-
pothesis for the formation of IG Fe3C and Cu-PPtpcc.gp is proposed, as
illustrated in Fig. 12. Upon cooling from the austenitic range (900 °C) to
the aging temperature of 550 °C, the austenite-to-ferrite transformation
promotes the formation of interphase and IG FesC, driven by the
extremely low solubility of carbon in ferrite [79,81]. Subsequently,
copper atoms diffuse out of the supersaturated ferritic matrix, predom-
inantly along GBs and into the IG Fe3C. These C-enriched GBs and pre-
existing IG FesC layers thus serve as preferential nucleation sites for

900°C

550°C (2400s)

® C atom Cuatom * CuPPt — Diffusion path
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copper precipitation, enabling the accelerated formation of IG (Cu-
PPtrcc.gp)-

The growth of these IG Cu-PPts proceeds significantly faster than that
of their intragranular counterparts through two primary mechanisms.
The first is enhanced GB diffusion, where both the GB itself and asso-
ciated dislocations facilitate accelerated copper transport from the sur-
rounding ferritic matrix into the IG precipitates [100-102]. The second
involves Ostwald ripening and/or coalescence-driven coarsening,
wherein smaller Cu-PPts of higher chemical potential within the adja-
cent matrix dissolve and reprecipitate into the larger IG precipitates of
lower chemical potential, thereby reaching an energetically favourable
configuration [38,55,103-105]. This process results in the development
of local C- and Cu- DZs and a PFZ extending up to ~ 10 nm adjacent to
the GB.

4.3. Effect of the IG carbon enrichment and copper precipitates on the GB
chemistry and strength, and crack initiation behaviour

The presence of IG FesC, Cu-PPts, together with the Cu- and C-
depleted PFZ, is detrimental to the mechanical integrity of the material,
particularly its resistance to IG cracking [106-108]. These features alter
the GB chemistry and thereby modify the GB strength [109-113]. The
presence of a Cu- and C-depleted PFZ near the GB directly reduces both
precipitation strengthening and solid-solution strengthening contribu-
tions from interstitial and substitutional solutes. To quantitatively assess
the strength reduction within the depleted PFZ relative to the Cu-
precipitation-hardened matrix, the losses in solid-solution and precipi-
tation strengthening were evaluated using Egs. (1) and (2). The loss in
solid-solution strengthening was calculated using the empirical Pick-
ering-Gladman [114] relation for ferrite, expressed in Eq. (1):

oe ="K () o

where x; is the concentration of the solute element in wt.% and K; is the
proportionality constant for this solute element reported by Pickering
and Gladman. Based on APT measurements of the ferritic matrix and the
depletion zone adjacent to the GB, the combined reduction in carbon
and copper concentrations corresponds to an estimated decrease in
solid-solution strengthening of approximately 108 MPa (see Table 5).
In addition to the solid-solution strengthening loss caused by the
depletion of carbon and copper near the GB, the formation of a PFZ on
one side of the boundary also leads to a reduction in precipitation

cementite formation

Cu-fcc(GB) PPt formation

Cementite CuDZ @ FCCCuPPt === GB

Fig. 12. Schematic illustration representing the sequence of the IG carbon enrichment, followed by copper precipitation nucleation in the matrix and at GBs, and the

coarsening behaviour of the Cu-PPts along the C-enriched GBs.
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Table 5
Solid solution strengthening (css) contributions of Cu and C in the matrix and
depletion zone, and the resulting strengthening drop.

Solid solution strengthening (os) in MPa

K; Matrix DZ Drop Total drop in 65 (Cu + C)
Cu 34.5 18 9 9 108
C 4964 139 40 99

strengthening, which can be evaluated using Eq. (2):

bf , d

Oppe = 0.538G x X ln(% )

d @

f :g axXrP x N 3)
where G = 81600 MPa is the shear modulus of steel, b = 0.25nm is the
Burgers vector, d = 5 nm is the average precipitate diameter, f is the
precipitates volume fraction calculated through Eq. (3), and N is the
precipitates number density. With an average precipitates number
density determined by APT for the 2400 s condition of N=1.3 x 10%m3,
the calculated volume fraction is about f = 0.0085 vol%, and hence, the
Cu-PPts population in the matrix provides a precipitation strengthening
increment of approximately opp = 455 MPa in the ferritic matrix. This
increment is effectively absent inside the PFZ.

The PFZ width observed in the present study (10-15 nm) is suffi-
ciently small that its global effect on the bulk yield strength is expected
to be marginal. To quantify this, the threshold approach proposed by
Krol [115,116] was adopted for assessing when PFZs begin to reduce
yield strength. In this framework [116], the PFZ width w is compared to
a critical width w,, which depends on the mean precipitate radius r, the
precipitate volume fraction f, and a geometric factor x , as calculated
according to Eq. (4) and Eq. (5):

nx
f

w.e=1 .7(Lmin—r)

4

Lyn=T1

(5)

Here L, represents the characteristic spacing between precipitates, r is
the mean precipitate radius, f is the precipitate volume fraction, and x is
a geometric factor taken as x = 0.75 following Krol’s original analysis to
represent a random, homogeneous precipitate distribution. Using the
present alloy parameters (r = 2.5 nm, f = 0.0085), these relations give
Lnin =~ 41.6 nm and a critical PFZ width w. ~ 66.5 nm. Since the
measured PFZ width of 10-15 nm is well below this threshold, PFZs in
the present alloy are not expected to measurably influence the bulk yield
strength, in contrast to other studies reporting PFZs up to ~ 1 um, where
yield strength reductions of 22-25% have been observed [115-118].
Nevertheless, PFZs in the present alloy may still play an important
role in local damage initiation, as the local loss of precipitation
strengthening within the PFZ creates a sharp strength gradient between
the precipitation-hardened matrix and the PFZ and the adjacent C-
enriched GB. In particular, the loss of local strength and the resulting
stress contrast at the microscale within the softened PFZ adjacent to the
grain boundary promote strain localisation and stress concentration in
the GB region, which can facilitate micromechanically controlled phe-
nomena such as crack nucleation, initiation, and short-crack propaga-
tion either within the PFZ or at its interfaces. In the present alloy, the
PFZ is bounded by a C-enriched GB on one side and a precipitation-
hardened matrix on the other, further amplifying the local mechanical
contrast and increasing the likelihood of damage initiation in the GB
region. Because the PFZ is softened by reduced precipitation strength-
ening and solid-solution strengthening due to C and Cu depletion, and
lies between a C-enriched GB and a precipitation-hardened matrix, the
strength contrast on both sides of the PFZ makes intergranular crack
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initiation a plausible scenario via void formation and growth at inter-
granular Cu-PPts or microcrack formation in IG Fe3C.

PFZs are widely reported to be mechanically softer than the sur-
rounding matrix and to promote plastic strain localisation, thereby
biasing crack initiation and propagation paths toward IG fracture
[118,119]. In such softened regions, dislocations preferentially nucleate
inside the PFZ rather than at the GB because plastic flow is energetically
more favourable in the locally weakened zone. This dislocation activity
enhances strain concentration at GBs and increases local stresses at PFZ-
matrix and PFZ-boundary interfaces [117,119]. Consequently, PFZs act
as channels for strain localisation that promote void or microcrack
nucleation and growth, ultimately leading to GB decohesion [120,121].

Direct fractographic and microstructural observations from previous
studies support this mechanism, with microcracks frequently observed
within PFZs in specimens interrupted prior to failure, demonstrating
that fracture can initiate within these softened regions rather than in the
precipitation-strengthened matrix [117]. Similar behaviour has also
been reported in austenitic steels, where PFZs along GBs weaken the
boundary region and lead to IG fracture even when cracks are not strictly
coincident with the boundary plane, indicating that the PFZ adjacent to
the boundary represents the mechanically weakest region of the
microstructure [122]. These observations collectively demonstrate that
PFZs promote crack initiation through the combined effects of local
softening, intense strain localisation, dislocation pile-up, and strong
mechanical contrast with both the GB and the surrounding matrix
[117,119,120,122-124].

Additional microstructural features present at the GB further inten-
sify this effect. In particular, the presence of disc-shaped (elliptical) Cu-
PPts embedded within IG FesC introduces significant local stress con-
centrations through two principal mechanisms: (i) lattice strain gener-
ated by the misfit between the Cu-PPtpcc, FesC, and the surrounding
ferrite matrix[125]; and (ii) geometric notch effects associated with the
high aspect ratio of the elliptical precipitates, which produce elevated
stresses at their tips [125]. While nanoscale Cu-PPts can enhance local
hardening by effectively impeding dislocation motion, suppressing
dislocation cell formation, and promoting cyclic hardening [27], this
strengthening effect diminishes as precipitates coarsen. Cu-PPts larger
than approximately 7.5 nm become less effective barriers to dislocation
motion and cell formation, thereby reducing their contribution to cyclic
hardening [27].

The IG FesC itself further contributes to the localisation of defor-
mation. Acting as a brittle phase in the GB region, Fe3C can behave as a
geometric notch that intensifies local stress concentrations and pro-
motes heterogeneous plastic flow [126,127]. The resulting dislocation
pile-ups, combined with the local strength reduction near the boundary
at the PFZ, facilitate crack initiation either within the Fe3C [128] or at
the ferrite-PFZ-Fe3C interfaces [129]. When these microstructural fea-
tures are considered together with earlier observations of fatigue
behaviour in the same alloy (X21 aged 2400 s), a consistent mechanistic
picture emerges. Gorzen et al. [35] reported frequent IG crack initiation
at ferrite—ferrite GBs, reflecting the reduced defect tolerance of the X21
alloy compared with that of the low-C 2% Cu alloy [33]. These findings,
consistent with the present study, demonstrate a strong correlation be-
tween interfacial softening effects — arising from the formation of
depleted PFZ, IG FesC, and Cu-PPtpcc.gp and their collective impact on
GB strength and resistance to IG crack initiation.

In the X21 alloy, IG crack initiation may therefore proceed via two
distinct mechanisms: (i) void nucleation triggered by Cu-PPtpcc.g
located within or adjacent to a soft depleted PFZ; and (ii) delamination
associated with hard IG Fe3C, as illustrated in Fig. 13. Under applied
loading and plastic deformation, the Cu-PPtgcc.gp act as local stress
concentrators, reducing GB cohesion [125,130]. Microvoids may
nucleate at precipitate-matrix interfaces through interfacial decohesion,
and continued deformation promotes their coalescence, resulting in IG
crack initiation through the classical microvoid coalescence mechanism.
This mechanism is further intensified by the presence of IG precipitates
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Fig. 13. The possible IG crack initiation mechanism resulting from the IG Fe3C, IG Cu-PPts, and the DZ-PFZ near the GB.

adjacent to mechanically softer regions such as PFZs or DZs near GBs
[108,131], as observed in the X21 alloy.

Conversely, IG Fe3C can promote crack initiation through interfacial
delamination or decohesion, in which the boundary separates along the
IG FegC—ferrite interface. Microcracks nucleate and progressively coa-
lesce during deformation, ultimately leading to IG fracture. The strong
correlation between the presence of IG FesC or carbides in general and
GB delamination has been well established in ferritic steels of varying
carbon contents [132-135] and is associated with GB embrittlement
[135] and increased stress triaxiality within IG FesC layers [136].

Collectively, these results indicate that the presence of Cu-PPtpcc.gp
and IG Fe3C alongside the presence of soft depleted PFZs is detrimental
to GB chemistry and cohesion, thereby facilitating crack initiation and
compromising the overall mechanical integrity of the alloy.

5. Summary and conclusions

This study presents a novel experimental observation of copper
precipitation behaviour at ferriteferrite GBs containing IG FesC in
Fe-0.2C-2.0Ni-2.0Cu-0.5Mn (wt.%) steel. Using APT, high-resolution
S/TEM, and MatCalc precipitation modeling, the work demonstrates
that Cu-PPts at GBs exhibit a distinct precipitation mode compared to
those in the ferrite matrix, forming large disc-shaped FCC particles
directly, rather than following the conventional B2/BCC — 9R — FCC
sequence. The experimental data were used to construct a kinetic model
and formulate a mechanistic hypothesis explaining this behaviour.

From the integration of experimental evidence and precipitation-
kinetics modeling, the following key conclusions can be drawn:

1. APT and STEM/HRTEM analyses confirm that Cu-PPts in the ferrite
matrix follow the conventional martensitic transformation sequence
in which coherent B2 clusters and ~ 3 nm Cu-PPtgcc are detected
after 120 s of aging, evolving into ~ 5 nm Cu-PPtgg (ABCBCACAB)
structures after 2400 s, and finally transforming into equilibrium Cu-
PPtgcc.
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2. Ferrite-ferrite GBs contain IG Fe3C associated with carbon enrich-
ment, Ni and Mn segregation, and large disc-shaped Cu-PPtpcc.gp
(~50 x 15 nm) observed after both 120 s and 2400 s of aging. Carbon
segregation during the austenite-to-ferrite transformation promotes
the formation of IG Fe3C, which acts as a high-diffusivity path and
preferential nucleation site for Cu precipitation at GBs. Conse-
quently, GBs containing IG FesC exhibit nearly five times higher FCC
Cu-PPts density and larger precipitate dimensions compared with C-
enriched GBs without FesC.

3. Based on the experimental descriptors-size, morphology, lattice
structure, and orientation-and literature evidence, it is hypothesized
that Cu-PPtgcc.gp nucleate during austenite decomposition, facili-
tated by the C-enriched IG Fe3C. MatCalc simulations parameterized
with the experimental input reproduce the observed bimodal size
distribution and early Cu-PPtpcc.ga/cem formation, supporting the
plausibility of this mechanism.

4. IG FesC and Cu precipitation generate Cu- and C-depleted PFZ
(approximately 10 nm wide), resulting in estimated reductions of
108 MPa in solid-solution and 455 MPa in precipitation strength-
ening relative to the matrix. These locally softened regions, together
with IG FesC and disc-shaped Cu-PPtpcc.G/cem, Promote strain
localization and may facilitate crack initiation through boundary
delamination and/or micro-void coalescence.

Building on this mechanistic framework, future work will employ in-
situ synchrotron X-ray diffraction (Sy-XRD) to experimentally verify the
proposed hypothesis and to validate the precipitation-kinetics model
developed using MatCalc. Real-time observation of the evolution of IG
FesC and Cu-PPtpcc.gp will enable direct correlation between trans-
formation dynamics and predicted thermokinetic pathways. In parallel,
the influence of reduced carbon content on the kinetics of IG Fe3C for-
mation and its interaction with copper precipitation will be systemati-
cally investigated. These studies will provide a more quantitative basis
for understanding the interplay between GB chemistry, IG Fe3C, and Cu-
PPtpcc.gp precipitation kinetics, and GB strength, thereby advancing
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predictive alloy design for enhanced boundary stability and more
effective use of copper as an alloying element.
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