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Chapter 1 Introduction

Martensite, as one of the most well-known yet least understood type of microstructure occurring
in modern advanced steels, profoundly suffers from its inherent brittleness. Cracks in martensitic
steels, once initiated, can propagate easily along martensitic boundaries due to their small mutual
misorientation, leading to premature failure of the microstructure [1]. Different approaches have
been explored in past decades to improve the ductility and toughness of martensite, including
optimizing prior austenite state in terms of chemical composition [1]-[3] and grain size [4], [5],

tempering [6], [7], and applying multilayer approach [8]—[11], etc.

This thesis pursues the aim to enhance higher toughness and ductility of this type of martensitic
microstructure via introducing nanolaminate microstructures consisting of alternating layers of
martensite and austenite. To introduce retained or reverted austenite, two routes are plausible,
either starting from the austenite to produce a microstructure consisting of martensite (or
supersaturated ferrite) and retained austenite, or starting from the martensite state and partially

revert martensite to austenite during annealing.

Two examples following the former route are quenching and partitioning steels (QP steels) and
carbide-free bainite steels (CFB steels). QP steels are obtained by quenching from single
austenite region or two phase region (austenite and ferrite) to quenching temperature, and
subsequent partitioning of carbon at partitioning temperature [12], [13]. Quenching temperature
is between martensite start temperature Mg and martensite finish temperature My, and thus
determines the volume fraction of martensite and austenite. Partitioning temperature is usually
higher than quenching temperature. The partitioning process is described by Speer et al. [12] as

constraint paraequilibrium process, where only partitioning of carbon between martensite and



retained austenite occurs and the phase interface does not migrate during the partitioning process.
Thus, the final carbon content of retained austenite, e.g. the austenite stability, is determined by
the volume fraction of martensite and the partitioning process [13]. CFB steels, on the other hand,
are obtained by quenching from austenite state to bainitic holding temperature. During isothermal
holding process, partition of carbon from supersaturated ferrite to retained austenite takes place
and interface migrates simultaneously, as described by paraequilibrium process [14]. In both
cases, the partitioning of carbon into austenite can further stabilize austenite after quenching to

room temperature.

The latter route, as explained by Raabe et al. [15], involves elemental segregation to boundaries
and subsequential phase transformation of decorated boundaries to austenite, as described by
local equilibrium occurring at a temperature much lower than the bulk transformation
temperature. As a generic rule of alloy design, the selection of solutes should fulfill the following
criteria: (i) these solutes should have high tendency to segregate at grain boundaries in a given
matrix in order to form large concentration gradients; (i1) their segregation should lower the
phase transformation temperature from martensite to austenite (e.g. Mn, Ni, C, N, Co, etc.); and
(i11) these solutes should choose to segregate to interfaces rather than forming a third phase inside
the matrix [15]. In addition to the high equilibrium segregation of these solutes, two additional
components contribute to a low nucleation barrier along lath martensite boundaries or
dislocations: (i) the low interface energy due to the Kurdjumov-Sachs (K-S) orientation
relationship between martensite and reverted austenite; (ii) the high gain in elastic energy density
associated with martensite to austenite transformation therein [15]. Thus, with properly selected
alloy elements segregated to lath martensite boundaries, austenite can be formed along these
decorated lath martensite boundaries, promoting the formation of nanolaminate martensite-

reverted austenite microstructure.



In this work, this latter route, i.e. starting from martensite, is adopted to introduce reverted
austenite layers into martensite. During the reversion treatment, the matrix martensite itself is
inevitably tempered and loses its high strength due to the large extent of dislocation annihilation.
Thus, to partially compensate the strength loss, complementary hardening mechanism in
martensite is desired. With proper alloy design concept, one hardening mechanism that can
emerge simultaneously during tempering of martensite is precipitation hardening (maraging). In
case of coherent interface between martensite and particles, particles can homogeneously
nucleate within the martensite matrix, which in turn also restrict the extent of dislocation
annihilations in martensite [16]. Thus, matrix martensite can preserve its high dislocation density,
and benefits from precipitation hardening effects arising from (i) Kelly-Fine mechanism (for

small precipitates) [17]; or (i1)) Orowan mechanism (for large precipitates) [18].

In this work, the goal is to improve the toughness and ductility of martensitic steels with
preserved strength via introducing reverted austenite and particles. More specifically, this work
pursues the aim to trigger austenite reversion and maraging simultaneously via a single heat
treatment in martensitic steels, e.g. modifying martensitic steels to TRIP-maraging steels. With
proper alloy design concept and thermomechanical treatment, TRIP-maraging steels are expected
to benefit from three aspects simultaneously, i.e. the TRIP effect (from reverted austenite), the
maraging effect (from the precipitates in martensite) and the classical composite effect (from the
morphology of the microstructure). In majority of related works in medium-Mn steels with
reverted austenite, the enhanced mechanical properties are mainly attributed to austenite volume
fraction and its transformation kinetics, e.g. active TRIP effect throughout the entire deformation
process [19]—[21]. While TRIP effect does contribute to the enhancement of mechanical property,
the reasoning of ductilizing is not solely ascribed to it. As already underlined by some reports, the

collaborative deformation behaviors of microstructure constituents, including the deformation



within microstructure constituents, their interplay with each other and the damage resistance of
the microstructure, etc., are believed to also play important roles in controlling ductility [22]-[25].
Thus, the exact nature of the aging induced improvements is not fully understood, yet remains as
important for optimizing microstructure and mechanical properties. In this regard, improper
chemical composition or an unfavorable thermo-mechanical treatment may lead to introduction
of additional damage mechanisms (e.g. due to the strain incompatibility of hard (martensite) and
soft (austenite) phase introduced) or ineffective TRIP contribution (e.g. austenite already
transformed early in deformation and absent when needed for damage resistance at high-strain
levels). Thus, this work aims to provide generalized alloy design guidelines for martensitic-
matrix steels with a detailed understanding of the deformation and damage mechanisms. The
provided damage mechanism is also beneficial for resistance against hydrogen embrittlement
(HE), which is another problem encountering high strength martensitic steels [26], [27]. In
addition, reverted austenite and precipitates in martensite can also act as trapping sites for
diffusible hydrogen, e.g. responsible for causing HE [28], [29], hence promoting the TRIP-
maraging strategy as promising remedy for aiding martensitic steels from HE [30]-[32]. To
optimize microstructure for even enhanced mechanical properties, non-autonomic healing

concept and cold rolling approach are proposed and validated.

The framework of this thesis is described as follows.

Chapter 1: Introduction.

Chapter 2: Processing and methodologies. In this chapter, the alloy design concept, the
metallurgical and the thermo-mechanical processes to produce TRIP-maraging steels, the novel
multi-probe methodologies including microstructure characterization and mechanical testing are

described in detail.



Chapter 3: Microstructure design and experimental validation. In this chapter, following the
guidance of Thermo-Calc and Dictra calculations using thermodynamic database TCFE7 and
mobility database MOBFe2, the reversion treatment are carried out and the resultant

microstructures are experimentally validated.

Chapter 4: Mechanical properties, deformation and damage micro-mechanisms. In this chapter,
the mechanical properties of the designed TRIP-maraging steels are examined. Then the
deformation and damage micro-mechanisms are investigated and discussed with respect to the
mechanical properties. In the end, a generalized guideline for alloy design is proposed. The main
content of Chapter 4 is based on [33] M.-M. Wang, C. C. Tasan, D. Ponge, A.-C. Dippel, and
D. Raabe, “Nanolaminate transformation-induced plasticity—twinning-induced plasticity
steel with dynamic strain partitioning and enhanced damage resistance,” Acta Mater., vol.

85, pp. 216-228, Feb. 2015.

Chapter 5: Enhancing resistance of lath martensite to hydrogen embrittlement by introducing
nano-films of interlath austenite. In this chapter, the concept of using TRIP-maraging steel as a
remedy for aiding martensitic steels from HE is examined. The main content of Chapter 5 is
based on [34] M.-M. Wang, C. Tasan, M. Koyama, D. Ponge, and D. Raabe, “Enhancing
hydrogen embrittlement resistance of lath martensite by introducing nano-Films of

interlath austenite,” Metall. Mater. Trans. A, pp. 0-5, 2015.

Chapter 6: Restorations of microstructure and mechanical properties via cyclic austenite
reversion. In this chapter, the criteria for designing non-autonomic healable steels are proposed.

Then the criteria are validated in the current TRIP-maraging steels.



Chapter 7: Smaller is less stable: Size effects on twinning vs. transformation of reverted austenite
in TRIP-maraging steels. This chapter is a case study for studying size effect on austenite
stability. The underlying reasoning for the observed surprising ‘smaller is less stable’ effect is
systematically investigated and discussed. The main content of Chapter 7 is based on [35] M.-
M. Wang, C. C. Tasan, D. Ponge, A. Kostka, and D. Raabe, “Smaller is less stable: Size
effects on twinning vs. transformation of reverted austenite in TRIP-maraging steels,” Acta

Mater., vol. 79, pp. 268-281, Oct. 2014.

Chapter 8: Further microstructure and mechanical property optimizations via cold rolling of as-
quenched martensite. In this chapter, the microstructure is further optimized for enhanced

mechanical properties by modifying the starting martensitic microstructure by cold rolling.

Chapter 9: Conclusions and outlook.



Chapter 2 Processing and Methodologies

In order to stimulate austenite reversion and precipitation in martensite upon modest annealing, a
medium-Mn steel with a nominal chemical composition of Fe-9Mn-3Ni-1.4A1-0.01C (mass %) is
designed for this work. Mn is chosen over C to thermodynamically stabilize reverted austenite in
order to design an initially ductile martensite, e.g. with low C content, and avoid welding
problem initiated from C [36], [37]. Based on this effect, it is possible to fine-tune the TRIP
effect during the following deformation [23], [38]-[44]. Ni is added to form nano-precipitates
together with Al and Mn inside the martensite matrix phase, creating the maraging effect [45]—

[48].

The steel ingot was cast in a vacuum induction furnace, solution treated and hot rolled at 1100 °C
to thickness of ~5 mm. The real chemical composition of the medium-Mn steel is Fe-8.96Mn-
3.03Ni-1.40A1-0.01C (mass %). Due to the negligible difference between nominal and real
chemical composition, all compositions in the following will be referred to as nominal chemical
composition, unless specially pointed out. Afterwards, the steel plate was homogenized at
1100 °C for 1 h and water quenched to ambient temperature. Then steel plate with microstructure
of as-quenched martensite was obtained. To induce partial reversion of as-quenched martensite to
austenite, steel plates were further annealed at 600 °C for different periods (1 h, 4 h or 8 h) and
subsequently quenched in water [47], [49], [50]. For the purpose of microstructure optimization,
the structure of martensite was modified by cold rolling the as-quenched martensite plate to ~1.5
mm (~70% thickness reduction). Partial reversion of cold-rolled martensite was also carried out
at 600 °C, but only for shorter time (10 min, 30 min or 1 h). The selection of reversion conditions
is based on Thermo-Calc and Dictra calculations using thermodynamic database TCFE7 and
mobility database MOBFe2 [51]. Combined with the thermodynamic database package, Thermo-

Calc software can formulate the Gibbs energy and second derivative of Gibbs energy of a



multicomponent system based on equations of state, and thermodynamic functions of both pure
substances and solution phases [52]. Then Thermo-Calc software can perform equilibrium
calculations based on Gibbs energy minimization methods. Thermo-Calc software is capable of
all kinds of thermodynamic calculations, e.g. phase equilibrium, phase transformation
temperature, driving force, etc., for varied advanced materials in multi-component system over a
temperature-pressure-composition ranges [52], [53]. Dictra software uses Thermo-Calc for
thermodynamic calculations but further extends to the engaged kinetic problems by solving
diffusion equations, using a complete concentration-temperature diffusivity matrix. The
diffusivity matrix is calculated from parameters stored in the mobility database. Dictra software
is able to simulate kinetics of diffusion-controlled phase transformations in multi-component
metallic systems [52], [53]. Therefore, the equilibrium and kinetics of austenite reversion
processes during annealing of as-quenched martensite were first calculated by Thermo-Calc and

Dictra software.

To examine the influences of reverted austenite on the mechanical properties of martensite under
both quasi-static and dynamic loading conditions, two kinds of mechanical tests were carried out,
namely uniaxial tensile tests and impact tests. Uniaxial tensile tests were conducted at ambient
temperature with an initial strain rate of 10757, Impact tests covered over a temperature range of
-150 °C to 100 °C were also carried out. For the tensile tests, a Kammrath & Weiss stage was
used, and the strain was measured by digital image correlation (DIC) using Aramis software
(GOM GmbH) [54]. DIC is a full-field image analysis method based on grey value digital images,
e.g. digital images of the surface pattern on a tensile specimen captured during tensile test, and
can determine the displacement of an object, e.g. particles on the pattern, under load in three
dimensions. Then, by applying a correlation algorithm, the local strain distributions along gauge

length of the tensile specimens can be obtained [55]. Afterwards, it is possible to investigate the



microstructure evolutions at different local strain values and gain a better understanding of its
correlation with the overall mechanical properties. The impact tests were performed on subsize
Charpy V-notched samples with dimensions of 3*4*27 mm’ and with a 60° V-notch in the
sample center according to the standard DIN 50 115. The samples were machined with the
longitudinal direction along the rolling direction and the 60° V-notch perpendicular to the rolling

plane. In addition, in-situ SEM tensile and 3-point bending tests were performed.

Due to the complexity and the small length scales of the related microstructures, a further
improvement in the understanding also requires application of multiple experimental
methodologies. The two most commonly employed techniques, namely X-ray diffraction (XRD)
and transmission electron microscopy (TEM), even when used in-situ during deformation,
provide either good statistics, but no direct microstructural observation capacity (former), or
direct microstructural observation capacity, but with limited statistics (latter). High resolution
electron backscatter diffraction (HR-EBSD) is a scanning electron microscopy (SEM) based
microstructural-crystallographic technique to measure the crystallographic orientation. Due to the
small electron beam diameter achieved from a field emission gun (FEG), the spatial resolution
can be brought down to as small as 10nm, depending on operation conditions and sample, etc.
Thus, when combined with in-situ tensile testing, the recently emerging HR-EBSD mapping
technique provides an excellent combination of direct and statistical observation of
transformation mechanisms with satisfactory spatial resolution [56]. The in-situ data are
accompanied by corresponding post-mortem analysis conducted with SEM based EBSD, electron
channeling contrast imaging (ECCI), and secondary electron (SE) imaging methods, as well as
transmission electron microscopy (TEM) and synchrotron X-ray diffraction (SXRD) analysis.
ECCI is a powerful technique in SEM for observing crystal defects, e.g. dislocations, stacking

faults (SFs), etc. [57]. Based on the crystallographic orientations obtained in EBSD and the
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simulated channelling patterns, the crystals can be adjusted such that two-beam diffraction
conditions are achieved and strong electron channelling contrast can be obtained to image crystal
defects [57]. Under the current operation conditions in Zeiss-Crossbeam XB 1540 FIB-SEM and
Zeiss-Merlin SEM, e.g. acceleration voltage of 30 KV, working distance of 7 mm and with a 120
pum aperture in high beam current mode, a resolution of 2.9 nm is achieved. Since it is operated
within SEM, ECCI is capable of providing fast and large-field-of-view observations of defect
structures within microstructure constituents, and hence, is employed in this work. For the SEM
analysis JEOL JSM-6500F (for in-situ and post-mortem EBSD), Zeiss-Crossbeam XB 1540 FIB-
SEM (for in-situ ECCI and SE) and Zeiss-Merlin (for post-mortem ECCI) were employed. In
order to simultaneously resolve crystal defects with higher resolution, analyze crystal structures
with electron diffraction patterns and measure elemental distribution by energy dispersive X-ray
spectroscopy (EDX), TEM analysis were also carried out. TEM observations were performed in a

JEOL JEM-2200FS operated at 200kV.

For SEM investigations, samples were prepared by grinding, polishing in diamond suspension
and final polishing in colloidal silica suspension. The last preparation step ensures a deformation-
free surface. HR-EBSD measurements were carried out using a JEOL JSM-6500F microscope.
The patterns were recorded with a high-speed CCD camera and the results were analyzed by the
TSL-OIM software. The samples were 70° tilted with respect to the incident electron beam.
Measurements were carried out at 15 kV with a step size of 80 nm. In relevant regions, EDX
measurements were also carried out to investigate the elemental distributions of the
microstructure. For in-situ EBSD measurements, the same area on tensile sample surface was
measured after each deformation step. In the case of post-mortem EBSD measurements, samples
deformed to different strain levels were re-prepared following conventional sample preparation

procedures and then probed by EBSD, i.e. probed from bulk. Specimens for TEM analysis were
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prepared from tensile samples deformed to different strain values. The discs with diameter of 3
mm were mechanically ground to ~100 um thickness and then thinned using double-jet electro
polishing system Tenupol 5 (electrolyte: 10% perchloric acid and 90% methanol; temperature -

32 °C and a voltage of 16 V).

Synchrotron X-ray diffraction (SXRD) was also applied in this work. The SXRD measurements
were carried out at the high resolution powder diffraction beamline P02.1 at PETRA III (DESY
Hamburg, Germany) using a wavelength of A=0.20727 A. The dimension of the incident beam
was 200x200 pm®”. After penetrating through a ~1 mm thick tensile sample, the generated two-
dimensional XRD patterns were collected using a fast image plate detector Perkin Elmer 1621
(2048x2048 pixels, 200x200 pm” pixel size, intensity resolution of 16 bit), which was placed at a
distance of 800 mm away from the sample. XRD patterns were integrated into the 20-space using

the software FIT2D [58], and then analyzed by the Rietveld method in MAUD [59].
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Chapter 3 Microstructure design and experimental validation

To select the proper reversion treatment conditions, the thermodynamics and kinetics of austenite
reversion processes in Fe-9Mn-3Ni-1.4A1-0.01C (mass %) were calculated by Thermo-Calc and
Dictra software using thermodynamic database TCFE7 and mobility database MOBFE2. Since
martensite is not equilibrium phase but possess similar thermodynamic parameters as ferrite,
martensite is thermodynamically treated as ferrite. The kinetic parameters of martensite, however,
are expected to deviate from ferrite, due to its higher content of dislocations and other crystal
defects. Thus, martensite is thermodynamically treated as ferrite but with modified diffusivity
here [47]. Nano-precipitates were not included in the calculation due to lack of thermodynamic
data in the database. Since the aim of Thermo-Calc and Dictra calculations lies in providing a
guide for the reversion treatment, these influences are expected to be trivial. Based on Thermo-
Calc and Dictra calculations, two criteria were used as guidelines: (i) to maintain high strength,
martensite should be kept as major phase, i.e. with volume fraction higher than 50%; (ii)
austenite should possess a high volume fraction and considerable stability to assure significant

benefits from the TRIP effect.

The equilibrium phase fraction and chemical composition of austenite as a function of annealing
temperature are calculated by Thermo-Calc software using TCFE7 database, as shown in Figure
3.1 and Figure 3.2, respectively. With increasing annealing temperature, the equilibrium fraction
of austenite continues to increase (Figure 3.1), but the concentrations of austenite stabilizing
elements, e.g. Mn and Ni, simultaneously decrease in austenite (Figure 3.2). When the thermal
stability decreases to a certain level, unstable reverted austenite is expected to transform to

martensite during quenching, i.e. athermal martensite will be developed during quenching.
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Figure 3.1: Predicted equilibrium austenite fraction as a function of annealing temperature. Calculation
performed using Thermo-Calc with thermodynamic database TCFE7.
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Figure 3.2: Predicted chemical composition of reverted austenite as a function of temperature. Calculation

performed using Thermo-Calc with thermodynamic database TCFE7.

The fraction of athermal martensite formed during quenching is predicted by the model proposed

by De Moor et al. [44], which is based on the Koistinen and Marburger equation [60]:
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f, =1-exp[-0.011x(M, -T)] (1)

Where, f is the fraction of athermal martensite formed upon quenching; M is martensite start

temperature and T is the lowest temperature reached upon quenching.

The M is estimated by the empirical equation proposed by Andrews [61]:
M, =539-432x.-304x,,, —17.7x,, —=12.1x., +30x,, (2)

Where, x,(i = C,Mn, Ni,Cr, Al) is content of each alloy element is in mass percent.

Based on the equilibrium chemical composition of reverted austenite calculated by Thermo-Calc,

the corresponding M | (in equation (2)) of austenite formed at each annealing temperature was
obtained. Then by substituting M ;| in equation (1), the fraction of reverted austenite at ambient

temperature can be predicted (Figure 3.3).
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Figure 3.3: Reverted austenite fraction as a function of temperature, as predicted by the model developed by
De Moor [44].
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The predicted fraction of reverted austenite as a function of temperature exhibits a maximum at
610 °C (~49% phase fraction). As suggested by Lee et al. [19] in medium-Mn steels, the optimal
annealing temperature should be slightly lower than the temperature with maximum austenite
content (Ty,), to avoid the formation of athermal martensite in the microstructure. Thus, to satisfy
the two criteria proposed at the beginning of Chapter 3, i.e. keep the martensite fraction higher
than 50% and guarantee sufficient thermal stability for reverted austenite during quenching, the

annealing temperature to introduce reverted austenite should be lower than 610 °C.

Then the growth kinetics of reverted austenite from as-quenched martensite is calculated by
Dictra software with thermodynamic database TCFE7 and mobility database MOBFE?2 for three
selected annealing temperature below Ty, (610 °C), e.g. 550 °C, 575 °C and 600 °C. A 2 um cell
size martensite phase (o’ martensite) is used as the starting microstructure. As boundary
condition an initially inactive austenite layer (y) with a planar interface was attached to the left
side of martensite. An “inactive phase” does not participate in the simulation until it becomes
stable. As the starting microstructure is single martensite phase and austenite will be formed as a
new phase during reversion, it is treated here initially as inactive phase. For each temperature, the
reversion was calculated up to 100000s. The positions of y/a’ martensite interface for these three
annealing temperature as a function of time are exhibited in Figure 3.4. Comparing with 550 °C
and 575 °C, reverted austenite grows considerably faster at 600 °C, e.g. by comparing the

position of phase interface after the same annealing time (Figure 3.4).
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Figure 3.4: Evolution of position of y/a’ martensite interface with time during annealing at 550 °C, 575 °C and
600 °C, as calculated by Dictra software with thermodynamic database TCFE7 and mobility database
MOBFE2.

Base on the overall considerations of phase fraction requirement, thermal stability and growth
kinetics of y, 600 °C is selected as the annealing temperature in this work to introduce y to o’
martensite. Eventually, two annealing time, i.e. 1 h and 8 h at 600 °C, are chosen to partially
revert as-quenched o’ martensite to y. As-quenched o’ martensite and after annealing at 600 °C

for 1 h or 8 h, are referred to as Saq, Sin and Sgp, respectively.

Then the predicted microstructures are experimentally validated. The microstructures are
revealed by SE imaging, EBSD phase map and inverse pole figure (IPF) map (Figure 3.5). Prior
to reversion treatment, the microstructure consists of single o' martensite phase, as shown by the
SE imaging of the etched sample surface (Figure 3.5a;) and confirmed by the EBSD phase map
(Figure 3.5a;). No retained vy is detected within the resolution limit of the high resolution EBSD
measurements carried out here, i.e. with a step size of 80 nm (Figure 3.5a;). The EBSD IPF map
demonstrates that the o' martensite laths within one martensite block exhibit nearly the same

crystallographic orientation (within 1°) (Figure 3.5a3).
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After 1 h annealing at 600 °C, a new phase with thin film morphology is formed inside the o'
martensite matrix (Figure 3.5b;) and it is indexed as austenite phase (y) by EBSD (Figure 3.5b,).
All the nano-films of reverted y grains (ygy) inside one o' martensite block again have similar

crystallographic orientations (within 1°) (Figure 3.5bs).

With further annealing to 8 h at 600 °C, ygy grains grow further into the o' martensite matrix
(Figure 3.5ci-c3), causing the formation of a duplex phase nano-laminate morphology o

martensite-yyy microstructure. In addition, a small amount of ¢ martensite phase (less than 4

vol. %) is also observed in the microstructure after the reversion treatment.

Phase map

Figure 3.5: Aging induced microstructure evolution from (a) S,q to (b) Sy to (¢) Sg, shown by SE imaging (1),
EBSD phase map (2) and inverse pole figure (IPF) map (3). S,q: as-quenched sample; S;,: 1-hour heat treated
sample; Sg,: the 8-hour heat treated sample. Source: Image from [33], Courtesy of Elsevier.
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The microstructure of the 8 h heat treated sample Sgj, are characterized by a low magnification
EBSD phase map in Figure 3.6a. The detailed structures of each phase are further analyzed by
TEM in Figure 3.6b-d. The STEM image (Figure 3.6b) provides a higher resolution image of the
duplex phase nano-laminate morphology microstructure, where ygy grains are finely distributed in
the o’ martensite matrix. Details of the o’ martensite and ygy phases are further revealed by high
magnification STEM images in Figure 3.6¢c and Figure 3.6d, as highlighted by the red and green
rectangles, respectively. The o’ martensite matrix is characterized by finely dispersed nano-
precipitates and a high density of dislocations (Figure 3.6c). The yxy grains, in contrast, do not
contain particles and dislocations. The chemical compositions of o’ martensite matrix and ygy
grain are measured by EDX in TEM, as shown by inset in Figure 3.6d. Compared to the initially
uniform elemental distributions in the as-quenched martensite (sample S,,), the reversion process
at 600 °C leads to partitioning of Mn and Ni into the yey grains, and simultaneous partitioning of

Al and Fe into the o’ martensite matrix in the 8 h annealed sample Sgy,.
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Figure 3.6: Microstructure characterization of Sg,: (a) EBSD phase map; (b) STEM bright field image; (c)
high magnification micrograph showing nano-precipitates and high density dislocations in &’ martensite; and
(d) high magnification micrograph of the yx. The three rectangles only serve to indicate the scale transition,
and do not represent the exact area from which the higher magnification image has been obtained. Prior
austenite grain boundaries are indicated by black dashed line in Figure 3.6a. Chemical composition of o’
martensite matrix and ygy grain along the blue line A-B are shown as inset in Figure 3.6d. Sg;: the 8-hour heat
treated sample. Source: Image from [33], Courtesy of Elsevier.
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Chapter 4 Mechanical properties, deformation and damage micro-mechanisms of the nano-

laminate microstructure !

4.1 Influence of aging on the mechanical properties

The influence of yxy on the mechanical properties of martensitic steels is examined by uniaxial
tensile tests at ambient temperature and Charpy impact tests over a temperature range from -
150 °C to 100 °C for martensite samples S,q, and martensite-reverted austenite samplesS;, and
Ssn (Figure 4.1). The engineering stress strain curves are presented in Figure 4.1a. It is clear that
after 600 °C reversion treatment, the formation of yyy phase in o’ martensite leads to a
pronounced improvement in uniform elongation, namely, from 2.4% for sample S,q to 9.9% for
sample Sy, and further to 17.1% for sample Sg,. The improvement in ductility is not achieved at
the expense of losing strength, e.g., the ultimate tensile strength (UTS) decreases from 925 MPa
only to 920 MPa and then to 900 MPa. The decrease in UTS only corresponds to less than 0.6%
decrease from sample S,q to sample Sip, and less than 2.8% decrease from sample S, to sample

Sgh.

The local strain distributions along gauge section of tensile sample S,q, S1n and Sgp, based on DIC
measurements, are plotted in Figure 4.1b. In these plots, the corresponding strain distributions of
two stages, namely the stage when strain localization occurs and the final stage before fracture
takes place, as shown by dashed lines and solid lines, respectively. Comparing the strain profiles
of the three samples at the stage of strain localization, it is clear that the introduction of Yy into o'

martensite matrix leads to a delay of onset of strain localization. The comparison of the strain

' The main content of Chapter 4 is based on [33] M.-M. Wang, C. C. Tasan, D. Ponge, A.-C. Dippel, and D. Raabe,
“Nanolaminate transformation-induced plasticity—twinning-induced plasticity steel with dynamic strain partitioning

and enhanced damage resistance,” Acta Mater., vol. 85, pp. 216-228, Feb. 2015.
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profiles between the stage of strain localization and the stage prior to fracture reveals the local
strain accumulation during the post-necking deformation process. Apparently, in addition to the
increase in uniform elongation, the presence of ygy also causes an increase in post-necking
elongation, corresponding to ~30% increase from sample S,q to sample Sy;, and 41% from

sample S,q to sample Sg,.

Besides uniaxial tensile tests, the toughness of the three materials was also assessed by impact
tests (Figure 4.1c). Compared to martensite sample S,q, both reversion-treated samples S, and
Ssn exhibit enhanced toughness properties, e.g. the upper shelf energy value is increased and the
ductile-to-brittle transition temperature (DBTT) is decreased (i.e. from 9 °C in S, to -49 °C in
Sin to -76 °C in Sgp, respectively). Here DBTT is defined as the temperature corresponding to half

of the upper shelf energy in the impact test.

The overall mechanical properties are summarized in Figure 4.1d. It can be concluded that the
introduction of the ygy grains into the o’ martensite successfully leads to a consistent

improvement in both ductility and toughness, with only trivial decrease in yield stress or UTS.
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Figure 4.1: For S;,, S1; and Sg;,: (a) the mechanical behavior under uniaxial tensile loading; (b) the DIC strain
profiles along the gauge lengths of tensile samples at onset of necking (dashed line) and the last stage prior to
failure (solid line); (c) the toughness properties obtained by impact tests carried out between -150 °C to 100 °C.
Yield stress is defined as 6y,. DBTT is ductile-to-brittle transition temperature. The trends in the mechanical
properties obtained from these experiments are summarized in (d). S,4: as-quenched sample; Sq,: 1-hour heat
treated sample; Sg,: the 8-hour heat treated sample. Source: Image from [33], Courtesy of Elsevier.

The strain hardening behaviors, the true stress strain curves and the ygy phase fraction evolution
as a function of deformation are exhibited in Figure 4.2. The yxy fraction is obtained by HR-
EBSD measurements on representatively large area. When comparing martensite sample S,q with
the 600 °C heat treated samples S;, and Sgp, the sample with the highest initial vy fraction, i.e.
Ssn, exhibits the highest strain hardening rate. For the two 600 °C heat treated samples S, and Sgp,

the ygy fraction decreases continuously during uniform deformation process (Figure 4.2).

To unravel the underlying micro-mechanisms associated with these improvements in mechanical
properties, a detailed analysis of deformation and damage mechanisms are provided in the

following parts of this chapter. Since the improvements in mechanical properties are most clearly
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observed for sample Sgp, the analysis of micro-mechanisms are mainly focused on the 8-hour heat
treated sample Sg,. Based on the strain hardening curve, the deformation process of Sgp is
classified into three regimes: (i) early uniform deformation regime (€<0.05); (ii) late uniform

deformation regime (0.05<€<0.15); (iii) strain localization and failure (0.15<¢<0.20) (Figure 4.2).

Given the differences in the microstructure constitutes, a variety of deformation mechanisms are
expected to be active individually. On one hand, ygy grains are expected to accommodate strain
by motion of partial dislocations, mechanical twinning and phase transformation into martensite.
On the other hand, o’ martensite matrix can only be deformed by dislocation slip. These
differences can lead to strong strain and stress partitioning between o’ martensite and Yy grains.
Thus, the following analysis will focus on the strain partitioning process between the vy and the
o’ martensite phases during the first two uniform deformation regimes (i-ii); and on the damage

and failure mechanisms, which occur predominantly during stage (ii1).
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Figure 4.2: The true stress strain curve, the strain hardening (do/d¢) curve and the evolution of gy fraction
during uniaxial tensile tests for S,,, S;y, and Sg;,. Three different deformation regimes are highlighted for Sg;.
Saq: as-quenched sample; S,: 1-hour heat treated sample; Sg,: the 8-hour heat treated sample. Source: Image
from [33], Courtesy of Elsevier.

4.2 Deformation micro-mechanisms

The strain partitioning process between o’ martensite and ygy during uniform deformation
regimes (1) and (i1) is investigated by employing a multi-probe mechanical testing and
microstructure characterizing approach combining in-situ 3-point bending tests in SEM (Figure
4.3a-c), in-situ tensile tests with EBSD (Figure 4.3d-e, Figure 4.7), post-mortem TEM (Figure

4.4b;-by), SXRD (Figure 4.4c) and SEM (Figure 4.4a;-a,, Figure 4.5, Figure 4.6) based

observations.
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The analysis starts with in-situ 3-point bending tests, which reveal heterogeneous deformation
behavior within the microstructure (Figure 4.3a-c). In order to correlate the results to the strain
partitioning process under uniaxial tensile testing, the tensile side of the 3-point bending sample
was investigated by SE and BSE imaging. At undeformed state, the polished sample surface is
flat (Figure 4.3a). After the 1% step of bending, e.g. with local strain of ~4.5%, the sample surface
roughens to different levels in different areas (Figure 4.3b). The level of roughness in a specific
area depends on its crystallographic orientation, e.g. by comparing different prior y grains
highlighted by white dashed outlines in Figure 4.3a. At this deformation stage, slip steps are only
observed in few regions, e.g. as indicated by yellow arrows in Figure 4.3b. Since the o’
martensite can only be deformed via slip of dislocation, which will lead to formation of slip steps
on surface, the fact that surface steps are absent in most regions imply that the o’ martensite
accommodates plasticity only in these few regions. Mine et al. [62] also reported that plastic
deformation in martensite is influenced by crystallographic orientation, e.g. plasticity of grains
with highest Schmid factors are preferentially activated under external loading. Apparently, only
a limited fraction of the deformation is accommodated by the o’ martensite matrix at the early
uniform deformation regime. However, an overall strain level of ~4.5% clearly indicates that the
microstructure is plastically deformed (Figure 4.3b). To unravel the plastic deformation process
within those regions where pronounced slip steps are absent, high magnification BSE images
prior to and after 1% step of bending are shown in Figure 4.3b;-b,. Comparing these images, two
distinct processes are observed in Yy grains. On the one hand, some smaller ygy grains exhibit
contrast changes in BSE images, e.g. a fraction of the vy grains lose contrast with the
surrounding martensite after 1* step of bending, as highlighted by yellow arrows in Figure 4.3b;.
These changes in contrast, as will be shown later by the HR-EBSD phase map in Figure 4.3e, are

due to occurrence of phase transformation. On the other hand, straight boundaries with dark
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contrast corresponding to mechanical nano-twins are developed within some ygy grains with
relatively larger size, as indicated by red arrows in Figure 4.3b,. TEM based observation and
confirmation of the occurrence of mechanical nano-twinning, and the size-dependent competition
between phase transformation and mechanical twinning processes are described in details in
Chapter 7. Both of these mechanisms are observed to be initiated already from the early uniform
deformation regime (i) and are capable of maintaining their activity until the end of the late
uniform deformation regime (ii), as was already shown for TRIP effect in Figure 4.3b. The
transformation behavior of ygy grains is also crystallographic orientation dependent, where more
details are described in Chapter 7. At the later steps of bending, e.g. with tensile strain of ~17.3%,
slip steps are observed to be present in more regions across the sample surface (as indicated by
additional yellow arrows in Figure 4.3c). As presented in the high magnification BSE image in
Figure 4.3c, these slip traces, as highlighted by the red dashed lines, now also pass through the
(transformed) ygy regions. This indicates that during this later stage of deformation a larger
portion of martensite is rendered as plastic. Additional in-depth understanding of the evolution of
the strain partitioning process between ygy phase and o’ martensite is obtained by in-situ HR-

EBSD measurements conducted during tensile tests (Figure 4.3d-e).
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Figure 4.3: Evolution of surface topography of Sg, on the tension side during in-situ 3-point bending test in
high resolution SEM: (a) undeformed state; (b) after 4.5% local deformation; (c) after 17.2% local
deformation. The white dashed lines in (a) illustrate the prior y grain boundaries. Three zoom-in BSE images
show local microstructure at different levels of local strain. EBSD maps obtained during in-situ SEM tensile
test of Sgy, revealing (d) IPF map of @’ martensite prior to deformation, and the evolution of crystallographic
orientation during deformation; (e) IPF map of yxy prior to deformation, and evolution of phase maps with
straining. Sg,: the 8-hour heat treated sample. Source: Image from [33], Courtesy of Elsevier.

Here, the evolutions of texture in o’ martensite (with respect to tensile axis) and Yy phase during
in-situ tensile test are demonstrated for sample Sgy. To exhibit the initial crystallographic

orientations of the o’ martensite matrix and the yzy phase at undeformed state, IPF maps with

respect to the tensile axis (TA) are shown on the left side of Figure 4.3d and Figure 4.3e,
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respectively®. As shown in Figure 4.3d, up to 3.7% strain, no significant evolution of the texture
component in o’ martensite is present. With increasing deformation to 5.0% strain and further to
16.0% strain, a clear evolution of o’ martensite texture takes place. Two plausible factors can
contribute to the texture changes in the o’ martensite matrix: (i) crystal rotation due to dislocation
slip-mediated plasticity; (i1) formation of deformation-induced martensite. In the current 8 h
treated sample Sgp, the ygy phase and o’ martensite phase exhibit a K-S orientation relationship at
undeformed state (not shown here). Thus, after phase transformation takes place under
mechanical loading, the deformation-induced martensite exhibits similar orientation as the
neighboring tempered o’ martensite (within ~1° misorientation). Therefore, the observed texture
change is ascribed to dislocation slip resulted crystal rotation in the o’ martensite matrix. The fact
that obvious evolution of texture takes place mainly above 3.7% global strain reveals that o’

martensite mainly enters plasticity regime during the later uniform deformation regime (ii).

From the in-situ HR-EBSD phase maps it is observed that the yxy phase transformation rate is
faster at the small strain levels, e.g. between 0% and 2.3% strain, and then it slows down during
the late uniform deformation regime, e.g. from 2.3% to 5.0% strain and further to 16% strain. The
trend of the ygy transformation rate is also validated by the post-mortem HR-EBSD measurements,
where the bulk of deformed samples are measured (ruling out surface effects) (Chapter 7). Thus,
it can be concluded that besides mechanical twinning, yzx phase also accommodates strain via
deformation induced phase transformation. The activation of both mechanisms, i.e. TWIP and
TRIP, at low strain levels indicates the stronger role of the yzy phase in the overall strain

accommodation process, especially at low strain levels.

* Due to the difficulty of distinguishing between tempered o’ martensite and deformation-induced martensite by

EBSD measurements, all 0" martensite in the microstructure is treated as o’ martensite matrix.
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The details of plastic deformation and phase transformation processes in the o’ martensite and gy
grains are investigated by post-mortem ECCI (Figure 4.4a;-a4) and TEM observations (Figure
4.4b;-by). At undeformed state, the microstructure of sample Sg, consists of o’ martensite and
dispersed ygy grains (Figure 4.4a;). As shown by the high magnification ECCI image as inset in
Figure 4.4a;, o’ martensite contains nano-precipitates and dislocations. After deforming to 3%
strain, no significant increase in dislocation density is observed in o’ martensite (Figure 4.4a,),
confirming that o’ martensite is not rendered as plastic yet. However, pronounced multiplications
of dislocations and interactions between dislocations and nano-precipitates in o’ martensite are
observed after 8% strain (Figure 4.4a3), indicating o’ martensite enters plasticity regime at this
stage of deformation. With further straining to 33% strain, massive multiplication of dislocations
in o’ martensite occurs (Figure 4.4a,). yxy grains, in contrast, are observed to exhibit continuous
increase of stacking faults (SFs) and build-up of twin boundaries (see red arrows in Figure 4.4)
from the beginning of deformation, indicating that they accommodate strain from the beginning
of deformation (Figure 4.4a; to Figure 4.4a3). The ECCI observations of internal structure of

microstructural constitute are also validated by detailed TEM analysis (Figure 4.4b;-b,).
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Figure 4.4: Microstructure overview for Sg, by post-mortem ECCI analysis at different strain levels: (a,)
undeformed; (a,) 3%; (a3) 8%; (a;) 33%; and STEM analysis at strain of (b;) 2% (b,) 7%. (c) Synchrotron X-
ray diffraction profiles for (111) yrxv and (110) o' martensite peaks. Sg,: the 8-hour heat treated sample. Source:
Image from [33], Courtesy of Elsevier.

The strain partitioning process between yyy and o’ martensite is further confirmed by the post-
mortem SXRD measurements. SXRD measurements were carried out at locations of fractured

tensile samples with known local strain values from DIC measurements, as shown in Figure 4.4c.

Here, diffraction profiles including (111) ygy and (110) o' martensite peaks for sample Sgp
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deformed to different strain values are shown. Since diffraction peaks of deformation-induced
martensite coincide with those of tempered o' martensite, all o' martensite phase present in the
microstructure is treated as o' martensite matrix. As shown in Figure 4.4c, the peak intensity of
(111) yen gradually decreases with deformation while that of the (110) o' martensite
simultaneously increases (from black, to red, to green and to blue curves), indicating occurrence
of phase transformation. This transformation behavior observed by SXRD is consistent with the
observation from previous HR-EBSD measurements (Figure 4.2, Figure 4.3e). Meanwhile, it is
observed that the profile of (111) ygy peak exhibits an asymmetric peak broadening and overall
shifting to higher 20 values with increasing strain. However, the (110) peak of o' martensite
broadens symmetrically, especially after 7% macroscopic strain, and is moved to lower 26 values
with deformation. An asymmetric peak broadening and shifting to higher 26 values of the Yy
peaks indicate formation of SFs and twins [63]. Symmetric broadening and moving to lower 20

values in martensite imply increased dislocation density with increasing deformation [64].

Based on the overall analysis conducted by in-sifu 3-point bending measurements (Figure 4.3a-c),
ECCI (Figure 4.4a;-a4) and TEM analysis (Figure 4.4b;-b,), SXRD measurements (Figure 4.4c¢),
in-situ EBSD (Figure 4.3d-e) and post-mortem EBSD measurements (Figure 4.2), it is able to
hypothesize the following structure evolution sequence. At the early uniform deformation regime,
the plastic strain is preferentially partitioned into ygy phase by motion of partial dislocations,
formation of SFs, mechanical twinning, and then phase transformation into martensite. Apart
from few martensite regions with favored orientation, the majority of the o' martensitic matrix is
rendered as plastic during the late uniform deformation stage. Thus, in this second deformation
regime, plasticity is accommodated both by the o' martensite and remaining yxy phase, while the

(high defect density) deformation-induced o' martensite regions (previous Ygy grains) do not
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exhibit indications of plasticity. Only at very high deformation levels, e.g. within the localized

neck, plastic deformation of the deformation-induced o' martensite is observed.

4.3 Damage and failure micro-mechanisms

The third regime defined in the hardening curve (Figure 4.2) is analyzed next by characterizing
the damage evolution process, i.e. nucleation, growth and coalescence of micro-cracks. The
damage micro-mechanisms are unraveled by post-mortem SEM analysis on locations of tensile
fractured samples with well-defined local strain values from DIC measurements (Figure 4.5,

Figure 4.6) and in-situ SEM analysis (Figure 4.7).

The damage evolution process along cross section of fractured tensile sample (Figure 4.5a;-a4)
and the fracture surface topography (Figure 4.5bi-bs) of the martensite sample S,q and the
martensite-reverted austenite sample Sg, are compared first. For both samples, only a limited
number of damage incidents are observed before necking takes place. In sample S,q, after necking
takes place, damage process occurs via nucleation of micro-cracks of several micrometers size, as
shown by the high magnification inset in Figure 4.5a;. These cracks are heterogeneously
distributed in the martensite microstructure. With further straining, e.g. 100% strain towards
fracture, higher density of damage incidents can be observed. At the same time, the size of the
cracks also increases (see inset in Figure 4.5a,). Tensile test sample S,q exhibits a ductile fracture
surface with dimples at ambient temperature (Figure 4.5a3). The impact test sample fractured at -
196 °C, however, exhibits a cleavage fracture surface (Figure 4.5a4). The cleavage fracture

surface is in accordance with the low impact energy of S,q at -196 °C (Figure 4.1).
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Figure 4.5: Damage evolution process for S,,: (a;) BSE image of necking area; (a;) BSE image of area close to
fracture surface; (a;) fracture surface of sample tensile tested at room temperature; (a4) fracture surface of
sample impact tested at -196 °C. For Sg,: (b;) BSE image of necking area; (b,) BSE image of area close to
fracture surface; (b;) fracture surface of sample tensile tested at room temperature; (b,) fracture surface of
sample impact tested at impact test at -196 °C and (bs) high magnification image of the fracture surface in by.
High magnification BSE images are shown as inset for corresponding images. (c;, ¢;) High resolution SE and
BSE images of micro-cracks in Sg,. S,q: as-quenched sample; Sg,: the 8-hour heat treated sample. Source:
Image from [33], Courtesy of Elsevier.

A surprisingly different damage evolution process is observed in the martensite-reverted austenite
sample Sgp. After necking, damage takes place by nucleation of numerous nano-voids in the
microstructure, as demonstrated by the high magnification inset in Figure 4.5b;. In contrast to the
formation of micro-cracks as in the martensite sample S,q, these nano-voids are well confined by
the nano-laminated morphology of the microstructure in sample Sgp. The tips of the majority of
these nano-voids are round, implying pronounced plastic deformation process at these crack tips.
Further deformation to fracture is accommodated by massive nucleation of such nano-voids.
Interestingly, in many cases growth into larger cracks via nano-voids coalescence is delayed,
even when the spacing between these nano-voids is decreased to below ~100 nm. As revealed by
the high magnification SE and BSE images in Figure 4.5c-c,, these nano-cracks are nucleated at
the interface between deformation-induced martensite and deformed matrix martensite regions
(with high dislocation density). Further deformation leads to the full delamination of the
individual grains at the interface, which leave behind a shallow cavity in the SE image in Figure
4.5c; with respect to the surrounding flat cross-section. However, these cracks are successfully
arrested by the nano-laminated morphology of the microstructure, as shown in Figure 4.5b,. A
high magnification view of an interfacial crack demonstrates that this crack is arrested by the
deformation of the neighboring o’ martensite, as highlighted by the yellow arrow in Figure 4.5c¢.
As a result of this process, the martensite-reverted austenite sample Sg, exhibits dimpled ductile

fracture behavior at ambient temperature (Figure 4.5bs). Similar to the behavior of the impact

sample S,q, impact sample Sgy, exhibits a brittle failure upon -196 °C impact testing. However, in
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contrast to martensite sample S,q, the impact fracture sample Sg;, exhibits fibrous surface features,
which is a footprint of the plastic deformation of the duplex phase nano-laminate morphology
martensite-reverted austenite microstructure (Figure 4.5bs and high magnification image in

Figure 4.5bs).

To further understand the distinct damage evolution process in different microstructure shown in
Figure 4.5, the damage incidents therein are quantified and shown in Figure 4.6. For different
locations with DIC-based local strain values, high resolution SE images with optimized contrast
for imaging cracks are obtained. Then these images are analyzed using the Image J software [65],
[66] to determine the evolution of the density (Figure 4.6a) and area fraction (Figure 4.6b) of the
damage incidents with respect to the local plastic strain. Using the two data sets, the evolution of

the average damage incident size is calculated and plotted in Figure 4.6c.

In Figure 4.6, the strain for localized necking is indicated by dashed lines. Within the uniform
deformation regime, both martensite sample S,q and martensite-reverted austenite samples Sy
and Sg, contain only small area fraction of micro-cracks (~0.01%). After necking, the density of
damage incidents increases almost monotonously with local plastic strain for both samples Syq
and S;p (Figure 4.6a). For sample Sgn, however, the increase in density of damage incidents
maintains at a small level up to very high strain levels, e.g. local strain of ~150% when
approaching fracture surface. A similar trend is observed for the damage area fraction evolution,
where sample S,q shows a drastic early increase and samples S, and Sg, exhibit a respectively
moderate and late increase as a function of local plastic strain (Figure 4.6b). Compared to
samples S,q and Sy, sample Sg exhibits the smallest crack size at the same strain level (Figure
4.6c), demonstrating the existence of effective damage arresting mechanisms. To unravel the

damage arresting mechanism in microstructure of sample Sg, in more details, deformation
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process of microstructure with nucleated cracks is investigated. For this purpose, a 15% pre-
strained Sg, sample is re-polished and the evolution of the microstructure is further examined by
in-situ tension in SEM (Figure 4.7). The EBSD phase map and SE image of the 15% pre-strained
and re-polished sample surface are shown in Figure 4.7a; and Figure 4.7a,, respectively. The SE
image shows the existence of two inclusions (outlined by red in Figure 4.7a;) in the
microstructure. Due to the deformation incompatibility along boundary of inclusion and the
surrounding microstructure, stress concentration arises at the interfaces during deformation,
causing inclusions inevitably to act as damage sites. The essential point to highlight here is that
even when damage is nucleated due to the presence of inclusions, the damage is successfully
arrested by the microstructure. As highlighted by yellow outlines in Figure 4.7b and Figure 4.7c,
the damage proceeds via coalescence of nano-voids and further deformation is accommodated by
the surrounding o’ martensite matrix via formation of slip steps (as indicated by green arrows in

Figure 4.7c¢).
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Figure 4.6: Quantification of damage mechanisms in S,,, Si, and Sg), as a function of deformation: (a) damage
incident density; (b) damage area fraction; (c) damage incident size. Dash line indicates the necking strain for
each sample. S,,: as-quenched sample; S;;: 1-hour heat treated sample; Sg,: the 8-hour heat treated sample.
Source: Image from [33], Courtesy of Elsevier.
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Figure 4.7: Interactions of micro-cracks with the surrounding phases in Sg, revealed by in-situ tensile test, as
characterized by (a;) EBSD phase map; (a,) SE imaging of area in a;; (b, ¢) SE imaging of this area after
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further straining to 29% and 67 %, respectively. Sg;,: the 8-hour heat treated sample. Source: Image from [33],
Courtesy of Elsevier.

4.4 Discussion

4.4.1 Overview of deformation micro-mechanisms
Based on the observations above, a schematical sketch of the deformation, damage and failure

micro-mechanisms is provided for the 8-hour reversion treated sample Sg, (Figure 4.8).

Figure 4.8: Schematical sketch of the deformation, damage and failure micro-mechanisms in the 8-hour
reversion heat treated sample Sg;,. Source: Image from [33], Courtesy of Elsevier.

At undeformed state, the microstructure of sample Sgy, consists of the o’ martensite phase (phase
in red) and the yxy phase (phase in green) (Figure 4.8a). At early stage of deformation, strain is
preferentially partitioned into the y.y phase via multiple deformation mechanisms, i.e. formation
of SFs (area in yellow), mechanical twins (area in grey), and phase transformation into martensite.

At these small strain levels, only certain o’ martensitic regions with favored crystallographic
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orientations enter plastic region, as documented by the formation of slip traces (black lines)
(Figure 4.8b). With gradually increasing strain, more martensitic regions are rendered as plastic
and a strain accommodation process by both the o’ martensite phase and the y.y phase is observed
(Figure 4.8c). During the later uniform deformation regime, the martensitic phase transformation
is completed and the whole microstructure is plastically deformed (Figure 4.8d). Although the
whole microstructure is martensite now, the two types of martensite, i.e. deformed matrix
martensite and deformation-induced martensite, can still be distinguished from each other. They
exhibit different defect densities and chemical compositions, and the microstructure still
maintains the nano-laminate morphology. Hence, even when both of them are indexed as
“martensite”, a composite-like deformation behavior of the nano-laminate morphology
microstructure is still expected with further straining. In the post-necking deformation regime
(Figure 4.8e-f), the damage process takes place via nucleation, growth and coalescence of nano-
voids, and most damage incidents are well confined by the inherited nano-laminate morphology
of the microstructure. This is in accordance with the sandwich effect reported by other works [8]—

[11].

The analysis provided here underlines that due to the deformation-induced martensitic
transformation and the resulted defect density evolution within the microstructure, the strain
partitioning process is actively modified during deformation. This phenomenon is referred to as

dynamic strain partitioning.

4.4.2 Relationship between mechanical properties and deformation micro-mechanisms
As systematically demonstrated above, aging-induced modifications in the martensite
microstructure influence the overall mechanical properties significantly, especially in regard to

the strength, the strain hardening behavior and the overall ductility of martensitic steels. In the
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following discussion of the relationship between the enhanced mechanical properties and the
deformation micro-mechanisms, special focus is placed on the analysis of the strain hardening
behavior and damage resistance, which play the critical roles in these improvements. However, it
should be kept in mind that these enhanced properties are intrinsically linked with each other, and
usually there are resulted from operation of multiple micro-mechanisms. For example, the
decrease in yield strength oy, is associated with (i) the annihilations of dislocations in the o’
martensite during annealing; (ii) less effective precipitation hardening due to the coarsening of
the nano-precipitates during prolonged annealing at 600 °C; and (iii) partial replacement of ‘hard’
o’ martensite regions with ‘soft’ ygy grains [67], [68]. Another example is regarding the preserved
UTS after the reversion treatment. Here precipitation hardening mechanism (i.e. the maraging
effect) definitely plays an important role, however the factors contributing to improve the strain
hardening rate or limit the damage-induced softening (both of which will be discussed next) also

play an indirect but important role.

The enhanced strain hardening rate can be attributed to the activation of multiple deformation
mechanisms within microstructural constitutes and the resulting dynamic strain partitioning
process. In the early uniform deformation regime (0<e<0.05), the ‘softer’ yxy phase dominates the
deformation process through activating its intrinsic multiple deformation mechanisms, i.e. motion
of partial dislocations, formation of SFs (Figure 4.4), mechanical twinning (TWIP) (Figure 4.3b,),
and martensitic phase transformation (TRIP) (Figure 4.2, Figure 4.3e, Figure 4.4c). However, due
to a wide variation in the mechanical stability of the vy grains, e.g. resulted from a size-
dependent competition between twinning and phase transformation processes (Chapter 7), the
associated phase transformation exists over the entire uniform deformation regime (Figure 4.2).
Similar mechanical benefits from adjusting variations in austenite stability can also be introduced

through varying the C content, the crystallographic orientation and properties of neighboring
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phase, as reported by Jacques et al. [24]. The o’ martensite is rendered plastic in the late uniform
deformation regime (£>0.05), which is confirmed by the formation of slip steps during in-situ 3-
point bending (Figure 4.3c;), evolution of the typical BCC deformation texture during in-situ
tension [69], [70] (Figure 4.3d) and an increased dislocation density during post-mortem ECCI
and SXRD measurements (Figure 4.4a;-a4, Figure 4.4c). Thus, the significance of the presence of
the well-dispersed TRIP-TWIP behaviors in ygy grains lies in enabling the strain hardening
capacity of the o’ martensite matrix to be consumed in more conservative manner. As the
annealing process triggers precipitation of nano-particles [45], [47] and decrease in dislocation
density in the o’ martensite, the occurrence of dislocation multiplications and their interaction
with nano-particles during plastic deformation, e.g. via the Orowan mechanism, lead to improved
o’ martensite strain hardening capacity [18], [71]-[76]. The importance of these beneficial effects
is underlined upon comparison to the martensite sample S,q, where the limited strain hardening
capacity of o’ martensite become quickly exhausted and the sample exhibits earlier necking. In
summary, the presented observations here also underline that microstructures composed of an
(initially softer) metastable phase with a wide dispersed mechanical stability, and an (initially
harder) phase but still occupies further strain hardening capacity, exhibit ideal overall strain
hardening behavior upon deformation. Similar indications are also reported in other works, e.g.,
study of the strain/stress partitioning behaviors among microstructural constitutes in multiphase
TRIP-assisted steels. Tomota et al [22] underlined the importance of optimizing the critical stress
for activating ferrite plasticity and martensite phase transformation, to achieve improved

mechanical properties.

Given the additional reserved deformation capacity created by replacing the less ductile
martensite by ductile austenite, and the aforementioned optimized strain hardening behavior, it is

not surprising to observe the increased uniform ductility in TRIP-maraging steels. However,
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since almost all the ygy grains are transformed into martensite prior to necking (Figure 4.2), the
enhanced post-necking deformation behavior in Sgy, is unexpected. This improvement is ascribed
to the crack arresting ability of the nano-laminate morphology of the microstructure. In the
martensite sample S,q, after the onset of strain localization, damages proceed via formation of
micro-cracks which nucleate continuously and exhibit monotonic growth with ongoing
deformation (Figure 4.5a;-as). In low carbon martensitic steels, martensite laths within one
martensite block mutually exhibit low angle misorientations [77]. Thus, the cleavage planes {001}
planes in neighboring martensite blocks are not much misaligned. This means that once a crack is
initiated during deformation, it can easily propagate along cleavage planes through the
microstructure without experiencing much obstacles [78]. In the reversion-treated sample Sgp, in
contrast, nano-voids are nucleated along interfaces in the microstructure, which later coalescence
into nano-cracks along full interface. However, the nano-laminate morphology created by
neighboring deformed matrix martensite and deformation-induced martensite regions
successfully inhibit further growth of these nano-cracks with increasing strain (Figure 4.5b;-bs,
Figure 4.5c¢i-c;). To be more specific, the specific morphology and the high density of the
interface provide the microstructure with a high damage arresting ability [49]. Even in the
extreme case where inclusions are present, the nucleated cracks due to deformation
incompatibility are observed to be successfully arrested and well-confined by the nano-laminate
morphology of the microstructure. Consequently, the associated high localized stress with the
crack can be re-distributed in the microstructure, and catastrophic failure is avoided (Figure 4.7).
Note that this mechanism of stress-delocalization also enables further deformation of the
surrounding microstructure, where larger fractions of the microstructure can continue to

contribute to strain hardening.
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The observed consistence in improved toughness can also be explained in connection with the
enhanced crack arresting ability of this nano-laminate morphology of the microstructure. As
reported in the literature, the influence of metastable austenite on toughness depends on the
balance between the energy dissipated at the crack tip during phase transformation and the
fracture properties of the deformation-induced martensite [79]—[81]. In this regard, a propagating
crack in the current nano-laminate morphology microstructure encounters a high density of
interfaces ahead, and the deformation-induced martensite (with negligible carbon content)

exhibits higher toughness compared to those (with higher carbon contents) in other TRIP steels.

4.4.3 Reflections on microstructure design

In TRIP-assisted steels (e.g. quenching and partitioning and/or tempering steels (Q-P-T steels)),
the majority of the research efforts has so far focused on correlating the austenite phase stability
and volume fraction with the overall strength and ductility [23], [38]—[41], [82]-[85]. Only a few
relevant works have addressed the underlying deformation mechanism within each
microstructural constitute [86], [87] and the interplay [88], [89]. The results demonstrated here on
the deformation, damage and failure micro-mechanisms, however, underline the importance of
these interactions, and enable a more general discussion of the targeted microstructure design.
The obtained understanding is more crystal-clear upon comparison to other traditional alloys and
the associated deformation micro-mechanisms. In dual phase steels (DP steels) with a
microstructure consisting of soft ferrite matrix and hard martensite islands [90]-[94], for example,
the strain is mainly accommodated by the former phase while the stress is mainly accommodated
by the latter phase. The strain/stress partitioning behavior is maintained from the beginning of
deformation onwards [94]. The mechanical properties of the microstructural constitutes, their
individual chemical composition, orientation, the volume fraction, size, morphology and

distribution of martensite are observed to significantly influence the strain/stress partitioning
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process and play an important role in the failure mechanisms [92]-[95]. However, in almost all
DP microstructures (except for TRIP-assisted UFG-DP [42], [96], [97]), the strain partitioning
process is effectively static (at least up to the point of strain localization), and only a certain
portion of the entire strain hardening capacity of the microstructure is consumed. In conventional
TRIP-assisted multiphase steels, due to the presence of metastable retained austenite in the
microstructure, a dynamic strain partitioning process does exist [22]. However, as a result of
large grain size of the ferrite matrix grains (usually above several um), a heterogeneous strain
partitioning within different ferrite grains dominates the deformation process, e.g. some ferrite
grains may not contribute to strain partitioning at all [24]. TRIP-maraging steels, however,
effectively benefit from these effects as the TRIP effect is introduced in a nano-laminate
morphology microstructure. The combination of transformation induced plasticity and a confined
size promotes that a larger portion of the microstructure contributes to the strain hardening
capacity upon deformation. This is in accordance with other works on steels with nano-laminate
morphology microstructures with extraordinary properties, e.g. nanostructured bainitic steels [98],

[99] or pearlite [100], [101].
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Chapter 5 Enhancing resistance of lath martensite to hydrogen embrittlement by

introducing nano-films of interlath austenite’

5.1 Introduction

A fundamental understanding of hydrogen-assisted embrittlement mechanisms is critical for
development of future hydrogen-energy based industry applications. The susceptibility of
structural steels to hydrogen embrittlement (HE) usually increases with increasing strength [27],
[102]. Deterioration of ductility caused by HE, place infrastructures made of high strength steels
under high risk of exhibiting unexpected catastrophic failure during service. Martensite, the
major microstructure constituent that delivers high strength in structural steels, suffers from HE
most severely. Thus, a deep understanding of HE mechanisms is essential for rescuing the
corresponding infrastructures from unexpected catastrophic failure during service. Three main
HE mechanisms, namely, hydrogen enhanced localized plasticity (HELP), hydrogen enhanced
decohesion (HEDE) and hydrogen enhanced strain induced vacancy (HESIV), are described here.
The HELP mechanism suggests that mobile hydrogen decreases barriers to dislocation motion,
thereby increasing dislocation mobility and slip planarity, leading to heterogeneous localized
deformation and formation of subcritical crack [103]. The HEDE mechanism suggests that
atomic bonding is weakened due to the presence of hydrogen, resulting in easy decohesion of
boundaries/interfaces [104]. The HESIV mechanism proposes that the primary function of
hydrogen in degradation is to enhance the strain induced vacancy formation and agglomeration,
thus promoting fracture process [105]. All mechanisms essentially point out that it is the

diffusible hydrogen within the microstructure that causes the HE.

3 The main content of Chapter 5 is based on [34] M.-M. Wang, C. Tasan, M. Koyama, D. Ponge, and D. Raabe,
“Enhancing hydrogen embrittlement resistance of lath martensite by introducing nano-Films of interlath austenite,”

Metall. Mater. Trans. A, pp. 0-5, 2015.
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In order to aid structural steels from HE, especially those steels with high strength, it is essential
to reduce diffusible hydrogen content in the microstructure. Thus, over past decades, numerous
investigations focus on utilizing microstructure features as effective hydrogen traps and studying
their effectiveness on trapping hydrogen [30], [106], [107]. Depending on the activation energy Q,
hydrogen traps can be classified into two types, namely, reversible traps (Q<50 kJ/mol) and
irreversible traps (Q>50 kJ/mol) [108]. Reversible hydrogen traps can immobilize hydrogen and
release hydrogen at low temperatures. Irreversible hydrogen traps can continuously absorb
hydrogen until become saturated, and either release hydrogen at higher temperature or prevent it
from escaping. Reversible hydrogen traps include grain boundaries, dislocations, coherent/semi-
coherent particles and micro-voids, etc. [107]. Irreversible hydrogen traps consist of incoherent
particles and retained austenite, etc. [107]. Majorities of these works have successfully shown the
effectiveness of decreasing diffusible hydrogen content via introducing hydrogen traps.
Tsuchiyama et al., for example, have shown that via introducing stable austenite layers, the
permeation of hydrogen into the interior of cold rolled plates (with martensitic microstructure)
can be inhibited within a certain charging time period, thus significantly improving resistance of
the steels to HE [30]. Fielding et al., for example, have examined the role of percolating austenite

in hindering hydrogen passage into the steel during charging [106].

Within these enormous amounts of work on characterizing the capacity of different
microstructural features as hydrogen traps, the influence of hydrogen on mechanical properties is
mainly assessed via tensile testing and thereafter a hypothesized HE mechanism via examination
of fracture surfaces. However, these limits further in-depth understanding of HE mechanisms for
two main reasons. First, tensile testing only examines the global reaction of the sample under
external loading in the presence of hydrogen, thus fails to provide information in microstructure

scale. Second, the examination of the fracture surface, i.e. the product of the final fracture, is



48

insufficient to describe the hydrogen initiated damage nucleation and evolution process. Thus, to
assess the resistance of a certain microstructure to HE and understand the HE mechanism, a
mechanical testing capable of examining local response of the microstructure under external

loading incorporated with local microstructure characterization are demanded.

In this context, the nano-laminate martensite-reverted austenite microstructure delivers itself as a
promising candidate with high resistance to HE for two reasons. First, the microstructure exhibits
high damage resistance without the presence of hydrogen (Chapter 4). Second, reverted austenite
and precipitates in matrix act as additional hydrogen traps, thus being able to decrease diffusible

hydrogen content.

In this chapter, the introduction of nano-films of reverted austenite into martensite as a remedy
for aiding martensitic steels from HE is examined. Meanwhile systematic investigations of local
microstructure evolutions are carried out to unravel the damage nucleation, growth and

coalescence processes.

5.2 Experimental procedure

To introduce nano-films of austenite into lath martensite, reversion-treatments of as-quenched
martensite were performed at 600 °C for 1 h and 8 h, yielding reverted austenite nano-films (ygy)
with thickness of ~200 nm and ~500 nm, respectively. Since what is critical here in Chapter 5 are
the ygy thicknesses in martensite, the obtained microstructures are referred in this chapter based

on the Ygy thickness: i.e. M (n0 Yrx), MA200mm and MAsp0um.

To test the susceptibility of the material to HE, tensile samples were first pre-charged with
hydrogen and then they were tensile tested at ambient temperature. Hydrogen charging was
carried out in 5% H,SO4 aqueous solution containing 3g/l NH4SCN as hydrogen recombination

poison. The cathodic current density was 5 A/m’. A platinum foil was used as the counter
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electrode. Based on the effective diffusion coefficient (D) of hydrogen in low alloy martensitic

steel (3.70><10'11 mzs'l) at ambient temperature [109] and calculated diffusion distance (~ \/E ),
it was estimated that hydrogen can diffuse through sample thickness (~0.5mm) after 25 min
charging in martensitic sample M. For control experiments, the same charging condition was
applied to martensite-reverted austenite samples MAzppnn and MAspp,m. Samples after hydrogen
pre-charging are referred to as (M), (MA200mm)u and (MAsponmm)u. Since for all three samples
martensitic matrix forms a continuous network in the microstructure and it acts as channels for
hydrogen to diffuse through sample thickness, it is expected that no hydrogen concentration

gradient from surface towards the center of the specimen exists.

The hydrogen desorption rate was measured by thermal desorption spectroscopy (TDS). Disks
with diameter of 9.0 mm and 0.5 mm thickness were used for TDS measurements. Diffusible
hydrogen is defined as the hydrogen that diffuses at ambient temperature. After hydrogen pre-
charging under the aforementioned conditions, samples were inserted into a TDS chamber within
~5 min. TDS measurements were performed for samples (M)y and (MA sponn)u. For martensite
sample (M)y, the evacuation time to achieve required vacuum condition was ~20 min. Due to the
high diffusible hydrogen content in martensite-reverted austenite sample (MA sgonm)u, 1t took ~1 h
evacuation time to reach required vacuum condition. Due to the existence of high density
martensite/ygy interfaces which act as irreversible hydrogen traps, the influence of 1 h evacuation
is considered not to be critical. For the TDS measurements, each sample was heated from 298 K
(25 °C) to 873 K (600 °C) at a heating rate of 0.433 K/s. The diffusible hydrogen content was
determined by measuring the cumulative hydrogen detected between 298 K (25 °C) and ~573 K

(300 °C).
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To assess the resistance of these microstructures to HE, samples were first charged with hydrogen
and then tensile tested within 15min after pre-charging. The gauge dimensions of tensile samples
are 4.0 mm length x 2.0 mm width x 0.5 mm thickness. Tensile tests were carried out with an
initial strain rate of 10~ s with local strain measured by digital image correlation (DIC) analysis.
The microstructures were characterized by SE imaging, EBSD and ECCI measurements at

locations with known strain values from DIC measurements [110], [111].

5.3 Results and Discussion

For an explicit understanding, EBSD phase maps of as-quenched martensite sample M, and
martensite-reverted austenite samples MAzppnn and MAsgo.m are shown again in Figure 5.1a-c.
Prior to reversion treatment, the microstructure of sample M consists of single martensite phase
(Figure 5.1a). After 600 °C 1 h annealing, ygy grains with ~10% volume fraction and thickness of
~200 nm are formed along martensite boundaries in sample MAjpp,., (Figure 5.1b). After 8 h
annealing at 600 °C, volume fraction of ygy grains increase to ~34% and vygy grains grow to ~500
nm thick in sample MA sppn, (Figure 5.1c). For both samples MApp,m and MA sponm, less than 4%
volume fraction € martensite are present in the microstructure. The following analysis in Chapter
5 are mainly focused on samples M and MA 50p,,». The hydrogen desorption rate measured by TDS
is presented in Figure 5.1d. It can be seen that the hydrogen desorption peak is shifted from 378K
(105 °C) for (M)y to 445K (172 °C) for (MAsponm)u. Meanwhile the cumulative diffusible
hydrogen content in (MAsoonm)u, €.2. 1.87 weight ppm, is significantly higher than that of (M),

e.g. 0.35 weight ppm.
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Figure 5.1: (a-c) Microstructure revealed by EBSD phase map for M, MA ., and MA 5y,,,- (d) Hydrogen
desorption rates measured by TDS for (M)y and (MAsg,,)u- The martensitic microstructures with different
ven thicknesses are referred to as M (no ywn), MAzppnn, (~200nm) and MA;spg,, (~500nm). Corresponding

microstructures with hydrogen are referred to as (M)y, (MAppnm)u and (MAsppum)u- Source: Image from [34],
Courtesy of Springer.

The mechanical properties of samples with and without hydrogen pre-charging are presented in

Figure 5.2a. First of all, the influence of the presence of hydrogen on martensite sample M is

discussed.
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Figure 5.2: (a) Stress strain curves and (b) DIC-based local strain distributions. (c-f) Fracture surface
topography for M, (M)y, MA spp.m and (MA 5pp.,)u- Cross markers in (a) indicate the point of fracture. For M
and MAjsp.., dashed arrows point to fracture elongation of 20% and 32%, respectively. The martensitic
microstructures with different vy thicknesses are referred to as M (no Yew), MAzppnr, (~200nm) and MA sppnm
(~500nm). Corresponding microstructures with hydrogen are referred to as (M)y, (MAppum)u and (MA sppum)u-
Source: Image from [34], Courtesy of Springer.

Without the presence of hydrogen, martensite sample M exhibits a yield strength 64, of 800 MPa,
UTS of 925 MPa and uniform elongation of 2.4%, as demonstrated by the black full curve in
Figure 5.2a. After hydrogen pre-charging, martensite sample (M)y fails within the elastic

deformation region, as shown by the black dashed curve in Figure 5.2a. The catastrophic HE for
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(M)y 1is confirmed by two phenomena: (i) the presence of hydrogen transits the local strain
distributions at failure from black full curve to black dashed curve in Figure 5.2b; and (ii) the
fracture surface changes from dimpled ductile morphology in Figure 5.2c¢ to fully brittle
morphology in Figure 5.2d. As shown by BSE images and EBSD IPF maps of the cross section
of fractured (M)y, the hydrogen-induced macroscopic cracks consist of both intergranular
sections along prior austenite grain boundaries and transgranular sections across martensite

boundaries (Figure 5.3a;-a3).
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Figure 5.3: Cross section of fractured (M)y revealed by (a;) BSE imaging; (a,, a;) EBSD inverse pole figure
map (IPF). Cross section of fractured (MA s5p9,,)u shown by (by) SE imaging; (b, b;) EBSD phase map. (c)
Austenite fraction and (d) damage evolution during deformation in MA sy, and (MAsg,,)u- The invisible
error bars in Figure 5.3d are smaller than the size of the data points. The martensitic microstructures with

different yxx thicknesses are referred to as M (no yxv) and MA 5y, (~500nm). Corresponding microstructures
with hydrogen are referred to as (M)y and (MA 599, )u- Source: Image from [34], Courtesy of Springer.

Next, the influence of introducing yzy nano-films on the resistance of martensite sample (M)y to
HE is examined. Similar to martensite sample (M)y, martensite-reverted austenite sample
(MA200mm)u exhibits a premature failure within the elastic deformation region, as shown by the red

dashed line in Figure 5.2a. Another martensite-reverted austenite sample (MAsponm)u, however,
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fails with a strain to failure of 3.8% (blue dashed line in Figure 5.2a), which corresponds to a 4-
fold increase comparing with martensite sample (M)y. The enhanced resistance of sample
(MA5sponm)u to HE is consistent with the global intergranular fracture surface with in-grain fine
scale ductile features, indicating plastic deformation of the microstructure prior to fracture
(Figure 5.2f). Since the susceptibility of high strength steels to HE is sensitively strength-
dependent, it might be argued that the increased resistance of (MAsgoum)u to HE is a result of
decreased yield strength [111]. However, two additional aspects should be considered here: (i)
martensite sample (M)y fails within elastic region, where the maximum achieved stress is lower
than the yield stress of sample (MAsponn)u; (i1) in multiphase steels, e.g., TRIP-assisted
multiphase steels, the stress partitioned to constitutive phase should be considered. More specific,
a lower global yield stress g, in (MAspon,)u doesn’t necessarily mean that the stress partitioned
to martensite in sample (MAsponm)u, 1.€. the ‘hard’ phase, is significantly lower than that of
martensite in sample (M)y. In this context, as a result of the existence of ‘soft’ phase ygy, the
stress partitioned to martensite in sample (MAsponm)u 1S comparable to that of martensite in
sample (M)y during the whole deformation process. Therefore, the effect of lower yield stress on
the enhanced resistance of sample (MAsponn)u to HE is considered to be trivial. Thus, it can be
concluded that the introduction of ygy to martensite steels has a positive effect on enhancing

resistance to HE.

Despite the observed enhancement in resistance to HE, control experiments of sample MA sponn
without presence of hydrogen exhibit a uniform elongation of 17.2% (Figure 5.2a), considerable
post-necking deformation behavior (Figure 5.2b) and a ductile fracture surface with dimples
(Figure 5.2e). Thus, under the presence of hydrogen only a limited fraction of the deformation
capacity is explored in sample (MAspoum)u (Figure 5.2a). As shown in Chapter 4, sample MA sppum

(referred to as sample Sg, in Chapter 4) demonstrates a high damage resistance due to two Ygx-
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related phenomena, i.e., (i) the transformation of yzy upon deformation and (ii) the extensive
deflection of cracks arising from high interface density of the nanolaminate martensite-austenite
morphology (Figure 5.1c). In this context, the degradation of ductility in the presence of
hydrogen in sample (MA sppnm)u, €.2. 1.87 weight ppm, demonstrates significant room for further
improvement. To unravel the underlying hydrogen effects, the deformed microstructure of

sample (MAsponm)u 1s characterized by SE imaging and EBSD in Figure 5.3b;-bs.

For sample (MAs500.m)1, no macroscopic cracks can be found in the neighboring region of fracture
surface, which is in contrast to sample (M)y (Figure 5.3a;). With deforming to ~4% local strain,
e.g. in the area highlighted by yellow, no micro-size damage incidents are observed and ~18% 7ygx
grains are still present in the microstructure (Figure 5.3b;, b;). In fact, damage incidents and
accelerated transformation of ygy (With only ~2% vy remaining in the microstructure) can only be
observed in area close to the fracture zone, e.g. as highlighted by green (Figure 5.3b,, bs). This
strongly localized failure process in sample (MAsponm)u 1S significantly different from that of
sample MAspon, Without presence of hydrogen. Sample MAspp,,, demonstrates gradual phase
transformation and damage evolution behaviors with straining, as discussed in detail in Chapter 4
and quantitatively plotted again for comparison (Figure 5.3c and d). Thus, although the
introduction of ygy in the martensite microstructure leads to enhanced resistance to HE, a fully de-
localization process by activating effective hardening and/or damage arresting micro-mechanisms
in the martensite-austenite microstructure is hindered. To obtain in-depth understanding of the
underlying damage evolution processes, the longitudinal cross section of fractured sample

(MA500nm)u 1s examined by ECCI and EBSD (Figure 5.4).
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Figure 5.4:( a;-az, bi-bs, ¢) Damage nucleation, growth and coalescence process in (MA 5p9,..,)u, as unraveled by
ECCI and EBSD measurements. (d;-ds) Schematical sketch of this process. After hydrogen pre-charging, the
martensitic microstructure with yxy thicknesses of ~500nm is referred to as (MAspp,,)u- Source: Image from
[34], Courtesy of Springer.

In the ECCI images in Figure 5.4, o’ martensite matrix is characterized by formation of particles
and Yy grains (highlighted by white outlines) are free of precipitates. As discussed in Chapter 4
and Chapter 7, e accommodates deformation by activating multiple mechanisms, including
formation of SFs, mechanical twinning and phase transformation in absence of hydrogen. In the
presence of diffusible hydrogen, two kinds of damage nucleation sites were observed, which are
located (i) within the bulk of deformation-induced martensite and (ii) along interface of
deformation-induced martensite and matrix martensite (referred to as Diyerface in Figure 5.4a;).
The EBSD phase map demonstrates the nucleation of an interfacial crack along martensite
boundaries (Figure 5.4a,). The two o’ martensite islands on the right side of the interfacial crack

(highlighted by yellow arrows in Figure 5.4a3) were observed to exhibit different crystallographic
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orientations from the matrix martensite. Combing the morphology of the grains and their
different crystallographic orientations, these two o’ martensite islands are deformation-induced
martensite. Thus, the interfacial crack is located along interface of matrix martensite and

deformation-induced martensite.

With increasing strain, it is observed that the damage area fraction increases rapidly (Figure
5.4b;). The EBSD phase map of this area demonstrates that the microstructure is composed of
only o’ martensite phase (Figure 5.4b,). And the different crystallographic orientations and the
morphology of the two highlighted grains indicate that they are deformation-induced martensite
(Figure 5.4bs). To clearly distinguish from damages within bulk of deformation-induced
martensite, damages along deformation-induced martensite/matrix martensite interface are
marked with white arrows, as shown in Figure 5.4b; and Figure 5.4c. To further clarify the
damages dominating the growth and coalescence processes, the damage incidents larger than
average damage sizes are highlighted by red outlines in Figure 5.4b; and Figure 5.4c. Although
both damage nucleation sites are observed to be active, a distinct growth process is observed.
While cracks along interfaces grow significantly larger in size, voids within bulk of deformation-
induced martensite are smaller in size and stay isolated from each other (Figure 5.4). Thus, it can

be concluded that interfacial damages dominate the growth and coalescence processes.

Based on these observations, it is possible to conceive a physical description of the damage
process in martensite-reverted austenite sample (MAsponm)u. A schematical sketch of the damage
nucleation, growth and coalescence process in (MAsgonm)u, as reconstructed from the region in
Figure 5.4by, is presented in Figure 5.4d;-ds.This schematical sketch will be referred to in the

following discussion.
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In martensite sample (M)y, the presence of hydrogen promotes both intergranular fracture, e.g.
crack propagation along prior austenite grain boundaries, and transgranular fracture, e.g. crack
propagation along martensite boundaries (Figure 5.3a;-a3, Figure 5.2d) [112], [113]. In sample
(MAs00um)u, plastic strain is preferentially accommodated by vy phase (Figure 5.4d;), via initially
formation of SFs (Figure 5.4d,), and then transformation into martensite (Figure 5.4ds). Despite
of the martensitic matrix and the higher overall diffusible hydrogen content”, (MAsgoun)n can be
plastically deformed with a strain to failure of 3.8% through the activation of these mechanisms,
rather than undergoing brittle failure as sample (M)y (Figure 5.2a). However, as a result of the
early micro-crack nucleation within deformation-induced martensite and along the interface of
matrix martensite and deformation-induced martensite, further ductilizing benefit from the
introduction of ygy phase is hampered (Figure 5.4d3). In sample (MAsponm)u, it is expected that a
heterogeneous distribution of hydrogen exists in microstructural constitutes due to the difference
in diffusivity and solubility of hydrogen in o’ martensite (bcc structure, high diffusivity and low
solubility) and ygy (fcc structure, low diffusivity and high solubility). Despite tempering at 600 °C
for 8 h, a significant amount of dislocations can still be observed in the martensitic matrix in
sample MAspo.m (Figure 3.6¢) due to the fact that particles can be uniformly precipitated in the
matrix and restrict the degree of dislocation annihilations [16]. In addition to dislocations inside
the martensite, the existence of additional trapping sites by precipitates further increase the
amount of trapped hydrogen in sample (MAsppum)u [114], [115]. For short time hydrogen pre-
charging scenarios, Chan et al. reported that o’ martensite /y phase interfaces act as preferential
hydrogen trapping sites [116]. Szost et al. also reported that in carbide-free nanostructured bainite,

coherent ferrite/y interfaces act as reversible hydrogen trapping sites [107]. Bearing these in mind,

* Under the same charging condition, more diffusible hydrogen (1.87 weight ppm) is trapped in (MA spg,,)y (Figure

5.1d).
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it is proposed that both (i) within bulk of deformation-induced martensite, e.g. by considering the
inherited heterogeneity of hydrogen distribution and the accumulated defect density in the
microstructure upon martensitic transformation [27], [109], [117], and (ii) the interfaces between
matrix martensite and deformation-induced martensite, i.e. main hydrogen trapping sites, act as
damage nucleation sites. The latter damage site, as a result of its significant amount of trapped
hydrogen, becomes significantly susceptible to further growth and coalescence process. With
increasing straining, the developing stress field in the neighborhood promotes further phase
transformations of the nearby Yy grains (Figure 5.4d4). Through the repetition of this mechanism
new cracks are continuously initiated, as the initial cracks simultaneously grow (Figure 5.4ds)
and all eventually coalesce along the interfaces. This whole process is most clearly represented
for the cracks indicated by white arrows (Figure 5.4ds-ds). In the end, fracture takes place by the
decohesion of the phase interface, which is further confirmed by revisiting the fracture surface in
Figure 5.2f. Here the concave and convex features are not typical cup-cone dimples, but rather
demonstrate the morphology of delaminated matrix martensite and deformation-induced
martensite. This cyclic sequence of phase transformation and crack nucleation takes place in an

uncontrolled manner, leading to the eventual premature macroscopic failure.

In summary, the influence of introducing vy in increasing resistance of the martensitic
microstructures to HE is investigated in Chapter 5. This strategy is proven to be effective, leading
to improvements in strain to failure corresponding to 4-fold increase. However, further strain
delocalization benefit from gy is hampered due to the early micro-crack nucleation, growth and
coalescence at the interface of matrix martensite and deformation-induced martensite. And the
resulting stress field in the neighborhood subsequently promotes phase transformation of
neighboring vy grains. Thus, when all yg grains exhibit similar mechanical stability, the

resulting avalanche of deformation-induced martensitic transformations can cause a chain HE
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process through further initiating more cracks, as the initial cracks simultaneously grow. This is
also confirmed by the observation that sample (MA9pnn)u, With its reduced ygy stability (Chapter
7), exhibits lower ductility than (MAsponm)u When pre-charged with hydrogen under the same
charging condition. Thus, one possible strategy for further improving the resistance of lath
martensitic steels to HE lies in designing ygy grains with widely-dispersed mechanical stability,

e.g. via adjusting austenite grain size, chemical composition or orientations.
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Chapter 6 Restorations of microstructure and mechanical properties via cyclic austenite

reversion

6.1 Introduction

Metallic materials lose their plastic deformation capacity rapidly as they are deformed, even
under stresses below their yield stress, due to the accumulation of microstructural defects. In
industrial practice, non-destructive testing techniques are typically employed to determine when
the density of accumulated defects surpasses a critical threshold, and when the component is
required to be replaced to avoid catastrophic failure.

This costly process could in principle be delayed by autonomic healing of the accumulated defect
density, i.e. assuming that intrinsic self-healing mechanisms could be introduced during
microstructure design. However, despite significant research efforts, the emerging field of self-
healing materials is still dominated by polymers [118]-[120] and ceramics [121]-[125]. For
metallic materials, which suffer from the relative sluggishness of chemical processes at ambient
temperatures, only partial success specific to surface defects has been demonstrated [126], [127].
Recent theoretical analysis suggest that mobile interfaces of idealized character can sweep close
bulk nano-cracks as well, although there is yet no experimental verification of this mechanism
[128]. Thus, both of these examples clarify the challenging demand to design very specific
microstructures capable of autonomic healing. Even in cases of success, application regimes of
successful crack closure is unknown and overall property improvements compared to non-healing
state-of-the-art alternative alloys, is not clear.

An alternative strategy to "rewind" (rather than extend) the component lifetime, would be the
application of a post-deformation annealing treatment to recover the original defect density.
Present few examples following this non-autonomic healing approach successfully demonstrate

the decrease of pore density by preferential precipitation during aging in specifically designed
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model microstructures [129]-[131], although restoration of mechanical properties is not yet
confirmed.

Here in Chapter 6, it is proposed that such non-autonomic healing approaches can be extended to
a wide variety of multi-phase steels, if certain microstructure design criteria are to be employed.
The steels that fulfill these criteria are referred to as "healable steels". In what follows, to clarify
these points, the criteria for healable microstructure design are proposed first. To achieve this, it
is essential to understand the annealing behavior of backbone phases in structural steels after
deformation, e.g. ferrite, martensite and austenite. Each phase will be addressed individually in
the following.

As a ‘soft’ phase, ferrite loses its deformability during deformation as a result of accumulated
dislocation density. Elimination of dislocation density in ferrite can be achieved via recovery and
recrystallization during annealing at ferritic or intercritical (ferrite+austenite) or austenitic region,
depending on degree of deformation and annealing conditions, etc. [132]—[135].

As a ‘hard’ phase, martensite softens due to annihilation of dislocations during tempering [136],
[137], unless in maraging steels [138]-[140]. Maraging steels exhibit hardness increase due to
precipitation hardening during early stage of aging and then reach maximum hardness with
increasing annealing time [48], [141]. Even in case of overaging, the hardness of martensite
decreases, but usually is still higher than that of the initial martensite [48], [141].

As a ‘soft and ductile’ phase, metastable austenite can transform into hard martensite in the
deformation process, depending on their mechanical stability [142], [143]. During subsequent
annealing, deformation-induced martensite can be reverted to austenite without assistance of long
range diffusion, e.g. in metastable austenitic stainless steel [143]-[145]. As a matter of fact, phase
reversion of heavily deformed metastable austenite is a recently proposed novel approach to

produce nano-grained/ultrafine-grained metastable austenitic stainless steels [145]. This approach
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can be realized with short time duration at temperature higher than austenite start temperature (Ay)
when the transformation of deformation-induced martensite to austenite proceeds via a
shear/diffusionless mechanism [145], [146]. In the case of austenite reversion in martensitic
steels, e.g. medium Mn martensitic steels, austenite formation without assistance of long range
diffusion can also be realized with high heating rate [147]. In this case, however, the reverted
austenite might possess insufficient thermal stability due to inadequate partitioning of austenite
stabilizing elements into austenite, e.g. Mn or C, e.g. if the isothermal holding time is too short
[147].

Bearing the post-deformation annealing behaviors of these three backbone phases in mind,

criteria (i-ii1) for realizing non-autonomic healing are proposed.

(i) Controlling (and healing) critical defects: In majority of high strength steels with multi-
phase microstructures, it is mainly the consumption of the strain hardening capacity, rather than
crack evolution, which leads to localization and failure [89], [90], [148]. This suggests that the
ideal microstructure should restore its deformation ability upon the heating treatment rather than
initiating mechanisms to ‘repair’ initiated cracks. This perspective leads to a concept against
earlier investigations on self-healing mechanism in metallic materials, which focuses on
physically closing or filling nucleated cracks [129], [131]. More specifically, this means that the
accumulated dislocation density in the soft phases (e.g. ferrite, austenite), i.e. phases dominantly
partition strain during deformation, should be easily recovered by low/moderate temperature

annealing.

(ii) Applying feasible treatments: In principle, even severely and heterogeneously deformed

microstructures can be restored upon application of an aggressive thermal [149] or thermo-
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mechanical treatment® [150], [151]. However, such costly approaches are clearly not practical,
and the ideal non-autonomic healing microstructure should have the capability to be restored via
a feasible (short-duration and low temperature) treatment. More specifically, this requires that the
involved recovery/recrystallization, phase transformations or precipitation reactions should take

place without assistance of long-range diffusion by low/moderate temperature annealing.

(iii) Recovering mechanical properties: While low temperature annealing treatments do lead to
the recovery of strain hardening capacity of the soft phase in conventional high strength steels,
hard phases are also simultaneously softened. In a simple dual phase steel (DP steel), for example,
softening of martensite (a’) due to tempering would be expected (Figure 6.1a). In a conventional
TRIP-assisted steel, accompanying the recovery of deformed ferrite (o) many competing
processes are conceivable, e.g. martensite (a’) to austenite (y) phase transformation and
precipitation of carbides (c) in austenite (Figure 6.1b). The depletion of carbon from austenite
due to carbide formation can lead to inadequate austenite thermal stability and also decreased
austenite fraction (Figure 6.1b). In the ideal microstructure, possible strength loss of the harder
phase (e.g. 0" martensite) during annealing should be compensated by strengthening from fine

distributed intermetallic particles (P) and avoid undesired phases (Figure 6.1c¢).

> In the extreme case, casting porosities of the engineering scale are also ‘healed” upon simple forging or rolling

treatments.
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Undeformed => Deformed == Low T annealed

Figure 6.1: Schematic sketch of microstructure evolutions at undeformed state, after deformation and after
post-deformation low temperature annealing for (a) DP steels; (b) TRIP-assisted multiphase steels; (¢) an
ideal steel. Interpretation of symbols: a: ferrite; o’: martensite; y: austenite; c: carbides; p: intermetallic
particles.

In this context, the duplex nano-laminate reverted austenite-martensite steel is expected to fulfill
the non-autonomic healing criteria. On one hand, strength loss of ‘hard’ phase martensite during
post-deformation annealing can be avoided or compensated due to the precipitation hardening.

On the other hand, deformation-induced martensite will inherit the chemical composition of the
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reverted austenite during deformation. Thus, if reversion of deformation-induced martensite to
austenite can be triggered during post-deformation annealing, no additional elemental partitioning

between matrix martensite and reverted austenite is required.

Therefore, in this chapter, to validate the proposed criteria, the possibility of simultaneous
restorations of microstructure and mechanical properties by post-deformation annealing of the
current TRIP-maraging steel is examined. First, the detailed structures of microstructure
constitutes at three states, namely prior to deformation, after well-defined deformation level and
after post-deformation annealing are characterized. Then the mechanical properties of original
and healed state are tested and compared. The results successfully demonstrate retrieve of both
microstructure and mechanical properties with a post-deformation annealing treatment, thus the

current TRIP-maraging steel delivers itself as non-autonomic healable steel.

6.2 Experimental procedure

After reversion treatment (8 h, 600 °C) of the current TRIP-maraging steel, cylinder tensile
samples were cut along rolling direction of steel plate. Samples at this state are named as virgin
samples (Sy). To avoid initiation of cracks, e.g. following defined critical defects by criterion (i),
samples were tensile tested and interrupted before necking took place. To apply non-autonomic
healing (criterion (i1)), these deformed samples were annealed at 600 °C for 8 h. Samples after
post-deformation annealing are referred to as healed samples (Sy). Healed samples were
subjected to tensile testing again. Here, 1* time, and 2" time healed samples are named as Sy
and Sy, respectively. Microstructures of Sy and Sy were characterized by SEM-based EBSD,

EDX and ECCI, and XRD.



67

6.3 Results and Discussion

Prior to deformation, the microstructure of virgin sample Sy consists of o’ martensite (phase in
red), nanoscale reverted austenite ygy (phase in green) and a small fraction (~3%) of € martensite
(phase in blue) (Figure 6.2a;). As revealed by the SEM-EDX map, yx grains are enriched with
Mn and depleted with Al. No obvious partition of Ni between o’ martensite and ygy is detected by

SEM-EDX.

The complete stress strain curve of cylinder virgin sample Sy is shown in Figure 6.3a, which
exhibits yield stress 6o, of 785 MPa, UTS of 920 MPa and uniform elongation of 9.6% (blue
curve). Thus, according to criterion (i), tensile testing should be interrupted before straining to
9.6%, i.e. to avoid necking and strain localization. Then another virgin sample Sy was tensile
tested and interrupted at strain of 9.5% (red curve in Figure 6.3a). As measured by EBSD, only
~5% 7w grains are still present in 9.5% deformed Sy, implying the transformation of ~30% vgy
grains to o’ martensite during the uniform deformation regime (Figure 6.2a;). The same
transformation behavior is also measured by XRD, e.g. probed from bulk volume, as
demonstrated by the nearly diminishment of yyy peaks and increased peak intensity of o’
martensite of Sy during deformation (transition from red to green curve in Figure 6.2b).
Meanwhile, peak width of o’ martensite broadens with deformation, indicating simultaneous
increasing of dislocation density in o’ martensite [64]. The increasing of dislocation density in o’
martensite during deformation of sample Sy is quantified according to the method described by
Gutierrez et al. [152], as based on optimized ECCI images (Figure 6.4a;-ay). The dislocation
density p in o’ martensite increases from 17.06+3.69x10"° m™ in Sy to 24.46+8.91x10" m™ after

9.5% straining of sample Sy.
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Then 9.5% deformed Sy was annealed at 600 °C for § h, i.e. by duplicating the annealing
treatment of as-quenched martensite to obtain virgin sample Sy. The microstructure of 1* healed
sample Sy 1s shown in Figure 6.2a3. Surprisingly, the microstructure of sample Sy; is almost
identical to virgin sample Sy in terms of morphology and distribution of all phases, phase fraction
(~36% vy in Sy;) and elemental distribution. The restoration of the microstructure is also
confirmed by XRD measurement (comparing blue curve for Sy; with red curve for Sy in Figure
6.2b). The dislocation density p of o’ martensite in sample Sy is calculated as 17.4443.55x10"
m?, based on ECCI images (Figure 6.4b;). Meanwhile particles in o’ martensite coarsen only
slightly, e.g. from 356+117 nm® in Sy to 430£187 nm® in Sg;. To summarize, after post-

deformation annealing, healed sample Sy, restores original microstructure as in virgin sample Sy.
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Figure 6.2: Microstructure of (a;) virgin sample Sy; (a;) 9.5% deformed Sy; (as) 1" healed sample Sy, as
characterization by EBSD and EDX. (b) XRD measurements for Sy, 9.5% deformed Sy, Syg; and 9.5%
deformed Sy;. (¢) Comparision of dislocation density p in ¢’ martensite, yen fractions and sizes of precipites in
Sv, 9.5% deformed Sy, Sy; and 9.5% deformed Sy;.
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Then the mechanical property of healed sample Sy is assessed by tensile test up to 9.5% strain,
1.e. to avoid necking and strain localization. Surprisingly, the stress strain curve of healed sample
Sy almost overlaps with the virgin sample Sy (comparing black with red curves in Figure 6.3a).
The sample Sy; exhibits a yield stress 6y, of 780 MPa and UTS of 930 MPa, i.e. retrieving 97%
of yield stress and 100% of UTS in Sy. Thus, healed sample Sy; retrieves both the microstructure
and mechanical property after the post-deformation annealing, i.e. non-autonomic healing is

successfully achieved.

To validate the feasibility of further non-autonomic healing process, post-deformation annealing
of deformed Sy; was conducted and then 2™ time healed sample Sy, was tensile tested to fracture
(green curve in Figure 6.3a). The sample Sy, exhibits a yield stress of 775 MPa and UTS of 940
MPa, i.e. retrieving 96% of yield stress and 100% of UTS in Sy. The true stress strain curves and
strain hardening curves for all samples are shown in Figure 6.3b. The mechanical properties in
terms of yield stress 6y, UTS and uniform elongation for virgin sample Sy, 1*" time healed
sample Sy, 2nd time healed sample Sy; and another virgin sample Sg, are summarized in Figure

6.3c.



70

(a)lo00 (li)sooo
)
r 5 4000f
ESOO §3000
= & 2000(
~—~ o
@ 600 H o 10001
Q £
= S L
2 0 0.02 0.04 0.06 0.08 0.10
an (C) True strain €
g 400 1100 5—— —=I08
—_ I “;—\\.'/7 |
o S, 21000 . 1
E _ Sm E 900 |- * * T
80200 |- £
5 [— SHz - 800 - M— 0 F—— T
= CDmplete S\~’ & I | vieldstess o, | ” ,E
© 700 | ® ultimate tensile stress UTS 1¢ <
r = uniform elongation 1 I=)
0 L L " 1 n 1 I 600 =
0 5 . .10 . 15 20
Engineering strain (%) Sy S S,, Complete S,

Figure 6.3: (a) Engineering stress-strain curves; (b) true stress strain curves and strain hardening curves; (c)
mechanical property summary for virgin sample Sy, 1st time healed sample Sy, 2nd time healed sample Sy
and another virgin sample Sy.

Figure 6.4: Evolution of detailed structures in ¢’ martensite for virgin sample Sy at (a;) undeformed state; (a,)
after uniform deformation; 1* time healed sample Sy; at (b;) undeformed state; (b,) after uniform
deformation, as characterized by ECCI.
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Thus, the current TRIP-maraging steel demonstrates itself as a successful case study of non-
autonomic healing steel. This steel is capable of retrieving its original microstructure and

mechanical property with the assistance of a post-deformation annealing treatment.

The microstructure of virgin sample Sy consists of o’ martensite, ygy and € martensite phases
(Figure 6.1a). ygy exhibits enrichment of Mn and depletion of Al, e.g. in accordance with the
elemental partitioning behavior during partial reversion of as-quenched martensite (Figure 7.1).
The deformation in Sy is proceeded in ygy via formation of SFs, mechanical twinning (Chapter 4)
and phase transformation (Figure 6.1), and in o’ martensite through multiplication of dislocations
(Figure 6.4). Due to the diffusionless character of mechanical induced phase transformation, the
deformation-induced o’ martensite also inherits the chemical composition of yy. Since the post-
deformation annealing temperature is also 600 °C, the ygy will also assume the same chemical
composition in Sy as in Sy (Figure 7.1, Figure 6.2a3). Thus, the inherited chemical composition
in deformation-induced martensite in deformed Sy would thermodynamically favor the formation
of yrv in Sy without assistance of long-range diffusion, e.g. yey Will be formed in the area
possessed by deformation-induced martensite (Figure 6.2a3). At the same time, the increased
dislocation density p of a’ martensite in 9.5% deformed Sy (24.46+8.91x10"> m™) is effectively
decreased to 17.44%3.55x10"° m™ in Sy, indicating a well retrieved defect structure in o’
martensite by non-autonomic healing. Meanwhile, although the particles coarsen from 356117

nm? in Sv to 430+187 nm” in Su1, 97% of yield stress 6y, is successfully retrieved (Figure 6.3).

Thus, following the proposed three criteria, first tensile test without initiating strain localization
was applied (criterion (1)), then a feasible post-deformation heat treatment was conducted (600 °C
8 h) (criterion (ii)), and the individual constitute restores its initial defect structure (criterion (iii)).

With the restored microstructure, the mechanical property is eventually retrieved, rendering the
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current TRIP-maraging steel as the first case study of non-autonomic healing steel. When this
kind of non-autonomic healing steels is subjected to other loading conditions, e.g. rolling, fatigue
test, retrieving original microstructure and mechanical property after appropriate post-

deformation annealing is also expected, thus promoting prolonged (or even infinite) service time.
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Chapter 7 Smaller is less stable: Size effects on twinning vs. transformation of reverted

austenite in TRIP-maraging steels °

7.1 Introduction

Besides a few works [153]—[155], the majority of the reports on the mechanical stability of
metastable austenite focus on grains size regimes larger than nanoscale, e.g. >~200 nm in
previous works [42], [148], [156]-[159]. However, a micro-mechanical understanding of the
transformation size effects within nanoscale sizes, e.g. the one present in the TRIP-maraging
steels, is critical for all steels containing nanoscale austenite grains, especially in providing
generalized guidelines to fine-tune microstructures such that phase transformation can be

activated over the entire deformation regime [160], [161].

Understanding the related microstructural factors and correspondingly control the austenite
stability has remained as a key issue in the literature for designing TRIP-assisted alloys. Previous
reports underline that the complexity arises due to the existence of various microstructural
parameters, e.g. crystallographic orientation [162], [163], grain size [164]-[167] and chemical
composition, etc. [165], [168], [169]. Additional micro-mechanical complexity of the problem is
introduced due to possible strong stress shielding and strain partitioning effects due to the
presence of surrounding hard phases [158], [170] which are intrinsically present in conventional
multi-phase TRIP steels. The study of size effects on phase transformation of ygy grains in TRIP-

maraging steels, however, overcomes these microstructural and micro-mechanical complexities.

% The main content of Chapter 7 is based on [35] M.-M. Wang, C. C. Tasan, D. Ponge, A. Kostka, and D. Raabe,
“Smaller is less stable: Size effects on twinning vs. transformation of reverted austenite in TRIP-maraging steels,”

Acta Mater., vol. 79, pp. 268-281, Oct. 2014.
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As will be demonstrated in detail later, this TRIP-maraging microstructure renders itself as a
model microstructure for studying purely size effects independent of the aforementioned
microstructural factors, and simultaneously reduces the aforementioned complex micro-

mechanical problem.

In this chapter, first the design strategy of the model TRIP-maraging steel microstructure is
presented. Then, the results of the in-situ and post-mortem deformation and microstructure

analysis are shown, discussed, and finally the conclusions are presented.

7.2 Results

7.2.1 Model microstructure design

First, the reverse transformation of o’ martensite back into ygy in the current TRIP-maraging steel
(Fe-9Mn-3Ni-1.4A1-0.01C, mass %) is calculated by Dictra software using TCFE7 and MOBFe?2
databases (Figure 7.1). Here, the growth of yzy and the accompanying elemental partitioning of
Mn/Ni/Al/Fe between o’ martensite and ygy after 1 h and 8 h annealing at 600 °C are presented.
After 1 h annealing at 600 °C, gy grows to roughly 100 nm thick and exhibits uniform chemical
composition. With increasing annealing time to 8 h, ygy grains grow further without changing the
chemical composition. Thus, as a guide for alloy design, to produce ygy grains with uniform
composition and with size scales measureable by EBSD measurements, reversion treatments

should be carried out for times longer than 1 h at 600 °C.
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Figure 7.1: Predicted reversion of o’ martensite back into yx~ in the current Fe-9Mn-3Ni-1.4A1-0.01C (mass %)
TRIP-maraging steel at 600 °C for 1 h and 8 h, and the corresponding elemental partition of Mn/Ni/Al/Fe,
simulated by Dictra using thermodynamic database TCFE7 and mobility database MOBFE2. Source: Image
from [35], Courtesy of Elsevier.

Next, the determined 600 °C annealing treatment is applied to the Fe-9Mn-3Ni-1.4A1-0.01C
(mass %) alloy. Prior to the reversion treatment, the microstructure consists of a single o’
martensite phase and all elements, e.g. Mn, Ni, Al, and Fe, are homogeneously distributed in the
microstructure (Figure 7.2a). No retained y phase or micro-segregation was detected within the
resolution limits of HR-EBSD and EDX in SEM. After 1 h annealing at 600 °C, thin layers of yex
grains were observed along the prior y grain boundaries and o’ martensite packet/block
boundaries (Figure 7.2b). After 8 h annealing, all lath martensite boundaries are also observed to
be covered by Yy grains (Figure 7.2c). Comparing the resulting microstructures in Figure 7.2b

and Figure 7.2¢, which represent the 2D sections of the microstructures, it can be seen that the
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annealing time has a direct influence on the continuity of the vy grain network and thus also on
the 3D morphology of yxy grains. The extended annealing treatment at 600 °C, e.g. after 8 h, leads
to the formation of a quasi-continuous Yy network along all martensitic boundaries, leaving
behind only limited gaps. In 3D, the austenite grains are nano-films that follow the complex 3D
network of lath martensite boundaries [171]. The predicted uniform chemical composition of yxx
grains by Dictra calculations is also experimentally confirmed, e.g. shown by SEM-EDX analysis
in Figure 7.2c and TEM-EDX analysis shown as inset in Figure 7.2c;. SEM-EDX measurements

did not reveal obvious partition of Ni between o’ martensite and ygy phase.

(a) as-quenched

Figure 7.2: .Microstructure evolution due to the reversion treatment characterized by HR-EBSD and EDX: (a)
at as-quenched state; (b) 600 °C 1 h sample; (c) 600 °C 8 h sample; (d) inverse pole figure map (IPF) of vy
grains in the same area as (c). Each EDX map is color coded by the count frequency of corresponding X-ray
signal received by EDX detector. EDX measurements of vy grains from TEM are shown as inset in Figure
7.2¢;. The area distribution of yxy grains is shown as inset in in Figure 7.2¢,. This area distribution of the
undeformed state is compared in Figure 7.6a to that of different deformed states. Source: Image from [35],
Courtesy of Elsevier.

Thus, the predicted microstructures consisting of martensite and vy grains with homogeneous
chemical composition are experimentally confirmed by EBSD and EDX. This point is essential in
order to clearly distinguish purely size effects (such as targeted here) from otherwise composition

dependent phenomena, i.e. with a situation where different austenite grains assume
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heterogeneous chemical composition. As shown by the inverse pole figure (IPF) in Figure 7.2d,
all ygy grains formed within one o’ martensite block, e.g. highlighted regions D;, D, and Dy,
exhibit the same crystallographic orientation (~1° misorientations). Hence, through the
application of a simple heat treatment (600 °C, 8 h), a model microstructure for studying size
effects on mechanical stability, independent of crystallographic orientation, chemical
composition, geometric orientation, and influence of second phase is achieved’. Thus, all the
following mechanical tests in this chapter were carried out on 600 °C 8h sample with the

optimized ygy grain size.

7.2.2 Deformation-induced microstructure evolution

Figure 7.3 shows the phase fraction evolution of ygy (green data points) and e-martensite (blue
data points) during the tensile tests as measured by in-situ (square) and post-mortem (triangle)
EBSD measurements. The EBSD phase maps obtained from these measurements are exhibited in
Figure 7.4. As schematically shown in the inset, the in-situ measurements are carried out on the
surface of a deforming sample, while the post-mortem measurements are conducted within the
bulk of a deformed sample. The EBSD measurements exhibits good correspondence with the
XRD measurements, as carried out both at the undeformed state (XRD, green cross data point)
and at the severely deformed state (SXRD, green plus data point). Both independent data sets
obtained from in-situ (i.e. surface) and post-mortem (i.e. bulk) EBSD analysis reveal that a
continuous decrease in Ygy fraction exists over the whole deformation process. To be more
specific, a drastic decrease is observed at the early stage of deformation (up to around €=3%) and

then it slows down during the later stage of deformation. The phase fraction of e-martensite

" This microstructure also allows study of crystallographic or geometric effects, e.g. D; vs. Dy or D, vs. Dj,

respectively. Geometric orientation means the geometric alignment of grains with respect to the loading direction.
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maintains almost constant over the whole deformation regime. Comparison of the in-situ and
post-mortem data sets (i.e. surface vs. bulk) demonstrates that possible surface effects during in-
situ measurements, e.g. roughed surface and different stress state, do not exert a significant

influence on the overall trend that is observed.
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Figure 7.3: Evolution of phase fraction (yxv in green, e-martensite in blue) in 600 °C 8 h sample during in-situ
(square data points) and post-mortem (triangle data points) tensile tests measured by HR-EBSD. Green cross
and plus data points represent the yxx fraction measured by XRD in the undeformed state and synchrotron X-
ray diffraction measurements obtained at the deformed state, respectively. All other data points were taken by
EBSD. Source: Image from [35], Courtesy of Elsevier.
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The trends and characteristics of the yzy phase transformation can be analyzed from the EBSD
phase maps from in-situ and post-mortem measurements, as shown in Figure 7.4a and Figure 7.4b,
respectively. Here, each map is an overlay of the yzy phase map (in green) and the corresponding
EBSD image quality map (in gray-scale). For the post-mortem measurements (probing different
areas with different strain levels), a magnified image was shown as inset for a more detailed

illustration of size effects on ygy stability.
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Figure 7.4: Evolution of yx phase during (a) in-situ (surface data probed) and (b) post-mortem (bulk data
probed) tensile tests. For the in-situ data set, two areas a-b are outlined and will be further analyzed in Figure
7.5. For the post-mortem data set, a magnified image is inserted for each map (TA: tensile axis). Source: Image
from [35], Courtesy of Elsevier.
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The vgy grains exhibit a heterogeneous size distribution at the undeformed state (Figure 7.4), as is
already shown in the phase maps in Figure 7.2c. According to the yyy grain size distribution
shown in Figure 7.2c,, more than 72% number fraction of the ygy grains are from 0.1 to 0.3 p,mz,
and ~28% number fraction of the yy grains are from 0.3 to 4.0 umz. These grain size dimensions
are also confirmed by HR EBSD measurements which were carried out at step size of 30nm,
imaging analysis from SEM-BSE and TEM-bright field imaging (not shown here). Hence,
according to their grain size, yey grains are classified into two groups, i.e. group I (0.1-0.3 pm?)
and group II (0.3-4 um?). After straining to £=2.3%, ~58% of group I yxy grains (as will be shown
later in Figure 7.6), i.e. small ygy grains, already transform into o’ martensite; while ~63% of the
Y grains in group II (as will be shown later in Figure 7.6), i.e. larger yzy grains, are not yet
transformed. These larger yzy grains (group II) exhibit higher resistance against transformation
into o’ martensite and remain untransformed in the microstructure even straining to €=5.0%. With
increasing deformation to €=16.0%, the evolving surface roughness deteriorates the image quality
and leads to difficulty in the EBSD measurements. Even then, 6% of the larger yzy grains
originally belonging to group II still remain untransformed in the microstructure, implying
unexpected higher mechanical stability against deformation-stimulated transformation. These
observations on the transformation size effect, namely, larger yey grains (group II: 0.3-4 pm?)
exhibit higher resistance against deformation-stimulated transformation than smaller ygy grains
(group I: 0.1-0.3 pm?), are consistent within the behavior of each y.y colonies in Figure 7.4.
Moreover, different yyy colonies (i.e. within different o' martensite blocks) exhibit relatively
different transformation rates, underling the effects of crystallographic orientation on the

mechanical stability.

This unexpected 'inverse' transformation size effect, i.e. a smaller yyy grain does not exhibit

higher mechanical stability against deformation-driven transformation, is also observed by post-
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mortem measurements. In order to exclude the influence of evolved surface roughness on EBSD
measurements during in-situ tests, post-mortem EBSD measurements are carried out. These
EBSD measurements are conducted on samples pre-deformed to different strain levels and then
re-polished after tensile deformation, i.e. probed from the bulk of the deformed samples.
Comparing the magnified insets taken for each strain level in Figure 7.4, it is clear that the
majority of the ygy grains remains untransformed up to high strain levels are larger yzy grains
(group II: 0.3-4 pm?). Again, an influence of crystallographic orientation on stability of Yy grains

1s also observed.

To unravel the reasoning for this unexpected 'inverse' transformation size effect, i.e. ‘smaller is
less stable’, two highlighted areas in the in-situ data set, areas a-b, are analyzed in more detail. To
be more specific, the aim is to understand the microstructural features that control the mechanical
stability of ygy (Figure 7.5). As shown by the IPF map, the yy grains in these two areas exhibit
different crystallographic orientations. For area-a, besides EBSD phase map, the corresponding
image quality map (IQ) and kernel average misorientation (KAM) maps of ygy grains are also
exhibited (Figure 7.5a). KAM is calculated as the average local misorientation of all neighboring
points (here to the 2" nearest pixel) to a given kernel. This accumulated lattice curvature value
serves as an index to indirectly represent the local defect density in the yey grains [172], [173]. In
order to eliminate the undesired contributions of pixels that stem either from the neighboring o’
martensite phase or from the abutting o’ martensite/yzy phase boundaries, misorientations higher
than 2° are excluded from the calculation. This means that the KAM measure is used here only

for the purpose of quantifying the generic defect density stored inside the ygy grains. In addition
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to the o’ martensite and the ygy phases, thermally-induced e-martensite is also observed prior to

deformation®.

TA e=0% e=2.3% 3. 7% £=5.0% £=16.0%

Figure 7.5: High magnification in-sifu images of the deformation sequence of two outlined areas in Figure 7.4a.
EBSD phase maps and inverse pole figure (IPF) with respect to tensile axis (TA) are provided for all areas,
except for area-a the image quality map (IQ) and KAM map of yxv grains are also provided. Source: Image
from [35], Courtesy of Elsevier.

As shown in Figure 7.5a, the yqy grains are formed along o' martensite lath boundaries and they
consist of smaller grains (group I: 0.1-0.3 um?) and larger grains (group II: 0.3-4 um?) at

undeformed state. In order to illustrate the size effects on phase stability, the ygy grains pertaining

¥ Alternative (electro-polishing based) sample preparation and the high confident index (CI) value of e-martensite
data points (CI>0.1) confirm that e-martensite is present in the microstructure after quenching from austenite
reversion treatment, and not due to improper sample preparation or to incorrectly indexed EBSD data points near

phase boundaries.
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to group I and group II are indicated by white solid arrows and white open arrows, respectively.
When comparing to Figure 7.4, the magnified maps more clearly demonstrate that up to a
nominal strain of €=2.3%, the local strain is preferentially accommodated by the smaller ygy
grains (marked by white solid arrows at e=0%,), as indicated by their early transformation to o’
martensite at low strain values. Larger ygy grains, as indicated by the white open arrows, however,
remain untransformed in the microstructure. These larger ygy grains also do not seem to be
significantly plastically deformed. This conclusion is obtained from the observation that no
significant changes in the intrinsic KAM values of these remaining larger ygy grains are observed
at this strain level. After increasing deformation to a nominal strain of £€=3.7%, the larger grains
(group II: 0.3-4 umz) still exhibits a limited decrease in overall ygy fraction, yet a gradual increase
in their intrinsic KAM values is observed. With further straining to €=5.0%, these larger ygy
grains (group II: 0.3-4 umz) still exhibit a negligible reduction in grain size and only partial
transformation into o’ martensite, but they do reveal a gradual increase in their intrinsic KAM
values. When samples are further strained to €=16.0%, only few of the larger yqy grains can still

be captured by the EBSD measurements and these grains exhibit very high intrinsic KAM value.

The evolution of grain average misorientation (GAM) values of the three highlighted larger Yz
grains is shown in Figure 7.6b. The GAM values are additionally adopted here to confirm the
aforementioned strain accommodation process revealed by the intrinsic KAM values. GAM is the
average misorientation between each neighboring pair of pixels within a grain. At the early stage
of deformation, as highlighted in grey area, larger yxy grains exhibit a slight increase in the GAM
value and only at higher strains, as highlighted in blue area, pronounced strain accommodation

via deformation occurs (Figure 7.6b).
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These results demonstrate that the majority of smaller yzy grains (group I: 0.1-0.3 umZ) already
transform into o’ martensite after small strain, i.e. € <2.3%. In contrast, the larger yyy grains
(group II: 0.3-4 um?), are firstly plastically deformed (¢<2.3%) and only after larger deformation
(2.3%<€<16%) gradually transform into o’ martensite. Careful investigation of area-b (with
different crystallographic orientations) also reveals the existence of an analogous transformation

size effect for yey grains.

While the size-dependent phase transformation behaviors of the ypy grains can already be
observed from the phase maps (Figure 7.4 and Figure 7.5), the transformation size effect is
further quantified and exhibited in Figure 7.6c. Here, the fraction of untransformed yqy grains
within individual grain size group, namely group I (0.1-0.3 um?) and group II (0.3-4 pm?), are
plotted with respect to the applied strain level. On one hand, each grain size group shows a
gradual transformation behavior over the whole deformation process. On the other hand, the
smaller grain size group (group I) exhibits faster transformation rate than the large grain size
group (group I)°. This is consistent with the observed phase evolution behaviors in Figure 7.4

and Figure 7.5, where larger yq\ grains show higher resistance against phase transformation.

? Note that the partial transformation of the ypy with larger grain size leads to the grain size reduction and therefore
results in the overestimation of the count of yzy with smaller grains. In other words, the size effect is even more

pronounced than shown here.
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Figure 7.6: (a) Evolution of the number of yxy grains within different grain size groups during deformation. (b)
Deformation behavior of larger (group II) yxv grains revealed by grain average misorientation (GAM)
evolution in the three grains indicated by white open arrows in Figure 7.5a. Smaller (group I) vz~ grains are
too small to form in-grain deformation substructures, thus no GAM is shown for them. (c) Quantitative
analysis of fraction of untransformed yxy during in-situ tension for smaller (group I) and larger (group II) yx~
grains. Source: Image from [35], Courtesy of Elsevier.

In order to unravel the deformation mechanisms and understand the phase transformation
behavior of vy grains in 600 °C 8 h treated sample, samples at undeformed state and deformed to

different strain levels, i.e. with 2% and 7% global strain, are investigated by TEM analysis
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(Figure 7.7). Here, STEM and TEM images together with corresponding TEM diffraction

patterns are presented.
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Figure 7.7: TEM observation of deformation mechanisms and phase transformation behaviors in 600 °C 8 h
annealed TRIP-maraging steel: (a) microstructure in the undeformed state; (b) microstructure after 2%
deformation; and (c) microstructure after 7% deformation; (d;) magnified images from b; and c;; (d,, d3)
reconstructed diffraction patterns from c, and c;, respectively. White circle represents the aperture applied
for corresponding diffraction. Source: Image from [35], Courtesy of Elsevier.
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At undeformed state, the microstructure consists of o’ martensite phase (with nano-particles) and
Yrx grains (without particles), as shown in Figure 7.7a. As revealed by bright field TEM images
(Figure 7.7a;), o’ martensite assumes bcc lattice structure (due to negligible carbon content) and
contains a considerable high amount of dislocations after 600 °C 8 h annealing. ygy grains, in
contrast, do not inherit the dislocation structures from o’ martensite and exhibit only minor

amount of stacking faults (SFs) (Figure 7.7a).

After globally straining to €=2%, smaller yg grains, e.g., the vy grain in Figure 7.7b,, are
observed to be deformed by motion of dissociated dislocations and formation of SFs. Since ygy
grains are free of precipitates, they can be easily distinguished from the o’ martensite matrix. In
most of these examined areas at this strain level, smaller ygy grains, e.g., the ygy grain in Figure
7.7b3, are observed to have already transformed into o’ martensite. These observations, where
smaller ygy grains have readily undergone phase transformation upon deformation, are consistent
with the previously presented EBSD results (Figure 7.4, Figure 7.5, Figure 7.6). In contrast, the
larger yry grains have developed a significant number of sub-boundaries, as highlighted by the
green and red rectangular in Figure 7.7b; and also magnified in Figure 7.7d;. These internal
interfaces divide the larger crystals into different counterparts, which exhibit different contrast
due to their mutual misorientation. This indicates that up to ~2% strain, larger yzy grains are
deformed by development of internal boundaries and the formation of SFs inside individual

counterparts.

During globally straining to €=7%, the deformation structures within ygy grains further evolve. As
shown in Figure 7.7c;, smaller ygy grains exhibit uniform contrast due to the cumulative
transformation to o’ martensite. Larger ygy grains, in contrast, are further divided into groups of

sub-grains which are mutually misoriented and exhibit non-uniform in-grain contrast, as shown in
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Figure 7.7d; (magnified image from Figure 7.7c¢,), Figure 7.7¢, and Figure 7.7c3. To understand
the intrinsic nature of the deformation-induced internal boundaries and the reasoning of the
observed contrast between sub-grains, selected area diffraction (SAD) analysis were conducted
for regions shown in Figure 7.7c, and Figure 7.7c3;. The corresponding diffraction patterns are

recreated and indexed in Figure 7.7d, and Figure 7.7d3, respectively.

The ygy grain shown in Figure 7.7c; exhibits a complex diffraction pattern, consisting of ygy spots
with streaks, yzy deformation twin spots as well as g-martensite spots (Figure 7.7d;). Therefore,
this observation strongly suggests that the straight boundary with bright contrast in yzy grain in
Figure 7.7¢c, is a nano-twin. The dark field image of another yyy grain, which is again split into
sub-grains by nano-twin, is shown in Figure 7.7c;. After applying dark field diffraction of spot
belonging to o’ martensite, the right portion of this ygy grain exhibits bright contrast, indicating
that the right side sub-grain has undergone phase transformation. The deformation-induced
martensite inherits the SFs structure in deformed yy sub-grain upon transformation. The left part
of this ygy grain, in contrast, still remains as an untransformed vygy grain and is deformed by

forming a high density of SFs (Figure 7.7d3).

These observations thus suggest the following strain accommodation process for the larger ygx
grains. First, mechanical nano-twins are initiated and the developed twin boundaries split the gy
grains into distinct sub-grains. Next, all counterparts are deformed to slightly different local strain
levels by formation of SFs, and only after sufficient internal strain accumulations, does individual
counterpart transform into o’ martensite. Thus partial transformation of the entire ygy grain takes
place in a stepwise manner. In other words, the overall deformation induced transformation in

larger v grains is delayed by the preceding deformation induced twinning.
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The presences of these nano-twins which seem to be the origin of the unexpected transformation
size effects cannot be observed by in-situ HR-EBSD measurements due to its limited resolution.
Thus in order to track the formation of the mechanical nano-twins during in-situ deformation, an
alternative higher resolution method is applied. To be more specific, the development of internal
boundaries within gy grains are captured using SE and ECCI images during in-situ 3-point

bending [174]-[176], as shown in Figure 7.8a and Figure 7.8b.

Figure 7.8: Investigation of the tension side of a sample during in-sifu 3-point bending experiments by (a)
secondary electron imaging, demonstrating the evolving surface morphology; and (b) electron channeling
contrast imaging (ECCI), demonstrating the appearance of twin boundaries, as indicated by red arrows.
Source: Image from [35], Courtesy of Elsevier.

As known from the EBSD measurements in Figure 7.2, the 600 °C 8 h annealed sample exhibits
a complex microstructure even at undeformed state. With straining, the change in channeling
conditions due to crystal rotations and shadowing due to surface roughening lead to difficulty in
microstructure mapping (Figure 7.8a, Figure 7.8b). Despite of these difficulties, the gradual
evolution of straight boundary segments, which appear with different channeling contrasts from
neighboring grains, are clearly observed in the larger yqy grains with straining. This phenomenon

is shown in the sequence of Figure 7.8b; (0% strain), Figure 7.8b, (1% strain) and Figure 7.8bs (4%
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strain) as highlighted by the red arrows. Furthermore, the morphology of these boundaries is
similar to those observed in Figure 7.7b; and Figure 7.7c,. Hence, the observed nano-twinning
mechanism found by TEM analysis is further confirmed by the in-situ 3-point bending

experiments.
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Figure 7.9: e-martensite formation analyzed by (a) EBSD phase map and IPF map with respect to the tensile
axis (TA) in the 600°C 8h sample, and (b) synchrotron X-ray diffraction measurements of the 600°C 8h/4h/1h
samples with different strain values. e-martensite diffraction peaks are not indexed together with yxv phase
and o’ martensite phase in the left part of Figure 7.9b due to their relatively low intensities. Instead, one 20
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angular regime (highlighted in pink) corresponding to e-martensite is magnified and shown on the right part
of Figure 7.9b. Source: Image from [35], Courtesy of Elsevier.

Besides yry and o’ martensite phase, a small amount of e-martensite, i.e. ~3 vol. %, is also present
in the microstructure at undeformed state (Figure 7.5). Upon straining, 6.2% of ygy grains are
transformed to o’ martensite phase in a direct manner. Only few vy grains (~1vol. %) transform
first to e-martensite phase. Only 0.7% of these yxy grains are further transformed to o’ martensite
phase with straining. This indicates that the mechanically-induced e-martensite assumes a high
resistance against further transformation. These phenomena are captured by in-situ EBSD
measurements, as demonstrated by a representative region cropped from Figure 7.4 and shown in
Figure 7.9a. Here, two Yy grains are indicated by white open arrow and white solid arrow,
respectively. The former is observed to transform readily into o’ martensite phase after straining
to 2.3%. The majority of the ygy grains are observed to transform in this manner during
deformation. The latter, in contrast, transforms first to e-martensite phase at a strain of 5.0%. This
grain prevails as e-martensite up to 16.0% strain and does not transform into o’ martensite phase

with further deformation.

The SXRD measurements also confirm the observed high mechanical stability of e-martensite.
To demonstrate these phenomena, peak profiles of samples aged for 8 h, 4 h and 1 h at 600 °C
measured from locations with known strain levels from DIC measurements are shown from
Figure 7.9b; to Figure 7.9bs, respectively. For each case, the peak profile of a 26 angular regime
containing a e-martensite peak (highlighted in pink) is magnified and shown on the right hand
side. It is observed that during deformation of all three samples, the e-martensite intensities vary

only within the experimental scatter.
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7.3 Discussion

The aim of this chapter is to systematically investigate size effects on mechanically-induced
phase transformations. For this purpose, a model microstructure with yy grain size distribution is
designed with support from DICTRA calculations. It is essential in the current approach that all
the ypy grains assume the same chemical composition, hence, the same thermodynamic stability.
Thus, the observed effects on mechanical stability are resulted from grain size and neighborhood
effects but independent of chemical composition. The discussion of the observed unexpected

size-dependence of the transformation behaviors is carried out following the sketch shown in

Figure 7.10.
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Figure 7.10: Schematic sketch of the size-dependent deformation and transformation behaviors in (a) group I
0.1-0.3 umz) small yrx grains; (b) group II (0.3-4 pmz) larger yrv grains. All ygy grains are initially surrounded
by o’ martensite matrix containing dislocations (T symbols) and nano-precipitates (dot symbols). The
deformation induced boundaries shown in Figure 7.10b, are mechanical twins; o’ martensite is nucleated at

SFs; SFs are also inherited into the final o’ martensite during the athermal phase transformation (not shown
here for better visual clarity). Source: Image from [35], Courtesy of Elsevier.
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Prior to deformation, all ygy grains exhibit a low SFs density and show a uniform in-grain
orientation spread (Figure 7.2d, Figure 7.7a;). Thus, yzy grains do not inherit the dislocation
structure from o’ martensite phase upon the reverse transformation. When considering this
phenomenon in conjunction with the accompanying partitioning of elements between o’
martensite and ygy phases (Figure 7.2), the reversion process occurred during 600 °C isothermal
holding is most likely controlled by a reconstructive phase transformation process. Before
transformation takes place, all ygy grains are firstly plastically deformed. The deformation is
observed to occur via accumulation of partial dislocations and formation of regular arrays of SFs
(Figure 7.7b;). Further deformation proceeds via massive multiplication of SFs (Figure 7.7c;).
Jaswon [177] originally proposes that the faults produced by dissociation of fcc Shockley partial
dislocations represent a bcc-related structure in fcc. Later Olson and Cohen [178] propose that
from this faulted structure in deformed fcc lattice, atoms can be further shifted into bcc positions
through a second shear mechanism. Thus, the SFs configurations in deformed vgy grains,
particularly when they intersect with each other, may potentially act as o’ martensite nuclei
(Figure 7.7c3). The athermal character of this mechanism is indicted by the fact that upon phase
transformation of the deformed ygy grains, the newly formed o’ martensite inherits the SFs

structure (Figure 7.7c¢3).

While this sequence describes the global transformation process observed in 600 °C 8 h reversion
treated sample, a pronounced size effect applies: for the smaller ygy grains (group I: 0.1-0.3 ;,Lmz),
the aforementioned process takes place after small amount of deformation, e.g. ~2% strain
(Figure 7.10a;-as); for the larger ypy grains (group II: 0.3-4 pm?), the in-grain deformation
proceeds in a more complex manner (Figure 7.10b;-bs). The formation of SFs in larger yxy grains

is typically accompanied by mechanical twinning process. Moreover, higher strains are
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compulsory for the onset of the o’ martensite transformation in larger ygy grains. These points are

discussed in more detail in the following.

The build-up of the in-grain deformation substructures, i.e. partial dislocations and nano-twins, in
larger ygy grains (group II) is indirectly indicated by (i) the strongly increasing GAM values from
in-situ EBSD measurements (Figure 7.6b); directly shown by (ii) the TEM analysis (Figure 7.7¢);
and (iii) the BSE imaging from the in-situ 3-point bending experiments (Figure 7.8). Identical
indications of such in-grain deformation substructures in the smaller y.y grains (group I), however,

are not observed.

Therefore, the transformation size effect is essentially attributed to the differences in the build-up
of in-grain deformation substructures in larger and smaller grains, i.e. a TWIP-type deformation
behavior is mainly prevailing in the larger e grains (group II: 0.3-4 um?®) and less activated in

smaller ey grains (group I: 0.1-0.3 pm?).

This associated mechanical twinning size effect, such as described here, is consistent with earlier
reports [179], [180]. The model of Mahajan and Chin [181] explains that nucleation of
deformation twins proceeds when fault pairs stemming from two split dislocations react
producing three Shockley partials on adjacent planes. For each stacking fault, the two associated
partial dislocations are separated due to the local repulsive force of such a configuration in
relaxed state. In the case of in-grain dislocation pile-ups, the partial spacing for one of the
dislocations can be reduced down to several nm, e.g. supported by the stress concentrations at the
tips of the pile-ups, such that it can glide on the adjacent slip plane. If a third fault pair now
reaches one side of such a double stacking fault embryo, the two partials that form the interface
of the double-layer fault can combine and move to the next adjacent layer and slip away. Thus,

the final step creates a 3-layer stacking fault arrangement. The Shockley partials on one side of
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the fault form an interface whose Burgers vectors sums to zero, immobilizing the interface under
the applied stress. Therefore the Shockley partials on the opposite side of the stacking fault are
free to move away from the interface. The subsequent growth of such newly formed twins
proceeds by the co-operative motion of the associated partial dislocations on successive {111}

planes [178].

The critical twinning stress in the model of Mahajan and Chin as described above is determined
by the force required to bring the internal partial dislocations of the two stacking faults to a

spacing below several nm.

As this critical step for mechanical twinning must be assisted by the stress concentrations at
dislocation pile-ups, a higher nominal twinning stress is needed for smaller yzy grains. The
underlying reason is that due to the long mean free path in larger v grains, large dislocation pile-
ups can be easily developed during straining. In contrary, in small y.y grains, respectively dense
pile-ups of dislocations can only be formed under higher mechanical loads. Thus, it is difficult to
achieve the critical twin nucleation stress in smaller Yy grains, e.g. only under higher nominal
stresses. This marks a size effect in terms of facilitated twin nucleation at small loads in large Yy
grains and at higher loads in small yxy grains. This effect explains the fact that mechanical twins

are less frequently observed in the smaller yqy grains (group I: 0.1-0.3 um?).

As measured by in-situ EBSD, the larger ygy grains (group II: 0.3-4 pm?) exhibit gradual increase
in GAM values, which indirectly imply the gradual build-up of complex and dense in-grain
deformation substructures therein (Figure 7.6b). In addition, the majority of these yqy grains
exhibit partial transformation behaviors, e.g. large ygy grains transform into o’ martensite in a
stepwise manner (Figure 7.5). Furthermore, it was directly observed by TEM analysis that

mechanical nano-twins are formed in larger grains and divide them into sub-grains (Figure 7.7¢)).



99

Each sub-grain is deformed individually by multiplication of SFs (Figure 7.7c;). After sufficient
strain accumulation, each compartment transforms into o' martensite eventually (Figure 7.7¢3). In
other words, these grains transform into o' martensite in a step by step manner and thus exhibit
higher overall mechanical stability. Similar consecutive effect of developed in-grain deformation
substructures on the phase transformation behavior is already indicated in previous works [182],
[183]. Leslie et al. [182] reported that the boundaries developed inside the austenite can increase
its stability against further phase transformation via hindering the growth of the martensite plates.
Masumura et al. [184] recently demonstrated that the variations in the developed deformation
microstructure resulted in different deformation induced martensitic transformation behaviors.
Nakada et al.[183] also reported that due to the generation of an anisotropic strain field associated
with deformation twinning, the occurrence of twinning may influence the selected variants for
deformation-induced martensite. In the 600 °C 8 h reversion-treated sample, the Mn content in
Yrx 18 @around 16% (mass %) (Figure 7.1), and both TWIP and TRIP mechanisms serve as active
deformation mechanisms. High Mn steels with similar Mn content are also reported to exhibit
existence of both TWIP and TRIP effects during deformation, but dominated by TRIP effect
[185]. Combining all these, it is proposed that the current chemical composition of Y.y grains
gives rise to a lower border where mechanical twinning could also be activated, e.g. specific SFE
value related deformation mechanism. Mainly in those larger yqy grains, mechanical twinning is
favored. This further leads to the build-up of a complex and dense deformation sub-structures.
These mechanical twins additionally modify the strain field anisotropy of yxy sub-grains and thus
restrict possible martensite variants selections for deformation-induced phase transformation,
leading to a delayed overall phase transformation process and higher overall phase stability in

larger ygy grains.
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Another transformation size effect is present for e-martensite. Previous reports often described -
martensite as an intermediate phase between the y and o’ martensite phase transformation [186],
[187]. In their material systems, the appearance of o’ martensite was often located at intersections
of e-martensite plates. However, in the current work, no intersections of e-martensite are
observed due to the small grain size. The high mechanical stability of individual e-martensite
zones is confirmed by the in-situ EBSD measurements (Figure 7.5, Figure 7.8a) and also further
by the SXRD data (Figure 7.8b). Hence, it is observed that in the current TRIP-maraging steel
small grains (<4.0 pm?) with e-martensite are stable against further transformation into o’

martensite.

Considering these points, it is proposed that a size-dependent competition between
transformation and twinning behaviors in the ygy grains exist in the current TRIP-maraging steel.
Due to associated size effect in the TWIP behavior, twinning is mainly activated in larger vz
grains (group II) and less favored in smaller ypy grains (group I). In the larger ygy grains, the
mechanical nano-twins and arrays of partial dislocations jointly lead to the progressive
development of pronounced in-grain deformation substructures. Higher strains are necessary for
initiating martensitic transformation. After stepwise transformation of all sub-grains, the
complete transformation of these grains into o’ martensite is finished. For smaller ygy grains, no
indication of such a process is observed. Smaller vy grains are deformed as a unit by
multiplication of SFs. Then phase transformation takes place readily after small amount of
deformation. Therefore, a coupled size effect in terms of both TWIP and TRIP effects in g
grains is present in the current 600 °C 8 h reversion-treated alloy. This leads to the unexpected
‘smaller is less stable’ phenomenon which is consistently explained as a transformation size
effect. As underlined in the introduction of Chapter 7, the present size effect will also be

influenced by other microstructural factors, e.g. chemical composition, crystallographic
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orientation, defect structure and neighboring phases, etc.. Therefore, under the influence of these

factors, different size effects can be expected in other TRIP-assisted nanostructured steels.
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Chapter 8 Further microstructure and mechanical property optimizations via cold rolling

of as-quenched martensite

8.1 Introduction

As systematically studied in Chapter 4 and Chapter 7, the enhanced mechanical properties therein
are linked to the dynamic nature of the strain partitioning between the martensite and austenite
phases, which itself arises due to a size dependent competition between mechanically-induced
martensitic transformation and mechanical twinning mechanisms in austenite [35]. In this chapter,
a practical approach is proposed to make use of this size dependence and to achieve further

enhanced mechanical property combinations.

The employed strategy is as follows: to achieve a wider austenite grain size distribution, it is
required to introduce a distribution of nucleation sites for austenite in the martensite
microstructure, e.g. sites with different nucleation energy barriers. The nucleation energy barrier
associated with the reversion of martensite to austenite consists of three energy components [15],
[188]-[191], namely the change in chemical free energy, interfacial energy or defect energy. The
first energy component, i.e. the change in free energy, arises from the difference in chemical
compositions and atomic arrangements between austenite nucleus and martensite [190]. The
second energy component, i.e. the change in interfacial energy, is determined by the net
interfacial energy differences between the original martensite/martensite boundary, the newly
formed austenite/martensite interface and the austenite/austenite interface (if an internal boundary
exists in the nucleus) [15]. The final energy component, i.e. the change in defect energy, is the
gain in elastic energy since the highly elastically strained martensite is replaced by the austenite
nucleus with high packing density [15]. In the current reversion treated lath martensitic steels, it

is shown that (i) the reversion of martensite to austenite is a diffusion-controlled process and the
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reverted austenite grains exhibit minor defects; and (ii) the reverted austenite and martensite
exhibit a K-S (Kurdjumov-Sachs) orientation relationship at least along one side of the
boundaries. Thus the decisive parameter in introducing differences in nucleation energy lies in
controlling the character of martensite boundaries, e.g. nucleation along high angle martensite
boundary would lead to high gain in both interfacial energy and defect energy. This is already
observed in Chapter 4. During the short time annealing of as-quenched martensite at 600 °C,
reverted austenite grains are mainly formed along prior austenite grain boundaries, martensite
packet/block boundaries, e.g. with high misorientations. With longer annealing time, reverted
austenite grains are also formed along martensite lath boundaries, e.g. with low misorientations.
Thus, modifying distribution of martensite boundaries would efficiently lead to diverse

nucleation sequences for reverted austenite.

It is well-known that cold deformation could introduce a spatial distribution of boundaries with a
range of misorientations in the microstructure, e.g. shear bands, lamellar boundaries with
geometrically necessary dislocations, and cell boundaries with statistically distributed
dislocations, etc. [192]—-[195]. Therefore, in this chapter, the aim is to modify the distribution of
boundaries in lath martensite by cold rolling, and thus adjust the nucleation barrier for austenite
and therefrom develop an optimized microstructure with a dispersed grain size of reverted
austenite. At relevant points in the results and discussion, the microstructure and mechanical
response of the original nanolaminate martensite-reverted austenite steel (Chapter 4) will be

referred to and compared.

In the following, first the influences of cold rolling on the martensite microstructure and the
subsequential austenite reversion process are presented. Then the mechanical properties of the

reversion-treated cold-rolled martensite are examined and the microstructure evolutions during
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deformation are demonstrated. In the end the relationships between the microstructure and
mechanical properties in reversion-treated cold-rolled martensite are discussed and conclusions

are drawn.

8.2 Results

8.2.1 Microstructure evolutions during processing

The as-quenched microstructure and the cold-rolled microstructure are characterized by light
optical micrograph and EBSD phase map with overlay of image quality map in Figure 8.1. At as-
quenched state, the microstructure consists of o’ martensite phase (phase in red) (Figure 8.1a,)
and boundaries in the microstructure include prior austenite grain boundaries, martensite
packet/block/lath boundaries (Figure 8.1a;). After cold rolling, the deformed microstructure is

characterized by a’martensite phase with numerous amounts of deformation bands (Figure 8.1b;-

by).
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Figure 8.1: Microstructure of (a) as-quenched martensite; (b) cold-rolled martensite, as characterized by (1)
light optical micrograph; (2) EBSD Phase map with overlay of image quality map.

The influence of cold rolling on distribution of boundaries in the microstructure is demonstrated
in Figure 8.2. The distributions of boundaries in as-quenched martensite and cold-rolled
martensite are plotted in Figure 8.2a; and Figure 8.2b,, respectively, where boundaries with 2°-15°
misorientations, e.g. low angle boundaries, are in blue, and boundaries with 15°-180°
misorientations, e.g. high angle boundaries, are in white. Compared to the as-quenched o’
martensite (Figure 8.2a;), cold-rolled martensite contains not only a higher density, but also a
wider spatial distribution of high angle and low angle martensite boundaries (Figure 8.2b;). The

difference in density and spatial distribution of martensite boundaries can be clearly seen by
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comparing the two magnified images shown in Figure 8.2a, and Figure 8.2b,, and the plotted

martensite boundary distribution in Figure 8.2c.

—— (Cold-rolled martensite
—s— As-quenched martensite

0

10 20 30 40 50 60
Misorientation angle (degrees)

Figure 8.2: Distribution of boundaries in (a;, a;) as-quenched martensite; (b;, b,) cold-rolled martensite, as
characterized by EBSD measurements. (¢) Quantified distribution of boundaries in martensite.

Based on the starting state of the microstructure (as-quenched: AQ, cold-rolled: CR), the
annealing time at 600 °C and the microstructural constitutes (martensite: M, austenite: A), in the

following of Chapter 8, samples are named as listed in Table 8.1.



107

Table 8.1 Sample abbreviations based on the starting state of the microstructure (as-quenched: AQ, cold-
rolled: CR), the annealing time at 600 °C and the microstructural constitutes (martensite: M, austenite: A).

Annealing time @ 600 °C Microstructure prior to annealing
As-quenched martensite Cold-rolled martensite

0 min Mao) Mcr)
10 min M-A(CR+10min)
30 min M-A (CR+30min)

Lh M-Aao+in M-Acrein

4h M-Aa0+an)

8h M-Aagqsh)

The influence of the density and distribution of martensite boundaries on the subsequential y
reversion process at 600 °C is demonstrated in Figure 8.3. Here, EBSD phase map for M-
Aag+iny, M-Aag+an) and M-Aaq+sn) (Figure 8.3a;-a3), phase map (Figure 8.3b;-bs) and y grain
size map (Figure 8.3c;-c3) for M-Acr+10min)y M-A(Cr+30min) and M-Acr+1n) are presented. In vy
grain size map, each grain is color coded (from blue to red, rainbow code) by its grain size, e.g. y

grains in red are larger than those in blue.

For the as-quenched martensite, y reversion takes place first along martensite packet and block
boundaries (Figure 8.3a;), then also long martensite lath boundaries (Figure 8.3a;) and nano-films

of y eventually grow thicker after 8 h annealing (Figure 8.3a3).

Due to the higher density and spatial distribution of martensite boundaries in cold-rolled
martensite, a different y reversion process is observed. After 10 min annealing, reverted y grains
are formed in the microstructure (Figure 8.3b;). Comparing with the distribution of martensite
boundaries at cold-rolled state (Figure 8.2b;, b,), it is clear that reverted y grains are
preferentially formed along high angle martensite boundaries, e.g. shear bands, in M-A Rr+10min)-
The preferred nucleation behavior of y grains along high angle boundaries is consistent with that
of as-quenched martensite (Figure 8.3a;). During further annealing to 30 min, these y grains

along high angle boundaries continue to grow while more y grains are observed to nucleate along
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boundaries with relatively lower angle misorientations (Figure 8.2b,;, Figure 8.3b,). Due to the
difference in nucleation sequences and thus time available for grain growth, y grains along high
angle boundaries assume larger grain size than that along low angle boundaries M-A cr+30min)
(Figure 8.3c;-c). This process proceeds with further annealing. Eventually after 1 h, majority of
martensite boundaries are decorated by reverted y grains (Figure 8.3c3). Comparing with M-
Acr+10miny (Figure 8.3c;) and M-A cr+3ominy (Figure 8.3c,), reverted y grains assume an overall

larger grain size in M-A cr+1n).

Thus, for both as-quenched martensite and cold-rolled martensite, high angle boundaries promote
earlier nucleation of y grains over low angle boundaries. Moreover, the high density and spatial
distribution of high and low angle boundaries in cold-rolled o’ martensite leads to a size

distribution of y grains after 1 h annealing at 600 °C.
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Figure 8.3: (a) Phase map for (1) M-Aaq+1ny; (2) M-AxQianys (3) M-A(ag+sn)- (b) Phase map and (c) y grain size
map for (1) M-Acr1omin; (2) M-Acre3ominy; (3) M-Acr+1ny, as characterized by EBSD measurements. M-
A@ug+n: 600 °C 1 h annealed as-quenched o’ martensite; M-Ayg.ny: 600 °C 4 h annealed as-quenched o’
martensite; M-Aq.sn): 600 °C 8 h annealed as-quenched o’ martensite; M-A cr+10miny: 600 °C 10 min annealed
cold-rolled ¢’ martensite; M-A cgi3ominy: 600 °C 30 min annealed cold-rolled o’ martensite; M-A cg.1n: 600 °C
1 h annealed cold-rolled o’ martensite.

The influence of pre-straining of martensite on the y reversion kinetics is shown in Figure 8.4a. It
can be seen that Mcg) exhibits significantly higher y reversion kinetics than M(,q), 1.€. higher y
fraction is observed for the former after the same annealing period at 600 °C. The size

distribution of y grains in sample M-Acr+1n is also quantified and plotted together with the width
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distribution of y nano-films in sample M-Asqg+sn) in Figure 8.4b. In sample M-Aaq+gn), majority
of the y grains have widths smaller than 0.3 pm (green curve in Figure 8.4b). In contrast, sample
M-A(cr+1n) exhibits a broader y grain size distribution (black curve in Figure 8.4b). Thus, as
aimed, a broader size distribution of y grains is successfully developed from cold-rolled

martensite.
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Figure 8.4: (a) Evolution of reverted y fraction during 600 °C annealing of Mg, and Myq). (b) Size
distribution of reverted y grains for M-A ,q.sn) and M-A g1 Mag): as-quenched martensite; Mcg,: cold-
rolled martensite; M-Aqsny: 600 °C 8 h annealed as-quenched o’ martensite; M-Acgeny: 600 °C 1 h
annealed cold-rolled o’ martensite.

8.2.2 Mechanical response

To assess whether the successfully realized microstructure design strategy positively enhances
the mechanical properties as planned, the mechanical properties of sample M-Acr+iny are
compared with sample M-Aaq+sn) in Figure 8.5. Sample M-A cr+1n) exhibits a yield stress o2 of
870 MPa, ultimate tensile stress of 1110 MPa, and uniform elongation of 17.1%, corresponding
to 31% increase in 6p2, 23% increase in ultimate tensile stress and maintained uniform elongation
comparing with sample M-A aq.sn) (Figure 8.5a). The DIC-based strain measurements also reveal

that M-Aaqg+sh) and M-A cr.1n) exhibit comparable post-necking deformation capability, i.e. with
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similar amount of accumulated strain between stage of strain localization and last stage prior to

failure.
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Figure 8.5: (a) Engineering stress strain curve for M-Ao.¢ny and M-Acg.1n; (b) Mechanical property
summary of sample M-A 4g.sn), Sample M-A ¢g.1ominy Sample M-A ¢gr,30miny and sample M-A cr.in) M-A s g18n):
600 °C 8 h annealed as-quenched &’ martensite; M-Acgri1ominy: 600 °C 10 min annealed cold-rolled o’
martensite; M-A cr30miny: 600 °C 30 min annealed cold-rolled ¢’ martensite; M-A cg.1ny: 600 °C 1 h annealed
cold-rolled o’ martensite.

The mechanical properties of sarnple M'A(CR+10min), M'A(CR+30min), M'A(CR+1h) and M-A(AQ+gh) are
summarized in Figure 8.5b. It is clear that after 1 h annealing of cold-rolled martensite, sample
M-A cr+1ny exhibits improved mechanical properties compared to the 8 h annealed as-quenched

martensite (sample M-Aag+sn)). Thus, the proposed strategy is proven to be effective.

The strain hardening behaviors for M-Aaq+sn) and M-A cr.1n) are shown in Figure 8.6a. It is clear

that M-Acr+1n) (black curve in Figure 8.6a) exhibits an enhanced strain hardening behavior
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during later stage of deformation, i.e. above €=0.07. Based on the strain hardening behavior in
Figure 8.6a, the deformation process of sample M-Acr+in 18 divided into three stages, namely
stage i-early uniform (£<0.07), stage ii-late uniform (0.07<e<0.14), and stage iii-post-necking
deformation stages (€>0.14). To indicate the deformation and phase transformation behaviors of y
grains within regimes from Figure 8.6a, two datasets are plotted in Figure 8.6b: (i) the kernel
average misorientation (KAM) in y (red data points); and (ii) the y fraction (blue data points).
KAM is the average misorientation of all neighboring points with respect to a given kernel (here
2" neighbor, all points in kernel) [196]. To exclude the influence from neighboring grains or
boundaries, misorientations higher than 5° are excluded from the calculations. Here KAM is used

as an index for assessing accumulated plasticity in deformed y grains.
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Figure 8.6: (a) True stress strain curve and strain hardening curve for M-Aqg.sny and M-Acgimy; (b)
evolution of y fraction (blue data points) and kernel average misorientation (KAM) in y (red data points)
during deformation of M-A cr+1n), as measured by EBSD. M-Aq.sn: 600 °C 8 h annealed as-quenched o’
martensite; M-A cr.in: 600 °C 1 h annealed cold-rolled @’ martensite.
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8.2.3 Deformation micro-mechanisms
To understand the deformation micro-mechanisms associated with the new strategy, the

microstructure evolutions during deformation of M-A cr+1n) are investigated next in detail.

The internal structures of o’ martensite and reverted y in M-Aaq+sn Wwere systematically
characterized in detail by EBSD, TEM, ECCI and synchrotron X-Ray diffraction (SXRD)
analysis (Chapter 4, Chapter 7). In M-A aq+sn), @’ martensite is characterized by dislocations and
nano-precipitates, while reverted y grains are precipitate-free and contain minor amounts of
stacking faults (SFs) prior to deformation. Based on the similarity of sub-structural features and
deformation mechanisms in M-Acr+1n), the characterization of M-A cr+1n) 1S carried out mainly
by ECCI, supported by EBSD based KAM and deformation texture analysis '°. The latter two are
especially useful indicators since deformation in y (i) proceeds via multiplication of defect
density and thus increased lattice curvature due to deformation would be reflected as an increase
in KAM value; and (ii) is accommodated by motion of partial dislocations, i.e. with 1/6<11-

2>{111} slip systems, leading to a gradual build-up of {111}//TA (tensile axis) texture.

The analysis start from the undeformed state, where the microstructure of sample M-Acr+in)
consists of o’ martensite (phase in red) and reverted y grains (phase in green), as shown by EBSD
phase map in Figure 8.7a;. Reverted y grains in M-A cr+1n), as highlighted by yellow outlines in

Figure 8.7a; and a3, contains minor amount of stacking faults (SFs) and does not inherit stored

% Due to the same annealing temperature applied to obtain M-Aaq+sn) and M-A g+, 1.6. 600 °C, it is expected that
reverted y grains in both samples assume the same chemical composition (Chapter 7), e.g. similar stacking fault
energy (SFE) [184], [186]. And thus deformation of vy is expected to take place via activation of similar mechanisms,

e.g. by formation of SFs, mechanical twinning and deformation-induced phase transformation.
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dislocations from cold-rolled martensite. o’ martensite matrix is characterized by precipitates and

dislocations (Figure 8.7a3).

During stage i-early uniform deformation regime (£<0.07), the strain hardening rate decreases
after yielding (Figure 8.6a). ~15% vy grains transform into o’ martensite and remaining y grains
exhibit slight increase in KAM value up to &€=0.05 (Figure 8.6b). Reverted y grains, as
highlighted by yellow outlines, are deformed by motion of partial dislocations and formation of
SFs (Figure 8.7by-bs). SFs within some y grains are observed to be aligned along different

orientations and thus divide y grains into distinct counterparts.
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Figure 8.7: Microstructure evolution during deformation of sample M-A cg.ny at (a) £=0; (b) £=0.05; (c)
£=0.07; (d) £=0.13, as characterized by (1) EBSD phase map; (2, 3) ECCI. M-A cg+my: 600 °C 1 h annealed
cold-rolled o’ martensite.

Stage ii-late uniform deformation regime is characterized by the appearance of a strain hardening
plateau from £=0.07 to €=0.12, and then a decrease in strain hardening rate up to £=0.14 (Figure
8.6a). During stage ii, ~14.5% vy transforms into o’ martensite and a continuous increase in KAM
value in remaining y grains is observed (Figure 8.6b). Thus accompanying the significant

activation of phase transformation, remaining y grains also exhibit pronounced plasticity. In fact,
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at the onset of the strain hardening plateau, i.e. €=0.07 (Figure 8.7¢,-c3), v grains are observed to
contain denser SFs arrangements than at €=0.05 (Figure 8.7b,-bs). This is also in accordance with
the built-up of {111}/TA texture component in remaining y grains after straining to &€=0.07
(Figure 8.8a;-a3). The {111}//TA texture in y is maintained with further straining (Figure 8.8a4).
Meanwhile martensite always maintains the {110}//TA rolling texture during tensile deformation
(Figure 8.8b;-bs). Within y grains, a size-dependent deformation behavior in terms of in-grain
structure is observed (Figure 8.7¢;, c3). On one hand, small y grains tend to be deformed as a unit
(Figure 8.7¢,) while larger y grains are generally subdivided into segments with several sets of
SFs structure (Figure 8.7c3). On the other hand, smaller y grains exhibit an overall denser
arrangement of SFs than larger y grains, e.g. comparing Figure 8.7c; with Figure 8.7c,. This size-
dependent deformation behavior evolves with further straining. At €=0.13, most small y grains, in
which no SFs can be resolved anymore, transformed into o’ martensite (Figure 8.7d;). On the
other hand, large y grain is observed to be densely covered by SFs in each segment (Figure 8.7d3).
Moreover, the in-grain contrast within one large y grain indicates that each part has undergone
deformation or also phase transformation individually (Figure 8.7ds3). The partial transformation
behavior of large y grains in M-A cr+1n), 1.€. the observation that the large y grain is first split into
sub-grains and then each sub-grain transform individually, is in consistence with the observations

in M—A(AQ+8h) (Chapter 7)
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Figure 8.8: Evolution of IPF texture with respect to tensile axis for (a) y; and (b) martensite at (1) £e=0; (2)
£=0.05; (3) £=0.07; (4) £=0.13, during deformation of M-A cgy1n)y M-Acrin: 600 °C 1 h annealed cold-rolled o’
martensite.
8.3 Discussion
Without cold-rolling, the initial microstructure prior to reversion is as-quenched martensite,
which consists of martensite packets, blocks and laths (Figure 8.1a;-a;) (Chapter 4). These
characteristic martensite boundaries do not exist in the microstructure anymore after cold rolling
(~70% thickness reduction). In contrast, cold-rolled martensite contains numerous deformation
boundaries in the microstructure, since cold rolling is accommodated in the microstructure by
multiplication and rearrangement of dislocations into different sub-structures (Figure 8.1b;-b,)
[192]. Comparing to the as-quenched martensite, which mainly contains boundaries with either
high angle misorientation (above 45°) or low angle misorientation (below 15°), cold-rolled

martensite contains a continuous distribution of all boundaries in terms of their misorientation

angle (Figure 8.2).

The difference in distribution of martensite boundaries subsequently lead to a different reversion
processes in as-quenched martensite and cold-rolled martensite (Figure 8.3). Comparing with low

angle boundaries, reverted y grains are preferentially formed along high angle boundaries during
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annealing at 600 °C, indicating shorter incubation time for y along high angle martensite
boundaries (Figure 8.3a;-a;, Figure 8.3b;-bs). As reported by Raabe et al., the reversion of
martensite to y takes place via two steps: (i) elemental segregation into martensite boundaries and
(i1) transformation of these decorated boundaries into y phase via nucleation and growth
processes [15]. The tendency of elemental segregation towards a boundary is highly dependent
on the boundary character, e.g. boundaries with high angle misorientations exhibit higher
boundary enrichment factor than boundaries with lower angle misorientations [47], [197]. Even
in the case of equally decorated boundaries, e.g. boundaries assume identical chemical
composition, the difference in boundary character would also subsequently lead to different vy
nucleation barrier therein, e.g. boundaries with higher angle misorientations (higher
martensite/martensite interfacial energy) tend to decrease the y nucleation barrier. Thus
boundaries with higher angle misorientations promote both higher tendency of elemental
segregation and lower y nucleation barrier. Due to the existence of only high angle martensite
boundaries (above 45°) and low angle martensite boundaries (below 15°), relatively longer
annealing time at 600 °C is required to form nano-films of interlath y along majority of lath
martensite boundaries, e.g. 8 h (Figure 8.3a3). In contrast, due to the continuous distribution of
boundaries in cold-rolled martensite, a continuous nucleation and growth process is obtained, as
indicated by the evolution of y grain size distribution in cold-rolled martensite (Figure 8.3c;-c3)
and quantitatively shown for sample M-Aqg+shy and M-Acr+iny (Figure 8.4b). Eventually, a
dispersed size distribution of y grains is obtained in sample M-A(cr+1n) (Figure 8.3c3, Figure

8.4b).

The growth of y nucleus is accompanied by elemental partitioning from martensite, and thus is
controlled by the diffusion rate of corresponding elements across the microstructure, e.g. via

stored dislocations in martensite (Chapter 4). Cold rolling (~70% thickness reduction)
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significantly results in high stored dislocation density [195], [198], [199] and a faster growth rate
of reverted y in cold-rolled martensite than as-quenched martensite, e.g. comparing the y grain
size in sample M-A cr+in) (Figure 8.3b3) with M-Aaq+1n) (Figure 8.3a;). Due to the existence of
high density martensite boundaries and high stored dislocation density, the combined high y
nucleation rate and growth kinetics in cold-rolled martensite lead to an accelerated reversion

kinetics than as-quenched martensite (Figure 8.4a).

To achieve the goal of enhancing overall mechanical properties via the current strategy, it is also
essential to control the structure of martensite. In this context, possible recrystallization of
martensite during annealing due to the stored high strain energy in cold-rolled martensite is
undesired. Recrystallization in deformed microstructure is carried out by formation of new strain-
free grains and their growth to consume other deformed or recovered microstructure [200]. Thus,
occurrence of recrystallization in cold-rolled martensite during annealing would lead to
uncompensated loss of strength in martensite. In relevant works on cold-rolled medium Mn steels,
the occurrence of recrystallization in martensite leads to the formation of ‘soft’ ferrite during the
reversion treatment [201]-[203]. During tensile testing, the yielding of ‘soft’ and almost
dislocation-free ferrite leads to a discontinuous yielding behavior and appearance of Liiders band
on the tensile specimen surface [201]-[203]. In the current cold-rolled martensite,
recrystallization of martensite does not take place during the 600 °C annealing (Figure 8.7a;-ay).
The suppression of recrystallization during 600 °C isothermal annealing of the current cold-rolled
martensite can be attributed to two reasons. On one hand, as a result of the small elastic misfit
between the intermetallic particles and martensite, a high homogeneous nucleation rate exists for
these particles, and these precipitates in turn restrict the motion and interaction of dislocations in
the martensite [46]. On the other hand, the nucleation of reverted y along boundaries hinder the

motion of boundaries, and the growth of strain-free y grains lower the stored strain energy in the
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deformed structure, thus consuming prerequisites for recrystallization [204]. As a result,
recrystallization of martensite is suppressed and considerable amount of dislocations are

preserved in the martensite after 600 °C isothermal annealing.

Compared to M-Aag+sh), M-Acr+1n) €xhibits a higher yield stress o, ultimate tensile stress UTS
and maintained uniform elongation (Figure 8.5a-c). The yielding of martensite-reverted y
microstructure occurs via yielding of ‘soft’ phase y, which is influenced by vy fraction, the
deformation behavior and stability, etc. [205]. Sample M-A aq+sh) and sample M-A cr+1n) contain
similar amount of vy, e.g. 37% for the former and 42% for the latter. For both cases, it is observed
that y is deformed by formation of SFs prior to deformation induced phase transformation (Figure
8.7) (Chapter 4, Chapter 7). As reported by Sugimoto et al., the stability of austenite is also
influenced by the hydrostatic pressure from the surrounding second phase, e.g. a lower
hydrostatic pressure would be exerted on retained austenite from ferrite than from bainite [153].
Thus, higher hydrostatic pressure on 7y is expected in sample M-Acr+in) than in sample M-
A(aq+sh), due to (1) the highly elastic strained lattice of cold-rolled martensite; and (ii) higher
stored dislocation density after shorter time isothermal annealing. Therefore, due to the
substantial ‘shielding’ effect from the surrounding martensite, higher external stress is required in
sample M-Acr+in) to initiate deformation of y grains, i.e. yield stress is higher in sample M-

A(CR+1h)-

The reasoning for enhanced ultimate tensile stress UTS, uniform elongation and strain hardening
behaviors in sample M-Acr+in are interlinked with each and are resulted from the interplay
between the deformation and phase transformation processes in the microstructure. In the

following, these processes will be analyzed in detail.
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The strain hardening behavior of M-Acr+1n) 1S determined by the individual hardening behavior
of martensite and vy, and the strain partitioning behavior therein. The hardening of martensite
arises from multiplication of dislocations and their interaction with precipitates, etc. The
hardening of reverted y mainly consists of two parts, namely strain hardening due to formation of
SFs, and phase transformation into martensite. In sample M-Aq+sn), it 1s observed that
martensite enter plasticity regime during late stage of uniform deformation, e.g. €>0.05. Here due
to the fact that martensite in M-Acr+1n) assumes much higher strength, it is expected that the
contribution of martensite to strain hardening during early uniform deformation regime (stage 1)

is not significant [202], [206], [207].

At undeformed state, the microstructure of M-Acr+1ny consists of o’ martensite and reverted y
(~42% volume fraction) (Figure 8.7a;). Preceding transformation into o’ martensite, y grains are

deformed by motion of partial dislocations and formation of SFs (Figure 8.7b;-b,).

During stage i, ~15% v transforms into o’ martensite (Figure 8.5d) and remaining y grains are
only slightly deformed (Figure 8.7b,-bs), e.g. limited strengthening effect from accumulated SFs
within remaining y grains is present. The significant transformation of y alone cannot cease the

continuous decrease in strain hardening rate after yielding during stage i (Figure 8.6a).

During stage ii, in addition to the significant amount of phase transformation, remaining y grains
are also profoundly deformed, thus being able to terminate the decrease in strain hardening rate
and leads to the formation of a strain hardening plateau (Figure 8.6a-b). The appearance of the
strain hardening plateau is attributed to the dynamic strain partitioning process which arises from
two factors (1) orientation relationship between martensite and vy; (i) size effect of y. On one hand,
as a result of plastic deformation, a {111}//TA texture is gradually built-up, e.g. from &=0, to

€=0.05, and to €=0.07 (Figure 8.8a;-a3). Since martensite exhibits a {110}//TA rolling texture
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(Figure 8.8b;-by), a gradual built-up of {111}//TA texture in y implies a progressive alignment of
slip systems between martensite and vy, and thus an easier transfer of slip/plasticity from vy to
martensite, e.g. improved deformation compatibility across phase boundary with deformation
[162], [208]. Thus, from €=0.07 onwards, the contribution of martensite plasticity to the overall
strain hardening becomes significant. On the other hand, a size-dependent deformation and
transformation behavior exists within y grains. While small y grains tend to be deformed as a unit,
large grains are preferentially divided into sub-grains and each sub-grain is deformed in an
independent manner. At the same strain level, small grains contain denser SFs than larger grains.
Since SFs in deformed y grains act as nucleation sites for o’ martensite, deformed y grains with
sufficient accumulation of SFs would transform to o’ martensite with further straining (Chapter 7)
[177], [178]. As a result, small y grains transform into martensite after relatively small amount of
deformation and larger y grains undergo partial phase transformation in a stepwise manner
(Figure 8.7by-bs, cp-c3). The size effect on mechanical stability of y is consistent with that in M-
Aag+sn (Chapter 7). In M-Aaqq+sn), due to the Hall-Petch effect, twinning is preferentially
initiated in larger grains (0.3-4 um?), ie. with lower twinning stress. As a result of the
competition between size-dependent TWIP and TRIP effect, larger y grains (0.3-4 um?) exhibit
higher overall mechanical stability than smaller y grains (0.1-0.3 um?). The formation of nano-
twin boundaries in vy is also captured in M-Acr+1n), €.2. as indicated by dashed lines in Figure
8.7ds. Thus, it is expected that y grains would exhibit higher overall mechanical stability in M-
A(aq+sh), €.2. ¥ grains with a dispersed and larger overall grain size. Due to the formation of nano-
twin boundaries and the resulted partial transformation behavior of large grains, the majority of
remaining y grains are actually pertaining to ‘initial’ large y grains at €=0.07 (Figure 8.7c;) and
€=0.13 (Figure 8.7d;). Thus, the enhanced dynamic strain partitioning behavior due to the

orientation relationship and size effect gives rise to an enhanced strain hardening capacity (Figure
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8.4b, Figure 8.6a), and hence increased ultimate tensile stress and maintained uniform elongation
in sample M-Ar+1n)- In addition, a high damage resistance is also preserved in sample M-
Acr+1n), €.g2. comparable post-necking elongation as in sample M-Aqg+sn). The high damage
resistance is due to the high density of phase interfaces, i.e. deformation-induced
martensite/tempered martensite interface, which act as high energy path for void nucleation,

growth and coalescence processes (Chapter 4).
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Chapter 9 Conclusions and Outlook

In this work, nanolaminate TRIP-TWIP martensitic matrix steels are designed and characterized.

The main conclusions are as follows:

The proposed alloy design concept of developing nanolaminate martensite-reverted
austenite microstructure is effective in designing ductile martensitic steels, as shown here
with the Fe-9Mn-3Ni-1.4A1-0.01C (mass %) steel.

Under the guidance of thermodynamic phase transformation and diffusion simulations the
morphology and constitution of the nanolaminate microstructure can be well-controlled.
Compared to the as-quenched state, the nanolaminate martensite-reverted austenite
microstructure after 600 °C 8 h reversion treatment exhibit consistent increase in ductility
and toughness (uniform elongation of 17.1 %, DBTT of -76 °C), without sacrificing
strength (yield stress of 665 MPa and ultimate tensile stress of 900 MPa).

The improvements in properties are based on enhanced strain hardening and damage
resistance in these alloys, which in turn arise from the presence of various deformation
mechanisms (slip, phase transformation, mechanical twinning), and a high interface
density.

Due to these deformation characteristics and the presence of austenite as potential
hydrogen traps, austenite reversion is proposed as a method to provide lath martensite
steels with higher resistance to hydrogen embrittlement. The strategy is effective, leading
to 4-fold increase in ductility with the presence of hydrogen, however, future work is
needed to further exploit the potential of this strategy.

It is observed in these alloys that a size dependence of mechanical twinning causes an
unexpected size dependence of mechanically induced phase transformation, when other

controlling factors (composition, morphology, orientation) have identical influence.
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e To further benefit from size effect, nucleation barrier for austenite is widened in
martensite through cold-rolling. A dispersed size distribution of austenite grains is
successfully developed from cold-rolled martensite and further enhance mechanical
properties is achieved. Besides dispersed deformation and transformation processes
associated with size distribution, promoted slip transfer between martensite and austenite
due to development of texture also contribute to the improvement in strain hardening
behavior.

e Benefitting from the conservation of chemical composition during martensitic
transformation and the maraging effect, it is shown that with post-deformation annealing,
both the microstructure and the mechanical properties are successfully retrieved in this

system. Thus, a non-autonomic healing concept is proposed and validated.

The proposed concept can be considered as a generalized alloy design concept, which is
applicable to other alloy systems as long as an initially ‘soft’ metastable phase is introduced into
a ‘hard’ phase in a fine scale. As observed here, this would essentially lead to a dynamic strain
partitioning process originated from the presence of the metastable phase. This enables the
deformation capacity of hard phase to be consumed in a conservative manner, and a high damage
resistance. Size effects can be beneficial in alloy design to disperse different deformation
mechanisms through different deformation stages, promoting resistance to strain localization and
failure. In addition, further improvements in resistance to hydrogen embrittlement lies in

designing austenite grains with a wider dispersed stability.
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Abstract

Martensite, as one of the most well-known yet least understood microstructures occurring in
modern advanced steels, profoundly suffers from its inherent brittleness. The aim is to enhance
the ductility and toughness of martensite base materials by designing nanolaminate
microstructure consisting of alternating layers of martensite and austenite via segregation
engineering. These austenite layers are expected to act as buffer zones in front of cracks, e.g.
providing possible crack blunting or reflecting effects. To understand improvements in
mechanical properties, it is necessary to systematically investigate the underlying deformation
and damage micro-mechanisms within microstructure constituents and their interplay.

For these purposes, in this work, a Fe-9Mn-3Ni-1.4Al1-0.01C (mass %) medium-Mn martensitic
steel was designed. Segregation engineering with support from thermodynamic and kinetic
simulations (using Thermo-Calc and Dictra software with TCFE7 and MOBFE2 databases) were
used to create nanolaminate microstructure consisting of alternating martensite and reverted
austenite layers. Microstructure and micro-mechanical characterizations were conducted by in-
situlpost-mortem tension and bending experiments in conjunction with high-resolution scanning
electron microscopy (SEM) based electron backscatter diffraction (EBSD) mapping, electron
channeling contrast imaging (ECCI), secondary electron imaging (SE) and energy dispersive X-
ray spectroscopy (EDX), as well as post-mortem transmission electron microscopy (TEM), X-ray
diffraction analysis (XRD) and synchrotron X-ray diffraction (SXRD) analysis.

The results reveal that with the guidance of Thermo-Calc and Dictra calculations, segregation
engineering successfully decorates all lath martensite boundaries with nano-films of reverted
austenite, thus being able to create the nanolaminate microstructure. Enhanced strain hardening
capacity and damage resistance are achieved in the nanolaminate martensite-reverted austenite
microstructure, which are attributed to (1) dynamical strain partitioning between martensite and
reverted austenite governed by a highly dynamical interplay of dislocation slip, deformation-
induced phase transformation (causing the TRIP effect) and mechanical twinning (i.e. causing the
twinning-induced plasticity effect) and (ii) the nanolaminate microstructure morphology, leading
to enhanced ductility. Meanwhile, within the reverted austenite phase, an unexpected ‘smaller is
less stable’ effect is observed. This unexpected transformation size effect is due to the size-
dependent competition between mechanical twinning and deformation-induced phase
transformation.

In addition, a promising strategy is also proposed to utilize austenite reversion for designing
martensitic steel with high resistance against hydrogen embrittlement.
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Zusammenfassung

Als sehr bekannter aber am wenigsten verstandenes Gefiigebestandteil vieler moderner
Hochleistungsstihle leidet Martensit an seiner inhdrenten Sprodigkeit. Das Ziel dieser Arbeit ist
die Steigerung der Duktilitdt und Zdhigkeit von martensitischen Materialien durch Erzeugung
einer nanolaminierten Mikrostruktur aus abwechselnden Schichten aus Martensit und Austenit
unter Ausnutzung von Seigerungseffekten. Es wird erwartet, dass diese Austenitschichten Risse
auffangen konnen, indem sie z.b. Rissspitzen abstumpfen oder Risse ablenken. Um
Verbesserungen der mechanisch/technologischen Eigenschaften verstehen zu konnen, ist es
notwendig, die fiir Verformung und Schiddigung relevanten Mikromechanismen in den
verschiedenen Gefiigebestandteilen und deren Wechselwirkungen systematisch zu untersuchen.

Fir diese Aufgabe wurde in dieser Arbeit ein Fe-9Mn-3Ni-1.4A1-0.01C (Massen %)
martensitischer Mittelmanganstahl konzipiert. Durch Unterstiitzung durch thermodynamische
und kinetische Simulationen (Programme Thermo-Calc und Dictra mit TCFE7 und MOBFE2
Databases) wurden Seigerungen ausgenutzt, um ein nanolaminiertes Gefiige bestehend aus
abwechselnden Schichten aus Martensit und Reversionsaustenit zu kreieren. Die
mikrostrukturelle und mikromechanische Charakterisierung wurde durchgefiihrt mittels in-
situ/post-mortem Zug- und Biegeversuchen in Verbindung mit hochauflosender auf
Rasterelektronenmikroskopie  basierender  Elektronriickstreubeugung (EBSD), electron
channeling contrast imaging (ECCI), Sekundérelektronenabbildung (SE) und energiedispersive
Rontgenspektroskopie (EDX) als auch post-mortem Transmissionselektronemikroskopie (TEM),
Rontgendiffraktionsanalyse (XRD) und Synchroton-Rontgendiffraktionsanalyse (SXRD).

Unter Zuhilfenahme von Thermo-Calc und Dictra Berechnungen zeigen die Ergebnisse, dass
tiber Seigerungseffekte schlieBlich alle Grenzflichen zwischen den Martensitlatten mit
nanoskopischen Schichten aus Reversionsaustenit belegt werden konnen und somit die
Erzeugung einer nanolaminierten Mikrostruktur erméglicht wird. Durch diese nanolaminierte
Mikrostruktur aus Martensit und Reversionsaustenit wird bei plastischer Verformung die
Verfestigungsrate und der Widerstand gegen Schidigung gesteigert. Dies wird zuriickgefiihrt auf
(1) eine dynamische Dehnungsumverteilung zwischen Martensit und Reversionsaustenit, bedingt
durch die ausgeprigten dynamischen Wechselwirkungen zwischen Versetzungsgleitung,
verformungsinduzierte Phasenumwandlung, die zu einem TRIP Effekt fithrt und mechanische
Zwillingsbildung und (ii) auf die nanolaminierte Gefiigemorphologie. Dies fiihrt zu einer
verbesserten Duktilitdt. Unterdessen wurde im Reversionsaustenit ein unerwarteter ‘kleiner ist
weniger stabil’ Effekt beobachtet. Dieser unerwartete Umwandlungsgrof3eneffekt tritt aufgrund
der groBenabhingigen Konkurrenz  zwischen mechanischer Zwillingsbildung und
verformungsinduzierter Phasenumwandlung auf.

Zusitzlich wird eine aussichtsreiche Strategie vorgeschlagen, um die Austenitreversion
auszunutzen fiir das Design von martensitischen Stdhlen mit verbesserter Bestdndigkeit
gegeniiber Wasserstoffversprodung.
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